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PREFACE 


It  is  with  a  mixed  sense  of  relief,  accomplishment  and  pride  that  we  open  this  final 
prologue  to  the  Seventh  World  Titanium  Conference.  Relief  that  the  uncountable 
hours  spent  in  organizing  the  conference  and  compiling  these  proceedings  are 
behind  us.  Accomplishment  and  pride  that  the  conference  went  so  well,  including 
riding  out  the  strongest  earthquake  that  mother  nature  has  served  up  to  Southern 
California  in  quite  some  time.  We  thank  the  numerous  people  who  verbally  arKi  in 
writing  complemented  us  on  both  the  technical  program  and  social  events  --  it 
makes  the  hours  spent  worthwhile. 

We  want  to  take  this  opportunity  to  thank  the  other  members  of  the  U.S. 
Organizing  Committee  for  their  hard  work,  the  International  Organizing  Committee 
(IOC)  representatives  fortheir  support  and  outstanding  coordination.  The  Minerals, 
Metals  &  Materials  Society  staff  for  their  superb  management  of  the  conference, 
and  the  Titanium  Development  Association  for  their  efficient  handling  of  the 
Exhibition.  Furthermore,  a  special  thanks  is  extended  to  the  plenary  and  keynote 
speakers  for  theii  conscientious  preparation  and  participation.  Finally,  the  Executive 
Committee  deeply  appreciates  the  much  needed  financial  support  generously 
provided  by  each  of  the  sportsoring  organizatiors  arKi  companies  in  these  difficult 
ecorwmic  times. 

Of  course  these  proceedings  would  not  have  been  possible  without  the  generally 
excellent  manuscripts  submitted  by  authors  from  around  the  world  -•  thank  you  all! 
We  also  want  to  mention  the  behind-the-scenes  corrtributions  of  Debkumar 
Mukhopadhyay,  graduate  student  at  the  University  of  Idaho,  in  compiling  these 
proceedings.  His  diligent  efforts  were  invaluable. 

This  conference  marked  20  years  since  the  last  international  titanium  conference 
was  held  in  the  United  States  in  Boston,  Massachusetts.  At  that  time,  only  four 
countries  made  up  the  IOC  and  less  than  200  papers  were  presented.  Since  then, 
the  IOC  has  grown  to  sever,  countries,  with  the  admittance  of  CNna  in  1992. 
Conference  attendance  in  San  Diego  exceeded  700  persons,  representing  26 
nations,  presenting  more  than  400  papers. 


And  so  on  to  Birmingham,  England  in  October  1 995 for  the  Eighth  World  Titanium 
Conference.  We  wish  Paul  Blenkinsop  and  Ns  team’the  best  of  luck,  and  hope  that 
everything  goes  as  well  for  them  as  it  (fid  for  us. 


Francis  H.  (Sam)  Froes 
Univsfsity  of  Idaho 
Moscow,  ID 


Ivan  L.  Caplan 

Naval  Surface  Warfare  Center 

AnnapoMe,  MO 
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PROCEEDINGS  DEDICATION 


Robert  I.  Jaffee 

1  1  July  1917-28  November  1991 

Mentor,  colleague,  co-worker,  friend.  Bob  Jaffee  was  some  or  all  of  these  to  the 
titanium  community  in  general,  and  to  many  of  us  individually. 

For  thirty-two  years  at  Battelle,  he  was  a  meyor  contributor  to,  and  stimulator  of, 
the  rapidly  growing  field  of  materials,  creating  a  materials  science  group  around 
himself  that  was  second  to  none  in  the  world.  His  seminal  work  on  the  physical 
metallurgy  of  titanium  still  undergirds  much  of  the  technology  which  permits  its 
effective  use.  As  young  men  in  the  SO's,  we  did  not  hesitate  to  bring  him  our  ideas, 
however  tentative.  He  listened,  was  always  objective,  and  responded  with  useful 
commentary.  Later,  I  well  remember  working  dos^  with  him  to  co-edit  the 
Proceedings  of  the  Second  International  Titanium  Conference  -  the  previous  time 
it  was  held  in  the  United  States  in  Boston,  1972.  In  particular,  developing  an  index 
with  him  provided  a  window  into  his  mind,  a  measure  of  what  he  considered  to  be 
important.  He  was  precise,  logical,  and  had  a  visionary  perspective  of  the  future. 

After  Battelle,  he  did  not  rest  on  his  laurels  but  undertook  a  second  career  -17 
years  beyond  his  first  retirement  and  active  until  his  death  -  at  the  Electric  Power 
Research  Institute.  Here  his  focus  shifted  from  aerospace  to  power  generation,  and 
he  provided  intemationd  leadership.  Bob's  predskMi  and  logic  have  been  experienced 
by  many.  His  famous  ‘‘NONSENSE’  when  sloppy  tNnking  or  parochial  motives 
intruded  upon  technical  judgments,  often  led  the  way  back  to  rationality.  His  energy 
and  irrepressible  enthusiasm  were  legendary,  from  his  golf  game  to  Ns  membersNp 
or  leadership  of  many  advisory  committees;  early  on  I  learned  about  'joy  through 
work”  "  another  Jaffee'ism  that  enriched  us.  He  was  both  a  scientist  and  an 
engineer,  fostering  the  development  of  science-based  technology  in  the  sen/ice  of 
man. 

Bob  received  numerous  honors,  from  the  Presidency  of  the  Metallurgical  Society 
to  membership  in  the  National  Academy  of  Engineering.  I  have  tried  to  emphasize 
how  he  enriched  so  many  of  us,  particularly  in  the  titaNum  community,  and  in  the 
tradition  started  with  Or.  Wilhelm  KroH  after  the  first  conference.  It  is  entirely 
appropriate  to  dedkatethese  Proceedings  of  the  Seventh  World  Titanium  Conference 
to  Dr.  Robert  I.  Jaffee— mentor,  colleague,  co-worker,  and  friend. 


Dr.  Harris  M.  Burte 
Chief  Scientist,  Materials  Laboratory 
WrigN  Laboratories 
Datdon,  OH. 

May  1992 
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ABSIRACT 

Wide-^Mcad  use  of  titanium  alloys  in  demanding  aerospace  and  terrestrial  applications 
is  often  stymM  by  the  high  cost  of  fabrication  of  titanium  conqxments.  The  present  piqper 
discusses  the  application  of  process  moddling  to  four  titanium  fabrication  methods:  forging, 
supetplastic  framing,  powdra  metallurgy,  and  casting.  It  is  demonstrated  that  this  allows 
lower  cost  processing  due  to  greatly  reduced  pre-production  trial-and-errra,  and  more 
reproducible  and  closer  to  final  shape  production  parts.  In  addition  process  modelling  allows 
greater  control  over  microstructure  of  fabricated  parts,  leading  to  a  tighter  scatter-band  in 
mechanical  properties,  and  therefore  an  increase  in  minimum  qtecification  mechanical 
property  levels. 


Because  of  the  attractive  combin^on  of  mechanical  properties  exhRrited  by  titanium 
alloys  -  a  fact  well  documented  in  the  peters  which  follow  in  thw  proceedings  -  titanium  is 
the  designers  choice  in  many  demanding  aerospace  and  terrestrial  structural  applications. 
However  often  the  inherently  high  cost  of  titanium  oonqxwents  resuhs  in  titanium  being  used 
when  it  is  the  only  material  which  can  perform  adequately.  Thus  over  the  years  there  have 
been  many  attempts  to  reduce  the  cost  of  titanium  oonqwnents,  with  an  emphasis  on  near  net 
shape  approached  1,2). 

Essentially  a  different  segment  of  the  titanium  community  has  spent  oonsiderabie  time 
defining,  and  refining,  chemistry  -  processing  (synthesis)  -  mechanical  property  rdatkmships 
(1).  This  has  led  to  a  large  data  bank  of  informatioo  (3,4)  which  allows  car^  control  of 
the  chemistry  and  microstructure  to  lead  to  increased  levels  of  specification  minimum 
mechanical  properties  for  a  given  titanium  alloy  (4).  That  is  by  reducing  variations  in 
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chemistry  and  microstructure  the  spitad  of  mechanical  property  values  is  also  reduced. 

liie  present  ^per  brings  together  the  cost  and  performance  aspects  of  titanium 
technology.  Processing  modelling  is  a  science-based  tecluiique  which  allows  reduced  cost 
near  net  shape  processing  by  (a)  cutting  down  ori  expensive  trial  and  error  pre-production 
shape-making  activities,  and  (b)  resulting  in  more  reproducible  closer  to  net  shape  production 
components.  At  the  same  time  imcess  moving  also  allows  greatly  improved 
prediction/control  of  the  metal  movement  during  processing  (5,6),  which  directly  relate  to 
the  amount  of  deformation  occurring  in  specific  locations  of  a  compoitent,  and  in  turn  the 
microstructure  and  mechanical  properties  (1). 

The  application  of  process  modelling  to  four  component  fabrication  techniques  will  be 
addressed  in  this  ptyxr:  forging,  superplastic  forming,  powder  metallurgy  and  casting. 


Rwmy 

Baricytmunt 

Many  forged  parts  ranging  from  small  simple  shapes  to  large  complex  configurations 
are  produced  from  titanium  alloys  particularly  for  use  in  the  aerospace  industry.  The  forging 
industry  is  as  a  capital  intensive  business,  where  success  necessitates  effective  and  efficient 
utilization  of  critical  capital  resources.  However,  historically,  the  forging  industry  has  used 
empirical  techtKriogies  and  a  great  deal  know-how  and  experience  has  accumulated,  largely 
through  costly  and  time  consuming  trial-and-error  methods. 

In  the  late  1970's  CAD  (Computer  Aided  Design)  and  CAM  (Computer  Aided 
Manufocturing)  technologies  were  explored  and  resulted  in  the  emergence  of  two  powerful 
Finite  Element  Analysis  (FEA)  codes,  iqxxifically  in  1983  ALPID  (Analysis  of  Large  Plastic 
Inelastic  Deformation)  (^  and  in  1990,  a  sgnificant  enhancement  called  DEFORM  (Design 
Environment  for  FORMingK8,9).  The  development  of  these  two  codes,  along  with  migor 
advances  in  the  efficiency,  speed  and  cost  of  mini-computer  hardware  revtdutkmued  use  of 
FEA  in  forging  process  modelling  (10-16). 

Because  FEA  is  a  costly  process  in  terms  of  manpower  and  computer  expense  that 
must  be  carefully  managed  in  the  cost  build-up  of  a  given  part,  it  is  very  efficient  to  use  with 
difficult  to  fabricate  alloys  such  as  titanium.  The  critical  design,  processing  and 
manufacturing  areas  that  a  forging  engineer  must  attempt  to  answer  in  the  forging  of  titanium 
parts  using  FEA  ate: 

*  Die  design,  die  stresses  rmd  die  compatibility  particulaily  with  multqrie  die  sets 

*  Preform  shape,  blocker  shape  and/or  finished  part  design  and  compatibility 

*  Defect  prediction  and/or  ad^uacy  of  die  fill 

*  Total  effective  strain  and/or  strain  rate  optimization 

*  Unit  pressure  optimization 

*  Die  and  part  temperature  interactions,  prediction  and/or  optimization 

*  Forging  grain  flow  and  strain  distributioas 

*  Thermal  history  and/or  thermal  treatment  optimization 

*  Final  product  microstructure  and  rucchanical  propeities  optimizatioD 

Mqjor  reductions  in  the  cost  of  developing  new  forging  shapes  and  in  flow  times  from 
design  to  successful  part  manufacture  and/or  enhanced  final  product  unifwmity  and 
conformance  to  geometry  and  mechanical  property  specifications  using  FEA  have  occurred 
(11-13,  16).  For  exampte,  some  wmkers  (10-13)  have  rqxrrted  flow  time  reductions  by  as 
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much  as  50  to  75%. 


Procen  Mndrfliny 

The  advantages  to  be  gained  by  modelling  a  very  large  Ti-6A1-4V  dome  closed-die 
forging  (Fig.  la)  used  in  a  power  generadoo  apjdication  with  the  DEFORM  code  is  shown  in 
Fig.  1 .  Fig.  lb  illustrates  temperature  profiles  predicted  in  the  finished  conventionally  fcnged 
part  using  the  appropriate  constitutive  law  for  the  material;  variables  include  preform 
geometry,  material  and  die  temperature,  strain  rate,  and  strain.  Combining  temperature  data 
and  tot^  effective  strain  contour  predictions  O’ig.lc)  allows  prediction  of  the  final 
microstructure  and  hence  mechanical  properties. 


Fig.  1 .  (a)  Ti-6A1-4V  Dome  Close-Die  Forging,  (b)  Predicted  Temperature  Ptofilet,  (c) 
Predicted  Total  Effective  Strain,  and  (d)  Simulation  of  Partial  Die  Rll. 

In  the  future,  with  Artificial  Intdligence  and  Expert  Systems  approaches, 
microstructure  devdopment  in  forging  may  be  physicaily  co«|M  with  the  PEA  modelliiv 
process,  but  this  needs  further  fundamental  work  and  oondation  with  experimental  data. 
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The  Ti-6A1-4V  closed-die  forging  can  also  be  used  to  demonstrate  die  and/or  part 
design  and  geometry  problems  successfully  managed  through  FEA.  Fig.  Id  illustrates  a 
partially  complete  simulation  of  die  fill  which,  using  computer  animation  techniques,  allows 
the  forging  sequence  to  be  presented  in  real  time.  This  program  in  combination  with 
predictions  of  die  stresses  and  stress  vectors,  allows  prediction  of  foctors  such  as  die 
design/manufocture,  degree  of  fill,  defect  goimtion,  and  die  life  before  committing  to  die 
actual  forging  operation. 

ALPID  and  DEFORM  are  excellmt  2D  FEA  models  handling  forging  geometries  be^ 
represented  by  surfaces  of  revolution  well.  However  they  are  very  numoically  and 
computer  intensive  for  complex  parts,  a  significant  time  and  cost  factor.  For  very  complex 
forgings,  such  as  airframe  web^rib  stuqies,  2D  solutions  with  these  codes  can  result  in 
significant  inaccuracies.  Development  of  3D  FEA  codes  is  embryonic  and  will  probably 
require  at  least  five  years  for  wide-spread  use  to  occur.  However,  significant  advances  have 
been  made  in  the  process  modelling  of  titanium  forgings  and  use  is  increasing  steadily. 


Barlcymmyl 

Superplastic  forming  (SPF)  of  titanium  alloys  has  matured  in  the  past  20  years  to  the 
point  where  it  is  widely  used  for  sheet  forming  in  die  aerospace  industry  (17,18).  The  cost 
of  forming  presses  is  quite  high,  thus  there  is  a  large  incentive  to  maximize  production  rates 
including  minimization  of  time  ^pent  on  trial-and-erior  work.  Inqmivements  in  productivity 
can  be  achieved  through  alloy  d^elopment,  but  die  cost  and  lead  time  for  this  are  hi^.  A 
mote  effective  approach  is  better  understanding  of  the  mechanics  of  the  process  and  the 
material  being  formed  which  requires  both  a  good  representation  of  the  material  flow 
properties,  expressed  through  a  constitutive  relationship,  and  a  mechanical  model. 


Mechanical  Modelling  of  SPF:  Early  solid  mechanics  models  using  ^ecific  relativdy  simjtie 
geometries  (19,20)  led  later  to  rqnesentation  of  complex  stress/strain-rate  relationships  with 
fourth  order  pdynomial  functions  (21,22).  This  early  worir  provided  valuable  insist  into 
the  effects  of  forming  parameters,  and  was  of  value  in  guiding  the  rate  of  pressure  ap|tiication 
to  keep  strain  rates  in  the  supoplastic  region,  while  processing  at  a  higher  rate  than  would 
otherwise  be  possible.  More  recendy,  the  emogence  of  FEA  methods  has  lead  to 
development  of  modds  which  are  more  adaptive  to  complex  configurations,  albeit  more 
computer-time  intensive  (23-27).  The  material  deformation  pr(q)erties  and  characteristics  are 
represented  by  a  constitutive  relationdiip  and  related  flow  rule,  and  are  incorpmated 
intrinsically  into  the  FEA  model. 

By  assuming  that  the  macioscopic  behavior  of  the  material  is  isotropic  and  obeys  the 
von  Mises  flow  rule,  and  by  ejecting  dasticity  and  assuming  quasi-static  deformation,  a 
viscous  flow  modd  which  proves  to  be  very  efficient  for  large  defamation  problems  has  been 
developed  (26).  The  solution  requires  an  iterative  scheme,  often  incorporating  grain  size 
evolution. 

To  date  most  FEA  modds  efforts  have  generally  been  limited  to  prediction  of 
thicknesses  in  a  forming  shed,  but  very  recently  efforts  have  been  made  to  est^lish  contrd 
algorithms  to  predict  forming  pressure  profiles  (28). 


Constitutive  Retations:  Constitutive  felations  based  on  microsnuctural  modelling  invoke 
dislocation  motion  and  diffusimal  accommodation  (26,29).  The  strain  rate  sensitivity,  m,  for 
alpha-beta  titanium  alloys  of  0.6  to  0.7S  (30)  can  be  accounted  for  by  a  grain  size  distribution 
and  diffusions]  accommodation.  To  represent  real  bdiavior  a  microstructure-based 
constitutive  model  must  be  formulated  allowing  the  m  parameter  to  be  set  from  experimental 
results. 
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Fig.  2.  (a)  Stress  vs.  Strain  Rate  Curves  hrom  Constitutive  Rdationship  (Solid  Curve)  and 
Experimental  Data  (Solid  Points)  for  Ti-6A1-4V  at  900^,  Stress  for  Strain  “O  and  Grain  Size 
Present  at  Initiation  of  Test,  (b)  Correlation  of  Stress  vs.  Strain  Characteristics  for  'n-6Al-4V 
at  900°C  Measured  Experimoitally  and  Predicted  Using  a  Constitutive  Relationship 
Incorporating  Static  and  Deformation-Enhanced  Grain  Growth,  at  the  High  Strain  Rate,  above 
the  Superplastic  Strain  Rate  Region  Dynamic  Recrystallization  Oxurs  which  is  not 
Accommodated  in  the  Grain  Growth  Model,  and  (c)  Thinning  in  Ti-6A1-4V  Tensile  Test 
Specimens  at  900°C,  Experimental  and  Computed,  t  is  Strain  Rate  and  i  is  Extension  Rate. 


Grain  size,  which  can  vary  in  different  parts  of  tiie  sheet,  has  a  strong  influence  on 
the  stress;  therefore  it  must  be  specified  continuously  during  deformation.  The  diffusivity 
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must  also  be  specified  for  example  in  terms  of  a  combined  grain  boundary  diffusivity  and 
lattice  diffusivity.  The  characteristic  log  (o)  vs.  log  (4)  curve  resulting  firm  this  approach 
(26)  is  sigmoidal  in  shape  and  consistent  widt  that  observed  for  the  Ti-6A1-4V  alloy,  as  shown 
in  the  representative  Fig.2a  for  the  onset  of  deformation;  i.e.,  strain  -  0. 

Dynamic  Grain  Growth:  The  grain  growth  during  superplastic  deformation  is  accelerated 
above  that  for  static  grain  growth  due  to  an  increase  in  grain  boundary  vacancy  r^vicentration 
(30-32).  Incorporation  of  the  ai^rrc^riate  grain  size  into  the  constitutive  relatioi  leads  to 
a  good  prediction  of  the  actual  flow  hardening,  for  example,  for  the  Ti-6AI-4V  alloy  at  900'‘C 
Fig.2b. 

Model  Computations:  Grain  growth  rate  varies  with  strain  rate,  and  m  varies  with  grain  size, 
thus  the  rate  of  necking  is  affected  by  the  strain  rate  path  imposed  (26).  Experimental  studies 
using  the  Ti-6A1-4V  alloy,  and  model  computations  using  the  microstnicture-based 
constitutive  relation,  indicate  neck  development  for  different  ddbrmation  paths  (Fig.  2c). 

By  bringing  the  constitutive  relation  into  the  FEA  numerical  model  inediction  of  SPF 
characteristics,  including  prediction  of  optimum  pressure  cycles,  are  possible  for  complex  thin 
sheet  components  where  a  balance  between  computational  time  and  precision  in  thiiming 
predictions  is  desired. (28,  33,  34) 


Bacltytmind 

In  recent  years,  considerable  work  has  been  conducted  to  develq)  powder  metallurgy 
processes  for  titanium  alloys  as  a  lower  cost  approach  to  part  fidnicatioa  (35-38).  A  numb^ 
of  techniques  have  been  developed  including  prealloyed,  blended  elemental,  rtqrid 
solidification,  and  mechanical  alloying;  only  the  first  will  be  considered  here. 

The  prealloyed  approach  has  m^red  to  the  point  that  virtually  any  titanium  alloy  can 
be  produced  as  powder,  consolidated  to  form  simple  or  complex  shapes  (Fig.3a),  and  exhibits 
mechanical  properties  equal  or  superior  to  castings  (»r  forging  (39).  Implementation  has  been 
slow  however,  due  to  d^gner  conservatism.  (36) 

Process  Modelling 

Atomization:  Gas  atomization  has  been  recently  developed  to  produce  titanium  based 
prealloyed  powder  with  a  range  of  particle  sizes  (40).  However,  many  current  potential 
applications  require  a  specific  particle  size:  for  example,  plasma  qway  dqxmtion  used  for 
m^ing  metal  matrix  composites,  or  powder  with  a  particular  solidification  rate  (38).  Thus 
sophisticated  techniques  including  Schlieien  photography,  pulsed  laser  hologiqthy,  hi^  ^teed 
cinematography,  in  situ  particle  size  measurement  via  laser  interferometiy,  and  invasive  fluid 
dynamic  measurement  of  the  gas  flow  field  have  been  used  to  model  and  control  particle  size 
(41).  Recently  a  Computational  Fluid  Dynamic  (CFD)  program  fOT  moddling  the  gas-only 
flow  field  of  gas  atomization  dies  has  been  developed  which  is  useful  for  defiiting  the  effects 
that  factors  such  as  die  geometry  and  gas  parameters  (e.g. ,  gas  qiecies,  ixessure,  tenqtetature, 
etc.)  have  on  the  gas  flow  field,  and  hence  powder  particle  size.  Fig.  3b  dxm  an  example 
of  the  predicted  gas  flow  velocity  field  produced  for  an  dmnentaiy  die  geometry,  where  die 
lengths  of  the  arrow  are  proportional  to  velocity.  Similar  plou  can  be  made  for  gas  density, 
mach  number,  and  energy.  This  work  should  lead  to  qitiniization  of  the  operation  of  existing 
atomization  dies. 
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Densification  and  Shape  Making:  The  precise  prediction  of  large  complex  shiqres  by  hot- 
isostating  pressing  (HIP)  (e.g.  Fig.3a),  is  difficult  because  the  densification  process  results 
in  non-uniform  shrinkage  leading  to  a  distorted  part.  The  problem  is  particularly  difficult 
because  it  results  from  a  large  number  of  interacting  factors  including; 

*  Powder  density/shape  *  Mechanical  properties  of  container 

*  Powder  mechanical  properties  *  Fabrication  of  container 

*  Geometry  of  the  part  *  Consolidation  conditions 


Fig.  3.  (a)  Complex  PM  Airframe  Part  Produced  Using  the  Ceramic  Mdd  Process,  (b) 
Predicted  Velocity  in  the  Gas  Flow  Field  for  an  Elementary  Atomisation  Die  Geometry,  (c) 
HIP  Diagrams  Showing  the  Interrelationship  between  Time,  Tbmpentuie,  Pleasure  and 
Density,  and  (d)  Comparison  of  the  Final  Predided  Shape  and  Actual  Pinal  Shape. 

♦ 


Modelling  and  prediction  of  densification/shape  change  during  HIP  has  resulted  in  HIP 
diagrams  (42)  which  are  useful  in  selecting  conditions  to  achieve  desired  density  in  a  specified 
time  at  a  certain  pressure  (Fig. 3c).  These  can  be  used  to  trade  off  temperature  for  pressure 
where  high  temperature  exposure  is  undesirable  due  to  microstructural  coarsening. 

Modelling  of  the  shape  making  aqiect  of  the  HIP  densification  process  has  been 
improved  by  the  recent  development  of  a  technique  to  monitor  dimensional  changes  in  real 
time  using  a  eddy  current  sensor  technique  to  measure  cross-sectional  area  during  HIP  (43). 
Using  this  technique  a  phase  transformation  during  heating  of  as-atomized  powder  during  HIP 
was  shown  to  result  in  an  unexpected  increase  in  densification  rate  around  8(X)°C;  the  effect 
was  removed  with  a  subsequent  anneal. 

(jood  agreement  between  predicted  and  actual  final  shape  have  been  attained  in 
modelling  the  HIP  process  using  FEA,  for  example  for  turbine  disc  parts  (Fig.3d)  (44). 


£utUgS 

Background 

Titanium  alloy  castings  are  seeing  increased  use  in  the  aerospace  industries  because 
of  their  low  cost  and  improving  mechanical  properties  (45,  46);  only  the  high  integrity 
investment  casting  approach  will  be  addressed  in  this  papa-. 

Advancements  in  the  investment  casting  industries  have  made  it  possible  to  cast 
complex  net  shapes  which  previously  required  multiple  parts  followed  by  joining  to  form  a 
single  component  (Fig.4).  Stringent  qu^ity  requirements  for  aerospace  structural  castings 
demand  precise  processing  parameters  to  produce  high  quality  castings  on  a  repeatable  basis; 
with  prc^uct  characteristics  such  as  al|^  case  depth,  optimum  filling  rate,  and  casting 
dimensions  major  challenges  which  modelling  should  help  to  solve  (47). 

The  quality  of  a  titanium  investment  casting,  its  microstructure  and  mechanical 
properties,  and  development  time  and  cost  depend  on  the  process  parameters  (48)  including: 

*  Processing  materials  selection  *  Post  processing  parameters 

*  Equipment  selection  *  Mold  design 

*  Processing  parameters  -  shell 

-  rigging  system 

Although  the  quality  of  a  casting  is  primarily  set  during  the  filling  and  solidification 
stage,  certain  casting  defects  and  microstructures  can  be  altered  by  post  processing,  including 
chemical  milling,  HIP  and  weld  repair,  and  heat  treatment. 

The  single  most  important  factor  in  titanium  investment  casting  is  the  design  of  the 
molds.  The  mold  design  includes  the  selection  of  casting  orientation  for  pouring,  the  number 
of  castings  in  a  cluster,  the  gating  and  risering  system  design,  shell  thickness  design, 
insulation  and  chill  design,  pouring  rate  and  selection  of  allowances  for  operations  such  as 
chemical  milling,  casting  dimensional  and  wax  pattern  shrinkage. 

Casting  involves  simultaneous  heat  flow,  fluid  flow,  stress  analysis,  and  phase 
transformations  presenting  a  difficult  challenge  to  process  modelling.  Currently  number  of 
simulation  tools  employing  FEA  and  finite  difference  techniques  are  available  to  the  casting 
industry. 

Shdl  Geneiaiioa  Toot:  The  building  of  the  casting  and  mold  geometry  has  been  enhanced 
by  making  use  of  an  automatic  tool  to  build  the  shell  around  the  cuting  geometry.  This  tool 
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Fig.  4.  Large  Complex  Investment  Casting,  Ti-6A1-4V  Fan  Frame  for  General  Electric  CF6- 
80C  Gas  Turbine  ^gine  Case  (Courtesy  rcC). 

enables  the  user  to  build  different  shell  thicknesses  and  to  iqiply  suitable  boundary  and  initial 
processing  conditions,  such  as  shell  temperature  and  pour  abnoq>here,  for  modelling. 

Solidification  Moddling:  The  radiation  effect  of  the  mold  on  the  adjacent  cast  part  in  a 
clustered  casting  or  even  in  a  single  casting  has  a  strong  influence  on  the  soli^fication 
pattern.  Therefore,  the  solidification  analysis  tool  should  take  this  factor  into  account  in  FEA 
calculations,  and  tools  are  available  to  do  this  job  efficiently. 

Modelling  Mold  Filling:  Titanium  alloys  generally  have  a  short  freezing  range  and 
therefore,  in  casting  thin  walled  structural  castings,  the  shell  temperature,  pouring  rate  and 
pouring  temperature  must  be  carefully  selected  or  the  casting  will  solidify  prematurely  and 
develop  a  cold-shut.  Process  modelling,  which  can  model  combined  mold  filling  and 
solidification  is  thus  highly  desirable.  Using  such  an  analysis  tool,  the  process  designer  can 
optimize  the  pouring  temperature,  shell  temperature  and  pouring  rate.  The  modelling  of  mold 
filling  also  helps  the  process  designer  to  d^elop  an  efficient  rigging  system. 

Alpha  Case  Depth  Prediction  Tool;  The  brittle  alpha  case  (45,46)  removal  is  a  problem  for 
foundries,  especially  on  castings  with  varying  section  thicknesses.  Thus  a  toc^  which  will 
predict  the  case  depth  is  highly  desirable,  sdlowing  appropriate  chemical  milling  allowances. 

Dimensional  Contractkm  Prediction  by  Simuiatiao:  The  final  dimensions  of  any  investment 
casting  depend  on  the  allowances  provided  for  wax  pattern  contraction,  shell  rtKdd  expansion, 
casting  material  contraction  and  the  often  non-uniform  chemical  milling,  lightly  coupled 
FEA  thermal,  fluid,  and  stress  analysis,  combined  with  the  alpha  case  formation  model  allow 
appropriate  allowances  to  be  defined  leading  to  close  dimensional  tolerances  on  the  final 
casting. 

The  most  important  and  time  consuming  element  of  process  design  is  the  building  of 
a  casting  geometry  and  generation  of  a  finite  element  mesh.  Fig.Sa  shows  the  finite  element 
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mesh  on  a  (quarter)  investment  casting  cluster  with  down  q>nie,  runners,  and  ingates  without 
the  shell.  Fig.Sb  illustrates  the  automatically  generated  shell  mold  for  the  test  piece  casting 
cluster.  Fig.Sc  shows  the  metal  flowing  into  the  three  dimensional  mold.  In  producing  thin 
wall  castings  of  titanium  alloys,  this  feature  is  highly  useful  in  dengning  an  optimum  rigging 
system.  Fig.5d  shows  an  example  of  an  isochron  diagram,  that  is  a  schematic  of  the 
temperature  at  various  locatitms  in  the  casting,  in  this  case  at  the  solidus  temperature.  Such 
plots  help  to  predict  alpha  case  and  casting  shrinkage  defects. 


Fig.  5.  (a)  Casting  Cluster  with  Finite  Bement  Mesh,  Quarter  Shown,  (b)  Automatically 
Generated  Shdl  Over  Casting  Ouster,  (c)  Metal  Flow  into  die  Mold  and  (d)  Piedkled  Ischron 
in  Casting  at  Solidus  Temperature  (originals  in  color). 
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The  application  of  process  modelling  to  fabrication  of  titanium  components  has  been 
presented.  Four  fabrication  techniques  have  been  discussed;  forging,  supoplastic  forming, 
powder  metallurgy  and  casting.  Both  cost  reduction  and  enhancement  in  mechanical  propNty 
specification  levels  can  result  from  use  of  process  modelling  in  association  with  these 
processing  methods.  While  advances  have  beat  made  it  is  clear  that  mcHe  wide-spread  use 
will  result  in  the  future  with  develqmtoit  of  more  realistic  models,  including  three 
dimensional  concq>ts. 
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Abatact 

The  four  years  since  the  last  Worid  Thaniiun  Contaence  have  been  a  period  of  consclidation  of 
existing  alloys  and  processes.  While  the  aerospace  industry  remains  me  princqMl  (hiving  force 
fw  alloy  development,  the  paper  illustrates  examples  of  new  markets  being  established  in  ‘older’ 
alleys,  by  a  ocxiibination  of  producVpiDcess  development  and  a  re-examination  of  engineering 
design  parameiers. 

Considerable  attention  is  stiU  being  directed  towards  die  titanium  aluminide  systems,  but  other 
more  conventional  alk^  developtiimts  are  underway  aimed  at  specific  engine^g  and  process 
requirements,  bodi  in  the  aerospace  and  non-aeroqim  sectors.  Both  the  advanced  high 
temperature  and  conventkmal  ^oy  devdopments  are  considered,  before  the  pupa  goes  on  to 
assess  some  of  the  new  processes  and  products,  like  metal  matrix  composites  and  sluqied-plate 
rolling. 


*  Formerly  at  IMI  Titanium  Ltd,  Birmingham,  UK. 
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ItiwnAirtinn 

While  the  title  of  this  paper  may  iniply  that  it  will  only  addittt  alloys  of  the  future,  as  all 
titanium  alloys  are  regai^  as  advan^  in  many  outside  the  aerospi^industiy,  it  is 

qipropriate  in  dus  overview  presereation  10  assess  the  whole  qiectnm  of  titanium  alloys.  The 
fiw  years  since  the  last  Woru  Oonfenace  lunw  been  a  period  of  review  and  consolidation. 
While  new  alloys  have  been  devdojped.  tire  uumiiewaaldifBctdtiet  the  industry  has  &ced  have 
proimucd  a  reexamination  trfexismig  alleys  agamst  potential  new  markets.  Twdecadewill 
see  the  50th  aiuuversary  of  the  onset  a  titaiuuffl  alloy  devekuntent  Over  most  of  that  period 
the  driving  force  behind  the  alloys  has  been  the  demands  of  maetp^Mce  industry.  The  1960’s 
and  70’s  saw  oontidmble  snides  in  aUm  development  aimed  at  higher  temperatures  and 
strengths.  Many  of  the  alloys  developed  mtet  period  huled  to  make  a  techrtical  and  commercial 
intact,  not  because  they  were  metallurgical  faihnes,  but  because  tiie  umsp^  programmes,  for 
which  they  were  develofwd.  were  terminaiedftr  either  political  or  commercial  reasons.  One 
exaitqrie  is  the  RMI  alloy  Ti>5-6-2-lS,  which  was  effeoivdy  lost  when  the  US  cancelled  the 
developmem  of  the  SST  aircraft  in  the  late  19ti0*s  and  there  are  many  more  examples  in  both  to 
USA  and  Eurcqie 

A  combination  of  the  need  to  estaUish  new  markets,  a  relaxation  of  the  engineemg  design 
constraints  (i.e.  a  better  understartding  of  the  relationship  of  mechanical  properties  in  terms  of 
component  U5ng),  and  process  developments,  have  dl  prompted  a  re-examinatinn  of  the  older 
alloys.  This  pi^  will  attempt  to  addt^  the  developrttentsui  the  (tider  and  recently  introduced 
alk^s,  before  consideiing  present  alloy  research,  and  process  and  products  developments,  his 
not  the  intention  here  to  luesent  detailed  technical  data,  but  rather  to  hidilight  the  developments, 
many  rtf  which  are  the  subject  of  ptesottations  to  be  given  during  the  Conference. 


Existing  ‘Older'  Alloys 


Alloys 


The  titanium  alloy  developers  have  achieved  significant  strides  over  the  last  40  years.  Snengths 
have  risen  fiom  300-4001im  to  over  1  SOOMIHt,  while  temperature  capabilities  have  increased 
from  a  modest  200**C  to  over  tiOQi’C.  The  need  to  establish  new  markets,  allied  to 
{uoc^s^Hoduct  developments,  has  resulted  in  the  re-examination  of  older  alloys,  his 
signiftcant,  that  noany  of  the  alloys  that  were  originally  product  in  billet  and  bw  for  forged 
components,  such  as  discs,  blades  and  struts,  have  seen  extensions  of  their  potential 
applications  duough  product  developments  in  plate,  sheet  and  castings.  IhUe  I  lists  the  alloys 
which  have  attracred  renewed  interest  and  have  eidm  seen  extended  qt|tiications,  or  in  some 
instances,  are  likely  to  secure  major  use  in  aerospace  for  the  first  time. 

Thblel.  Existing  Alloys  Attracting  New  Appticwinnt 


ABov 

nnmpnrition  fwrtfcl 

ri-6-22-22 

ri-6Al-2Sn-2Zr-2Cr-2Mo4).23Si 

11-10-2-3 

Ti-10V-2Fe-3Al 

ri-15-3-3 

TI-15V-3Ck-3Sn-3Al 

BetaC 

Ti-3Al-8V-60r-4Mo-4Zr 

IMI550 

Ti-4Al-2Sn-4Mo4>.5Si 

It  is  significant  that  the  alloys  have  high  strength,  rather  than  high  temperature  capabilities. 
Ti-6-22-22isanalk»y  that  was  first  ptddicisedtt  the  2nd  World  TiUHtium  Conference  in  1972. 
The  alloy  shows  a  g^  combination  tX  strength  and  ftacture  nu^uiess,  with  room  temperature 
strengths  of  typically  1200MPi  andfiacmretou^inewintherangeSOtotimiPaVm.  Ithas 
now  been  memfied  m  the  two-thirds  the  titamum  airftame  structue  for  the  F-22  Advanced 
Thctical  Hpuer.  The  largest  usage  is  in  tiiidt  plate  and  forguip,  where  the  alloy’s  aittactive 
strengtiiAoughness  properties  give  it  a  design  advantage  over  Ti-64  (3).  Like  odier  alloys  of  its 
^  the  product  range  of  Ti-6'22-22  has  been  extended,  particulatly  imo  sheet,  where  it  has 
displayed  good  supe^lastic  forming  (SPF)  cyabittties,  with  advan^Hes  of  lower  SFF  forming 
tempnatures  and  higher  post-fbtming  utengtM  oompmed  to  11-6-4 
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Mett-staUe  bett  titanium  alloys  Ti- 10-2-3,  Ti- 15-3-3  and  Beta  C  were  all  developed  ten  to 
twenty  years  While  over  the  years  the  alk^  have  found  limiied  applications,  it  is  only 
recently  diat  significant  applications  have  been  identified. 

Like  all  meta-stable  beta  titanium  alloys  they  can  be  heat  treated  to  give  high  strength  in 
condrination  with  hi{^  fracture  toughiiess.  Ti-10-2-3  was  originally  devdqped  as  a  forging 
alloy,  aimed  at  rqtla^g  steel  conqxments  in  airfiames,  while  Ti-lS-3-3  was  designed  as  a  c<dd 
rtdlable  strip  alloy.  However,  the  deyelopments  in  near-to-net  shape  extrusions  and  castings 
have  allowM  applications  to  be  identified  for  both  alloys  in  die  airname  of  the  Boeing  777 
Ti-10-2-3  will  be  used  as  forged  components  in  the  laiiiling  gear  and  net-shape  extrusions  for 
seat  track  crowns,  while  Ti-15-3-3  hi^  strength  castings  (~  1 14(MdPa  im)  have  been 
specified  for  landing  gear  cooqionents. 

Although  Beta  C  has  attracted  the  attention  of  the  airfiame  mnnufacturers,  particulariy  as 
castings  and  fasteners,  the  alloy’s  major  applications,  because  ai  its  combuuuion  of  high 
strung  and  good  corrosion  resistance,  have  been  in  industrial  components.  The  alloy  is  being 
considered  for  use  in  sour  gu  and  geodiennal  wells.  Though  the  alloy  has  good  mechanical 
propeities  and  corrosion  resistance  for  most  environments,  for  hot  sour  brii^  a  modified 
version  of  Beta  C,  with  low  levels  of  precious  metal  additions  ('•0.05%  IM),  has  been 
developed.  This  modification  expands  the  useful  temperature  range  and  still  provides  for 
adequate  crevice  and  stress  corrosion  resistance 

The  final  alloy  in  'lUrie  I,  IMI 550,  is  the  oldest,  being  developed  in  the  UK  in  the  late  1950’s. 

It  is  different  fiom  the  oto  alloys  in  the  sense  that,  since  its  introduction,  it  has  always  found 
triplications  in  the  European  aerospace  industry.  Om  4000  tonnes  have  been  product  in  the 
last  10  years,  as  components  for  bmaeto-enpnes  and  airfirames.  It  was  origi^y  developed 
as  a  medium/high  strength  creep  resistant  alloy  for  the  Rolls  RoyM  Begssus  and  Olympus 
engines,  which  power  the  Harrier  (AV8B)  and  Concorde,  reaqiectively.  Since  its  introduction 
into  engines  as  discs,  more  recent  applications  have  been  centred  on  airframe  conqxmcnts  in 
both  European  military  and  civil  tUR^  e.g.  Jaguar,  Tornado  and  Airbus. 

from  an  alloy  development  view-point  IMI  550  is  significant  in  that  it  was  the  first  commercial 
alloy  to  exploit  the  benefits  of  silim  in  terms  (rfcreqi  strength  and  grain  refinemem.  Figure  I 
iUusiraies  the  oonqHBison  in  microsiructure  between  similarly  procemed  IMI  550  and  Ti-^ 
plate.  The  refinement  seen  in  the  micioatructute  is  also  reflected  in  the  macrosiniture  of  the 
alloy.  The  alloy  has  seen  extended  interest  following  its  development  mto  a  vHiety  of  product 
forins.  The  introduction  of  extrusions,  castuigsnd  thin  SPFqwg  sheet  and  piM  have  all 
increased  its  potential;  all  products  have  maintiuned  the  alloy’s  signincant  grain  siae  and  tensile, 
fiitigue  and  oeqi  strength  advantages  over  TV64.  In  SFF  quality  sheet  the  typcal  grain  siae  ^ 
IMf550  is  2-3  |im  oortgMBed  to  4-8  (un  in  Ti-6-4. 


i  V  ■ 


(a)  IMI  550  (b)  TV«AMV 

F^iae  1  Comparison  of  the  mkaostructure  in  IMI  550  and  TI  6-4  plme. 
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One  pacdved  disadvamage  of  the  alloy.  Uke  odien  of  its  type,  has  been  the  questioa  of  joining. 
While  sound  welds  can  be  produced  in  the  aUoy.  eidierfuUheutieatinent.oraiiiodified 
electron  beam  welding  process,  were  found  necessary  to  |ive  opting  properties.  However, 
recent  stiidies(^)  have  shown  its  read^  apfdicatnlity  to  joitung  by  solid  state  diffusion  bonding, 
even  when  using  low  bonding  pressures. 

Thblen  details  some  of  the  results  from  the  programme. 

Thhien  Comparison  of  properties  of  difinsion  bonded  1MIS50  and  Ti-6-4. 
Allov/Condition  Room  Tbrnnewnn*^  TVmdIe  Ollllff  IfflWCt 


0.2%  PS 

UTS 

Elong 

(5.65^o) 

RofA 

J 

MPa 

MPa 

% 

% 

ri-6-4/As  bonded 

844 

940 

18 

44 

30.5 

IMI  55(VAs  bonded 

872 

976 

16 

50 

20 

IMI  550/ As  bonded-t-STA 

960 

1125 

15.5 

44 

19.5 

Diffusion  bonding  cycle  -  94S*’C/2.07MPa/3hour 
Solution  treatrrient  4  age  (STA)  -  900PC  Ihr  AC  +  SOOPC  24hr  AC. 


High  Tempentiire  rnanium  Alltivt. 

alCBnYanioMlgllBYL 

Over  the  last  few  years  the  alloys  that  have  anracted  the  most  attention  have  been  those  tatgetied 
towards  hiA  (emperature  aero-engine  applications.  The  area  qtlits  into  two  distinagroiqts. 

The  irnmemam  and  medium-tetm  tetpiirements,  which  ate  addressed  by  conventional  alk^  like 
IMl  834  and  Ti- 1 100,  and  the  longer-term  aspnations,  which  ate  principally  concerned  with 
imermetallic  systems  based  on  titanium  alummides. 

In  first  conskleting  the  conventional  alloys,  botii  IMI 834  (  Ti-5.8Al-4Sn-3.5Zr-0.7Nb-0.5Mo- 
0.35Si-0.06C )  and  Ti  1 100  ( Ti-6Al-175Sn-4Zr-0.4Mo4).45Si )  have  been  weU-documented 
in  the  Ktesahne  <*•*),  where  extensive  properly  data  is  detailed.  It  is  not  the  intention  of  this 
paper  to  any  comparative  mecliiiiical  property  data,  however,  it  is  appropriate  to  consider 

the  philosophy  behind  the  alloys,  far  white  dtcgconyositions  would  tug^  that  they  ate 
sitnuar,  in  teauQr  their  metalltngical  concepts  we  entirely  different. 


The  significant  thfferenoe  between  the  alloys  is  thtt  IMI  834  is  processed  as  an  a+P  aUoy,  the 
heat  treatment  beiiig  ^wdfically  desigaed  to  produce  a  lean  primary  Of  transformed  P 
microstructure  (Figure  2i^.  The  strucareofTi-l  100  is  derived,  eitberfitagsP  forging,  or  from 
a  fun  p  heat  treatment,  tfaoeby  prodnc^  a  fitUv  transformed  acictdar  a  adcrostracture  in  the 
final  proitect,  similar  to  that  mown  in  ngure  2b.  Structures  of  this  type  ate  known  to  maximise 
cteqt  at  die  expense  of  ftdgue  strength.  Sfanili^  processed  aUoys,  such  as  IMI  685  and 
IMl  829,  have  Veen  used  soooessftdy  for  over  20  years  fat  the  comiuestot  stages  of  both 
military  and  civil  aiicnft.  TbecontPoaitionofTi-lIOOhasbecnopmiiteedtottfcemgxiBaum 
advan^  of  its  ciem  potential,  wbfle  at  Sesame  time  minimising  the  mechanical  property 
short-comingt  seen  m  earlier  alloys  of  the  tame  9pe. 
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(»  (b) 

Figure  2  Comparison  ofa+Pmicrostnicture  of  IMI 834  (a) 
with  a  P  heat  treated  alloy  (b). 

Theo+P  microstnicture  associated  with  IMI 834  is  aimed  at  optimising  the  balance  of 
properties,  paiticulaily  those  of  fatigue  and  creq>  strengths.  Ibe  use  m  an  a+p  heat  treatment 
to  produce  a  low  level  (rf  primary  a,  typically  7  tol5%,  is  only  possible  because  of  the  alloy’s 
composition,  in  pattk»lar  the  presence  carbon,  and  the  advances  that  have  occurred  over  the 
last  decade  in  production  mehmg,  forging  and  heat  treatment  technologies  and  practkes. 

IWemy  years  ago  an  alloy  of  this  Qrpe  would  not  have  been  possiUe  as  a  production  reality. 
Figure  3  shows  die  significant  difference  in  the  shape  of  the  p  approach  curve,  between  834 
and  other  titanium  all<^.  It  is  the  shallow  form  of  the  curve,  resulting  from  die  presence  of 
carbon  in  the  alloy,  which  allows  IMI  834  to  be  successfully  heat  treated  high  in  the  a+P  phase 
field.  Some  reservations  were  expressed  at  the  out-set  that  in  production  the  alloy  could  not  be 
melted  and  processed  to  give  a  reproducible  heat  treatment  window.  Now  afier  the  production 
of  over  300  tonnes  of  ingot  the  npoducibility  and  consistency  of  the  alloy,  and  the  viability  of 
the  heat  treatment,  are  no  longer  in  questkm. 


TeMPBMTUN!OeQ.C 

Figure  3  Beta  apprcuKh  curve  for  IMI  834  in  comparison  with  Ti-6-4  and  IMI829 


As  has  been  the  recent  trend,  the  product  range  of  both  IMI 834  and  Ti-1 100  has  been  extended 
to  include  sheet,  fid  and  castings.  The  optimunia-t-P  structure  of  IMI  834  is  ideally  suited  to 
SPF  sheet  qtplicatkms 

hi  Utanium  Ahiminides. 

Given  the  extensive  literature  on  the  alkm  only  a  few  general  points  will  be  covered  in  the 
fcdowing  section.  The  potential  of  the  atuminides  can  be  seen  in  ThbleV.  which  conqtares  them 
with  conventional  titanium  alloys  and  superalloys. 


Thble  V  Plopaties  of  Titanium  Atititiiiiiit>«  rnnvMuioial  Alloys 

and  Simetallovs. 


Property 

•nnw 

ISAl 

Superalloys 

Density  Mgm'^ 

4.5 

4.15-4.7 

3.8 

8.3 

Creep  Limit  T  max^C 

650 

700 

1000 

1100 

Oxidation 

600 

650 

900 

1100 

Oong-tenn  T  max<*C) 

Ductility  %  at  RT 

8-25 

2-10 

1-4 

3-5 

The  aluminide  systems  are  still  the  subject  (^consideiaMe  study.  Within  Europe  a  number  of 
programmes  are  underway,  some  fiindid  by  national  governments,  while  others  have  cross- 
boider  coUaboration,  and  are  funded  by  the  European  Community  within  the  BRITE-EURAM 
initiative. 

While  interest  still  remains  in  the  T13  Al-based  systems,  particularly  those  based  on  Super  Oj 
(Ti-25A1-  lONb-  3V-  lMoat%),  the  major  emphasis  has  shifted  to  exploring  the  gamma 
aluminides,  where  the  potential  in  terms  of  high  ten^erature  performance  and  density  could 
threaten  the  supremacy  of  the  siqieralloys.  Though  Ti.  Al-based  alloys  can  be  proc»sed  like 
conventional  titanium  alloys,  thm  is  a  growing  view  tMt  in  their  present  state  of  devdopment 
their  advantages  over  titanium  alloys,  such  as  IMI  834  and  Ti  1 100,  are  insirfficientiy  attractive 
tojustifywidirepreadapplicatioiis  in  aero^Mce  projects.  The  window  ttf  opportuni^  has 
decreased  signmcantly  over  the  years,  as  conventional  titanium  alloys  have  pushed  dieir 
teiiqieranire  ceiling  higher  and  confidence  has  grown  over  the  potential  for  success  in 
developing  the  omma  aluminides.  For  instance.  Figure  4  illustrates  the  oxidation  behaviour  of 
titanium  alkws  unde  2  and  IMI  834  ctxq>ared  to  Hj  A1  and  gamma-based  alloys  at  900^ 

The  potentim  advantages  of  the  gamma-based  systems  are  utparent,  but  the  gniph  also  illustrates 
the  lack  of  any  benefits  aocniing  to  Siqter  Oj  a^unst  IMI  iM. 

The  engineering  limitations  of  the  Ti3  Al-bosed  all^  are  widely  recognised  and  in  an  effort  to 
over-come  the  alloys’  short-comings  detailed  studies  of  the  Ti-Al-Nb  alloy  system  have  led  to 
the  discovery  of  an  mdered  ocdtorhoiiibk;  AINb  phase  (O  phase) 

Prelimin^  assessment  of  alk^s  based  on  the  O  phase  plus  ordered  bea  has  shovm  them 

to  have  hitter  strength  to  density  ratio  and  better  room  temperature  ductility  and  fhicoire 
toughness  than  113  A-based  alh^s,  with  no  lou  in  high  temperature  properties.  The  two 
IVtAlNb-bosed  coinpositioas  showing  particular  otoiitite  ore  Ti-24.SA1-23.SI^  and  Ti-22A1- 
27Nb  (u%),  whose  properties  are  not  only  attract  when  compued  with  113  Al-bosed  alloys, 
but  also  shw  specific  strength  advanuges  ovn  the  superalloy  IN718. 
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Hgurc4  Coapaison  of  Oxidation  behaviour  at  90QPC. 

One  of  the  moat  intetesting  develanaents  recently  launched  in  the  field  of  gamna  aluminides  is 
the  XD™  process  devek^  by  Martin  Marietta  ’’>,  where  the  addition  of  up  to  7  volume  %  of 
1162  has  r^ted  in  signukant  inqiiovements  in  strengdi,  modulus  and  structural  refinenrent. 

IhUe  VI  compares  the  efifea  of  the  addition  of  7  vtdume  %  of  TiB2  on  die  room  tenqrerature 
properties  of  cast  H  -  48  A1  •  2  V  -  2Mn  (at  %). 


Altov 

IJTS 

QOBggdgQ 

MPa 

MPa 

*(4D) 

CPa 

Base  Conqiosition 

400  -  428 

538  -  573 

1.1  - 1.2 

159 

Xd™Tv(d%'nB2 

573  -  587 

704-731 

0.9- 1.1 

180 

Within  the  more  generalfidd  of  gamma  ahnniiiidereieatcfa,coiuiderableworid-wide  effort  is 
being  (Steeled  to  the  quesdons  of  comptMition  and  the  effea  of  thermo-mechanical  processing 
on  propeitiei,  as  well  as  addressing  the  basic  probtems  of  manufltttuie.  which  embrace 
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conventional  ingot  metallingy,  casting  and  powder  production.  Realistically  the  development  of 
such  systems  must  be  regarded  as  long-ter^  given  die  problems  they  present,  and  die  time  that 
will  be  required  to  scale-up  the  development  stage  and  ^y  validate  aerospace  components. 
Given  a  typical  gestation  period  of  ten  years  from  die  inception  to  full-scale  application  of  a 
convention^  titanium  alky,  a  realistic  date  for  significant  ^iplkaiions  of  ganma  aluminides  is 
likely  to  be  beyond  the  turn  of  the  century. 


Whik  the  preceding  section  dealt  with  high  tenqierature  alloys,  there  have  been  a  number  of 
quite  varkd  alloy  d^kpments  rqiorted  recendy,  ranging  from  high  strengdi  alloys  to  non- 
burning  alloys,  to  alloys  for  medical  applications.  Thwgh  these  programmes  do  not  have  a 
common  thread,  tpatt  from  die  fact  that  they  are  predominandy  based  on  conventional  alloy 
metallui]^,  they  do  indicate  an  increasing  awareness  of  die  ne^  to  solve  proUems  in  existing 
applications,  as  well  as  showing  how  significant  efforts  are  being  made  to  eiqiand  the 
applications  for  titanium  alloys. 

Ihble  VII  lists  the  alloys  in  question  and  indicates  the  reason  for  their  devekpment 


•fable  Vn  New  Conventional  Alloy  Developments. 


Alloy 

Conroosition  fwt%) 

Target 

BetaCez 

Ti-5Al-2Sn-4Zr-4Mo-2Cr-lFc 

High  strengdiMiedium  temperature 

Beta21S 

Ti-15Mo-2.7Nb-3Al-0.2Si 

Cold  ndlin^MMC’s 

Protosul  100 

Ti-6Al-7Nb 

Medkal/lower  toxicity 

(IMI367) 

Tt-Zr-Nb 

Ti-13Zr-13Nb 

Medical/kwer  toxkityAnodulus 

Ti-Mo-Zr-Al 

Ti-15Mo-5Zr-3Al 

Medical/kwer  toxicityfrnodulus 

SP700 

Ti-4.5Al-3V-2Mo-2Fe 

Lower  SPF  temperature 

nAT52F 

Ti-3Al-2V-0.2S-0.47Cc-0.27La 

Improved  machinability 

BTT-l 

Ti-Al-Cu 

Fue  resistant 

BTT-3 

Ti-Al-Cu 

Fire  resisuuit 

AlloyC 

ri-(22-40)V-{I3-36)Cr 

Rre  resistant 

Beta  Cez  <!**)  is  aimed  at  high  stren^  aeroengine  mplications  with  a  maximum  operating 
temperature  of  4S0^C.  The  alky  u  a  result  of  a  ctwidiorative  programme  between  Sneema, 
Onera  and  Cezus  and  is  a  potential  rival  10  Ti-17  and  11-6-2-4-6,  having  room  tenmerature 
tensile  strength  of  the  oidCT  of  120MfPli  and  fracture  toughness  levels  of  frOMPaym. 

Beta  21S  <>**)  it  a  cold  roUabk  alloy  developed  by  Timet  to  address  the  specific  proMems  of 
high  tempenture  reactivity  that  have  been  encountered  in  the  use  of  Ti-lS-3-3  in  the 
tittnufacture  of  MMCs . 

The  next  three  alloys  in  fabkVn,  starting  with  Protosul  100  (IMl  367)  02),  have  been 
designed  to  address  qiecifk  probinns  associated  wHh  medical  appBntions.  faomsul  100  QMI 
367)  was  developed  in  Swioerland  by  Sulaer  Bros  u  an  aliema^  to  Ti-6-4.  The  alk^  design 
set  out  to  overcome  the  perceived  harmlulbtoiogicalcfects  of  vanadiimt,  by  its  reptocement 
with  the  non-nxic  elemnt  niobiuni.  InmechaincalpioperiyiennsifaealloyfcitiimlartoTI-6-4. 
After  extensive  trials,  components,  particularty  joint  impants,  are  now  full-scale  productioiL 
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The  other  tvro  alloys  listed  in  lUrie  vn  are  also  beiag  developed  to  address  potential 

probtems  of  bioconmtibility,  in  addition  the  engineering  targets  are  to  develop  alk^  with 
pn^teitiescoiiipaiiUe  with  either  the  modulus,  or  the  yreldstrength^aodulus  ratio  of  bone.  This 
latter  paraineter  is  known  as  the  admissible  strain  and  has  a  value  of  0.67%  for  human  cortical 
boiw  04).  The  higher  values  obtained  in  titanium  alloys  make  them  ‘more  forgiving’  in  clinic 
dian  competitive  nuuetials. 

The  field  of  alloy  development  for  {mistheses  is  one  diat  has  become  increasingly  active  recently 
fdlowing  the  drums,  and  counter-claims,  of  the  medicai  prdession  of  the  potential  toxic  nature 
of  certain  elements.  There  is  scope  for  future  market  exploitation  of  tiuuuum  in  the  field,  but 
such  developments  must  be  undalaken  in  patallei  widi  sound  meifical  objectives  and 
experiments. 

Alloy  developments  aimed  at  addressing  qiecific  manufacturing  problems  ate  highli^ted  by 
SP  700  (‘^1  a^  DATS2F(i^).  Both  ate  targetted  to  reducing  p^ucdon  cost^  tire  former  by 
lowering  superplastic  forming  temperatures  and  the  latter  by  improving  machinability. 

By  adding  beta  stabilising  elements,  the  SFF  forming  terimerature  of  SP  700  has  been  reduced 
to  7SCfiC,  conqured  to  a  nominal  930^  for  11-6-4.  SP  700  continues  a  develc^ment  started 
over  10  years  ago  where  up  to  2%  of  Fe,  Cr  and  Ni  were  added  to  Tl-6-4  to  reduce  its 
forming  temperature.  Unlike  this  earlier  work  on  Ti-6-4,  that  on  SP  700  has  used  large 
amounts  of  beta  stabiliser  to  achieve  the  desired  effect  and  thereby  produced  a  signifk^dy 
different  alloy.  The  second  iiiqxxtant  parameter  is  the  difiusian  bonding  tenqjerature,  for  any 
alloy  to  be  successful  it  must  be  possible  to  condiine  the  SFF  and  DB  cycles,  as  there  are  more 
limited  applications  for  an  alloy  based  solely  on  its  SPF  bduviour. 

The  other  alloy,  DAT  52F,  is  an  interesting  development  medfkally  aimed  at  reducing 
machining  costs  of  valve  manufacture  far  the  auttxnobile  Mustry  The  industry  is  ab^y 
evaluating  existing  alloys  Ti-6-4, 11-6-2-4-2,  IMI 834  and  H-l  100  for  potential  inlet  and  outlet 
valve  applicadons.  In  DAT  S2F  dre  addition  of  suli^tB’ and  rare  earth  elements  have  been 
shown  to  increase  the  machining  speeds,  in  cort^arison  with  the  established  alloys.  However, 
the  prmence  of  paries  within  me  alloy,  which  aid  machining,  could,  depending  on  their  sL'e 
and  distribudon,  significandy  reduce  component  life  by  causing  premature  fadgue  failure. 

The  final  alloys  in  Thble  Vn  are  aimed  at  a  pattiailar  problem  in  the  aeto-enguie,  diattrfdtanium 
component  fires.  At  the  present  time  the  use  of  dtanium  alloy  components  is  limited  because  of 
firerisks.  If  the  problem  could  be  overcome  then  mne  dtanium  conqwnents  could  beusedin 
engines  with  the  corresponding  weight  reduedons.  The  alloys  BTT-1  atxl  BTT-3  are  Russian 
dewlopments  whm  the  to  threshdd  has  been  increased  to  630^  and  >  iXPC, 
respeedvely.  The  last  alloy  in  Thble  VII  has  been  developed  by  Pratt  and  Whitney<'’>,  and  is  a 
fully  beta  stabilised  one.  Under  the  condidon  of  test  dm  alloy  does  not  bum  and  has  good 
ov^l  mechanical  properties  up  to  about  6S0'’C. 

Pfocesses  and  Products 


Near  to  Net  Shape  Processing. 

a).  ranriny  -  The  casting  industry  continues  to  make  developments  in  terms  of  quality  and 
size  With  greater  demands  nom  users  for  thinner-walled  components,  studies  of  the  proUems 
of  metal  flow,  pmosity,  repair,  surface  finish  and  mould-surftoe  reactions  have  result^  in 
significant  improvements  in  all  areas.  One  somewhat  surprising  omission  from  the  area  is  the 
apparent  lack  of  alloy  development  yecifically  aimed  at  cast  components.  The  industry  is  still 
dominated  by  alloys  that  were  developed  for  their  wrought  properties.  While  clearly  the 
difficult-to-fabricate  new  materials,  particularly  those  buedon  gamma  aluminide,  have  used  the 
casting  processes,  no  significant  attempts  have  been  made  tod^lop  new  alloys  which  address 
the  metwurgical  short-comings  of  the  present  ones.  Thoe  is  scope  10  develop  a  range  of 
castable  alloys  which  could  moduoe  properties  in  cast  components  beyond  those  anunaMe  in 
existing  alloys.  Titanium  alloys  must  be  one  of  die  few  enpneering  materials  where  alloys  have 
not  been  specifically  develops  for  the  foundry  industry. 
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a).  Eidlfismiag -One  of  the  most  striking  itoentengineering/mnalliirgicaldeveiopinents 
inUKhasbeendiatatIMITitaiiiumLid(*)inits  wotkontaperndling.  The  process  is 
exOEesnely  vctsatile.  By  ^  use  of  qtedaUy  profited  roils  a  wide  nnge  of  shap^  ptase 
geometries  can  be  produced  in  staled  and  tapered  fioma  to  an  extroDcly  hi^  level  of 
dimensional  accuracy  in  combination  with  a  consistent  d^ree  of  micnsouctiiial  development 
In  the  first  instance  near-to-net  shape  stepped  and  tapend  plates  are  in  production  for  large  aerO' 
engine  fan  blades.  The  process  is  well-cMhlished  and  conyonents  are  in  volume  production. 
Figure  S  shows  an  example  of  a  nofile  rolled  ]date  product  Tte  technology;  origi^y 
developed  using  Ti-6-4,  IS  not  alloy-limitBd  and  has  been  extended  to  other  titanium  alloys.  For 
examfrie,  for  some  wide-chord  hollow  fan  Made  apfdications  where  IMI 5S0  profile  rolted  plate 
has  bron  shown  to  exhibit  finer  microstnictue  and  st^eiior  fatigue  properties  than  the 
coiresponding  11-6-4  product 

Further  devek^Moents  of  the  process  are  in-hand  to  extend  the  size  and  complexity  of 
componrois  that  can  be  produced.  The  technkpie  is  seen  as  having  significant  potential 
applications  beyond  the  existing  aerospace  products  and  alloys. 


800  mm 
(2tr) 


Figure  3  Near-to-net  Shape  Aofiled  Rtdled  Plate-Ccounesy  of  IMI  Titanium  Ltd.) 
Metal  Matrix  Composites 

The  development  of  metal  matrix  composites  straddles  the  boundaries  between  alloy,  process 
and  product  developments.  All  three  t^nologies  interact,  but  particularly  those  of  process  and 
piodua  development  The  driving  foroe  behind  the  technology  is  higher  strength  and  modulus 
withlowerdensity  and  hence  reduced  component  weight  In  the  ultmaate,wi^t  reductions  erf 
the  order  of  73%  have  been  claimed,  when  comparing  an  exirting  titanium  compressor  assnnbly 
with  one  designed  using  composite  rings. 

Considerable  effort  has  been  directed  towards  the  process  of  production  of  the  titanium  matrix 
with  continuous  SiC  fibre  reinforcement  and  the  sm^  of  the  interacrions  between  foe  fibre  and 
different  alloys.  While  a  numbo*  of  processes  are  bdngevahiaied  for  foe  production  of  the 
titanium  matrix,  at  foe  present  time  most  of  the  deveIo|»aem  thrust  is  still  centred  on  foe  use  of 
titanium  alloy  foil  as  the  starting  matrix.  Developmena  have  taken  place  to  produce  foil  in  a 
range  of  alloys  from  11-6-4  to  aluminides.  Rrocesses  have  been  developed  to  manufacture,  on  a 
production  h«is,muiels  11-6-4,  lOOpm  foick  up  to  Im  by  0.5m  in  area  Other  alloys, 
such  as  IMI  834,  Ti  1 100  and  super  have  been  successfully  produced  on  a  development 
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scale,  while  cold  reliable  alloys,  such  as  Ti-lS-3-3  and  Beta  21S,  are  readily  available  in  foil, 
lypu^  tensile  and  Young’s  n^ulus  values  of  a  number  of  MMC,  using  foil  and  BP 
Composite’s  Sigma  SiC  nbre,  are  shown  in  Figure  6 
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Figure  6  Comparison  of  Tensile  and  Young’s  Modulus  SiC  reinforced 
MMC’s  with  Mondithic  Menials 

A  particularly  exciting  developmnt  in  the  UK  is  bong  undertaken  at  DRA  Fambmough  (2i ). 
using  a  physical  vapour  depmition  process  id  coat  SiC  fibres  with  titanium  alloys.  Technically, 
the  process  has  many  attractions.  In  the  first  instance,  there  is  no  restriction  on  alloy  matrix 
comp<»iuon,  matrix  thickness  around  the  fibie  can  be  varied  without  difficulty  and  on 
consolidation,  the  problems  often  encountered  in  the  foil  route,  in  tenns  of  spacing  and  fibre 
movement,  are  eliminated.  Figure  7  shows  a  consolidated,  coated  SiC  fibre  MMC  with 
80  vol  %  fibre.  The  process  which,  until  recendy  was  only  operating  on  a  small  scale,  is  being 
scaled-up  to  produce  continuous  lengths  of  coated  fibre. 


Figure?  MMC  -  H-Al-V  alloy/ 80%  vol  ftaction  of  SiC  fibre 
rnnclusion.< 

The  paper  has  had  to  be  restricted  in  its  content  and  there  are  a  number  of  topics,  like  RSR 
pow&r,  spray-forming  and  mechanical  alloying,  that  it  has  been  necessary  to  oinit.  However, 
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the  message  to  die  alloy^piocess  developer  should  be  clear,  that  there  are  still  many  opportunities 
to  develt^  new  allo^  and  processes  and  establish  new  maikcts,  while  at  sanM  time  extending 
opportunities  for  existing  alloys. 
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Abstract 

The  predictions  of  theimomechanical  and  theimal  treatments  to  carry  out  on  multicomponent 
alloys  in  <»der  to  obtain  the  microstructure  giving  rise  to  the  best  combination  of  mechuical 
properties  for  given  applications  can  be  maae  fhm  assessments  of  phase  digrams  either  by 
the  thermodynamic  approach  or  the  electronic  one. 


Introduction 

This  paper  is  divided  into  two  parts  dealing  with  the  thermodynamic  and  electronic 
assessment  of  phase  diagrams  including  phase  transfcmnations.  The  development  of  titanium 
alloys  is  mainly  related  to  needs  in  new  materials  with  high  performances  for  aeronautical 
and  space  industry.  Improvement  of  mechanical  pn^terties  of  these  alloys  in  severe  use 
conditions  involves  research  of  ivew  compositions  and  new  thermal  and  diermomechanical 

treatments.  These  treatments  are  based  on  the  existence  of  two  phases,  the  first  so  called  p, 
crystallizes  during  cooling  of  the  alloy  after  melting,  the  second  a  forms  at  low  temperature. 

A  key  step  for  the  control  of  thermal  and  thermomechanical  treatments  in  titanium  alloys  is 
the  knowledge  of  the  proportion  and  the  composition  of  the  a  and  P  phases  as  a  function  of 

temperature  for  the  complex  alloys  (with  S  to  7  elements)  and  of  the  P  transus  temperature  (1, 
2).  The  number  of  experimental  informations  necessary  to  the  knowledge  of  the 
thermodynamic  system  of  these  alloys  increases  rapidly  with  the  number  of  alloying 
elements. 

Such  a  thermodynamic  approach  can  be  very  powerful  both  planing  and  reducing 
considerably  the  number  of  costly  experiments  (3). 

For  a  multinary  system  m  the  systems  of  lower  order  have  to  be  firstly  computed  by 
combination  analysis  (4).  For  instance,  in  the  case  of  the  P  CEZ  alloy  which  contains  7 
elements  (5)  in  wt  %  ;  Ti  bal.  -  S  A1  -  4  Mo  -  4  Zr  -  2Cr  •  1^  •  2Sn,  the  possible  number  of 
temaiy  systems  is  equal  to  3S . 

So  it  is  of  capital  importance  to  have  means  of  analysis  allowing  on  one  hand  to  predict  the 
evolution  of  the  phase  limits  in  the  multinary  systems  and  on  the  other  hand  to  extraptdate 
punctual  experimental  results. 

Thennodvnamic  approach 


The  thermodynamic  approach  of  a  system  begins  generally  by  a  list  and  a  knowledge  of  the 
phases  in  equilibriuiiL 


If  for  a  given  temperatuie  and  at  a  constant  insure  the  Gibbs  energies  of  all  the  phases 
forming  the  system  are  known,  their  compration  at  equililHiuro  corresponds  to  the  minimum 
Gibbs  energy  G  of  the  system  (6, 7).G  is  a  function  of  the  tempmture  T  and  of  the  molar 
fraction  xi(])  of  the  different  components  i  in  the  coexisting  phases  j: 

G  =  f(T,  xi  (j))P 
and  G  =Hj-l'Sj 

where  Hj  and  Sj  are  re^rectively  the  enthalpy  and  the  entrt^y  of  the  phase  j. 

In  order  to  plot  a  phase  diagram,  G  is  transfonned  into : 

T  =  g  (Xi  (j))P 

In  fact,  absolute  values  for  the  Gibbs  energies  are  not  measurable  and  the  Gibbs  enngy  of  a 
phase  (j)  is  related  to  the  Gibbs  energy  change  AG  j  of  mixing  by  considering  the  Gibbs 

energy  ”  G*  of  the  pure  components  x,  in  general,  in  the  same  structural  and  physical  state  as 
that  for  the  solution  phase  : 


AGj  =  Gj-X 
!•! 

So:  *  For  a  stoichiometric  compound 

G  compound  *  G  reference  +AGf 
where  AG  f  is  the  Gibbs  energy  of  formation  of  the  compound. 

*  For  a  solution 

G  =  G  reference +G  ideal G^xcess 

a)  G  reference  =  the  term  G  reference  deHnes  a  level  of  reference  (a  line,  a  plane,  a 
surface)  according  to  the  order  (binary,  ternary  or  quaternary)  of  the  system  and  can  be 
express^  as ; 

A 

G  reference  =X 
■•1 

The  Gibbs  energy  of  formation  of  the  pure  components  accoxling  to  their  different  physical 
and  structural  state  has  been  determined  by  the  Scientific  Group  Xhermodaa  Europe 
(S.G.T.E.)  (8)  and  expressed  as  a  power  series ; 

‘’G’=X  akTk  +  bTLnT  +  cT7  +  dT-9 

t>-i 

The  coefficients  of  the  terms  of  the  series  ate  indicated  in  a  given  temperature  range  and 

several  intervals  ate  in  general  necessary  to  describe  the  function  '‘c’ 

G  ideal  ^  term  G  idea)  expresses  the  Gibbs  energy  of  a  solution  where  the 
elements  -whatever  their  nature-  can  substitute  one  another  according  to  a  random 
distrilnition  on  the  same  sublattice. 


G  ideal  can  be  written  as ; 


G  ideal  =  RIX  xi  Lnxi 


c)  G  excess :  The  excess  Gibbs  energy  of  the  solution  which  expresses  the  deviation  to 
the  ideality  can  be  expressed  according  to  the  Redlich-Kister  equation  (9)  as : 

*  For  a  binary  system  AB 

G  (AJ)  mtm—  *A  *■  5^  (*A  *  Xj)'' 
v>0 

*  For  a  ternary  system  ABC 

G  (Aa.C)  UOK  =[G  (A»«<««  +  G  (A.Q.M..+  G  imaam,  +  G  “  (Aao^ 
with:  G  (AAO)Bo»  -  Xa  Xg  Xc  (La  Xa  +L*  x^  +  LcXc) 

The  Li  coefficients  vaiy  with  the  temperature  according  to  the  relation : 


Li  =  aio  +  ai  1  T  + ....  +  ain  T**  +  bi  T"^  +  ciT  Ln  T 
where  ai  is  a  constant. 

In  the  expression  of  G  exce$s<  the  terms  Li  are  calculated  by  means  of  an  optimization 
procedure  developed  by  LUKAS  et  al  (10),  where  experimental  and  thennodynasnic  chta  as 
well  as  phase  diagram  data  are  taken  into  account 

The  description  of  the  different  phases  has  been  made  using  two  different  models : 

*  An  ideal  substitution  solution  characterized  by  a  random  distribution  trf^  atoms  on  only  one 
sub-lattice  with  an  interchange  energy  of  zero.  This  first  model  is  used  in  particular  for  the 
liquid  phase. 

*  A  combination  of  sub-lattice :  (Hatvig,  Hillert)  (11, 12) 

In  fact,  for  special  reasons  (size  effect,  electro-negativity,  charge...),  atoms  prefer  certain  sites 
of  the  sub-lanices.  Stoichiometric  compounds  can  thus  te  described  and  it  has  bwn 
considered  that  each  kind  of  atom  is  situated  on  a  different  sub-lattice.  So  the  number  of  sid>- 
lattices  is  equal  to  the  number  of  type  of  rites  and  the  mixing  entropy  is  equal  to  zero. 

In  order  to  approach  the  phase  diagram  of  an  alloy  such  as  the  B  dz,  first  we  will  consider 
the  case  of  m  ternary  system  Ti-Al-Mo  and  as  a  preliminary  step  that  of  the  three  binary 
systems : 

ri-Al,Al-Moandri-Mo. 

BiMTY  OTtCUK 
Ti-Al 

The  Ti-Al  dii^gram  is  characteriad  by  a  liquid  phase,  two  solid  solutions  BCC  and  HCP  in 
the  titanium  rich  comer  as  a  function  trf  decreasing  temperature  and  by  a  PCC  solid  stdutkm 
near  aluminium  rich  comer.  The  main  {duses  of  diis  system  with  thm  crystalline  structure 
are  summarized  in  Table  L 


2t 


Phases 


Crystalline  stmctuie 


Phases 


Crystalline  structure 


^  =  f(T)  and  =  fm  between  20  and  13()0*C. 

From  the  heating  curves,  we  can  distinguish  four  transfonnation  ranges : 

BmgcA:  1050 ->i  138  »C 

It  is  characterized  by  a  slight  contraction  from  lOSQPC  followed  by  a  strong  dilatation 
between  1113'*Cand  1138**C  due  to  the  formation  ofthea  phase  according  to  the  reaction  : 

a2-»  0  +  02 

RanfeB:113g-»llSQ»C 
The  o  phase  is  only  present 

RanpeC:  11S0°C 
o  -» o  +  P  disoid 


Theptransus :  1188**C 
®+  Pdisotd  “♦  Pdisoid 

These  results  ate  in  good  agreement  widi  the  phase  diagram  of  MURRAY  (14)  and  that 
calculated  by  GROS  (16),  mgure  3.  The  erqterimental  magram  previously  estaMished  by 
IjOISEAU  does  not  include  the  (o  +  02)  domain. 


Rkot  3  - H-Al  phase  diagram  calculated 
by  CR6S  compared  to  the  experimenial 
one. 


Ti  -Mo  and  Al-Mo  systems 

The  Ti-Mo  diagram  which  presents  a  tniscibilire  gap  is  quite  sitnple  unlike  die  Mo-Al  system 
(17),  Figure  4.  In  this  last  case,  GROS  and  ANSARA  only  consiaeied  the  aluminium  rM 
comer,  moreover  as  the  enthalpies  of  formation  of  all  the  Al-Mo  compounds  are  not  known , 

GROS  only  considered  the  P  transus  tenqierature  calculation. 

As  the  Mo  A1  system  was  o^mized  by  KAUFMAN  (18),  GROS  only  optimized  the  Ti-AI 
and  Ti-Mo  systems.  For  the  Ti- A1  system.  GROS  describe  the  thermodynamic  behaviour  of 
the  ordered  phase  TisAl  using  the  sub-lattice  model  developed  by  HILl^T  (12)  and 
Knenlized  to  the  multicomponent  systems  by  HARVKj  (1 1)  and  SUNDMAN  (19). 

The  liquid  and  BCC  phases  are  described  by  e  substitution  model  The  behaviour  of  the 
hexagonal  phase  whatever  its  structure,  ordered  or  disordered  is  described  by  the  two  sub¬ 
lattice  mom. 

To  optimize  the  Ti-Mo  system,  the  BCX^  the  HC3*  and  the  liquid  phases  are  described  as 
regular  solutions  (16). 
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Figure  4  -  Phase  diagrams  of  the  Ti-Mo  (a)  and  Mo-Al  (b)  systems. 

Ternary  system 
Ti-Al-Mo  at  equiUbrium 

The  isothermal  sections  at  900  and  800°C  hayc  been  calculated  by  GROS  (16)  without 
ternary  interaction  parameter.  It  can  be  seen  that  the  phase  limit  (a  +p)  /p  is  between  the 

experimental  points  determined  by  electron  microprobe  analysis  the  p  phase,  which  shows 
a  satisfactory  agreement  between  experimental  and  calculated  data.  Figure  S.  Furthermore, 
HAMAJIMA  (20)  experimentally  established  isothennal  sections  of  the  ternary  system  Ti-Al- 
Mo;  he  found  that  from  about  400°C  the  ordered  phase  p2  begins  to  disorder. 
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Figures  -  Isothermal  sections  calculated  by  GROS  at  90(rC  (a)  and  8(X)^  (b) 

For  our  part,  we  haye  studied  (bur  713  AFMo  alloys  haying  the  following  conqiositions  in  at 
%: 

-  Ti  -  23.8  A1  -  3.4  Mo 
-Ti-24  A1-4.4MO 
-Ti-21  A1-3.5MO 
-Ti-21  A1-4.5MO 

Analysis  of  dilaiomeiric  curves  of  these  alloys  points  out  a  continuous  expansion  between 
6S0  and  1 160°C  which  can  be  related  to  the  successive  mnsforttuuions 

02+  P2  -» 02  +  P  (disordering  of  P2) 

02+ P  ->0  +P(  "  02) 

a  +P  -»p 


In  conclusion  there  is  a  disagreement  between  first  GR(^  and  HAMAJIMA  because  GROS 
did  not  consider  the  ordering  of  the  ^  phase,  and  HAMAJIMA  and  ourselves  as  for  the 
temperatures  of  disordering  of  the  P  phase. 

Ti-Al-Mo  out  of  equilibrium 

Structural  transformations  have  been  studied  during  cmitinuous  cooling  transfmmations 
by  dilatometiy. 

1)  For  the  T13  A1  compound  as  shown  on  Figure  6a.  three  fields  of  phase  formation  can 
be  characterized  as  a  function  of  the  decreasing  cooling  rate,  that  is : 

p-»a-2 

p_»a’2+a2 

P-*a2 

The  ordering  reaction  for  Ti3  A1  is  very  rapid,  indeed  it  is  observed  for  a  cooling  rate  of  about 
80“Cs-l 


2)  For  the  TI3  Al-Mo  aluminides 

Three  fields  of  phase  formation  have  been  deflned,  they  lead  at  2ff*C  to  the  phases. 
Figure  6b,  as  follows  ; 

*  For  rapid  cooling  rates  Rc  (80-20®Cs*^),  we  observe : 

-  P2  -t-  a'2 :  the  ordering  of  the  P  phase  occurs  before  the  formation  of  a'2  which 
forms  by  displacive  mechanism. 

*F6r  intermediate  cooling  rates  ( 10- l®Cs-b,P2+  a’2  +  02  appear.  The  P  phase 

transforms  by  a  mechanism  of  displacive  transition  in  a'2  and  a2,  growth  of  which 
occurs  by  diffusion  phenomena. 

*  For  low  cooling  rate,  P2  and  a2  are  observed. 

It  can  concluded  that  addition  of  Mo  toTi3Al : 

-  stabilizes  at  room  temperature  a  miciostructure  esrentially  with  two  phases  (a'2 

andfora2)-t- P2 

-  is  favourable  to  the  formation  of  the  athermal  <0  phase  into  P2  for  Oie  fastest  cooling 
rates. 

-  decreases  the  transformation  temperatures 

3S 


-  refines  the  nnicrostructiue 

3)  Ti  bal.-5Al-4Mo-4Zr-2Cr  alloy  (wt  %) : 

GROS  and  ANSARA  (16, 21)  calculated  dte  P  transus  temperature  of  such  an  alloy 
and  they  found  -  894.4*’C.  The  composition  of  this  alloy  is  very  close  to  that  of  the  P  CEZ 

which  contains  two  extra  alloying  elements  that  is :  1%  Fe  and  2%  Sn.  In  this  last  case,  die  P 
transus  experimentally  found  is  within  890-893°.  which  is  near  that  of  die  previous  alloy  (5). 
It  can  be  concluded  that  the  thermodynamic  simulation  dves  a  good  approach  of  die  different 
phase  fields.  Results  on  TtZrX  alloys  (X  =  Hf.  Nb,  Ta,  Mo,  W)  have  b^  recendy  presented 
by  DELAY  team  (22)  in  Belgium. 

It  must  be  underlined  diat  the  phase  diagrra  activity  is  well  coordinated : 

-  At  the  world  scale  through  APD I C  which  is  the  Alloy  EhaseQiagramlnteniational 
O>nmiission.  The  cotres|wndant  in  France  is  ANSARA. 

•  In  Europe  through  S  G  T  E  SckndBc  group  Thermodata  Europe. 

-Through  journals. 

♦  CALPHAD:  Calculation  <rf  Phase  Diagrams. 

*  Bulletin  of  Alloy  Phase  Diagrams. 

Electronic  approach 

During  these  last  years,  the  assessment  of  the  formation  energy  AE  of  alloys  has  been  widely 
studied  (1,  23).  According  to  the  level  of  approximation,  the  different  microsco(nc  theories 
divide  into  two  groups :  the  ab-initio  and  the  semi-emiHrical  methods. 

In  the  formers,  no  parameter  is  introduced  in  the  calculation  and  they  give  results  considered 
as  exaa.  Among  these  methods,  it  is  convenient  to  distinguish  the  qiproachcs  based  on 
pseudopotentials  and  those  based  on  linearized  methods  of  caarolation  of  band  structures. 

For  transition  metals  because  of  tightly  bound  character  of  the  electrons  in  the  valence  band, 
calculations  of  the  total  energy  are  performed  wiUi  methods  such  as  Linear  Muffin  3)n  QdiitaL 
L.M.T.O.  or  LiiKV  Augment^  £lane  3Kave,  LA J*.W. 

About  the  semi-ernpirical  methods,  the  tight  tending  method  is  relatively  simple  and  it  is  used 
to  study  the  energiocal  properties  of  the  transition  metals  and  their  allo;^  eidier  in  the  ordered 
or  distndeted  atomic  structure.  Figure  7a.  The  chemically  disordered  systems  are  treated  by 
the  Coherent  fotential  Approximation,  C J*A..  which  is  a  mean  fidd  theory  which  consists  in 
replacing  the  real  level  of  energy  of  all  the  atomic  sites  by  an  average  medium  except  that  of 
the  cent^  atom  which  is  exactly  treated. 


Fiaure  7  -  (a)  In  the  covalent  limit  the  s-  and  p-bands  of  letrahedtally  coordinated  semi- 

conduciors  transform  imo  bonding  and  antibonding  ^  bands. 

(b)  Schematic  density  of  stales  n(E)  of  a  transition  metal  with  overlappini  s-and 


d-  bands 


Contraiy  to  the  CPA.  method,  the  Ouster  j^the  Lattice  Method,  C.B.L.M.,  takes  into 
account  the  short  range  order.  For  solid  solutions,  the  Qcneralized  Beiturbation  Method, 
(G.P.M.),  proposed  by  GAUTHIER  and  DUCASTELLE  (24)  is  also  able  to  reach  the  order 
energy.  B^SOUD  (25)  pointed  out  that  these  last  both  methods  are  equivalent 

LE  (26),  in  France,  studied  the  Ti-Ni  system;  Ti  and  Ni  are  transition  metals,  their  properties 
are  related  to  the  d  character  of  the  valence  states.  This  can  be  explained  by  the  nature  of  the 
two  electronic  populations :  the  weak  overlapping  of  the  d  atomic  orbitals  gives  rise  to  a 
narrow  band  with  a  hif^  densi^  of  states,  inside  of  which  is  the  Fermi  level.  This  d  band 
overlaps  the  g  band  which  is  wide  because  of  the  important  overlapping  of  the  corresponding 
atomic  orbitals  and  which  presents  a  low  density  of  states  (two  s  states  per  atom).  Figure  7b. 
Because  of  the  strong  d  character,  the  electronic  structure  ^  transition  metals  and  cf  their 
alloys  can  be  descriM  using  the  tight  binding  approximation. 

Calculation  of  thermodynamic  parameters  and  phase  diagrams 

Calculation  of  the  formation  energy  of  an  alloy 

Let  us  consider  a  binary  alloy  Ax  B  i  -  x  characterized  by  a  short  range  order  a  and  by  a 
composition  x  for  the  element  A  (26). 

The  formation  energy  AE  of  the  alloy  is  defined  by  : 

AE  (x,o)  =  E(x,0)  -  xEa  -  (I-x)Eb 

where  E(x,a)  is  the  total  energy  of  the  alloy  and  E^,  Eg  the  total  energy  of  the  pure  metals  A 
and  B.  Let  us  recall  that  the  total  energy  Ei  of  a  pure  element  I  is  given  by  the  relation. 

Ei  =  f(J“^  En(E)dE) 

where  n(E)  is  the  density  of  state  of  the  element  I.  The  total  energy  of  the  alloy  is  in  a  similar 
way : 


E(x,o)  =  f(j“'Epall(E)dE) 
where  pall  (E)  is  the  state  density  of  the  alloy  with : 

PallCE)  =  xp*  (E)  +  (1-x)  Pi  (E). 

The  formation  energy  of  an  alloy  can  be  expressed  as  the  sum  of  two  terms 
AE  (x.o)  =  AE  dis  (*)  +  AEoid  (x,o) 

-  The  first  term  AE  (ji$  (x)  represents  the  contribution  of  the  alloy  completely  disordered  and 
it  only  depends  on  the  composition  of  the  systtm. 

-  The  second  term  is  the  onler  energy  of  the  system  which  depends  on  the  composition  and 
the  short  range  order ;  AEoid  =  f(Vk)  where  Vk  is  the  pair  interaction  energy 

If  V>  0  there  is  a  tendency  to  ordering 
If  V<  0  there  is  a  tendency  to  segregation 

Configurational  entropy 

1)  Stoichiometric  compounds 

As  the  order  is  assumed  to  be  perfect  the  configurational  entropy  of  an  alloy  is  equal  to  zero. 

2)  Solid  solution 

The  configurational  entropy  of  an  alloy  is  calculated  using  the  Cluster  Yariational  Method, 

(C.  V.M.).  For  a  FCC  alloy  the  cluster  is  a  regular  tetraheAon.,  for  a  BCC  alloy  the  cluster  is  a 
non  regular  tetrahedron.  Figures. 

3)  Liquid  phase 


3$ 


Several  models  are  possible  to  calculate  the  entropy.  A  simple  way  consists  in  nedecting  the 
short  range  order  so ;  Sconf  Icb  (xa  Loxa+xi  uixi)  whm  N  is  the  number  of  Avo^ulro. 
Free  enerfv  and  calcuUrion  of  phase  diagram 

The  total  hree  energy  of  a  binary  alloy  AB  in  the  a  phase  based  on  a  crystalline  lattice  1  is 
given  by 

F“I  =XAFlA+x,F«,  +  AE««-TS«Iconf. 

where  F^a,  F^b  an  the  free  energies  of  thepure  elements  A  and  B  in  the  structure  1.  The 
fonnation  energy  of  the  alloy  AE  is  obtained  Bom  calculation  of  electronic  structure  and  the 
configuration  entropy  is  calculated  by  the  CVM  method.  In  practice,  the  Bee  energies  are 
calculated  relative  to  a  common  reference  sute  and  to  calculate  the  thermodynamic 
paramaters  of  mixing  at  equilibrium,  the  free  energy  function  is  minimized  for  a  given 
composition.  For  the  calculation  of  a  phase  diagram,  it  is  necessary  to  introduce  the  grand 
potential  fl  deBned  by : 

fl  =  |(li“A+li“B) 

where  is  the  chemical  potential  of  the  component  i  in  the  a  phase.  The  compositions  of 
phases  at  equilibrium  are  obtained  by  minimization  of  the  grand  potential  at  a  given  chemical 
potential. 


Application  to  the  Ni-Ti  system 

From  a  technological  point  of  view,  this  system  is  specially  interesting  for  the  development  of 
"shape  memmy  alloys"  the  composition  of  which  is  close  to  the  equiatomic  composition. 

The  experimental  diagram  shows  presence  of  two  stoichimnetric  compounds  :  NiTi2  with  a 
complex  FCC  structure  and  Nisli  with  an  hexagonal  structure  and  an  intermetallic  phase 
based  on  the  composition  Ni  Ti  with  the  B2  structure. 

Moreover  it  will  be  noted  the  presence  of  a  solid  solution  in  the  nickel  corner  with  a  FCC 
structure  A1  and  a  solid  solution  with  a  BCC  structure  A2  in  the  titanium  rich  corner,  at  low 
temperature,  the  solubility  of  the  nickel  in  titanium  a  is  very  low. 

The  Figure  9  represents  the  diagram  calculated  by  LE  (a)(26).  the  experimental  diagram  (b) 
(17)  and  three  diagrams  calculated  by  KAUFMAN  (c)  (27).  SANCISZ  (d)  (28)  and 
SAUNDERS  (e)  (29). 

Relative  to  the  experimental  diagram,  that  of  LE  presents  some  differences  about  the 
temperature  and  the  ctxnposition  of  the  phase  transformation  points  but  these  results  are 
encouraging. 

It  will  be  recalled  that  in  this  system  the  cohesion  is  due  to  a  strong  hybridation  of  the  d  bands 
of  titanium  and  nickel. 

Others  systems 

It  must  be  mentioned  some  systems  under  investigation,  for  example : 

In  France,  at  ONERA,  RUBIN,  FINEL  ami  DUC^STELLE  are  working  on  the  ternary 
systems  Ti-Al-Mo,  Ti-Al-Nb  and  Ti-Al-W  (30, 31). 

J.M.  SANCHEZ  has  results  on  the  systems :  ti-Al  and  H-Al-Ni. 

Let  us  recall  that  MORINAGA  (32, 33)  from  Japan  goes  on  to  publish  results  in  the  theory 
design  of  P  type  titanium  alloys. 
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Figure  8  :  Tetrahedrons  for  structures  :  FCC  (a) 
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Abstract 


The  need  for  Improving  the  performance  of  aeroengines  requires  Increas¬ 
ing  the  application  temperature  for  titanium  above  450*  C.  Titanium  al¬ 
loys  developed  to  operate  at  high  temperatures  up  to  600*  C  are  general¬ 
ly  sensitive  to  surface  conditions,  A  major  challenge  is  long  term  oxi¬ 
dation  resistance  at  operating  temperatures  around  600*  C  combined  with 
maximum  exploitation  of  applied  loading.  Surface  treatments  e.g.  mecha¬ 
nical  machining,  electrochemical  machining  (ECM),  shot  peening,  or  sur¬ 
face  finishing  have  a  great  Impact  on  fatigue  life.  Detrimental  effects 
must  be  accounted  for  if  contaminants  such  as  nickel  or  steel  particles 
and  lubricants  cannot  be  avoided.  The  need  for  coatings  as  protection 
against  oxidation,  corrosion,  fretting  and  titanium  fire  Is  obvious. 

This  paper  discusses  the  Influence  of  surface  treatments  and  protection 
on  mechanical  properties  relevant  to  jet  engine  applications. 


THoniuRi  "92 
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Improved  aeroengine  performance  often  can  be  achieved  only  by  increasing  ser¬ 
vice  temperatures  and  specific  strength.  The  latest  developments  in  high  tem¬ 
perature  titanium  alloys  are  designed  for  operating  temperatures  up  to  600*  C. 
The  more  the  temperature  capability  in  terms  of  strength  and  bulk  stability  of 
titanium  alloys  is  increased,  the  higher  is  the  penalty  which  has  to  be  paid 
with  respect  to  surface  stability  and  integrity.  The  steadily  increased  ser¬ 
vice  temperature  accompanied  with  enhanced  surface  sensibility  has  possibly 
reached  or  exceeded  the  temperature  limits  even  of  the  newest  high  temperature 
titanium  alloys.  Surface  effects  are  becoming  more  and  more  critical  and 
therefore  urgently  need  to  be  addressed:  oxidation,  corrosion,  erosion,  fret¬ 
ting,  contamination,  fire  resistance,  surface  treatments  and  finishing  are  of 
major  importance.  The  influence  of  heat  treatments,  surface  conditions  and 
treatments  or  surface  protection  on  mechanical  properties  relevant  to  jet 
engine  applications  will  be  discussed  in  the  following  sections. 

Surface  Oxidation 

The  influence  of  long  time  exposure  at  elevated  temperatures  in  air  on  the 
mechanical  properties  of  IMI  834  has  been  reported  recently  [1].  In  this  sec¬ 
tion  differences  in  surface  oxidation  sensitivity  between  IMI  834  and  Ti-6242 
will  be  discussed.  The  influence  of  long  term  exposure  in  air  on  INI  834  ten¬ 
sile  properties  at  room  temperature  and  650*  C  is  shown  in  Fia.l.  The  yield 
stress  of  exposed  material,  either  with  the  oxidized  surface  removed  or  re¬ 
tained  was  50  MPa  above  the  reference  material  aged  2  hrs  at  700’  C  only.  The 
increase  in  strength  is  an  indication  for  additional  aging  during  long  term 
exposure  at  650*  C.  Looking  at  tensile  elongation  (A5)  two  effects  can  be  re¬ 
cognized.  Firstly,  there  is  a  ductility  loss  of  some  3  percent  over  the  whole 
tea^erature  region  due  to  age  hardening  (compare  triangles  against  solid 
dots).  If  the  oxidized  surface  is  not  removed  a  drastic  drop  in  elongation  at 
room  temperature  (open  circles)  is  experienced.  With  increasing  test  tempera¬ 
ture  the  influence  of  increased  plastic  deformation  reduces  the  differences 
in  tensile  ductility.  Isochronal  exposure  tests  for  IMI  834  (Fio.  2)  revealed 
a  strength  increase  at  and  above  450*  C  and  simultaneously  only  a  slightly 
reduced  ductility  was  observed  for  specimens  with  surface  removed.  After  expo¬ 
sure  of  100  hrs  in  air  and  2  hrs  in  vacuum  respectively  the  ductility  loss  is 
more  pronounced,  when  the  surface  is  retained.  For  IMI  834  life  reduction  by 
oxidized  surfaces  on  low  cycle  fatigue  (LCF)  at  room  and  elevated  temperatures 
has  also  been  reported  earlier  [1,  2].  Fig. 3  gives  an  example  at  550  *C  test 
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temperature.  For  smooth  specimens  oxidized  500  hours  at  600*  C  in  air  the  life 
cycles  are  lowest  when  the  oxidized  surface  is  retained.  Note  that  the  life 
time  is  longest  for  a  specimen  after  long  term  exposure  and  removal  of  the 
oxidized  surface.  This  is  due  to  aging  by  additional  precipitation  of  TisAI. 


.  .  TEMPERATURE  FOR  EXPOSURE  IN  AIR  OR  VACUUM. 

TESTTEMfeRATURE  [k] 

Fig.  1  Influence  of  long  time  Fia.  2  Isochronal  exposure  of 

exposure  in  air  on  INI  834  and  Ti  6242 

INI  834  tensile  properties.  tensile  specimens. 

In  contrast  to  INI  834  the  T1-6242  does  not  show  any  remarkable  tensile  ducti¬ 
lity  loss  after  2  hrs  exposure  at  temperatures  between  550  and  650*  C  in  air 
or  vacuum,  respectively.  Fig.  2  illustrates  a  slight  increase  in  yield  stress 
with  increasing  exposure  teiqieratures  whereas  the  elongation  remains  almost 
constant.  Tensile  tests  are  not,  however,  always  sensitive  enough  to  reveal 
surface  embrittlement  effects.  It  can  be  seen  in  Fio.  4  for  strain  controlled 
LCF  tests  of  smooth  specimens  that  at  both  test  temperatures  (20*  C  and 
400*  C)  exposure  in  air  at  590*  C  for  2  hrs  reduces  the  number  of  cycles  to 
failure  remarkably.  These  LCF  results  clearly  demonstrate  that  exposure  in  air 
at  temperatures  above  450  ’C  should  be  avoided  for  both  titanium  alloys  INI 
834  and  T1-6242,  or  a  reduction  in  fatigue  life  must  be  counteracted  by  oxida¬ 
tion  protective  coatings.  Desired  heat  treatments  during  fabrication,  even  In 
technical  vacuum,  e.g.  post  weld  heat  treatment  or  stress  relieving,  should 
subsequently  be  followed  by  surface  removal. 
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Fig.  3  Influence  of  oxidation  on 
load  controlled  LCF. 


total  strain  controlled  LCF. 


Surface  Treatments 


Surface  treatments  have  a  great  Impact  on  fatigue  properties  of  titanium  al¬ 
loys.  The  high  cycle  fatigue  (HCF)  behavior  of  cylindrical  smooth  specimens 
for  IMI  834  Is  plotted  In  Flo.  5.  At  room  temperature,  a  surprisingly  low  fa¬ 
tigue  strength  for  10^  cycles  of  about  400  MPa  was  measured  for  as  turned  and 
mechanically  polished  (MP)  specimens.  Assuming  that  residual  stresses  due  to 
distortion  of  the  surface  during  specimen  machining  caused  this  effect,  the 
surfaces  of  some  specimens  were  additionally  electrolytically  polished  (EP)  or 
stress  relieved  (SR).  For  the  EP  condition  about  100  ^m  surface  was  removed. 
Stress  relieving  was  conducted  at  600  *C  for  24  hrs.  In  both  cases  the  fatigue 
strength  Increased  to  almost  600  MPa  at  10^  cycles.  This  example  Indicates 
that  machining  even  combined  with  post  mechanical  polishing  can  cause  signifi¬ 
cant  fatigue  strength  reduction  at  least  for  HCF  under  tension-tension  load¬ 
ing.  Due  to  the  residual  stress  distribution,  surface  layers  are  under  com¬ 
pressive  stresses  whereas  subsurface  regions  (some  100  itm  depth)  are  In  ten¬ 
sion  which  leads  to  early  subsurface  crack  Initiation  resulting  In  reduced 
fatigue  life.  Shot  peening  does  not  1ii4>rove  the  fatigue  life  of  the  HP  speci¬ 
mens  In  tension-tension  testing.  On  the  other  hand  an  Improvement  Is  observed 
for  tension-tension  tests  on  circumferentially  notched  HCF  specimens,  Flo.  6. 
as  well  as  for  rotating  beam  tests  on  smooth  specimens.  The  reason  Is  that 


shot  peening  Is  only  effective,  when  It  results  In  a  total  stress  gradient 
with  the  naxlKuffl  stress  on  the  surface,  which  Is  the  case  for  the  latter  two 
testing  situations.  In  Flo.  6  It  can  be  seen  that  shot  peening  Increases  the 
10^  fatigue  strength  at  600  *C  from  675  NPa  to  900  MPa  (Onax-^^t)*  refe¬ 
rence  curve  Is  EP,  I.e.  the  surface  was  electrolytically  polished.  In  order 
to  provide  a  proper  comparison,  the  shot  peened  (SP)  specimens  were  mechani¬ 
cally  polished  before  testing  to  eliminate  possible  surface  roughness  effects 


Flo.  5  Influence  of  stress  relieving  Flo.  6  Influence  of  shot  peening  on 
on  room  temperature  HCF  elevated  temperature  HCF. 

(notched  specimens) 

Low  cycle  fatigue  (LCF)  behavior  is  also  influenced  by  surface  condition  as 
can  be  seen  from  Flo.  7  for  the  alloy  IMI  834.  The  tests  were  performed  on 
flat  specimens  with  a  center  hole  (dia.  ■  4.5  mm)  and  notch  factor  Kt  -  2.5; 
stress  relieving  was  2  hrs  at  700  *C.  Fatigue  life  Is  lowest  for  stress  relie¬ 
ving  (SR)  after  prior  machining  (drilling)  and  highest  In  the  as  drilled  con¬ 
dition.  Life  time  was  only  Intermediate  for  drilled  and  shot  peened  center 
holes  possibly  due  to  Its  higher  surface  roughness  compared  to  the  drilled 
surface.  Residual  stress  profiles  were  comparable  for  both  drilled  only  and 
drilled  and  finally  shot  peened  holes  exhibiting  maximum  compressive  stresses 
of  around  700  MPa.  Additional  LCF  tests  were  performed  on  T1-6242  using  flat 
specimens  with  milled  double  edge  notches,  Kt  ■  2.2,  tested  at  room  tempera¬ 
ture  (RT)  and  300  *C.  Flo.  8  reveals  that  specimens  at  both  testing  tempera¬ 
tures  with  machined  only  (milled)  and  machined  plus  shot  peened  notches  show 
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Fta.  7  Influence  of  surface 
conditions  on  LCF. 
Flat  speciiv  is  with 
center  ho^  . 


Flo.  8  Influence  of  surface  condi¬ 
tions  on  LCF.  Flat  specl- 
■ens  with  double  edge  notches. 


Identical  fatigue  life  cycles  within  a  typical  scatterband.  Final  stress  re¬ 
lieving  (2  hrs  590  *C)  again  leads  to  lowest  life.  As  a  consequence  for  the 
production  of  components  with  holes  or  notches,  shot  peening  should  be  per¬ 
formed  after  the  last  stress  relieving  (e.g.  post  weld  heat  treatment)  when¬ 
ever  possible. 

Contaminants 

During  fabrication  completely  machined  parts  often  need  to  be  heat  treated 
mostly  for  stress  relieving  without  subsequent  surface  cleaning.  Contaminants 
sticking  on  the  surface  often  cause  detrimental  surface  attack  during  heat 
treatments  even  In  vacuum  and  especially  during  exposure  In  air.  The  latter  Is 
the  worst  case  and  can  occur  In  faulty  technical  vacuum  or  for  applications  In 
a  Jet  engine  compressor.  The  Influence  of  a  lubricant,  different  Nl-contalning 
powders,  and  steel  after  SO  hrs  exposure  at  different  temperatures  In  air  Is 
listed  In  Table  1.  Extreme  testing  conditions  have  been  chosen  for  demonstra¬ 
tive  purposes.  Taking  INI  834  as  an  example,  It  was  found  that  up  to  425*  C 
exposure  most  contaminants  caused  only  weak  attack,  between  450  and  550*  C 
a  remarkable  pitting  corrosion  appeared,  while  at  600*  C  and  above,  deep  cor- 
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roslon  pits  were  observed.  It  Is  recalled  that  previously  mentioned  effects, 

In  particular  oxidation  (see  Flo.  21.  also  fall  In  the  above  temperature  clas¬ 
sification.  Additional  penetration  due  to  diffusion  Into  the  subsurface  layers 
was  not  evaluated.  The  results  for  T1-6-4,  T1-6-2-4-2  and  IMI  685  at  550*  C 
and  600*  C  support  the  results  for  IMI  834.  This  leads  to  the  conclusion  that 
heat  treatments  In  air  or  low  quality  vacuum  and  applications  above  circa 
425*  C  for  long  times  must  be  regarded  with  care  and  a  corresponding  life 
reduction  has  to  be  taken  Into  account  depending  on  the  extent  of  surface  de¬ 
gradation.  The  above  mentioned  results  also  emphasize  the  need  for  careful 
cleaning  of  machined  parts  before  heat  treatment  even  In  technically  high  qua¬ 
lity  vacuum. 

Coatings 

Titanium  fire  Is  a  very  fast  surface  combustion/oxidation  process  resulting  in 
temperatures  as  high  as  3200*  C.  It  Is  a  very  short  event  of  less  than  10  se¬ 
conds  and  applies  mainly  to  military  Jet  engines  due  to  excessive  temperature, 
pressure,  and  aerodynamic  conditions.  Measures  against  titanium  fire  Include 
avoiding  wear  of  titanium  against  titanium,  blade  tip  platings,  coatings  (e.g. 
Pt/Cu/NI,  Zr02,  C/C),  or  fire  resistant  Ti-alloys.  The  burning  velocity  for 
conventional  Ti-alloys  (IMI  834,  T1-6-4,  TlCug)  and  titanlum-alumlnides  (Super 
Alpha  Two)  on  TI3AI  base  and  T1-48Al-2Nb  on  T1A1  (Gamma  base)  Is  shown  In 
Flo.  9.  The  results  suggest  the  use  of  Al-rich  alloys  or  coatings  against 


Flo.  9  Burning  velocity  of 

different  titanium  alloys 


Flo.  10  LCF  of  coated  and  uncoated  IMI  834 
unexposed  and  after  exposure 
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Oxidation  resistant  coatings  will  play  a  key  role  when  applying  Ti  alloys  at 
tenperatures  as  high  as  600*  C.  General  reports  about  surface  engineering  [3] 
and  oxidation  resistant  coatings  for  Tl-alloys  [4]  were  presented  at  the  last 
TI -Conference  In  1988.  Both  papers  suggested  that  almost  all  coatings  resulted 
In  reduced  fatigue  strength  or,  at  best,  little  change.  Oxidation  resistant 
coatings,  e.g.  NICr  coating  on  IHI  829  [4]  showed  good  oxidation  protection 
but  still  reduced  fatigue  life  In  LCF  tests  when  comparing  coated  and  unex¬ 
posed  with  coated  and  exposed  specimens.  For  an  A1  diffusion  coating  similar 
results  were  evaluated  for  IMI  834  at  room  temperature  LCF  tests  (Flo.  101. 
Comparing  unexposed  material  (solid  dots)  a  loss  In  fatigue  life  due  to  coat¬ 
ing  (diamonds)  Is  obvious.  A  further  life  reduction  was  measured  for  coated 
and  exposed  condition  (squares),  worst  was  exposed  and  surface  oxidized  mate¬ 
rial  (triangles).  For  high  cycle  fatigue  at  room  temperature  (Flo.  Ill  the 
unexposed  and  exposed  specimens  showed,  within  some  scatter,  the  highest  HCF 
strength  whereas  the  coated  and  coated  plus  exposed  conditions  showed  the  low¬ 
est  HCF  strength.  At  600*  C  the  differences  diminished  with  the  tendency  for 
lowest  HCF  strength  of  the  exposed  and  surface  retained  condition  (Flo.  12) 
marked  by  solid  triangles.  For  INI  834  A1 -diffusion  on  coatings  revealed  de¬ 
trimental  effects  on  LCF  and  HCF  at  room  temperature  and  at  best,  little  Im¬ 
provement  on  HCF  at  600*  C. 


Flo.  11  Room  temperature  HCF  of  coated 
and  uncoa*.ed  INI  834  with  and 
without  exposure. 

4f 


Flo.  12  Elevated  temperature  HCF  of 
coated  and  uncoated  INI  834 
with  and  without  exposure. 


Recently  the  Influence  of  several  coatings  on  fretting  fatigue  behavior  of 
T1-6A1-4V  has  been  tested  [5]  using  flat  speclnens  with  fretting  pads.  It 
could  be  demonstrated  that  besides  shot  peenlng  and  a  CO'fCr202  coating  a  cop¬ 
per  plating  was  the  most  effective  coating.  The  efficiency  depends  on  the 
thickness  of  the  copper  layers.  The  fatigue  strength  at  20*  C  dropped  from 
600  NPa  stress  range  (R>0.1)  down  to  200  HPa  under  fretting  without  coating.  A 
variety  of  Increasing  copper  layer  thicknesses  up  to  60  im  was  tested.  Fret¬ 
ting  fatigue  strength  Increases  back  up  to  450  MPa.  Additional  HCF  fretting 
fatigue  tests  on  T1-6242  at  300*  C  have  been  performed  [6].  Specimens  were 
either  laser  gas  nitrlded  or  ion  Implanted  using  nitrogen  or  boron.  Ion  Im¬ 
plantation  produces  relatively  thin  layers  (0,1  to  I  nm)  and  therefore  are  not 
fretting  fatigue  resistant.  Laser  gas  alloying  produces  TIN  or  TIC  In  the  sub¬ 
surface  material  on  the  order  of  50  to  500  im  thickness.  The  TIN  or  TIC  layers 
are  generally  wear  resistant,  but  superimposed  with  fatigue  loading  early 


Flo.  13  Fretting  fatigue  for  material  Fla.  14  Fretting  fatigue  for  material 
coeiblnatlon  INI  834  flat  spe-  combination  INI  834  flat  spe¬ 
cimens  and  INI  834  pads.  cimens  and  IN  718  pads. 


Shot  peenlng  is  a  very  effective  alternative  to  coatings  against  fretting  fa¬ 
tigue.  For  T1-6A1-4V  shot  peenlng  increased  the  stress  range  (maximum  stress 
for  R-0.1  at  10^  cycles)  from  200  NPa  up  to  400  NPa  under  HCF-frettIng  at  room 


temperature  [5].  An  example  of  fretting  fatigue  behavior  of  IHI  834  Is  given 
In  Flo.  13.  The  material  combination  IMl  834  specimen/  IMI  834  fretting  pads 
simulates  INI  834  dIsc/IMI  834  blade  component  tests  at  400*  C.  Specimens  and 
pads  were  milled  (NH)  or  shot  peened  (SP).  Fretting  fatigue  tests  were  desig¬ 
nated  as  FF,  reference  curves  without  designation  are  regular  HCF  tests  with¬ 
out  fretting.  HCF  strength  at  450*  C  Is  360  MPa,  drops  under  fretting  fatigue 
down  to  160  MPa  and  Increases  after  shot  peening  to  250  MPa.  Comparable  ten¬ 
dencies  were  measured  at  620*  C  for  a  simulation  of  IMI  834  disc  combined  with 
a  superalloy  IN  718  blade  (Flo.  141.  HCF  strength  Is  350  MPa,  fretting  reduces 
fatigue  strength  to  200  MPa.  Shot  peening  (SPl  refers  to  small  ball  sizes, 

SP2  refers  to  bigger  sizes)  enhances  fretting  strength  to  250  MPa  for  (SPl) 
and  300  MPa  for  (SP2).  Both  examples  demonstrate  that  most  of  the  fatigue 
strength  lost  under  fretting  fatigue  can  be  regained  by  shot  peening  which 
Is  effective  even  at  temperatures  up  to  620*  C. 


The  results  of  Investigations  of  the  effect  of  surface  treatments  and  protec¬ 
tion  on  the  high  temperature  mechanical  properties  of  titanium  alloys  can  be 

sunmarized  as  follows: 

-  Exposure  In  air  at  or  above  450*  C  results  In  surface  degradation, 
reducing  ductility  and  low  cycle  fatigue  strength. 

-  Nickel  containing  lubricants  and  powders  as  well  as  steel  particles 
have  to  be  avoided  at  or  above  450*  C. 

-  High  cycle  fatigue  strength  of  smooth  IMI  834  specimens  can  be  enhanced  by 
stress  relieving  or  electrolytical  surface  removing.  Shot  peening  Is 
effective  on  notched  specimens  even  at  600*  C  testing  temperature. 

-  LCF  of  specimens  having  as  machined  notches  or  holes  exhibited 
life  times  not  different  from  machined  and  shot  peened  condition. 

-  Titanium  fire  can  be  opposed  by  aluminium-rich  coatings  or  alloys. 

However  oxidation  resistant  coatingi  that  do  not  reduce  fatigue  life 
still  have  to  be  developed. 

-  Shot  peening  1$  a  sufficient  alternative  to  coatings  against 
fretting  fatigue  and  Is  effective  even  at  temperatures  up  to  620*  C. 
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-  For  envisaged  application  tenperatures  above  450*  C  surface  protection 
for  titanium  alloys  has  therefore  become  of  Increasing  Importance. 


The  authors  would  like  to  acknowledge  the  helpful  discussions  and  support  of 
G.  Luetjering  regarding  surface  treatments.  We  also  wish  to  express  our  ap¬ 
preciation  to  W.  Wei,  J.  Specht,  T.  Ulhlein  and  R.  Grunke  for  their  assistance 
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Literature 


[1]  M.A.  Daeubler,  0.  Helm,  "Influence  of  Long  Time  Exposure  at  Elevated 
Temperatures  In  Air  on  Mechanical  Properties  of  the  High  Temperature  Ti¬ 
tanium  Alloy  IHI  834"  In  Titanium  1990  -  Products  and  Applications,  Proc 
of  1990  Int.  Conf.  Orlando,  FL,  USA,  published  by  TDA  Titanium  Develop¬ 
ment  Association,  Dayton,  Ohio  45401,  1990,  PP  244-255. 

[2]  B.  Borchert,  H.A.  Daeubler,  "Influence  of  Microstructure  of  IMI  834  on 
Mechanical  Properties  Relevant  to  Jet  Engines"  In  Proc.,  6th  World  Conf. 
on  Titanium,  Cannes  1988,  Eds.  P.  Lacombe,  R.  Tricot,  G.  Beranger,  Les 
Editions  de  Physique,  1989,  pp  467-472. 

[3]  P.H.  Morton,  T.  Bell,  "Surface  Engineering  of  Titanium", 

Ibid.,  pp  1705  -  1712. 

[4]  N.W.  Kearns,  J.E.  Restall,  "Oxidation  Resistant  Coatings  For  Titanium 
Alloys",  Ibid.,  pp  1753  -  1758. 

[5]  M.  Thoma,  "Influence  on  Fretting  Fatigue  of  T1-6A1-4V  by  Coatings" 

Ibid.,  pp  1877  -  1881. 

[6]  K.  Dittmar,  "Fretting  Fatigue  Behavlo.'  of  Ion  Implanted  and  Laser 
Alloyed  T1-6242",  Diploma  Thesis  (In  German)  1991,  MTU-Munich 


$2 


PRESENT  FEATURES  IN  PRODUCTION  OF  TITANIUM  SPONGE  AND  INGOT 


Shlgeru  Taoamoto 
Osaka  Titanium  Co.,  Ltd. 
Hlgashlhana-cho  1,  Amagasakl,  Japan  660 


Abstract 

With  the  production  of  titanium  sponge  growing  steadily,  worldwide 
annual  production  capacity  reached  136,000  tons  this  year.  Nearly  962  Is 
produced  by  the  Rroll  process,  and  the  reawlnder  by  the  Hunter  process. 
Remarkable  advancements  In  technological  development  were  made  In  the  1950s 
through  the  mid  19808.  Although  a  number  of  research  efforts  to  find  a  new 
method  of  production  have  been  made,  none  have  reached  the  Industrial 
application  stage.  On  the  other  hand,  rapid  progress  has  been  made  In  the 
technology  for  producing  small  quantities  of  high  purity  titanium  for  use  as 
a  semiconductor  material. 

Consumable  electrode  vacuum  arc  remeltlng  (VAR)  Is  still  by  far  the 
major  process,  while  cold  hearth  laeltlng  by  electron  beam  or  plasma  arc  is 
attracting  Increased  attention  for  melting  critical  aircraft  engine 
material,  since  It  effectively  removes  HDIs  and  LDIs.  However,  VAR  furnaces 
will  remain  the  major  means  of  melting  the  material  for  general  use.  A  new 
cold  crucible  melting  process  using  Induction  heating  has  advanced  to  the 
stage  of  practical  use.  Melting  of  large  else  Ingots  has  not,  however,  been 
realized.  Hopefully  Its  practical  application  will  be  realized  In  various 
fields  by  taking  advantage  of  its  features  as  the  technology  Is  perfected. 

Introduction 


Rapid  progress  has  been  made  In  titanium  production  for  almost  half  a 
century  since  Its  Industrialization.  The  status  of  development  was  reported 
In  detail  at  two  preceding  conferences  held  In  Munich  and  Canne  (1,  2). 
This  report  outlines  the  present  status  of  production  and  the  technology 
relating  to  titanium  sponge  production  and  Its  melting. 
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Titanium  Sponge 


^ .  Production  of  Tltanltim  Sponge  by  Conventional  Process 
1-1  Quantity  and  Capacity  of  Production 

The  worldwide  capacity  and  the  titanium  sponge  production  processes  are 
tabulated  In  Table  I.  Surprisingly  CIS  Is  said  to  have  a  capacity  of  80,000 
tons  per  year.  The  Kroll  magnesium  reduction  and  Hunter  sodium  reduction 
processes  represent  the  current  production  processes,  with  the  Kroll  process 
accounting  for  nearly  96Z  of  the  total  capacity. 


Table  I  T1  Sponge  Production  Capacity  and  Processes  Worldwide  (1992) 


Nuaber 

Furnace 

Company /Country 

Production 

Process 

of  Re- 

Productivity 

(tons/year) 

duct ion 
Furnaces 

(tons/year) 

TIMET 

Mg-Leach 

NA 

NA 

OREMET 

Mg-He  Sweep 

10 

680 

U.S.  Total 

19,500 

15,000 

Mg-Vac.  Distil. 

40 

380 

Toho 

10,800 

Mg-Vac.  Distil. 

32 

340 

3,000 

Mg-Vac.  Distil. 

10 

300 

Japan  Total 

28,800 

Deeslde 

5,000 

Na-Leach 

30 

170 

Total 

Free  World 

53,300 

CIS  (USSR) 

(80,000) 

Mg-Vac.  Distil. 

NA 

130  -  350 

China 

(2,700) 

Mg-Vac.  Distil. 

NA 

NA 

Total  World 

(136,000) 

Note:  NA:  Not  available 

The  capacity  Is  based  on  TDA  reference  (3)  partly  ammended  by  recent 
Information. 

The  number  of  reduction  furnaces  end  their  productivity  are  also  shown 
In  Table  I  within  the  scops  of  avallsble  Information.  Among  other  moves  to 
date,  TIMET,  which  uses  the  Kroll  process  and  removes  chlorides  by  leaching, 
has  Introduced  vacuum  distillation  technology  from  Toho  Titanium  and 
commenced  construction  of  s  10,000-con/year  facility.  It  Is  reported  that 
Toho  Titanium  will  enlarge  Its  reduction  and  distillation  furnaces  and 
develop  automation  In  order  to  Increase  productivity. 
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Progress  In  Kroll  Process 


The  productivity  achieved  by  the  main  facilities  at  Osaka  Titanium  over 
the  past  30  years  Is  shown  In  Figure  1.  Chlorinator  productivity  Increased 
12  times  due  to  changing  from  the  fixed  bed  to  the  fluidized  bed  process, 
while  that  of  magnesium  electrolytic  cells  rose  ten  times  through  the  advent 
of  multipolar  cells.  The  Increase  in  productivity,  however,  remains  at  no 
more  than  fourfold  despite  the  process  change  and  enlargement  of  the 
reduction  and  distillation  furnace.  However,  an  Increase  in  productivity 
due  to  enlargement  of  the  batch  size  Is  very  Important  In  terms  of  reducing 
the  cost  of  titanium  sponge.  This  is  still  being  pursued  In  the  US  and 
Japan.  In  this  regard,  credit  must  go  on  OKEMET  who  took  the  Initiative 
back  In  1965.  A  remarkable  reduction  in  electric  power  consumption  through 
the  use  of  multipolar  cells  has  been  attained  In  magnesium  electrolysis 
which  consumes  more  than  70X  of  the  power  required  for  titanium  production. 


a 

•o 

o 


'60'70'80'90  '60'70*80’90  '60'70’80’90 


Chlorinator  Electrolytic  Cell  Reduction  and 

Distil.  Furnace 


Figure  1  Equipment  Productivity  Using  Kroll  Process 


1-3  Radioactivity  Problems  in  Japan 

Beginning  with  Che  detection  of  radioactivity  In  the  waste  from  the 
sulfuric  acid  leaching  of  titanium  ore  at  the  titanium  pigment  producers  In 
July  1990  In  Japan,  the  problem  was  passed  on  to  Che  sponge  producers.  The 
maximum  level  of  radioactivity  detected  in  the  waste  from  the  titanium 
pigment  producers  was  1.8  uGy/hr,  and  that  from  the  sponge  producers  was  0.7 
liGy/hr.  Radioactivity  of  the  waste  was  reduced  Co  below  0.14  pGy/hr  by 
selecting  titanium  ore  and  Improving  process,  and  the  problem  was  solved  In 
June  1991. 


2.  Production  of  Titanium  by  Hew  Processes 

A  number  of  efforts  have  been  made  to  develop  new  processes.  Although 
suiny  reports  (4,  5,  6,  7,  8)  have  appeared  concerning  the  method  of  direct 
electrolysis,  none  has  been  presented  on  Its  practical  utilization  because 
of  potential  difficulties  and  cost.  Since  there  are  certain  research 
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activities  In  this  field,  soae  of  the  new  processes  currently  being  devel¬ 
oped  are  mentioned  below. 

2-1  GTT  Process 


Glnatta  has  developed  the  electrolytic  process  (9.  10,  11),  and  has  set 
up  a  30-ton/year  pilot  plant  where  a  product  containing  0<600,  M<20  and  Al, 
Fe,  Sl<10  In  ppm  Is  obtained  (12).  A  140-ton/year  pilot  plant  went  Into 
operation  In  1989  at  SMI  (10,13). 

2-2  Thermal  Plasma  Process 


The  Colorado  School  of  Mines  researched  disproportionation  of  TII^  by 
means  of  high  temperature  plasma  based  on  the  free  energy  data.  However,  no 
metallic  titanium  was  obtained  due  to  Insufficient  control  of  the  temper¬ 
ature  In  the  plasma  reactor  (14). 

2-3  Vapor  Phase  Reaction  of  TlCln  and  Mg 

A  group  In  Japan  Is  experimenting  vapor  phase  reaction  between  titanium 
tetrachloride  and  magnesium  as  a  part  of  the  Minerva  Project.  The  project 
was  named  after  the  Goddess  of  Wisdom  In  Roman  mythlogy. 

2-4  Reduction  of  Calcium  Fluorotltanate 


Research  Is  being  carried  out  by  the  U.S.  Bureau  of  Mines,  where  tita¬ 
nium  ore  such  as  llmenlte  Is  reacted  with  fluoroslllcate  acid  to  obtain 
TIF..  After  purifying  TIF,,  CaTlF,  Is  precipitated  through  Its  reaction 
with  CaCO.  and  HF.  Metallic  tltanlim  Is  obtained  by  Ca  reduction  of  CaTlF^ 
continuously  fed  Into  the  Induction  slag  furnace  (IS). 

3.  Production  of  High  Purity  Titanium 

3-1  Uses  of  High  Purity  Titanium 

The  tltanltim  target  Is  sputtered  to  form  low  resistivity  gates,  Inter¬ 
connectors  and  diffusion  barrier  In  Sl-LSIs.  Titanium  with  a  minimum  level 
of  Impurities  listed  below  Is  required  In  order  to  obtain  semiconductor 
devices  of  stable  characteristics: 

.  Fe,  Cr,  Al  etc:  Metallic  elements  cause  Junction  leaks  and  lower  the 
high  voltage  barrier. 

.  Na,  K  etc:  Alkaline  metals  are  mobile  and  cause  deterioration  of 

the  Interface  characters. 

.  U,  Th  etc:  a-rsdloactlve  elements  cause  soft  errors. 

3-2  Production  of  High  Purity  Titanium  by  the  Conventional  Process 

High  purity  titanium  of  4N  (four  nine)  grade  Is  being  produced  using 
the  current  Kroll  process.  In  this  process.  Impurities  tend  to  be  positi¬ 
vely  segregated  toward  the  bottom  and  the  sides  of  the  sponge  cake.  There¬ 
fore,  enlarging  the  batch  size  will  reduce  both  their  average  values  and  the 
deviation.  Osaka  Titanium  has  mads  It  possible  to  supply  4N  titanium  with 
Fe<30,  alkallna  metal8<0.1,  U  A  Th<0.001  and  other  netals<10  In  ppm  on  the 
basis  of  a  10-ton  batch  and  the  selection  of  Its  core  with  less  l^urltles 
(16).  Recently,  It  has  becoms  posslbls  to  producs  4N5  titanium  using  the 
Kroll  process  under  strict  quality  control. 
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3-3  Production  of  High  Purity  Tltanlua  by  Soval  Proc«««ee 


Typical  processea  aaployed  and  the  degree  of  purity  obtained  by  each 
producer  are  shovn  In  Table  II.  ALTA  and  Nippon  Mining  electrorefine  crude 
tltaniua  sponge >  while  Osaka  Titanium  uses  the  Iodide  process. 

In  the  case  of  electrorefining  by  Nippon  Mining,  an  electrolytic  bath 
containing  a  mixture  of  Na,  K  and  LI  chlorides  Is  used.  The  cathode  Is 
placed  in  the  center  of  the  cell  vertically,  and  the  anode  Is  In  the  form  of 
a  cylindrical  basket  surrounding  it.  The  titanium  sponge  Is  contained  In 
the  basket  anode.  The  titanium  electrodeposlted  on  the  cathode  is  extracted 
and  leached,  and  subsequently  electron  beam  melted  to  produce  6M  titanium. 
The  concentration  of  metallic  Impurities  Is  Fe<0.05,  Na  A  K<0.02  and  U  & 
Th<0.001  In  ppm  (17,  18,  19). 

Table  II  Processes  and  Purity  of  High  Purity  Titanium  (Example) 


Company 

Process 

Purity 

Oxygen 

(ppm) 

Nitrogen 

(PP«) 

ALTA 

(USA) 

Electrorefining 

4N8  -  5M 

50  -  300 

5-15 

Nippon  Mining 
(Japan) 

Electrorefining 

6N 

120 

NA 

Osaka  (Japan) 

Iodide  Process 

5N 

50  -  80 

10 

Kroll  Process 

4N5 

250 

10 

Note:  NA:  Not  available 

In  the  Iodide  process  used  by  Osaka  Titanium,  crude  titanium  Is  reacted 
with  Til.  vapor  to  form  Til,,  which  Is  then  thermally  deco^>osed  to  deposit 
high  purity  titanium.  High  purity  titanium  with  Fe,  N1  and  Cr<l  In  ppm  can 
be  obtained  by  this  process  (20). 


Melting 

1.  Comparison  of  Melting  Furnaces  and  Their  Capacity 

Consumable  electrode  arc  remelting  (VAR)  accounts  for  more  than  90X  of 
the  titanium  melting  capacity.  Electron  beam  and  plasma  arc  melting  methods 
have  entered  practical  use  and  are  being  widely  used.  Table  III  lists  the 
estimated  melting  capacities  worldwide. 
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Table  III  Melting  Capacity  Worldwide  (1991) 
Estimated  (tons/year) 


Country 

All  Funaces 

Other  than  VAR 

USA 

Japan 

Europe 

75,300 

21,200 

12,800 

[13,600] 

[900] 

[500] 

Total 

Free  World 

109,300 

[15,000] 

CIS 

China 

(55,000) 

(4,000) 

Total 

World 

(168,300) 

The  melting  rate  and  the  power  consumption  reported  on  the  currently 
used  titanium  swlting  furnaces  are  suomariced  in  Figure  2.  The  furnace 
capacity  and  the  kind  of  the  melt  stock  or  the  alloy  results  in  a  vast 
difference  in  Che  data  obtained  for  the  same  type  of  furnace,  however,  a 
general  trend  is  shown. 


Equipment 

kg /hr 

0  1000  2000 

0 

kWh/ kg 

2.0  4.0 

(22,  23,  24) 
Vacuum  Arc 

1 

1'  ’  r 

1 

-  1  1 - ■  'T' 

(21,22,25,26,27) 
Electron  Beam  Cold 
Hearth 

(22,  25,  28,  29) 
Plasma  Cold  Hearth 

■ 

(22,  25,  30) 
Non-Consumable 

■ 

(21,  31) 

Plasma  Arc 

■ 

1 

(21) 

Cold  Crucible 

I 

i  t  1  I.  i 

>  «  ■  ■  _  1 

Figure  2  Comparison  of  the  melting  rats  and  the  electric 
power  consu^>tion  of  various  fumacaa 


The  furnaces  listed  in  Figure  2  have  a  number  of  merits  and  demerits, 
and  the  representative  features  appear  in  Table  IV. 
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Table  IV  Features  of  Titanium  Melting  Furnaces 


Equipment 

Features 

Weak  Point 

Consumable  Arc 
(VAR) 

.  Simple 
.  Economical 

.  Difficult  to  Eliminate 
Inclusions 

Electron  Beam  Cold 
Hearth  (EBCHR) 

.  Elimination  of  Inclusions 
.  Variable  Ingot  Shape 

.  Evaporation  of  A1 

Plasma  Cold  Hearth 
(PCHM) 

.  Elimination  of  Inclusions 
.  Variety  of  Feed  Stocks 

.  Low  Power  Efficiency 

Non-Consumable 
Electrode  (MCE) 

.  Compacting  not  Necessary 
.  Variety  of  Feed  Stocks 

.  Primary  Melting  Only 

Cold  Crucible 
(CCM) 

.  Stirring  Pool 
.  Held  In  superheat 

.  Difficult  to  Make 

Large  Ingots 

2.  Present  Status  of  Melting  Furnaces  of  Different  Types 
2-1  VAR  Furnace 


This  type  still  constitutes  Che  mainstream  for  titanium  melting, 
although  no  remarkahle  progress  has  been  made  in  either  the  equipment  or  the 
melting  technology  since  the  last  conference  was  held  (2).  A  coaxial  type 
electric  power  supply  and  computer-controlled  melting  have  become  coMon 
practice.  It  Is  said  that  melting  furnaces  in  SMI  can  produce  the  world's 
largest  23  ton  ingot. 

Taking  advantage  of  Its  economy  brought  about  by  low  electric  power 
consumption  and  high  melting  cate,  VAR  will  continue  to  play  the  leading 
role  In  melting  materials  of  standard  quality  for  aircraft  engine  parts  and 
Chose  for  non-aircraft  use. 

One  problem  associated  with  the  VAR  process  Is  bursts  caused  by  damage 
Co  Che  mold.  The  Japan  Titanium  Society  holds  a  study  group  for  the  purpose 
of  ensuring  safety  during  melting. 

2-2  Cold  Hearth  Melting  Furnace 

Electron  beam  or  plasma  la  the  source  of  thermal  energy.  It  Is  charac¬ 
terized  hy  Che  local  separahlllty  of  malting,  refining  and  solidification. 
Low-density  Inclusions  (LDIs)  such  as  nitrides  and  oxides,  sad  hlgh-density 
Inclusions  (HDIs)  such  as  high-melting  heavy  metals  are  prevented  from 
entering  Into  Che  ingot  pool  hy  dissolution  or  precipitation  on  the  skull, 
while  the  molten  metal  flows  through  the  cold  hearth  (32,  33,  34,  35).  This 
featura  of  cold  hearth  malting  has  been  noted  lately.  It  will  be  prevailing 
in  the  production  of  premium  quality  parts  for  aircraft  engines  (36,  37). 

(1)  Electron  Beam  Cold  Hearth  Refining  Furnace  (EBCHR) 

Axel  Johnson  used  to  own  a  2,000  Uf  EBCHR  furnace,  and  has  completed  a 
new  one  with  a  power  output  of  3,300  W  (38,  39).  As  a  result.  Its  malting 
capacity  was  Increased  from  2,300  tons/year  to  6,800  tons/year. 
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Most  recent  advances  In  EBCHS  Include  aeasureaent  and  control  of  the 
melting  rate,  measurement  of  temperature  distribution  on  the  melt  surface, 
monitoring  of  the  melt  components  by  means  of  energy  dispersion  X-ray 
analysis,  automation  of  the  hot  top  process,  and  laq>roved  stability  and  re¬ 
producibility  by  means  of  position  determination  with  the  electron  beam 
(28) .  It  is  now  also  possible  to  make  a  hollow  ingot  or  perform  multlstrand 
casting  by  EBCHR  (40) . 

(2)  Plasma  Cold  Hearth  Meltinn  Furnace  (PCHM) 

The  plasma  furnace  features  little  vaporization  loss  of  the  alloying 
elements  compared  with  Che  electron  beam  furnace.  While  Wyman-Gordon  has  a 
2,250  kW  PCHM  furnace  (41),  Teledyne  Allvac  installed  a  750  kW  furnace 
equipped  with  four  plasma  torches  %rtilch  has  been  in  operation  since  1990 
(42). 

Ar  or  He  is  chosen  for  the  torch  gas  in  the  inert  gas  atmosphere  in  the 
plasma  furnace,  and  it  is  now  feasible  to  use  He  for  Che  torch  gas  though  it 
is  expensive,  since  gas  recycling  equipment  was  brought  into  practical  use 
(22).  He  is  more  efficient  Chan  Ar,  hence,  it  is  said  that  twice  the 
melting  rate  can  be  realized  under  normal  melting  conditions  (43) . 


Ocher  novel  technology  includes:  Determination  and  control  of  the 
melting  rate  in  terms  of  the  ingot  withdrawal  and  feeding  rate,  determina¬ 
tion  of  the  melt  surface  te^>eracure  distribution  using  two-color  pyrometrlc 
devices  or  thermal  imaging,  monitoring  of  the  melt  composition  (or 
concentration  of  certain  elements)  by  means  of  emission  spectroscopy,  and 
analysis  and  monitoring  of  Che  off  gas  from  the  melt  surface  using  a  mass 
spectrometer  (28) . 

2-3  Cold  Crucible  Melting  Furnace  (CCM) 

CCM  is  a  process  for  melting  metal  having  a  high  melting  point  in  a 
water-cooled  copper  crucible  Chat  is  split  into  a  number  of  segments  and 
placed  inside  Che  induction  coll  instead  of  a  refractory  crucible.  CCM  is 
in  practical  use  for  casting  small  products  taking  advantage  of  the  feasi¬ 
bility  of  obtaining  cleaner  awtal  compared  with  the  induction  melting 
process  using  a  refractory  crucible,  and  the  melt  can  be  brought  to  an 
appropriate  superheat  in  comparison  with  VAR. 

A  process  of  manufacturing  a  billet  by  directly  withdrawing  Che  ingot 
has  been  developed  (44,  45).  It  was  thought  that  the  diameter  was  limited 
to  between  150  and  200  mm,  and  it  was  not  feasible  to  make  ingots  of  larger 
diameter.  However,  it  is  reported  that  in  the  former  Soviet  Union,  CCM  of 
various  dimensions  ranging  up  Co  1,000  am  in  diameter  and  2,000  wm  in  length 
have  been  completed  and  are  in  use  for  melting,  refining  and  reducing 
titanium  and  ocher  metals  (46).  In  any  case,  since  CCM  is  still  in  Che 
development  stage,  equipment  in  a  hither  degree  of  completion  will  be 
brought  into  practical  use  to  find  applications  for  which  it  is  best  suited. 

3.  Scrap  Recycling 

Titanium  scrap  was  first  recycled  in  the  1950s.  Assisted  by  improve¬ 
ments  in  scrap  treating  technology  and  its  qualification  for  use  in  aircraft 
components,  its  blending  ratio  has  increased  yearly,  reaching  40Z  of  ingot 
material  in  Che  US  recently  (47).  As  for  other  countries  in  1987,  it  was 
35Z  to  40Z  in  Germany,  25Z  to  30Z  in  other  European  countries,  and  about  15Z 
in  Japan  (48) .  The  low  figure  for  Japan  is  attributed  to  the  relative  small 
size  of  the  aircraft  industry. 


Recycling  of  more  scrap  Is  necessary  so  that  titanium  usage  may  be 
extended,  reducing  costs,  absorbing  yearly  Increasing  energy  costs,  and 
further  coping  with  Che  problems  of  environmental  preservation.  Although 
reiBovlng  HDIs  and  IDls  has  become  possible  through  the  use  of  cold  hearth 
swlting,  concerns  over  inclusion  of  foreign  metals  and  composition  (49) 
still  remain.  To  this  end,  a  better  understanding  of  scrap  control  at  the 
source  is  required. 

4.  Casting 

Casting  of  titanium  as  the  near-net-shape  has  been  steadily  Increasing 
in  the  US  from  200  tons  in  1981  to  608  tons  in  1991  (50) .  Application  to 
large,  complicated  shapes  or  to  critical  parts  is  being  extended  supported 
by  large  part  size  capability,  preformed  cores,  HIP,  precision  chemical 
milling  and  other  advanced  technologies  as  well  as  by  strict  quality  and 
process  control  (51). 

Since  the  aircraft  Industry  is  relatively  young  in  Japan,  the  scale  of 
production  is  still  small,  being  limited  to  making  a  small  number  of  struts 
and  flanges  for  V2500  engines.  Other  than  that,  10  to  20  tons/year  of  pumps 
and  valves  for  the  chemical  Industry  are  produced  and  tens  of  thousands  of 
tltanlush-made  golf  club  heads  are  shipped  yearly. 

Conclusion 


An  overview  has  been  presented  on  the  present  situation  regarding 

titanium  and  its  melting  technology.  The  findings  nay  be  summarized  as 

follows: 

1.  The  Kroll  process  is  responsible  for  the  overwhelming  majority  of 
titanium  sponge  production.  While  the  basic  technology  will  remain  as 
it  is,  further  efforts  to  reduce  cost  should  be  made  by  increasing 
productivity,  advancing  automation  and  simplifying  design. 

2.  Development  of  a  number  of  novel  refining  methods  is  progressing.  So 
far,  however,  none  superior  to  conventional  methods  in  terms  of  produc¬ 
tion  cost  or  equipment  productivity  have  appeared.  Thus,  emergence  of  a 
new  refining  process  at  less  cost  is  awaited. 

3.  Titanium  of  up  to  6N  purity  is  now  available,  thanks  to  technological 
developments  in  response  to  demand  for  higher  purity  for  use  as  an 
electronics  material. 

4.  As  for  melting  furnaces,  Che  VAR  furnace  holds  an  ovendtelmlngly  supe¬ 
rior  position  from  the  aspect  of  economy.  Further  efforts  will  be 
needed  to  improve  ingot  cleanness  end  hoTOgeneity,  as  well  as  to  ensure 
operational  safety  to  keep  its  present  superiority  over  other  types  of 
furnaces . 

5.  Use  of  cold  hearth  furnaces  using  electron  beam  or  plasma  as  the  energy 
source  will  grow  for  melting  material  for  use  in  making  premium  quality 
aircraft  engine  parts  in  the  future,  caking  advantage  of  its  ability  to 
remove  HDIs  and  LDIa.  Pursuit  of  better  econosqr,  on  the  other  hand,  is 

necessary. 

6.  The  CCM  furnace  is  still  in  the  development  stage.  However,  melting 
large  diameter  Ingots  will  enter  practical  application  in  the  near 
future,  and  uses  will  be  found  taking  advantage  of  its  features  to  stir 
large  aswunts  of  melt  and  superheat  it. 


(I 


7.  Intensive  scrap  recycling  Is  Indispensable  from  the  stand  point  of 
global  environmental  preservation  and  cost  reduction. 
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MATERIAL  SCIENCE  AND  TI-PROKJJTION  PROM.EMS 


IN  VIEW  OF  NEW  HORIZONS  OF  THE  APPLICATION 


Igor  Gorynin 

The  Central  Research  Institute  of  Structural  Materials  "Prometey" 
Sankt-Petersburg,  Russia,  193167 


Abstract 

The  report  anallses  the  metallurgical  material  science  and  technological 
problems  which  are  solving  in  the  Russian  Federation  and  is  relating  to  the 
ccmversion  of  the  titanium  alloys  application  and  expansion  of  its  applica¬ 
tion  in  the  national  economy  and  domestic  techniques.  The  special  attention 
is  paid  to  the  problems  relating  to  the  reduction  of  prices  of  the  metallur¬ 
gical  production  and  methods  for  the  production  of  different  structures. The 
examples  of  the  effective  application  of  the  titanium  alloys  in  the  ship¬ 
building,  pulp  and  paper  Industry  etnd  the  shape  castings  in  the  municipal 
economy  and  medicine  are  given. 


Introduction 


It  is  possible  to  point  out  the  several  periods  of  titanium  production  with 
respect  ot  application  areas.  The  first  period  -  is  titanium  application  for 
space,  rocket  and  military  equipment.  The  second  period  -  is  when  titanium 
was  partly  applied  (apart  from  apace)  for  priority  trends  of  modem  equip¬ 
ment  where  it  gives  extremely  hl^  technical  and  economical  effect  (civil 
aviation,  chemical  industry,  marine  technique  and  shipbuilding  power  engi¬ 
neering  and  some  other  areas  of  shipbuilding).  And  at  last  titanium  intro¬ 
duction  in  various  industries  up  to  domestic  equipment,  medicine  devices  and 
decoration  things  where  titanium  may  be  very  useful  and  efficient.  The  dia¬ 
gram  (Figure  1)  shows  approximate  consuaption  of  titanium  in  the  USSR  in 
various  fields  and  according  to  periods  given  above. 

Each  period  puts  up  specific  tasks  before  titanium  metallurgy.  It  requires 
material  science  investigations,  special  technological  solutions.  Thus,  the 
first  period  had  priority  trends  to  work  out  perfect  metallurgy  of  titanivnp, 
to  develop  series  of  refractory  alloys  and  to  produce  their  semifinished 
products  in  accordance  with  the  areas  of  application.  The  second  period  was 
distingished  mainly  by  the  development  of  structural  alloys  and  high  corro¬ 
sion-resistant  alloys.  It  required  to  wide  the  scope  of  nomenclature  in  or¬ 
der  to  produce  heavy-sized  sheets  and  plates,  heavy  forgings,  a  wide  range 
of  pipes  and  welding  wires.  That  period  was  characterized  by  the  detailed 
investigations  of  Ti-alloys  serviceability  in  various  external  media  and 
loading  conditions.  The  first  two  periods  of  titaniua  alloys  application 
have  been  fully  presented  at  the  international  seminars  on  titanium  alloys. 
It  seems  that  currently  the  third  period  is  going  on.  It  is  the  development 
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of  titanium  application  for  general  natic»ial  economy,  for  people  everyday 
needs.  It  became  possible  only  after  considerable  relax  of  international 
tension  in  the  world  and  sequently  reduction  in  amament  expences.  In  essen¬ 
ce,  titanium  conversion  pwriod  has  come  while  until  recently  Ti  had  been 
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1  Approximate  shares  of  titanium  consumption 
our  country  in  respect  to  different  areas. 


mostly  applied  for  military  equipment.  The  present  paper  is  devoted  to  the 
third  period  and  correspondently  to  the  problems  the  titanium  industry  is 
facing  with. 

The  following  areas  of  titanium  alloys  application  can  be  regarded  as  the 
new  ones:  oil-production  offshore  drilling  rigs  /I/,  members  of  hyll  equip¬ 
ment  and  propellers  for  civil  and  fishing  vessels  121  (foil  devices  for  sea- 


swift  passenger  ships,  propellers  and  shaft  lines  etc),  for  bleaching  and 
boiling  towers  for  cellulose-paper  industry  (Figure  2),  pumps,  tanks  and 
other  equipment  for  chemical  /3/,  food  and  wine  industries,  everyday  equip¬ 
ment  (plates  and  dishes,  accessories,  decorations),  power  and  finishing 
units  in  civil  engineering  Z')/,  sport  equipment,  public  services  (sanitary 
technique),  Inpantants  and  surgical  instruments  for  medicine,  gEis-cleaning 


Figure  2  Cellulose  bleaching  tower  in  the  process  of  manufacture , 
(on  the  request  of  Ahlstrom  company  /Finland/) 


devices  for  smoke  desulphyrization  in  steam  power  plants  151  etc. 

The  main  problem  of  above  mentioned  areas  of  titaniun  application  is  the 
competitiveness  of  titanium  with  materials  traditionally  applied  in  these 
areas  and  primarily  the  price  of  applied  alloys  and  efficiency  of  products 
fabricatiOTi.  The  latter  needs  special  investigations  and  requires  to  solve 
the  problems  in  metallurgy  and  titaniim  material  science  as  well  as  the 
problems  of  titanium  treatment. 

Metallurgical  tasks 

Mefiufacturing  cost  of  production  may  be  governed  by  the  composition  of 
charge  for  titanium  alloys  melt,  different  technologies  of  ingots  melt  and 
semi-finished  products.  For  this  reas<m  in  the  conditions  of  military  orders 
cOTversion  and  in  the  course  of  transfer  to  national  Industry  production 
one  should  reconsider  the  quality  requirements  and  melting  methods.  One  of 
the  ways  to  reduce  the  titanium  semifinished  products  manufacturing  cost  is 
to  make  good  use  of  the  low  grades  of  sponge  and  metal  wastes  like  scrap 
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and  chip  in  ingots  melting.  Introduction  of  a  large  quantity  of  various  was¬ 
tes  requires  to  use  special  melting  methods  and  corresponding  melting  equip¬ 
ment.  In  the  USSR  in  the  majority  of  cases  the  first  remelt  at  serial  in¬ 
gots  melt  from  sponge  is  accomplished  by  vacuum-arc  melting  of  consumable 
electrode  (with  the  exception  of  shape  castings  manufacture).  In  the  USSR 
the  gamisage  consumble  electrode  melting  (GCE  method)  is  under  development 
at  wastes  remelt.  This  promising  method  allows  to  introduce  a  3  quanti¬ 
ty  of  wastes  at  melting,  but  is  not  widely  applied  in  serial  pri.  iuction  tho- 
u^  it  gives  a  good  quality  of  metal.  It  is  necessary  to  consider  the  eco¬ 
nomical  efficiency  of  other  melting  methods  application  (plasma-arc,  elec¬ 
tron-beam,  induction  melting  etc.)  in  order  to  find  optimum  varients  with 
the  aim  at  considerable  reduction  of  titanium  alloys  ingots  cost  due  to 
wastes  application. 

The  development  and  introduction  of  special  equipment  is  required  as  well 
eis  new  standards  and  requirements  to  metal  quality. 

The  second  important  problt-j  in  metallurgy  is  the  production  of  secondary 
titanium  alloys  (alloys  produced  from  production  scrap).  There  is  a  task  to 
select  the  composition  of  secondary  alloys  and  correspondently  the  develop- 
m  nt  of  several  technically  pure  titanium  grades.  One  must  identify  the  li¬ 
mits  of  alloying  elements  and  Impurities  content  for  one  or  several  alloys 
in  order  to  use  the  whole  range  of  secondary  alloys  to  be  put  into  produc¬ 
tion  taking  into  account  the  quantity  eispect  for  each  alloy.  It  is  necessa¬ 
ry  to  adopt  the  acceptable  limits  of  technological  impurities  content  (main¬ 
ly,  oxygen)  for  every  grade  of  secondary  technically  pure  titanium.  At  pro¬ 
duction  of  secondary  titanium  eilloys  the  problem  of  possible  requirements 
on  mechanical  properties  is  to  be  solved.  Some  grades  of  secondary  titani¬ 
um  may  be  produced  according  to  "customers  request",  for  example,  currently 
titanium  is  widely  used  for  bells  production  (Figure  3),  where  shaped  cas¬ 
tings  with  a  wide  range  of  chemical  composition  are  applied.  The  same  situa¬ 
tion  is  with  domestic  things  of  decoration  and  art  purposes  (statuettes,  de¬ 
corative  patterns  etc.). Shaped  castings  melting  is  very  important  due  to 
universal  method  to  obtain  parts  of  various  configuration. 

In  our  country  the  centrlfu^l  casting  in  metal  and  ceramic  moulds  with  pro¬ 
tective  coatings  is  of  wide  use  as  well  as  investment  ceisting  where  cheap 
castings  may  be  used  for  different  purposes,  in  particular  for  tanks  and 
members  of  pumps  (Figure  4). 

There  is  no  doubt  that  much  attention  is  to  be  given  to  powder  metallurgy 
which  allows  to  produce  pseudoalloys  with  unique  properties  efficiently 
used  in  instrument  making  industry,  friction  joints  etc.  Besides,  there  are 
wide  possibilities  for  titanium  application  for  long-term  filters  of  various 
purposes. /5/. 

Material  science  problems 

The  most  developed  Ti-alloy  produced  on  an  industrial  scale  are  the  heat- 
resistant  (more  accurately,  thermal-resistant)  alloys  applied  for  the  aero¬ 
space  equipment.  In  general  these  alloys  are  alloyed  by  expensive  in  short 
supply  materieils  such  as  vanadium,  molybdenum,  sometimes  by  zirconiun,  nio¬ 
bium  and  tantalum.  These  alloying  elements  not  only  make  the  alloy  noble, 
but  make  them  more  expensive.  Because  of  this  the  commercially  pure  titan- 
nium  is  more  technological  for  wide  and  various  application.  Some  grades  of 
the  commercially  pure  titanium  of  a  different  strength  level  as  a  function 
of  a  procedure  impurity  contents  (oxygen,  nitrogen,  carbon,  iron)  are  requ¬ 
ired  to  provide  its  wider  application  for  the  domestic  equipment.  It  is  ne¬ 
cessary  to  expand  activities  aiminig  the  development  of  ec<»iomioally  al¬ 
loyed  titanium  alloy  of  the  widest  application  meeting  the  high  requirements 
of  the  safety  and  the  procedure  in  metallurgical  and  job  production.  The 
best  properties  can  be  provided  by  the  multicomponent  alloying,  not  by  high 
content  of  alloying  elements.  To  provide  good  procedure  the  strentth  requi- 
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b)  Eiidodentures  elements  for  surgery. 


Applied  alloy  TL5  (Ti  4A1  2V) 
Technical  characteristics; 

>  588  MPa  ;  b  >  ^37  MPa 
S  >  8  %  ;  KCV  >  392  kj/m® 


Figure  4  Titaniian  shaped  castings. 


rement  can't  exceed  550-600  MPa.  In  view  of  the  fact  that  the  application  of 
the  titanium  in  consultation  fields  is  based  on  the  high  corrosion  resistance 
and  the  satisfactory  biological  compatibility  the  corrosion  resistance  and 
the  corrosion  cracking  resistance  of  a  new  unified  alloy  is  to  be  studied. 
The  performance  and  the  safety  of  the  secondary  alloys  for  the  critical  pro¬ 
ducts  (turbines,  inner  combustion  engines)  is  to  be  thoroughly  investigated 
as  the  increased  contents  of  impurities  can  result  in  appreciable  reduction 
of  structural  strength  parameters  of  metals  (fatigue  resistance,  crack  re¬ 
sistance,  corrosion  cracking  resistance  etc)/6/.  During  further  Ti  investi¬ 
gations  the  surface  properties  of  the  titanium  decorative  coating  or  chemi¬ 
cal  heat  treatment,  especially,  to  obtain  the  desired  surface  properties  is 
also  to  be  paid  an  Imnense  attention.  Among  the  new  methods  of  the  decora¬ 
tive  coating  application  the  microarc  oxidation  resulting  in  the  uniform 
stable  colour  of  the  surface:  from  white  to  black  is  of  note.  The  methods 
of  the  stable  colouring  and  its  natural  wear  resistance  is  to  be  studied. 

The  possibility  of  the  titanium  decorative  colouring  by  defferent  types  of 
the  gas  thermal  coating  has  been  studied  in  a  limited  extent  (only  the  deco¬ 
rative  plasma  spraying  by  the  titanium  nitrides  and  blackening  have  been  in¬ 
vestigated).  So^  obscure  phenomena  can  be  observed  when  the  titnaium  is  ap¬ 
plied  for  the  utensiles  and  the  table  covers  (blackening  by  spoons  and  kniv¬ 
es  on  china,  tameshing  of  dishes  and  plates  etc.).  The  investigation  of 
these  phenomena  must  result  in  precision  of  efficiency  of  the  titanium  ap¬ 
plication  in  this  field. 

Procedure  problems 

The  wide  application  c:  the  titanium  in  many  new  fields  is  related  to  the 
various  methods  of  welding  and  brazing.  First  of  all  it  relates  to  the 
large  structures:  celulose  bleaching  colunns,  the  foil  devices  for  the  ships 
(Figure  5)  ship  machinebuilding  etc.  where  automatization  of  the  welding, 
multilayer  welding,  precision  welding  of  small  thickness  of  fine  parts  (if 
apparatus,  utensiles,  adornment  are  in  mind)  are  required.  The  titanium  can 
be  welded  by  different  methods.  The  selection  of  a  welding  method  can  be 
argued  by  economical  reasons  and  technical  feasability  of  the  particular 
structure  and  features  of  the  welded  joints  itself.  The  most  applicable  pro¬ 
cess  is  an  eurgon  arc  welding  and  its  modificaticsis.  The  application  of  the 
high  concentrated  heat  sources  allows  to  weld  the  titnaivm  alloys  of  a 
large  thickness  range  and  to  obtain  the  relatively  low  residual  stresses 
and  small  buckling  of  the  structures.  Sometimes  it  allows  to  give  up  the 
following  heat  treatment  as  undesired.  Among  the  welding  methods, in  spite  of 
the  expensive  equipment,  the  iDOst  reasonable  are  electron  beam  welding  and 
laser  welding.  The  former  is  widely  used  for  the  military  equipment  and  the 
laser  welding  is  applied  for  the  precision  welding  of  domestic  structures 
and  Jewelry  when  the  powerful  energy  sources  are  not  required. 

The  simple  welding  methods:  contact  welding  (point  and  seam  welding  inclu¬ 
ding),  the  diffusion  welding  and  the  friction  welding  were  hardly  used.  The 
ample  application  of  the  tltanlun  for  a  domestic  use  can  undoubtely  evaluate 
the  efficiency  of  these  welding  methods. 

Along  with  welding  the  brazing  can  provide  either  similar  Joints  where  wel¬ 
ding  is  not  reasonable  or  dissimilar  Joints  of  the  titaniun  axl  other  metals 
(steels,  copper,  aluminium  alloys).  The  available  solders  for  brazing  the 
titanium  are  characterized  by  high  procedure  parameters  as  compared  to  ge¬ 
nerally  used  silver  solders  and  are  less  expensive  (the  cost  of  the  solders 
amounts  about  70-60%  of  the  titanium  cost).  The  surface  chemico-thenaal 
treatment  of  the  titanium  alloys,  the  gas  thermal  coating  of  the  surface 
and  different  local  deposits  allow  to  manufacture  friction  units  and  seals 
of  the  required  woricing  capacity  (tube  fittings  and  systems,  for  example). 
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THE  FOIL  DEVICES  OF  SEA  -  SHIFT  HALEDC  S  TA” 

PROOOCED  OP  PT3V  THE  TTrANIDH  ALLOY 

THE  TECHNICAL  DATA  OF  PT3V  ALLOY: 

The  yield  strength,  MPa . 

The  tensile  strength, MPa . 

The  endurance  limit  in  sea  water  - 


The  ships  with  foil  devices  of  the  titanium  alloys  are  navigating  on  all 
latitude  of  the  World  Ocean. 

The  foil  devices  of  the  PT3V  titanium  alloy  are  characterized  by  unlimited 
actual  service  life,  can  withstand  the  load  twice  as  high  as  the  foils  of 
the  austenitic  steels. 

Figure  5  Titanium  foil  devices  for  the  sea  swift  pleasure  ship  "Cooeta 


585  not  less 
680  not  more 
0,4  -  0,56b 


(made  by  "Prcmetey") 


Issue  of  the  standard  guide  documentation 

When  the  titanium  alloys  were  used  for  the  aerospace  amd  other  type  of  mili¬ 
tary  equipment  some  procedure  developments  and  standards  were  made.  However, 
in  many  cases  the  docunientation  is  of  special  nature  and  is  not  always  avai¬ 
lable  for  a  wide  range  of  the  scientists,  technologists  and  designers.  It  is 
necessary  to  extend  the  documentation  relating  to  the  delivery  of  the  tita¬ 
nium  semiproducts,  all  the  feasability  of  the  material  production  including, 
in  accordance  with  the  simplified  requirements  concerning  with  dimensions  of 
the  product  up  to  pieces  and  standard  scrap,  which  must  result  in  the  reduc¬ 
tion  of  their  cost.  It  implies  a  considerable  increase  of  finished  product 
yield  emd  of  efficiency  of  the  titanium  application. 

The  appropriate  technical  documentatlcxi  of  non-confedentiai  type  must  repre¬ 
sent  the  newest  achievements  in  the  procedure  of  production  of  different  se¬ 
mi-products  expanding  their  range  (for  tubes,  bands  and  foils,  especially). 
The  retreatment  and  conversion  of  the  technical  docuaentation  is  very  impor¬ 
tant  as  it  makes  easier  to  develop  scillful  production  of  the  titaniun 
goods  of  people  consumption  for  a  wide  range  of  the  manufactures,  small  en- 
terprizes  including.  Of  note  is  the  specificity  of  the  procedure  properties 
of  the  titanium  alloys  relating  to  the  heating  and  welding,  especially. 

It  is  undenyable  that  the  expansion  of  the  scientific  and  popular  publica¬ 
tions  and  the  technical  literature  edition  are  required  and  not  only  in  the 
aerospace  field.  The  leading  research  and  development  institutes  and  orga¬ 
nizations  of  the  USSR  are  ready  to  resolve  the  discussed  problems  with  a 
large  scale  cooperation  with  foreign  countries. 
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MICROSTRUCTURE  -  PROPERTY  RELATIONSHIPS  IN  TITANIUM  ALLOYS 

(CRITICAL  REVIEW) 

RJL  Boyerl  and  JA.  Hall^ 


1  Boeing  Comineidal  Airplane  Gnnp 

Seatde.WA  98124  USA 

2  Allied-Signal  Aoospaoe  Company 
Phoenix,  AZ  83010-5217  USA 


Abatract 

Considering,  primary,  the  engineeiing  [sopeities  of  commocially  available  Titanium  alloys,  the 
critical  issues  assocuttiitg  these  prtyeities  with  the  alloy  rnictDStnicmte  are  reviewed.  Intetpieaiioo 

nf  >ti(»  mirmm>irh«m«in«  maVif  atitl  tn  tli>!  fiMlitrBS  wtiieh  dnmiii«tn  «  hriiavinr 

and  which  might  be  the  focus  of  process  control  Selected  examples  from  each  of  the  a,  near  a, 
aJi  and  metastaUe  B  alloy  classes  are  made  to  illnstrate  the  current  state  of  understanding  of  how 
and  why  microsttuctuie  influences  engineering  properties. 

latrodactkm 

This  review  summarizes  the  important  findiiw  with  respect  to  the  coiielatioa  effects  of 
microsuiictnre  on  key  properties  of  Utaninm  doys  published  since  die  6di  World  Conference, 
held  in  Cannes,  Prance,  in  1988.  In  order  to  be  oooclie,  discussion  is  restricted  to  conventional 
Titanium  alloys  used  for  aerospace  appGcttkm  The  properties  consideied  include  tensile  strength, 
creep,  fatigue  and  fracture  lelased  properties.  Kficrostnicmie  variaUes  inclnde  the  size,  mondiolQgy 
and  distribution  of  various  phases,  texture,  and  chemistry.  The  reader  is  encouraged  to  obtain 
greater  detail  from  the  references. 


Strengffi,  DactOify  and  Tou^assa  tff  MetaataUc  Bata  Alloys 
MetastaUe  beta  alloys  have  been  studied  ratter  extenaively  in  recent  years  because  of  their  high 
strength  and  relative  ease  fabrication.  Hie  most  common  microstmcmral  features  sladied  have 
been  B  grain  s^  grain  boundary  a  and  the  size  and  distribution  of  any  primaiy  and  aged  a 
renhing  from  tbennomectiaoical  treabnents. 


finin  Bflundgn  gnJ  finiii  Ste  BITirti 


Studying  Tl-lSV-3Cr-3Sn-3Al  (11-13-3)  aUoy  with  33  and  120  micron  grain  stes,  Bredaner  and 
Rosen  (1)  found  that  the  solution  treated  versm  of  dm  aBt^  abowed  the  classical  grain  sfam  effea 
on  strengthening.  However,  after  giving  the  material  a  cominoo  age,  the  larger  grained  material 
was  stronger  and  had  a  higher  fracture  tmuhness,  Rgure  1.  Concomitant  win  the  inmroved 
fracture  toughness,  the  larger  grained  maierid  exUbtlea  lower  ttictiBty.  They  oonclnded  mat  the 
HaU-Petch  streagtheiting  effect  was  countered  by  the  diange  in  a  phase  nudeation  and  growth 
products,  particumy  at  grain  boundaries.  They  eoimideied  the  ovetau  MieiMh  to  be  a  combmttioo 
of:  (1)  I^-Petch  atreagthettbj,  which  accouMS  for  the  strengtt  of  the  aontfon  treated  nudetial 
and  (2)  the  contribution  oftheg^  interior,  attibuttd  to  apeednitation.  This  contributioo  can  be 
calculated  using  a  modified  Oiowan  equatiob  Uafaig  the  a  neediNtaie  tbe  meaaored  in  thdr  study 
and  the  strenj^  observed,  the  IntenMutidespadng  wan  back  catailaied  and  wtt  in  leasontiMe 
agreement  with  tiieir  observations.  The  greater  grua  boundary  area  in  the  email  grain  material 
provided  mote  nudeation  sitea  for  the  formadon  of  a  larger  amount  of  coarae,  grain  boundmy  a. 
which  does  not  contribute  to  strengthening.  The  Uper  volnaae  fraction  of  a  at  the  grain 
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boundaries  in  the  smaller  grain  material  reduces  the  potential  amount  of  secondary  a  which  can 
form  within  the  grains  upon  aging,  particulariy  in  the  near  grain  boundary  area  due  to  partitioning 
of  B  stabilisers  into  this  region.  This  explains  ^  lower  sirengdi  for  the  fine  grained  material 

According  to  (1),  grain  boundary  a  participates  in  the  toughening  mechanisms  of  aged 
microstructures  in  different  ways,  depending  on  the  strength  of  the  surrounding  matrix  and  the 
grain  boundary  a  thickness.  Due  to  the  presence  of  relatively  soft  a  phase,  cracks  tend  to  find 
grain  boundaries  to  be  the  path  of  least  resistance.  The  crack  tip  plastic  zone  is  restricted  to  this 
grain  boundary  region  when  die  matrix  is  significantly  harder,  as  in  the  case  of  aged  small  grain 
material,  resulting  in  predominantly  intergranular  fracture.  Thus,  lower  energy  is  consumed 
propagating  the  crack  than  when  the  matrix  strength  adjacent  to  die  grain  boundaries  is  closer  to 
that  of  the  grain  boundary  a.  In  this  case  the  plas&  zone  occupies  a  greater  volume,  i.e.,  extmids 
into  the  matrix,  and  a  greater  amount  of  trarisgranolar  fracture  occurs  because  there  is  less  of  a 
barrier  for  cracks  to  leave  the  grain  boundary  zone. 


Figure  1.  Variation  of  Fracture  Toughneea  Kq<  With  Yhdd  Streagtti 
for  AH  Large  Grata  Size  and  SaaaU  Gnun  Size  ot  Aged 
Ti-15V-3Cr-3Al-3Sn  Spedmenz  (After  Ref.  1) 

We  feel  drat  the  above  radonale  is  not  totally  self-consistenL  Their  explanation  for  the  toughness 
behavior  has  overlmked  some  factors:  (1)  ttey  state  that  the  hardness  differential  between  die 
matrix  and  grain  boundaries  most  be  gre^  in  fine  g^  material;  yet,  their  data  showed  that  the 
large  grain  material  bad  the  higher  strength,  and  the  Inkiest  inttagranular  micro-hardness,  and  (2) 
ak)^  the  same  line,  it  is  inferred  that  the  density  of  a  precipitates  most  be  greater  in  the  region  d 
the  gr^  boondaiies  in  the  small  grained  materiaL  However,  earlier  in  the  paper  they  stated  that 
eatW  grain  boondaty  a  fmnatkn  in  die  small  grained  material  wQold  cause  die  atyacent  material  to 
be  tM  least  frvonble  sites  for  initiaticn,  which  would  imply  the  opposite  coochis^ 

The  fracture  behavior,  more  intergranultf  for  fine  grained  material  and  trantgtanolar  for  the  larger 
gndned  must  be  influent  by  the  above  factors.  However,  it  is  difBcolt  to  provide  one 

microstructural  model  which  provides  all  the  correct  correlations.  Fnrtbename,  another 
oontribotion  to  die  observed  fracture  bdiaviar  could  be  a ’geometry”  tactor.  As  flhmaRd  in  Hgom 
2,  die  cradc  can  follow  the  grain  boondaries  in  smaller  gnined  material  without  deviating  grmdly 
from  a  iilane  normal  to  the  tensile  axis.  Cradc  deviadoasteqdred  to  frdlow  die  grain  boondaiies 
would  be  more  difficult  to  achieve  in  the  larger  grained  matetiaL  In  any  case  die  void  nocleadon 
step  remains  assodaled  with  the  grain  boond^  a. 

The  results  of  Parris  and  Bania  (2)  on  Beta-21S  (Ti-lSMo-2.7Nb-3Al-0.2Si),  Table  I,  clearly 
demonstrate  the  effect  on  ductility  of  the  strength  differential  between  the  a  and  8  phases.  When 
tested  at  two  strength  levels,  with  a  constant  ^in  si»,  a  much  more  devastathm  effect  of  gndn 
boundary  a  was  found  tf  the  material  was  aged  to  hitler  strengths.  Bella,  et  aL  (3)  iqwrt  data  on 
Ti-3Al-«V-dCr-4Mo-4Zr  Cn-3-8-6-4-4  or  that  can  be  rationalized  hi  the  same  manner.  Boyer 

et  al.  (4)  also  found  that  thidDer  grain  boundary  ainTi-15-3  castings  resulted  in  reduced  docdHiy. 


71 


Figure  2.  Sdiematic  Olustratioii  of  Whj  It  Is  Geometrically  Easier  for 
iDteigranolar  Crack  PropMatioo  to  Occur  la  (A)  Small  Grained 
Material  Than  It  Is  ui  (B)  Larger  Grained  Material 

The  influence  of  the  strength  di^renlisl.  between  the  intngianular  a  phase  and  aged  B  matiix  on 
flacture  behavior,  was  studied  by  Margolin  and  Pak  (S)  in  H-lOV-lFe-SAl  (Ti-10-2-3)  with  two 
microstructures  and  at  two  strength  levels.  They  found  that  as  the  difference  in  the  hardness 
between  the  two  {biases  inciensed  void  formation  at  the  beginning  of  tensile  failure  occurred  more 
readily.  Conversely,  as  the  strengdi  of  the  a  and  S  phases  become  more  neafly  equal,  the  a  phase 
offers  little  resistance  to  propagation  of  slip  in  the  B  phase.  In  this  case,  a  phase  spacing  has  no 
important  infliiewM  on  ducwty  and  void  nucleation  becomes  more  difficult  Because  of  the 
importance  of  grain  Iwundary  a  in  determining  the  fracture  and  ductility  properties  of  B  alloys, 
considerable  work  has  been  done  to  control  tius  microstmctntal  feature  (6-10). 


Table  L  Tensile  Properties  of  Beta-21S  at  Two  Strength  Levels,  Befrue  and  After  Thermal 
Exposure  at  393°  C  (After  Ref.  2) 


ConditioD 

Exposure  Time 

UTS 

TVS 

Elongation 

hours 

MPa 

MPa 

% 

Low  Strength 

0 

908 

836 

16.5 

960 

924 

877 

12.0 

2000 

951 

855 

6.0 

High  Strength 

0 

1186 

1096 

10.0 

1500 

1007 

951 

1.0 

3500 

• 

945 

0 

*  Hie  specimen  failed  just  beyond  yield  witii  no  ductiliqr 


ThenuomcchMilcal  Trentments 

The  classical  low  plus  high  temperature  two-step  aging  process  ^pically  is  used  to  produce 
uniformly  dimmd  intra^anular  a  piecipitation  fmr  maximum  stren^  and  ductility.  Using  this 
approach  on  11-3-8-6-4-4  Gregory  ami  Warner  (11)  reponed  a  direct  cotrelatitm  between  ductili^ 
and  toughn^  (Figure  3).  In  this  case  vanations  were  intrinsic,  not  dependent  upon  a  crack  tip 
deflation  mechimism.  These  results  are  counter  to  the  usual  inverse  relationship  between 
tnii£tm<»««  and  ductility  in  Htanium  alloys  as  exemplified  by  the  worit  of  Boyer  and  Kimlman  (12). 
In  m^  wmk  on  Ti-10-2-3  primary  a  m<»phology  was  an  imponant  variable  which  influenced 
crack  tip  ddOection  and  the  resultant  extrinsic  influence  on  toughness.  This  clearly  illustrates  the 
need  to  consider  both  intrinsic  and  extrinsic  effects  on  fracture  toughness.  Gregory  and  Wagner 
showed  improvements  in  bodi  toughness  and  ductility  at  a  given  stn^lfa  level  using  a  double-age 
as  opposed  to  a  single-siep  age. 

In  contrast  to  approaches  using  low  temperature  initial  aging  to  provide  nucleation  sites,  Niwa  et 
al.  (9).  suppo^  by  Ito  (13).  demonstrated  improvements  m  ductility  of  Ti-lS-3  by  first 
pfenning  a  h^  tmnperatiire  age  on  heavily  defmmed  material  to  afifect  a  state  of  parti^  recovery 
and  then  using  the  resultant  diuocation  netwmk  as  nucleation  sites  for  further  a  precipitation  to 
strengths  ttie  matrix.  Figure  4  shows  Niwa's  results,  indicating  improved  ductility  over  a  range  of 
nrrwigth  levels,  by  Mgh.  then  low  temperature  aging  of  inrtially  cold  worked  material,  as  compued 
to  single  step  aging. 
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Figure  3  (Left).  Rdationsliip  Bctwcea  Fracture  Toughum  (K|c)  and  Doctflity 
as  Assessed  By  Reduction  of  Area  of  8>C  (After  Ref.  11) 

Figure  4  (Rif^t).  Variation  of  the  Reiationdilp  In  Ti-15V-3Cr*3Al-3Sn  Between 
mduction  of  Area  (RA)  and  Ultimate  Tensile  Strengtti  With  Aging  Condittons 
(CWA:  Ag^  Between  9n  and  After  Cold  Swaging.  C^DA:  Re-aged 

at  fiyK  After  CWA).  The  Straight  Line  Indicates  die  Rdationdiip 
Between  Reduction  of  Area  and  Ulthnate  Tensile  Strength 
Obtained  By  Aging  After  Solution  Treatment  (After  Ref.  9) 
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•  O  Ti-10V-2Fe^  mo  Ti-10V-2Fe4Zr4AI 


1000  «oo  im 

Tensas  StrsngMi,  MPa 


Figure  5.  Rdadmishlp  Between  DnctiUty  (RA)  and  Yield  Streudi  (YS)  for 
Various  B  Alleys.  0^  Clrdcs  Indicate  Sam^  Aged  From  12i  to  923”K 
and  Closed  Circles  Indicate  Saondcs  Aged  From  573  to  673”K 
and  YS  for  Varions  BADoys  (Afto’  Ref.  14) 

In  the  latter  case  of  double  aging  to  attain  optimom  combinations  of  ductility  and  toughness,  the 
material  must  start  with  heavily  cold  wotfced  microstmctuies,  which  are  easily  accom|dished  for 
sheet  products  but  heavier  articles  such  as  plate  and  forgings  efo  significant  challenges.  The  work 
of  Gregory  and  Wagner  (11)  showed  advanuges  for  low-high  duftlex  aging  treatments  in  B-C 
which  represents  a  greater  oppordmity  for  heavier  section  sizes.  Unfortunately,  it  too  has 
drawbacks.  Following  B  recrystallization,  the  cooling  rate  must  be  sufficiently  rapid  to  avoid 
fonnation  of  significant  grain  boundary  a .  This  critical  cooling  rate  is  a  section  size  issue  as  well 
as  an  alloy  statwty  issue. 


Typically,  for  Titanium  alloys,  as  strength  is  increased,  ductility  decreases  as  long  as  other 
variables  are  held  constant  ffiwa  et  al.(9)  show  this  in  Hgnre  4  for  Ti-lS-3  and  demonstrated 
ways  to  enhance  the  relationship  by  thermomechanical  working.  Kawabe  and  Muneki  (14), 
working  with  a  number  of  metastaUe  B  alloys,  show  that  there  is  both  a  grain  size  effect  and  an 
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intragnnular  aging  precipitate  effect  on  the  strength-ductility  relationship.  Hgure  S  summarizes  this 
work  where  the  up^r  bound  of  the  plot  is  fanned  by  data  from  fine  grain  material  and  the  lower 
bound  is  from  large  grain  material.  Data  points  undv  the  lower  boundary  (Figure  S)  come  from 
large  grain  material  aged  to  form  very  fine  precipitates  of  a  or  m.  The  authors  contend  that  the 
upper  bound  could  be  extended,  as  indicated  by  the  dashed  line,  if  the  fi  grain  size  were  made  even 
flner.  This  offers  a  large  potential  advantage  with  microstnictural  refinemenL  They  proposed  a 
model  which  contends  that  as  the  grain  size  is  reduced,  the  mode  of  tensile  failure  tends  to  b^me 
transgranular.  Conversely,  as  the  grain  size  is  increased,  lower  energy  intergranular  failure 
becomes  dominant  Ihis  logic  is  in  conflict  with  Breslauer  and  Rosen  (1),  who  showed  that  flner 
grain  sizes  result  in  a  greater  propensity  for  intergranular  fracture.  The  differences  between  tlx»e 
two  sets  of  observations  may  be  related  to  the  means  used  for  obtaining  the  grain  size  variation. 
The  latter  (1)  achieved  grain  size  differences  by  different  anneals  or  solution  treatments,  which 
impart  grain  growth.  Tlie  former  (14)  modified  g^  size  using  different  theimomechaniad 
treatments  to  reduce  the  grain  size.  Precipitation  kinetics,  affected  by  obvious  factors  such  as 
differences  in  dislocation  substruchires,  will  be  quite  different  between  these  two  techniques.  More 
subtle  differences  such  as  grain  boundary  impuri^  distribution,  which  could  be  important  in 
determining  the  nature  of  the  grain  boundary  precipitates,  could  also  differ  between  these  two 
methods,  which  could  affect  the  properties.  The  (tegree  and  sense  of  the  grain  size  effect  on 
properties  appears  to  be  highly  dependent  uprm  aging  conditions,  the  presence  of  grain  boundary  a 
and  perhaps  on  other  features  derived  from  the  specif  thermomechanical  processing  applied. 

Strength,  Ductility  and  Toughness  of  Alpha-Beta  Alloys 

Microstructural  control  of  a/B  alloys  has  been  practiced  for  many  years  and  proceedings  of  the 
previous  six  International  Titanium  Conferences  contain  many  exemplary  reporu  on  these 
activities.  A  recent  review  by  Kuhlman  (13)  provides  an  excellent  compilation  of  the  effects  of 
microstructure  on  strength,  ductility  and  toughness  of  o/B  and  fi  alloys,  emphasizing  effects  of 
uniform  microstructutes.  More  recent  work  by  Combres  and  Champin  06)  has  simwn  benefits  by 
the  use  of  an  inhomogeneous  microstructure.  By  introducing  a  "necklace*  (Figure  6) 
microstructure  in  lieu  of  monolithic  a  at  prior  fi  grain  boundaries,  thie  authors  report  increases  in 
strength  and  possibly  ductility  while  maintaining  the  same  toughness.  Results  for  Corona  5  (Ti- 
4.SAI-SMo-l.SCr),  and  a  new  age  hardenable  alloy,  B^^EZ  (Ti-SAl-2Sn-4Zr-4Mo-2Cr-lFe),  are 
shown  in  Table  11.  This  necklace  structure  is  accomplished  by  three  steps:  1)  refine  fi  grain  size  in 
the  usual  way  by  recrystallizing  a  highly  woiked  structure,  2)  induce  nucleation  of  a,  and  3) 
deform  and  break  up  the  a  phase  as  it  precipitate  at  the  B  grain  boundaries. 

Nagai  et  ai.(17)  studied  composition  effects  on  cryogenic  and  room  temperature  propertie  of  Ti- 
6A1-4V  forgings  and  rolled  plate.  Their  findings  lead  to  the  conclusion  that  oxygen,  at  very  low 
levels,  down  to  0.054%  oxygen,  provides  the  alloy  with  reasonable  ductility  at  temperatures  as 
low  as  4'K,  while  maintaining  high  fracture  toughn^.  Higher  temperature  tests  show  little  effect 
of  oxygen  on  toughness  at  levels  up  to  0.133%  oxygen  (Figure  7). 
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Figure  6  (Lett).  B-CEZ  Microstmetore  ExMbitiiig  ■  Fine  a  Phase 
Necklace  at  the  Prior  B  Grains  Boundaries  (After  Ref  16) 

Figure  7  (Ri^t).  Temperature  and  Oxygen  Content  Dependence  e€  Fracture 
Toughness  Kic(J)  of  TI-6AI-4V  (After  Ref.  17) 


Table  n.  Advantage  for  B-CEZ  and  Corona  5,  of  the  Necklace  Miciostiuctuie  (After  Ref.  16) 


Alloy 

Processing 

0.2%  YS 
MPa 

UTS 

MPa 

Elongation 

% 

Klc, 

MPa  vm 

SCEZ 

Conventional 

nil 

1215 

8.4 

74 

Necklace  Micro 

1287 

1346 

10 

73 

Coronas 

C^onvendonal 

761 

854 

19.5 

145 

Necklace  Micro 

860 

935 

20 

144 

Tensile  and  Creep  Properties  of  Near  Alpha  Alloys 
Strength  and  Dnctilltv 

In  a  recent  series  of  iM^rs,  (18-20)  Sridhar  and  Sarma  woiited  with  IMI 829  (Ti-6.1Al-3.2&- 
3.3Sn-lNb-0.5Mo-0.32Si)  to  identify  the  mechanisms  for  reduced  ductility  occurring  with  certain 
heat  treatments.  All  of  their  work  featured  6  heat  treated  microstmctures  cooled  at  various  rates, 
followed  by  aging  for  24  hours  at  temperatures  between  625  and  9S9*C.  They  found  that  aging  of 
mcxe  rapidly  quenched  structures  produced  a  dramatic  reduction  in  room  temperature  ductility;  the 
debit  diminishes  with  reduction  in  the  severity  of  quenching  and/or  an  increase  in  aging 
temperature.  Aldiough  this  reduced  ductility  is  accompanied  by  hi^er  strength,  Ok  auAors 
attribute  the  lower  chictility  to  the  precipitation  of  silicides  which,  in  turn,  foster  planar  slip 
concentrations,  resulting  in  faceted  brittle  fracture.  They  imply  that  the  presence  of  B  phase,  with 
which  the  silicides  are  associated,  reduces  the  detrimental  effect  of  the  planar  slip  on  the  resultant 
ductility.  Photomicrographs  reveal  coarser  silicides  occurring  concomitantly  wiA  growth  of  the  £ 
phase,  both  of  which  ate  associated  widi  ductility  increases. 

Table  III  comes  from  their  work  (19),  and  shows  the  influence  of  the  silicide  size  on  properties.  It 
is  not  clear  how  the  audiors  rationaliK  the  effects  of  silicide  size  on  ductility  without  making  some 
attempt  to  explain  the  indepmdent  effects  of  yield  strength  (aged  a  or  a*),  the  presence  of  some  B 
phase  and  the  size  of  the  silicide  precipitates. 


Table  IIL  Age  Temperature  Effects  on  Room  Temperature  Ductility  In  Beta 
Heat  Treated  and  Water  (Quenched  IMI  829.  (After  Ref.  19) 


24  Hr  Age 

0.2%  YS 

Temp,  'C 

MPa 

25 

886 

625 

1005 

700 

973 

800 

950 

950 

903 

RA 

Silicide  Size 

% 

(microns)* 

19 

None 

1 

0.02  X  .2 

1 

0.02  X  .2 

3 

0.3  X  0.3 

5 

0.7  X  0.7 

The  silicides  ate  lenticular 
in  shape  after  the  62S  and 
die  Tfx)^  age  buteDipsodal 
after  higher  age  temperatures. 


Summarizing  these  results  in  Table  IV.  the  authors  repotted  that  silicides  provide  void  initialion 
sites  at  aVa'  boundaries  and  o/B  boundaries  and  they  are  most  detrimental  in  the  absence  of  B 
phase.  The  presence  of  B  phase  somehow  makes  mkrovoid  fotmation/coalescence  more  diBBcuh. 


Table  IV  Microstructutal  Interaction  With  Fracture  In  Aged  IMI  829  Different  Cooling 
Rates  -  Summary  of  Ref.  18-20 

Treatment  Fracture  Site/Otigin  Observations 


WQ+Age  Brittle  fracture  on  a'/a' interfaces  with  very  fine  silicide  precipitates 
OQ+A^  Brittle  fracture  on  prior  8  grain  boundaries  associated  with  silicides 
as  void  nucleatkm  sites. 

AC + Age  o/B  boundaries  and  prior  8  grain  boundaries,  with  classical  void 
formation. 

FC  -f  Age  Mostly  dimpled,  transgtarmlar  fracture 


WQ  s  water  quench,  OQ  >  oil  quench,  AC  =  air  cool,  PC  =  furnace  cool 

We  would  suggest  that  the  improvement  in  ductfiity  is  probably  mote  related  to  the  presence  of  the 
B  associated  the  silicides  than  with  die  size  of  the  silicides.  The  ductile  B  associated  widi  the 
silicides  would  result  in  providing  more  strain  accommodatioo  between  the  matrix  and  die  silicide, 
which  would  improve  the  ductility. 
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Hlfh  Tempera tnre  Fropgrtics.  a  and  n  J  Altovs 

Onodera  et  al.  (21)  have  studied  the  thermodynamics  of  the  foimadon  of  ordered  02  in  the  Ti-Al- 
Sn-Zr  system  and  found  that  the  creep  propc^es  seem  to  correlate  very  well  with  the  calculated 
volume  firaction  of  02  in  the  alpha  phase  of  this  alloy  system  (Hgute  8).  B  grain  size  and 
solid  solution  strengthening  play  a  lesser  role,  at  least  at  550°  and  600°C.  Room  temperature 
ductility  appeared  to  be  dramatically  affected  by  the  Va2,  with  a  drastic  drop  occuning  wm  Voj 
exceeds  atout  0.1%  for  the  furnace  cooled  samples.  For  more  rapidly  quenched  and  unexposed  or 
unaged  material,  the  authors'  data  suggest  diat  lu^r  Vfi2's  could  be  tolerated. 


Fignrc  8  (Lett).  Correlatioiis  Between  Larson'MIUer  Parameter  (LMP)  for  Time 
(Hour)  to  0.2%  Cre«p  Strain  and  the  Caicniatcd  Vag  (at  873  K)  for  Ti.AI-Sn-Zr 
Alloys  With  a  Range  ot  Compositions  (After  Ref.  21) 

Figure  9  (Right).  Stress/Roptare  Curves  Comparing  Ti-1100  and  IMI  834  Which 
Have  Been  Swaged,  Station  Treated  at  40°C  Above  and  Below  the  B 
Transus,  and  Aged  at  <00°C  for  4  Honrs  (After  Ref.  22) 


Figure  10.  Oxldatioa  Weight  Gain  Curves  of  H>1100  and  IMI  834  Determined  at 
000°C,  700°C  and  SOO’C  in  Laboratory  Air  (After  Ref.  22) 

Peters  et  al.  (22),  as  part  of  their  studies  on  two  emeiging  high  temperature  Titanium  aUoys,  Ti- 
1100  (Ti-6Al-2.7Sn-4Zr-.4Mo-.45Si)  and  IMI  834  (Ti-5.8Al-4Sn-3.5Zr-.7Nb-.5Mo-.35Si- 
.06C),  tried  to  achieve  a  wide  range  of  microstnictures  in  both  alloys.  They  were  partially 
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successful,  and,  after  rationalizing  the  differences  in  the  starting  material  conditions,  they  reposted 
little  to  separate  the  two  alloys  from  the  standpoint  of  600*C  creep  behavior  (Hguie  9),  the 
oxidation  behavior  of  the  IKQ  834  alloy  at  800%  appeared  to  be  tignifrcantly  better,  as  stxrwn  in 
Hgure  10.  Hence,  when  considering  die  use  of  a  convendonal  Tltaniam  alloy  with  occasional 
temperature  excursions  above  700%,  IMI 834  alloy  may  be  preferred  over  11-1 100  on  dus  basis. 
Bamcally,  they  found  that  sub-transus  solution  treatments  lead  to  lower  room  and  elevated 
temperature  strengdi,  higher  ductility  and  lower  creep  resistance  in  comparison  to  supra-transus 
heat  treatments.  Thermomechantcal  treatments  (swaging),  which  provide  microstmcsural 
refinement,  improved  die  strength  and  ductility,  while  reducing  creep  resistance. 

Fatigue 

The  relative  role  of  miorosiructute  and  texture  on  fatigue  behavior  of  T1-6A1-4V  has  been  well 
documented  by  Wagner  et  al.  (23).  They  used  a  40  volume  percent  (v/o)  primary  a  bi-modal 
mkrostructure  as  a  byline  with  variations  in  mimary  a  size  arm  in  secondary  a  characteristics  by 
virtue  of  coolir^  rate  ftrun  a  lower,  second  solution  treatment  tempentm.  mcluded  also  was  a  B 
heat  treated  and  armealed  microstructure  for  comparison.  In  addition,  they  incorporated 
unidirectionally  rolled  and  cross  rolled  alloy  plate  with  quite  different  textures.  Key  to  their 
findings  was  dud  so  long  as  the  pritruuy  a  was  small,  variations  in  it's  aze  had  little  effect  on  low 
cycle  fatigue  (LCF).  Similarly,  moderate  variations  in  texture  had  little  effect  on  LCF.  They  did, 
however,  find  a  large  effect  of  quendi  rate,  which  affects  the  fineness  of  the  secondary  a,  on  the 
LCF  betovior  of  the  bi-modal  microstructures.  Figure  11.  It  was  also  shown,  that  the  latneilar  S 
heat  treated  microstructure  reailts  in  an  LCF  debit  relative  to  the  bi-modal  micTostructures  ff^igure 
12).  Tests  in  die  low  crack  growth  rate  region,  using  small  cracks  in  dectropolished  qiednmns, 
resulted  in  a  significandy  lower  growth  rate  for  the  tn-modal  nticrosiructutes,  ngnre  13.  This  is  in 
contrast  to  the  conventional  wisdom  that  fatigue  cracks  grow  less  rapidly  in  coarse  i«meii«r 
microsttuctures.  This  observation  is  likely  to  be  an  example  of  the  differences  in  behavior  between 
■small  and  large  ciadcs  pointed  out  by  sevmal  investigators  and  recendy  summarized  in  Ref.  24. 


Figure  11  (Left).  Effect  of  Cooffng  Rate  on  ttie  LCF  Bcbavlw  of  the  BLModtd 
Microstructures  of  TI-^-4V  (After  Ref.  23) 

Figure  12  (Right).  Effect  of  MIcroetructure  on  the  LCF  Behavior  of 
Ti-«AMV  (After  Ref.  23) 

Ref.  23  also  demonstrated  that  high  cycle  fatigue  (HCF)  performance,  as  with  LCF,  exhibited 
differences  associated  widi  cording  rate;  the  mrne  rapidly  cooled  structures  having  greater  lives 
(Ref.  23).  While  the  finer  secondary  o  seemed  to  have  a  sigtrfficam  effect,  the  range  of  primary  a 
size  between  10  and  40  mictons  appears  to  have  little  effecujnit  as  in  the  LCF  case.  All  dus  leads 
to  the  conclusion  that  finer  aecondruy  a  eitber  makes  crack  initiatioD  more  difficult  or  it  is  more 
effective  at  inhibiting  the  nowth  of  small  cracks.  Hwie  appears  to  be  a  strong  etfea  of  texture  on 
HCF,  more  so  than  Ux  LCF.  leading  to  the  conclniioa  tut  die  primaty  a  (which  is  the  primary 
source  of  the  texture)  contribution  to  HCF  life  comes  frtun  its  influence  on  craA  nucleatkxL  The 
secondt^  a,  not  being  strongly  textured,  contributes  less  to  die  cmk  nocleation  in  HCF.  but  itt 
coarseness,  related  to  the  agmg  temperature  and  coediog  rate  frtun  the  solution  treatment,  does 
influence  die  early  crack  intqiagation  between  the  nucleated  sites  on  primary  a  particles.  Hence 
small-cradt  proMgation.  a  major  portion  Ot  HCF  life,  is  greatiy  influenced  by  the  secondary  u 
characteristics.  Thm  fodgw  resultt  are  summarized  in  Figures  14  and  IS.  UnkUrectional  ndUitg 
provided  slighdy  better  HCF  properties  regardless  of  cooU^  rate  in  their  study. 
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Fittin  13.  da/dN'AK  Corves  of  Microaracks  In  TI-6AMV 
(Effect  of  Mteraetmetore)  (After  Ref.  23) 
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Flfore  14.  Effect  of  CooUac  Rate  on  ike  HCF  Bdurrlor  of  the  Bi-Modal 
Microstroctores  of  Ti-<A1-4V  (R-  -1,  f«80  Hs,  RT)  (After  Ref.  23) 

Near  threshold  Ui|e  creek  fadgae  ciack  (lowth  behavior  of  Tb6AMV  as  a  finciioo  of  tbe  variants 
or  orientatioas  of  transformed  B  microstructiues  was  reported  by  Ravichadran  (23).  His  primary 
conclusion  was  that  the  controlling  microstroctural  unit  is  the  o  cdony  in  rapidly  cooled  structures, 
while  it  is  the  a  lath  width  in  relatively  slowly  cooled  mkroettuctures.  He  further  extended  this 
argument  to  say  that  the  near  threshold  fati^  crack  growth  parameters,  aKu]  and  AKeff.th 
increase  with  the  size  of  the  microstiuctunl  unit  and  attributes  tto  observation  to  its  interaction 
with  the  crack  tip  plastic  zone.  Figure  16.  This  interaction  is  most  effective  as  the  size  of  the 
controlling  microitiiictutal  unit  luyioaches  die  plastic  zone  size.  Note  that  as  the  crack  trews  in  die 
same  microstructute,  the  controlling  mkrostructural  element  may  change  as  the  cracx  tip  plastic 
zone  increases.  Hence,  inie^retation  of  crack  growth  properties  by  mioostructutal  relationships 
must  be  done  with  this  in  mind. 

Nagai  et  al.  (17)  demonstrated  in  Ti>6Al-4V  with  bi-modal  and  lamellar  mictosttuctutes,  that  the 
fineness  of  the  microstmetare  must  be  looked  at  carefully.  Their  Sne  microstructure  was 
associated  with  a  micro-texture.  This  micro-texture  resulled  in  an  increased  sl4>  Ingth  as  the 
similarly  aligned,  but  separate,  small,  equiaxed  a  presented  a  common  s|^  path  within  a 'Vxinre 
zone”.  In  this  case  the  controUiag  mkrostinctisal  unit  is  likely  to  be  the  mkro-textare  zone. 

Peters  et  aL  (22)  observed  in  their  study  of  IMI  834  and  Ti-1100  that,  to  maximize  HCF 
performance,  one  wants  to  obtain  an  optimum  amount  of  equiaxed  primary  a  (a  study  of  their 
photomicrogruihs  indicated  the  optimum  amoam  was  in  the  mm  of  40-30%,  in  agreement  with 
the  results  of  Ref.  23  for  Tl-OAl-dV).  The  effect  of  B  versus  a/6  heat  treatments  is  dramatically 
demonstrated  at  400X:  in  Figure  17  for  H-l  100.  In  the  higher  stress  regkw  of  the  HCF  curve, 
where  crack  growth  is  an  increasing  portion  of  the  total  Ufe,  mellar  mkaottructures  were  seen  to 
be  slightly  superior.  The  benefits  of  tbrnmomechaaical  treatment  are  also  obvious  in  the  same 
flgure  and  are  more  significant  for  HCF. 


Ficnre  IS.  Effect  of  Deformation  Treatment  on  the  HCF  Bdiarior  of  Ibc  Bi- 
Modal  Microetmctnrcs  of  ll-dAl-dV  (R=  0.1,  fsgO  Hi,  RT)  (After  Ref.  23) 


Figure  10.  Tbe  Variation  of  TbrcilioM  Fat%[ne  Crack  Growth  Parametm 
of  Ti*0Al-4V  as  a  Function  of  die  Controlling  Mlcroetnictnral 
Units  (After  Ref.  25) 


Test  conditions  for  each  onrec:  R  *  >1,  f  >  100±  10  Hx,  laboraiMT  air 
Figure  17.  HCF  Properties  of  11*llt0  as  a  Fhaciloa  of  (A)  Variation  of  Primary 
a  Cmitcnt,  (B)  •  ss  oA  Itet  Treatment  (Bt  ■  10i2t**C)  and  (C)  Bflect  of 
Swaging  Prior  to  Heat  Treataient  Shaded  Band  Indkates  No  TMT. 

(An  SpednMas  Aged  8  Honrs  at  000%)  (After  Ref.  22) 

(tegory  and  Wagner  (11)  studied  die  fteigoe  behavior  (d  the  Ti-3-S-6-44  as  a  function  of  saeagdi 
of  sohition  treated,  single-siq>  and  dinlex-aged  conditions.  In  the  sohdioo  treated  and  ste^e-aged 
conditions,  the  endnrance  Umit  was  about  one  half  oi  the  UTS,  Hgiie  IS.  Da|ilex*a|^  imndded 
a  fktigne  benefit  as  seen  in  Plgute  19.  Despite  the  higher  attend  of  the  single  step  i^miataial. 
the  nuKHit  stress  is  U^ier  for  die  diqdex-aged  materiaL  The  single-aied  material  aoed  inhomo- 
geneously,  resnlting  in  inttagranolar  ptecipilate  fine  aones.  The  anuiors  fielt  that  these  "soft* 
regions  provided  easier  crack  nndeatioa  sites  than  die  aged  matrix,  detractfaig  Crom  die  fiadiae 
stmigth. 

Ckegory  and  Wagner  (11)  and  Ktugsuim  and  Orrery  (20)  show^  that  there  is  very  little  in¬ 
fluence  of  a  aged  microstnictares  <»  fadgne  cmA  gn^  tides  in  Ti-3-SO-4-4.  Howover,  the  o 
aged  structure,  which  is  otherwise  of  litfle  interest,  exhibits  signiflrantly  lower  crack  growth  rates 
(1 1).  Figure  20  illustraies  these  effects  which  are  in  quahtative  agreement  widi  eailler  work  on  Tl- 
10-2-3^. 


N 


«1C  Nows  600°  C  Bl6HowsSaO°C 
•16  Hows  540°  C  ■as-SHT 


a4Hows440°C« 

16HewsS60‘C 


CydsotoFsIwo 


FiCore  18  (Left).  S-N  Curvet  at  RT  of  B-C  at  Rs  *1.  1*50  Hz, 
Comparing  at*SHT  and  Sin^e  Aged  Omditlont  (After  Ref.  11) 

Figure  19  (Right).  S>N  Curvet  of  B*C  at  R*  -1,  fsSO  Hz,  Comparing  9n^  and 
Two  Step  Aging  Treatmentt.  Numbers  In  Parentheses  Are  Tensfle  Strragdis 

(After  Ref.  11) 
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Figure  21  (Right).  SEM  Fractograph  of  Grain  Boundary  a  Initiation  of  HCF 
Specimen  of  Cast  Ti-I5>3  (After  Ref.  4) 

Boyer  et  al.  (4)  studied  fatigue  of  cast  H-IS-S  beat  treated  to  about  1 170  MPa  tensile  strength.  A 
significant  variation  in  ductiliQr  was  observed  as  a  function  of  cast  section  thickness.  The  cooling 
rate  from  the  HIP  cycle  or  a  solution  treatment  would  be  slower  with  heav^  sections,  increasing  the 
grain  size  and  width  of  the  grain  boundary  a.  which  in  turn  reduces  ductihty.  Duc^ty  varied  nom 
about  1  to  12%  elongation.  Neither  the  smooth  nor  the  notched  high  cycle  fatigue  performance, 
despite  the  lar^  range  of  tensile  ductility,  was  affected  by  the  range  of  beta  gram  sizes  and  ran 
boundary  a  thicknesses  investigated.  In  most  cases  the  fatigue  crack  initiation  site  was  assor^d 
with  grain  boundary  a  as  shown  in  Figure  21,  implying  that  this  phase  is  less  resistant  to 
deformation  than  the  aged  matrix.  Grain  boundary  a  th^ore  suffers  a  diyqponionate  share  of 
the  plastic  strain  imposed  durinjg  the  fatigue  cycle  cauring  it  to  be  an  initiation  site.  The  range  of 
structures  investigated  was  evidently  insufl^nt  to  promote  alternate  iiiitiatioa  mechanisms. 
Because  the  load  controlled  fatigue  test  induced  less  sttain/cycle  than  the  tensile  failure  strain  for 
any  of  the  miCTOstructnres  studied,  the  HCF  suength  of  the  material  was  not  affected  by  those 
features  which  influence  tensile  ductility  such  as  grun  boundary  a  thidoiess. 
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Abstract 


Hot  deformation  microstructures  in  compression  were  studied  in  the  Ti-6AI-4V 
and  P-Cez  alloys  by  optical  and  transmission  electron  microscopy.  In  the  Ti-6AI-4V 
alloy,  the  compression  tests  were  performed  in  the  Held  on  two  initial 

microstructures,  equiaxed  and  acicuiar.  Texture  determination  by  neutron 
diffraction  confirmed  the  microstructural  evolution.  In  the  deformed  samples  of 
the  p-Cez  alloy,  dislocation  bands  were  observed  as  a  function  of  the  strain  amount, 
within  a  modulated  b.c.c.  microstructure. 

INTRQPUCIIOB 


Hot  deformation  experiments  in  compression  were  performed  on  Ti-6AI-4V  and 
p-Cez  alloys.  The  knowledge  of  the  microstructures  developed  during  these  tests 
simulating  some  thermomechanical  treatments  (TMT)  and  the  description  of  the 
different  mechanisms  of  hot  deformation  which  control  these  microstnictures  are 
necessary  to  optimize  the  TMT  and  the  subsequent  tbeimal  treaimenis  and 
therefore  to  obtain  the  best  combination  of  mechanical  properties  for  the  chosen 
application.  In  the  case  of  the  new  French  alloy  g-Cez,  developed  by  Cezus 
Company  (I),  a  sharp  initial  peak  was  observed  on  the  stress-strain  curves  during 
compression  tests  as  a  function  of  temperature  and  strain  rate  by  (2).  Samples 
weakly  and  strongly  deformed  were  investigated  by  TEM  in  order  to  try  to  relate 
this  anomaly  to  the  microstructure,  in  the  literature  different  hypotheses  are 
suggested  to  explain  the  initial  flow  stress  increase  and  subsequent  drop:  in  the  p- 
Cez  alloy,  anchoring  of  dislocations  by  solute  atoms  and  breakaway  of  dislocations 
from  their  atmospheres  (2)  or  in  other  p-Ti  alloys,  a  low  initial  mobile  dislocation 
density  and  subsequent  rapid  multiplication  (3) 

EXFEBIMENTAL 


In  the  case  of  the  Ti-6AI-4V  alloy,  the  compression  tests  were  carried  out  in  the 
(a-f  P)  field  at  935*0  and  at  a  strain  rate  e  of  10'^  s'’  and  for  a  deformation  e  a0.7S 
amount,  in  order  to  reach  the  stabilization  of  the  chosen  temperature,  30  min 
were  necessary.  Two  types  of  initial  microstnictures  were  studied:  the  former, 
equiaxed,  was  obtained  after  an  annealing  performed  at  940*C  for  one  hour 
followed  by  a  300*C  h'l  cooling  to  VOO’C  then  an  air  cooling  to  20*C;  the  latter  was 
acicuiar:  it  resulted  from  an  annealing  at  I030*C  for  half  an  hour  followed  by  an 
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air  cooling  in  order  to  go  slowly  through  the  p  transus.  Concerning  the  ^Cez 
alloy,  the  compression  tests  were  carried  out  at  920‘’C  as  follows: 

A  treatment:  to  the  deformation-peak  (about  1%)  at  i=  10'^  s'^- 
B  treatment:  6S%  deformation  at  e  =  10'^  s'^: 

C  treatment:  65%  deformation  at  e  =  10'^  s'^,  followed  by  an  annealing  for  SO  min 
at  920<>C. 

For  the  A,  B  and  C  treatments,  the  cooling  was  uniformly  performed  at  2(X)‘'C  s'  ^ 
from  920  to  20»C. 

The  TEM  experiments  were  carried  out  with  a  JEOL  2000  EX  operating  at  200  kV. 
The  thin  foils  were  obtained  by  electropolishing  at  -4S**C  using  the  two-jet 
technique  with  the  Blackburn  solution  (4). 

The  texture  determinations  were  carried  out  by  neutron  diffraction  in 
transmission  (at  the  Laboratoire  Ldon  Brillouin,  in  Saclay,  France)  from 
orthocylinders  of  about  12  mm. 

BESELTS  AND  DISCUSSION 

Compressive  curves  of  the  Ti-6AI-4V 


As  shown  in  Fig  1,  a  yield  point  is  observed  at  the  elastoplastic  transition  on  the 
stress-strain  curve.  The  value  of  the  upper  yield  point  is  slightly  higher  when  the 
initial  microstructure  is  treated  in  the  p  Held  relative  to  that  treated  in  the  (a-t-p) 
field. 


The  tale  sensitivity  exptmnt  m  is  roughly  equal  to  O.IS  in  the  range  800-930*C 
regardless  of  the  initial  microstnicture.  Just  under  the  p  transus,  m  increases  up 
to  0.32.  These  results  are  in  good  agreement  with  those  of  Chen  (5). 

It  will  be  noted  that  the  final  forging  performed  by  Cdzus  Company  in  the  (a-fP) 
field  at  940*C  in  the  case  of  the  as-ieceived  material  was  followed  by  an  annealing 
at  720°C  for  two  hours  in  order  to  provoke  a  partial  recovery  of  the  Ti-6A1-4V 
alloy  which  was  two-phase  (a+P). 

MiMBIUUCUlICg 

The  deformed  structures  were  compared  to  undeformed  baseline  microstnictures 
as  follows:  the  Ti-6AI-4V  standard  was  annealed  for  30  min  at  935'*C  then  cooled  at 
300*’C  h‘l  to  20‘C  and  the  P-Cez  standard  was  annealed  for  50  min  at  920*C  then 
quenched  at  200”C  s'*  to  20*’C 

Ti-6Al-4V:  Mtial  eauiaxed  mjcrostmciure 

By  TEM.  in  the  Ti-6Al~4V  mndtformtd  ftmndari,  both  a  and  P  phases  are 
observed.  In  each  phase,  two  types  of  areas  are  distinguished. 

In  fact,  a  appears  both  as  equiaxed  primary  regions,  Op  (about  50%  vol.)  and 
lamellar  regions,  a|  (about  45%  vol);  this  Imter  morphology  results  of  the  p  phase 
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transformation  :  p  ->  ai  -t-  ^ir  during  cooling,  where  1  and  r  are  used  respectively 
for  lamellar  and  residual.  The  ^|r  phase  is  enriched  in  beta-stabilizing  elements 
(V,  Fe)  compared  to  the  ai  phase  (6).  It  appears  as  thin  layers  along  the  at  lamellae 
and  contains  tangles  of  dislocations  but  neither  dislocation  cells  nor  recovery 
grains  are  evidenced.  Moreover,  the  f.c.c.  interface  phase  referred  to  as  the  L 
phase  (6)  is  observed  at  the  otj/Pir  interface.  Secondly,  the  beta  phase  appears 
locally  as  patches  at  triple  points  of  ap  grains,  it  is  referred  to  as  Pr-  At  the  Op/Pr 
interface,  the  L  phase  is  never  detected.  Inside  the  Pr  phase,  which  does  not 
contain  dislocations,  thin  platelets  of  a'g  martensite  are  clearly  detected.  Fig  2a, 
the  lateral  growth  of  which  can  be  explained  in  terms  of  the  model  developed  by 
(7).  In  addition  at  the  a'a/pr  interface,  the  L  phase  is  never  revealed.  The  a',  and 
Pr  phases  result  of  the  transformation;  p  ->  a't*  Pr  ■ 

The  two  morphologies  of  the  beta  phase  (Pir  and  Pr)  observed  may  express  a 
difference  of  composition  in  beta  stabilizing  elements  resulting  of  a  local 
inhomogeneity  of  composition  in  the  beta  phase  at  93S‘‘C. 

Moreover,  two  areas  of  ap  phase  are  revealed.  They  can  be  distinguished  by 
their  defect  arrangements.  In  one,  a  high  dislocation  density  is  noted.  Fig.  2b. 

They  j:an  result  of  the  initial  forging,  or  of  the  cooling  (phase  transformation, 
difference  between  the  thermal  coefficients  of  a  and  P  phases).  The  dislocations 
appear  either  isolated  or  as  long  parallel  sets  of  dislocations  with  o  s  1/3<1  ]^b>.  . 
Some  dislocation  cells  are  observed.  In  the  other  areas,  only  a  few  isolated 
dislocations  are  noted  while  a  lot  of  subboundarics  revealed  a  well  developed 

recovery  stage.  Fig.  2c.  Twist  subboundaries  are  very  much  numerous  than  the 
tilt  ones. 

In  the  a  1  areas,  only  a  few  isolated  dislocations  are  observed  at  20°C;  in  fact, 

during  the  beta  phase  transformation  on  cooling,  the  dislocations  which  are  not 

eliminated  during  the  annealing  for  30  min  at  93S*C.  are  more  probably  swept  out 
or  incorporated  in  the  a/p  interfaces. 

In  the  ap  areas  of  the  deformed  microstructures,  a  very  high  dislocation  density 
is  observed  with  planar  arrangements.  Fig.  3a.  No  dislocation  cells  and  a  few 
faceted  subboundaries  are  noted.  The  slip  is  intragranular  and  recovery 
subboundaries  showing  strain  induced  boundary  migration  (SIBM)  are 
simultaneoustly  observed.  Fig.  3b.  This  result  is  in  agreement  with  the  in-situ  TEM 
observations  of  Naka  et  al  (8)  on  commercial  purity  titanium.  Furthermore, 
neither  recrystallization  nor  twinning  were  detected. 

In  the  a  I  areas,  only  a  few  unarranged  dislocations  exist. 

Ti-6Al-4V:  initial  acicular  microtructure 

Inside  the  acicular  undeformed  standard,  two  phases  ate  observed,  referred  to 
as  a|  and  Pir:  inside  the  a|  phase,  the  dislocation  density  is  lower  than  the  one  in 
the  at  phase  of  the  equitxed  undeformed  standard.  Some  dislocation 

arrangements  are  observed  as  well  as  twist  boundaries.  Inside  the  lamellae  of  the 

Pir  phase,  a  few  short  and  unarranged  dislocations  are  revealed. 

.After  the  compressive  tests,  the  o  lamellae  appear  larger  and  shorter  than  in 
the  undeformed  standard.  They  fragment  into  misoriented  subgrains.  Fig.  4. 

B-Ces  fli/ov 

The  undeformed  thermal  standard  is  single  phase  consisting  of  disordered  body 
centered  cubic  beta  phase  with  large  grains.  Inside  these  latter,  the  presence  of 

elongated  subgnins  is  noted  as  well  as  a  very  high  dislocation  density  in  the 

subgrains  withT  ^  a/2<:IIl>p,  Fig.  5a.  These  very  mobile  dislocations  appear  as  long 
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Fig  2.  -  Thermal  undeformed  standard  of  the  Ti-6Al-4V  initial  equiaxed 

microtructure  showing: 

a)  Pr  phase  with  thin  platelets  of  the  a'g  phase. 

b)  an  phase  areas  with  a  high  dislocation  density; 

c)  Op  phase  areas  where  subbotindaries  reveal  a  well  developed  recovery 

stage. 


TL&AI-tY 


Fiy  3.  -  Deformed  sample  of  the  Ti-6Al-4V  iitilial  equiaxed  structure  showing: 

a)  a  very  high  dislocation  density  with  planar  arrangements; 

b)  strain  induced  boundary  migration  (arrow); 


Pif  4  -  Deformed  sample  of  the  Ti-6Al-4V  initial  acicular  structure  showing  a 
fragmentation  of  the  oi  lamellae. 


screw  segments  with  small  edge.  They  may  result  from  the  fast  cooling  or  from  a 
non  sufficient  homogenization  duration  at  920°C.  Inside  the  ^  grains,  a  modulated 
structure  is  revealed  by  very  thin  parallel  lines  fFig.  Sb)  related  to  premartensitic 
phenomena  (9)  such  as  weak  maxima  at  l/2<n0>*p,  I/2<1 12>*^....  and  diffuse 
streaks  along  <110>*p.  <I12>*P  ....The  athermal  ta  phase  is  also  revealed.  Fig  Sc. 

The  deformed  microstructures  of  the  p-Cez  alloy  also  appears  as  modulated  and 
contains  athermal  to  phase. 

After  the  A  treatment,  dislocation  bands  more  or  less  well  formed  appear  in  some 
areas  of  the  thin  foil.  Fig.  6a:  they  are  parallel  and  their  average  width  is  10  nm. 
Their  direction  is  near  <113>P;  these  bands  are  similar  to  the  slip  bands  observed  by 
Banerjee  et  al  (10)  in  titanium  aluminides.  In  a  few  other  places,  larger  bands 
referred  to  as  "superbands"  of  about  SOO  nm  wide  are  observed;  they  contain  a  lot 
of  individual  dislocation  bands.  Finally,  some  areas  without  bands  exist,  they 
contain  a  high  density  of  screw  dislocations  with  b  =  a/2<lll>p.  In  addition,  tilt  and 
twist  subboundaries  are  observed. 

After  the  B  treatment,  the  dislocation  bands  are  more  numerous  and  consist  of 
tangled  dislocations.  Fig.  6b.  Neither  dislocation  cells  nor  twinning  were  observed. 
Moreover,  the  subboundarics  are  more  numerous:  a  dynamic  recovery  has  taken 
place. 

After  the  C  treatment,  "superbands"  and  individual  dislocation  bands  are  yet 
observed.  The  average  distance  between  the  individual  dislocation  bands  is 
however  increased  as  compared  to  the  B  treatment.  Fig.  6c  They  have  begun  to 
disappear  during  the  annealing  at  920‘’C  for  SOmin  performed  after  the 
compressive  tests.  So.  during  this  thermal  treatment,  a  static  recovery  has 
occurred.  Cross  slip  is  also  observed  and  some  bands  are  formed  with  very  thin 
twins,  the  twinning  elements  are  classical  ;{l  iljp  <lll>p. 

The  TEM  observations  did  not  provide  any  information  between  the  occurrence 
of  the  sharp  initial  peak  on  the  stress-strain  curves  and  the  dislocation  structure 
evolution. 

XcAturcs 

In  the  initial  equiaxed  microstructure  of  the  Ti-6AI-4V  alloy,  subsequently 
deformed  in  the  (a+P)  field  at  93S*’C,  neither  static  nor  dynamic  recrystallization 
were  observed.  Only  a  strain  induced  boundary  migration  (SIBM)  was  shown.  This 
fact  was  conrirmed  by  a  retention, of  the  initial  texture  in  the  deformed  samples 
characterized  by  a  partial  fiber  <tOIO>  -i-  <II20>  parallel  to  the  bar  axis  of  the  Ti- 
6AI-4V  material,  referred  to  as  B.A..  Fig.  7.  In  the  case  of  the  initial  acicular 
microstructure,  a  panial  <101 1>  texture  appears. 


Fig.  7  -  (0002)  pole  figure  (Ti-6AI-4V) 


Rf  S  -  Undeformtd  standard  of  the  fi-Cez  alloy  showing: 

a)  elongated  subgrains  with  a  high  dislocation  density: 

b)  the  modulated  structure: 

c)  <llO>p  electron  diffraction  pattern  with  the  athermal  to  phase  spots. 


Fig.  6  ~  D^ormed  samples  of  the  p  Cez  alloy  showing: 

a)  more  or  less  well  defined  dislocations  bands  (A  treatment): 

b)  more  numerous  dislocation  bands  (B  treatment); 

c)  that  during  the  post  deformation  thermal  treatment  (SOmin  at  920®C), 
the  dislocation  bands  begin  to  disappear  (C  treatment). 


roNCLUSiON 


In  the  Ti-6AI-4V  equiaxed  (a-t-fi)  microstruciurc  deformed  in  compression  at 
93S°C  only  dynamic  recovery  and  SIBM  wera  observed.  No  recrystallization 
occurred  as  confirmed  by  the  retention  of  the  initial  texture  revealed  by  neutron 
diffraction  experiments.  In  the  ^-Cez  alloy,  the  room  temperature  initial  structure 
is  modulated  and  contains  athermal  a>  phase.  After  compressive  deformation,  at  the 
TEM  scale,  some  dislocation  bands  are  already  observed  for  a  low  strain  (<1%); 
when  the  strain  reaches  63%.  they  are  very  numerous  :  they  show  that  the 
deformation  is  inhomogeneous.  During  a  consecutive  post  deformation  thermal 
treatment  of  SO  min  at  920'’C,  these  bands  partially  disappear. 
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STRUCTURAL  STABILITY  OF  >CEZ*  ALLOY 


Agnds  Henri,  Alain  Vessel 
ONERA,  BP  72,  92322  Chatillon  Cedex,  France 


Abstract 

The  >CEZ*  alloy  (Ti-5AI-2Sn-4Zr-4Mo-2CMFe)  developed  by  CEZUS  in 
France  is  designed  for  use  in  advanced  aeroengines  compressors  up  to  450°C.  It  is 
recognized  that  in  this  class  of  titanium  alloys,  the  isothermal  q>  phase  or  titanium  com¬ 
pounds  may  precipitate  during  ageing  treatments  or  senrice  conditions.  The  presence 
of  these  phases  has  been  looked  for  to  detect  potential  embrittlemant  of  the  alloy.  Mi- 
crostnjctural  investigations  revealed  the  good  stability  of  the  alloy  ;  no  harmful  phase 
precipitates  under  usual  conditions. 


Intmductiun 

The  high  strength  mid-temperature  *^CEZ“  ailoy  (Ti-5AI-2Sn-4Zr-4Mo-2Cr-1Fe) 
recently  developed  by  CEZUS  in  connection  with  SNECMA  is  designed  for  use  in  ae¬ 
roengines  compressor  disks.  As  compared  with  alloys  of  the  same  class,  it  offers  at¬ 
tractive  characteristics  up  to  450X.  A  good  balance  of  mechanical  properties  is  obtai¬ 
ned  after  forging  in  the  p  field  and  heat  treatment  in  a-t-p  [1]. 

In  all  a-fp  and  near-p  titanium  alloys  which  contain  large  additions  of  p-isomor- 
phous  and  p-eutectoid  stabilizers,  the  precipitation  of  isothermal  a>  phase  or  titanium 
compounds  may  occur  during  ageing  treatments  or  service  conditions.  As  the  pre¬ 
sence  of  these  phases  has  an  adverse  effect  on  ductility,  the  conditions  of  their  preci¬ 
pitation  in  'p-CEZ*  alloy  have  been  investigated. 

Experimental 

The  study  was  carried  out  on  two  kinds  of  forged  products,  a  pancake  and  a  cy¬ 
lindrical  bar,  coming  from  different  heats  which  compositions  are  listed  in  Table  I. 
Considering  the  pancake  (diameter  250mm,  thickness  60mm),  the  last  forging  opera¬ 
tion  was  performed  under  hot  die  conditions  ;  the  starting  temperature  was  920°C,  i.e. 
SO’C  above  the  beta  transus,  and  it  steadily  decreased  during  processing.  The  micro¬ 
structure  in  the  as-forged  condition  is  illustrated  in  Fig  l  ;  it  is  of  lamellar  type  with  a 
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phase  decorating  prior  p  grain  boundaries. 

Similarly,  the  final  forging  step  on  the  cylindrical  bar  (diameter  80mm)  started  at 
920'<),  in  the  P  field,  and  finished  at  about  750*^.  Due  to  an  increased  amount  of  de¬ 
formation  in  the  a+p  field,  a  recrystallized  equiaxed  structure  develops  at  p  grain 
boundaries  (Fig.  2). 


XabIflJ  Chemical  composition  of  forged  materials  (wt.%) 


Al 

Sn 

Zr 

Mo 

Cr 

Fe 

O 

Pancake 

4.92 

2.01 

4.13 

3.99 

2.17 

1.02 

0.087 

Bar 

4.98 

1.91 

3.88 

3.86 

2.09 

0.98 

0.070 

Figure  1  It^crostructure  of  the  pancake.  Figure  2  Mcrostructure  of  the  bar. 


Phase  transformations  during  heat  treatments  and  prolonged  exposures  at  ope¬ 
rating  temperatures  were  investigated  by  examination  of  thin  foils  in  a  JEOL  200CX 
electron  microscope.  Tensile  properties  at  room  temperature  were  determined  from 
cylindrical  specimens  4mm  In  diameter  and  30mm  in  cafibrated  length. 

ftmtltiiflndfitefiMiaiipn 

Influence  of  heat  treaMna  parameters 

The  alloy  is  designed  to  be  used  in  a  solution  treated  plus  aged  condition.  The 
solution  treatment  is  carried  out  at  80(PC  or  630*X),  in  the  a-t-p  field,  and  the  ageing 
temperature  is  chosen  between  560°C  and  620‘C.  Due  to  the  thick  section  of  forged 
disks,  the  cooHng  rale  after  solution  treatment  and  the  healing  rate  to  the  ageing  tem¬ 
perature  may  be  very  dflferent  between  the  core  and  the  surface.  Also,  these  two  pa¬ 
rameters  vary  with  the  quenching  medium  (water,  oil)  and  the  type  of  furnace  em¬ 
ployed  for  ag^ng  treatments  (air  furnace,  sail  bath).  The  transformation  mechanism  of 
the  high  temperature  p  phase  depends  on  the  quenching  rate  and  a  transient  precipi¬ 
tation  of  c»  phase  may  appear  on  slow  healing  to  the  ageing  temperature  [2.3,4].  Fur¬ 
ther,  the  presence  of  on  particles  controls  the  subsequent  pradpiMion  of  a  phase  the- 
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reby  affecting  the  hardening  response. 

Microstnjcturat  studws  were  performed  on  samples  10mm  in  (fameter  cut  in  the 
pancake.  They  were  either  water  quenched  or  air  oooied  after  a  solution  treatment  of  4 
hours  at  830*C  ;  the  corresponding  cooling  rates  are  and  5<<:.s'''  approxima¬ 

tely.  It  is  to  be  noted  that  the  second  case  Is  representative  of  a  water  quenching  on  a 
70mm  thick  titanium  alloy  pancake.  The  ageing  treatments  were  performed  in  a  salt 
bath  or  in  a  progammed  air  furnace.  The  heating  rates  that  have  been  selected 
(••200'C.min*^  and  l<<2.min'^)  correspond  to  extreme  values  encountered  in  industrial 
conditions.  In  both  cases,  an  ageing  treatment  of  8  hours  at  S80°C  is  applied  to  the 
samples  once  the  temperature  has  been  reached. 

A  cooling  rate  of  5*^.s'^  after  solution  treatment  induces  a  decomposition  of  the 
high  temperature  p  phase  :  dark  field  transmission  electron  micrographs  reveal  the 
presence  of  needle  like  secondary  a  phase  in  the  p  matrix  (Fig.  3).  On  the  other  hand, 


Fiqura  3  TEM  micfograph  of  transfor¬ 
med  ^  phase  in  solution  treated  material 
(830”C  4h.  cooing  rate  5°C.s'^)  :  dark 
field  image  showing  secondary  tt  phase. 


the  p  phase  is  retained  upon  rapid  quenching  to  room  temperature  (50°C.s'^^  Selec¬ 
ted  area  diffraction  patterns  on  <1 10>a  zone  exhibit  streakirigs  and  (tiffuse  athermal  a 
reflections.  These  microstructures  wiH  behave  differently  during  ageing. 

In  the  case  of  the  lower  cooling  rate,  the  secondary  a  phase  slightly  grows  when 
it  is  slowly  heated  to  the  ageing  temperature  (Fig.  4a)  then  it  coarsens  after  8  hours  at 
580‘<:  (Fig.  4b).  There  is  almost  no  influence  on  the  final  microstructure  when  the 
ageing  treatment  is  carried  out  in  salt  bath  (Fig.  4c).  No  other  phase  apart  from  a  and 
p  has  been  detected. 

As  far  as  the  rapid  quenching  is  concerned,  weak  reflections  that  may  be  attribu¬ 
ted  to  isothermal  <d  phase  appear  on  <l10>p  zone  patterns  in  a  sample  slowly  heated 
at  1°C.min'^  up  to  300°C.  The  predpitation  of  that  phase  is  confirmed  at  350°C  and 
375*^  (Fig.  5).  The  size  and  the  volume  fraction  of  a>  partides  seem  to  be  maximum  at 
375*C.  The  o>  phase  morphology  is  controlled  by  the  misfit  between  the  predpitate 
and  the  p  matrix  :  it  is  elHptic  in  11-Nb  and  Ti-Mo  alloys  and  cubic  in  Ti-Cr,  Ti-Fe  and 


Firpjra  s  TEM  miciograph  of  transfor¬ 
med  p  phase  in  sdution  treated  plus 
aged  material  (830°C  4h,  cooling  rate 
50'>C.8  V  1»C.min-'  up  to  375‘C).  Dark 
field  image  showing  isothermal  a>  phase. 


f  •  TEM  mtocgraphe  of  transfor¬ 
med  p  phase  in  solution  traaM  (830*C 
4h,  oooino  rate  50*C.s'^)  phis  agad  ma¬ 
larial.  Dark  fWd  hraioha  showing  aaoon- 
dsivaahaae : 

a) 1*C.min*'upto58(rV, 

b)  1*C.min*^  uptosao^  •fthsecrc, 
o)580*C6h(aa«balh}. 
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Ti'V  systems  [S].  Here,  it  is  difficult  to  determine  the  exact  rrwrphology  due  to  the 
small  size  of  the  particles.  The  secondary  a  phase  begins  to  precipitate  at  400'<: ;  at 
that  temperature,  isothermal  os  and  secoridary  a  phases  ooexist  and  dark  field  images 
revest  that  os  particles  act  as  nudeation  sites  for  the  a  phase.  When  a  sample  is  slowly 
heated  up  to  4S0**C,  the  os  phase  disappears  and  fine  needes  of  secondary  a  phase 
are  only  observed. 

It  is  interesting  to  compare  the  morphology  and  the  distribution  of  secondary  a 
phase  after  a  slow  heating  up  to  S80°C  when  the  alloy  has  been  subjected  to  different 
cooling  rates  after  solution  treatment  (Fig.  4a  and  6a).  It  appears  that  the  a  phase  is 
much  finer  and  more  uniformly  distributed  when  it  precipitates  from  isothermal  oo 
phase  than  from  the  p  matrix.  The  same  tendency.  altfKMjgh  less  pronounced,  can  be 
observed  after  6  hours  at  580*<!  (Fig.  4b  and  6b).  In  the  case  of  ageing  in  salt  bath, 
i.e.  a  fast  heating  rate,  the  a  phase  directly  precipitates  from  p  and  its  aspect  does  not 
depend  on  the  cooling  rate  after  sokition  treatment  (Fig.  4c  and  6c). 

Following  microstruclural  investigations,  tensile  tests  at  room  temperature  were 
carried  out  on  the  pancake  in  some  selected  condHions  (Table  II).  A  high  strength  and 
a  very  low  ductility  have  been  measured  when  the  alloy  is  rapidly  quenched  after  solu¬ 
tion  treatment  and  slowly  heated  up  to  S80K).  This  result  is  attributed  to  the  extremely 
fine  size  and  strong  strengthening  effect  of  secondary  a  phase  grown  from  isothermal 
<0  particles  (Fig.  6a).  The  subsequent  ageing  treatment  induces  a  coarsening  of  a  pla¬ 
telets  and  leaife  to  a  decrease  in  strength  and  an  improvement  in  ductility.  The  opti¬ 
mum  properties  are  obtained  with  a  cooling  rate  of  5*C.s'^  alter  solution  treatment.  In 
that  concStion,  the  heating  rate  to  the  ageing  temperature  has  hardly  no  influence  on 
tensile  properties  and  this  result  is  consistent  with  microstnjctural  obMrvations. 


Table  II  Influence  of  heat  treatirrg  parameters  on  tensile  behaviour  at  20°C 


Solution 

treatment 

Ageing  treatment 

Y.S. 

(MPa) 

U.T.S. 

(MPa) 

El. 

(%) 

R.A. 

(%) 

830’<:  4h 

l<^.mln*’ 580*C 

1545 

0.7 

3 

\  50XJ.s-^ 

1“C.min-’  ^  580“C  +  580*C 

Rg 

1389 

4.3 

6 

SSO^X:  6h  (salt  bath) 

1302 

1363 

4.8 

9 

830”C  4h 

1»C.min'’ 580“C 

1230 

1368 

4 

9 

'a  5«c.s-^ 

1"C.min-’  ^  SaO’C  ♦  8h  58<W 

1185 

1261 

6 

16 

580<X:  8h  (salt  bteh) 

1253 

1316 

6.3 

14 

All  values  represent  the  average  of  two  tests 


t  of  nrotonnari  axnoMitea  at  ooaratina  temperafuraa 

An  important  property  for  all  materials  used  In  aeroengines  is  the  stablHty  over 
time  of  their  microstiucture  and  mechanicai  characteristics.  In  particular,  the 
alloy  contains  two  ^-eutectoid  stabilzers.  chromium  and  iron,  which  nu^  induce  the 
precipitaiion  of  TiCrj  and  TIFe  con^XMnds  with  a  consequent  decrease  in  duciilty.  Fw 
instance,  TiCra  pracipltates  have  been  identHfed  in  T1>3AF8V-6Cr-4Zr-4Mo  alloy  alter 
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long  poilodB  at  500%  [Q.  Also,  we  hme  looked  tor  a  poesible  oideiing  reaction  of  the 
a  phm,  bearing  in  mind  that  the  percentage  of  oetafailzing  elements  in  *p-CEZ*  is 
low  enough  so  that  an  extensive  precipitation  of  Ti3AI  is  unikaly  to  occur. 

Mkxostructural  studtos  and  tonsiie  tests  were  performed  on  the  eyindrical  bar 
supplied  in  a  fuHy  heat  treated  condition  (830%  1h,  cooing  rate  2%.s'^  580%  8h) 

(Fig.  2).  The  following  exposures  which  correspond  to  service  condWons  were  oonsi- 
dersd : 

•  425%  up  to  5000  hours. 

•  475%  up  to  500  hours. 

Tensile  teats  at  room  temperature  were  carried  out  after  these  exposures  and 
oorr^Mved  to  the  initial  condtion.  In  order  to  separate  the  influence  of  structural  instabi¬ 
lity  and  surface  oxidation,  the  spedmens  were  tested  with  the  surface  removed  or  re¬ 
tained,  raspectivety.  Also,  some  creep  tests  (250MPa)  were  pertotmed  under  similar 
conditions  of  temperature  and  Ime  to  detect  a  possibie  stress  assisted  predpitalioa 

AN  tensile  tests  results  are  listod  in  Table  III.  With  no  appied  stress,  it  appears 
that  there  is  no  change  in  properties  when  specimens  are  machined  after  exposure. 
Examination  on  thin  toils  was  unsuccessful  to  show  the  existence  of  an  heterogeneous 
precipitation  of  a  titanium  compound  Ike  TiCr2  or  TiFe.  Taking  into  account  the  very 
low  sokibilty  of  chromium  and  iron  in  the  a  phase,  0.3  and  0.05  wt%  at  500%  respec¬ 
tively  P],  and  the  concentration  of  these  elements  in  the  aHoy.  the  preceding  obeerva- 
tion  suggests  that  the  stabiization  of  the  p  phase  by  molybrtonum,  a  p-isomorphous 


Table  ill  Effect  of  various  exposures  on  tensile  behaviour  at  20% 


Y.S. 

(MPA) 

U.T.S. 

(MPa) 

El. 

(%) 

R.A. 

(%) 

Initial  oondtion 

1195 

1270 

15 

23 

425% 

300h 

1208 

1285 

15 

23 

lOOOh 

1230 

1X1 

15.2 

22 

0-0  (1) 

5000h 

1233 

1277 

13.5 

25 

475% 

lOOh 

1203 

1257 

15.1 

29 

SOOh 

1226 

1274 

13.5 

25 

425% 

300h 

1222 

1274 

13.2 

X 

lOOOh 

1227 

1304 

11.2 

11 

0-0  (2) 

SOOOh 

1241 

1294 

10.2 

14 

475% 

lOOh 

1216 

1279 

13 

24 

SOOh 

1241 

1275 

10.3 

13.5 

O-250MPa  (2) 

425% 

1000^. 

1185 

1264 

12.3 

19 

475% 

loot. 

1197 

1260 

10.5 

17 

(1)  surface  removed 

(2)  surface  retained 

AN  values  represent  the  average  of  two  tests 
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•tomcnl,  allows  chromium  and  iron  to  remain  in  sold  solution  in  p.  Ths  only  minor  mi- 
ciDstructural  change  occurs  after  SOOO  hours  at  425*C  ;  dNIuse  superlaitice  spots  can 
be  seen  on  dHlraction  patterns  of  the  a  phase  indcadng  the  very  beginning  of  TijAl 
formation. 

When  specimens  are  tensile  tested  with  the  surface  retained,  a  sIgM  decrease 
in  ductilty  is  observed  after  proionged  exposures  and  this  is  attributed  to  a  superficial 
oxygen  contamination. 

RnaHy,  the  appication  of  a  stress  does  not  lead  to  a  measurable  damage.  No 
stress  assisted  precipitation  was  detected  by  TEM. 

ConckiaionK 

The  phase  transfbrmation  generally  observed  when  the  alloy  is  solution 

treated  and  aged  is  p-^pHx.  ft  has  been  shown  that  the  transient  prec^iitalion  of  iso¬ 
thermal  oa  phase  only  occurs  after  a  rapid  quenching  (SO^C.s''*)  followed  by  a  vwy  low 
heating  rate  to  the  ageing  temperature  (I'^.min'^),  condftion  not  encountered  in  the 
industrial  pradioe. 

Prolonged  exposures  at  operating  temperatures,  with  and  without  an  appled 
stress,  have  no  adverse  effect  on  microstructure  and  tensile  properties.  No  harmful 
precipitation  was  detected  by  TEM  (TlCrj,  TiFe,  ri3AI,...). 

These  results  highlight  the  good  structural  stability  of  ‘pCEZ*  alloy.  No  brittle 
phase  appears  during  usual  heat  treatments  or  swvice  condftions. 
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Abstract 

The  relationships  between  the  deformation  mechanisms  and  the  fracture  process  in  tte  S 
metastsbie  B-C^  alloy  (Ti-S%Al-2%Sn-4%Zr-4%Mo-2%Cr-l%Fe)  have  been  inveslitiied 
to  correlate  the  microstiucture  influence  to  the  mechanical  properties.  Two  series  of  samples 
have  been  tested  in  tension  and  toughness  at  room  temperature:  as  Solution  Tremed  (ST) 
specimens,  consisting,  after  water  quenching,  in  primary  a  (od)  and  B  metastaMe  (Bm) 
phases,  and  Solution  Treated  and  Aged  (ST-t-A)  sampled  for  which,  Bm  transforms  into 
secondary  a  (all)  and  stable  B  (fis).There  is  a  change  in  the  deformation  mechanisms  in  the  B 
phase,  from  dislocation  for  low  ST  temperatures,  to  dislocation  -i-  twinning  for  high  ST 
temperatures.  This  evolution  is  related  to  Bm  stability.  For  ST  temperatures  below  the  B 
transus,  the  ductility  is  governed  by  the  al/Bm  interface  cracking,  and  the  strength,  by  the  Mm 
ol-ol  interspacing  which  is  related  to  the  dislocations  mean  free  path  or  twins  length.  For  the 
ST-t-A  samples,  when  the  ageing  tmnperatoie  increases,  all  particles  coarsen,  and  the  oIMs 
matrix  is  softer.  The  strengdi  is  then  related  to  the  on  average  size  in  a  Hall-Petch  fashioa. 
Toughness  is  controlled  by  the  crack  path  tortuosity  through  the  all  precipitates,  and 
increases  when  they  coarsen. 


InirodiKiion 

Over  the  last  past  five  years,  the  development  of  B  metastaMe  dtaniaro  alloys  has  been 
stressed  by  the  need  of  ever  improved  materials,  either  on  the  viewpoint  of  strer^lh, 
toughness,  creep  resistance,  forroability,  or  corrosion  resistance.  Some  of  the  newly  designed 
B  metastable  alloys  ate  refered  to  as  B-CEZ  [1,2],  a  high  strength-high  toughness-meidiam 
temperatures  creep  resistant  grade,  or  SP  700  [3,4],  a  high  strertgth-low  tetagteraare 
superplastic  material,  or  TIMETAL  21S  [S],  a  high  strength-corrosion  resistant  alloy. 


The  authors  acknowledge  with  gradtude  the  DOA/MlET/STPAd  financial  supports,  forihe  B- 
CEZ  alloy  development  Most  of  this  work  has  been  carried  out  during  the  training  period  of 
G.Dumaa  in  his  course  of  engineering  degree  at  the  Ecole  des  Maes  de  Paris.  The  authors  are 
enddned  to  Pnrf.  A.  Pineao  who  organized  this  period. 
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However,  for  all  dieae  maierials,  the  final  ue  lies  in  the  ade^iue  micioatnictiire  coattol 
(obbriaed  ihro^  their  laife  whidow  processing)  and  whidi  is  targeied  towards  either 
designing  or  limiting  propeities.  For  this  purpose,  some  basic  knowlet^  of  the  defonualion 
mechanisms  and  fracture  processes  is  required  to  figure  out  the  influence  rtf  the 
microstracture  on  the  properties. 

Therefore,  the  objectives  of  this  paper  are.  at  first,  to  characterize  the  deformation  modes  and 
fracture  mechanisms,  then,  by  a  qualitative  observation,  to  determine  the  relevant  parameters 
contndling  both  the  deformation  and  the  fracture,  and,  finally,  provided  that  the 
microstructure  is  well  quantified,  to  propose  some  relationships  between  a  property  and  a 
microstructoral  parameter.  For  such  a  study,  the  S-CEZ  alloy,  patented  by  CEZUS  at  die  end 
of  the  80‘s,  has  been  chosen.  It  is  assumed  that  this  material  is  representaiiw  of  B  metastsMe 
titanium  alloys. 

Malarial  and  experimental  procedures 

S-CEZ  is  the  registetet  amercial  name  of  the  Ti-S%Al-2%Sn-4%Mo-4%Zr-2%Cr-I%FB 
(wt  %)  grade  [6].  The  ^  'Serial  comes  from  a  tri|de  VAR  0  S30  mm  ingot,  the  actual 
composidon  of  which  is  given  in  table  I. 


Table  I:  Chemical  compositiott  of  the  B-CEZ  used  in  this  study  (wt  %) 


Al 

Sn 

Zr 

Mo 

a 

Et 

O 

N 

4.94 

ZOl 

4.16 

4.00 

2.20 

1.02 

895* 

55* 

(*  ppm  by  weight) 


The  S  tnmsus  temperature  of  this  material.  T8.  is  890  *C  0  ISO  mm  bars  have  been  prepared 
by  forging  in  the  a<i4  range.  To  start  with,  dw  microstructwe  displays  an  equiaxed  ptimaty  a 
phase  (labeled  ol  in  the  following),  with  transformed  fi  in  between.  In  order  to  separate  die 
role  of  od  from  the  others  phases,  samples  solution  treated  for  2  hrs  and  water  quenched 
(W())  have  been  used,  which  retain  amounts  of  8  meiastable  phase  (refeied  to  as  8m),  taking 
advantage  of  the  high  hardenability  of  the  gnde.  A  typical  microstracture  is  presetted  in 
figure  1  (a).  Upon  a  8  hrs  long  ageing  tieatmem  (see  figure  1  (b)),  Bm  transforms  into  a  fine 
lamellar  secondary  a  (named  all)  and  stable  8  (labeled  Bs).  The  solution  treatment 
temperature  was  varying  in  the  830-910  *C  range,  whereas  die  ageing  temperature  was  in  the 
S50-6S0  *C  range  (followed  by  air  cooling:  AC). 

The  mechanical  properties  have  been  determined  in  tension,  to  characterize  stieaglli. 
ducdUly.  deformation  mechanisms  with  damage  nucleation,  and  toughness  tests  for  catk 
propagttion.  Creep  and  fatigue  (dafdN  and  S-N  corves)  have  also  been  characterized  but  wffl 
not  be  detailed  here.  The  microstnictuies  or  fracture  swfaces  have  been  ttismved  by  aaeans  of 
optical  microscopy,  with  sometimes  polarized  light,  SEM,  STEM  and  TEM.  They  have  been 
quantifred  for  both  otl  and  on  by  Image  Analysis  coupled  to  SEM  or  STEM. 

Results 

The  results  are  gathered  in  the  table  n.  They  inesenl  at  frrst  the  tensile  properties  md  the 
toughness  level  as  a  function  of  heat  treatment  For  each  treatment  die  particles  size  as  well 
as  the  volume  fraction  are  imticated.  For  al.  direct  measurement  is  made  by  Image  Amdytds, 
but  due  to  their  very  small  sin.  special  tectinkines  Imve  been  developped  to  get  an  estimate  of 

1M 


the  an  The  techniques  will  be  not  pteaented  here;  they  are  baaed  upon  mathematic 
morphology. 


Table  11:  Selection  of  tensile  properties,  toughness  and  microstructure  quantificatkHi 


Treatment 

0.2%  YS 
(MPa) 

(JTS 

(MPa) 

Et 

(%) 

Kk 

MPam'“ 

of  size 
(pm) 

oDsae 

(pm) 

%al 

%S 

830  ‘Cyih/WQ 

842 

951 

16 

87 

3.2 

- 

25 

75 

830'C/2h/WQ  + 
S50  'am AC 

1518 

1601 

2 

- 

3.2 

0.03 

25 

19 

830  'a2h/WQ  + 
600*C/8H/AC 

1211 

1282 

7 

48 

3.2 

0.08 

25 

27 

830  *€7211^0  + 
650*C/8H/AC 

1070 

1112 

13 

51 

3.2 

0.16 

25 

36 

860  'Olb/WQ 

755 

969 

19 

82 

3.1 

- 

4 

96 

860'C/2h/WQ  + 
550  *C/8H/AC 

1478 

1557 

2 

29 

3.1 

0.04 

4 

21 

860’C/2h/WQ  + 
600'C/8H/AC 

1304 

1370 

4 

39 

3.1 

0.07 

4 

31 

860  ’C/2h/WQ  + 
650*C/8H/AC 

1109 

1161 

9 

59 

3.1 

0.19 

4 

45 

910  •Cy2hAVQ 

723 

927 

10 

64 

- 

- 

0 

100 

910*Cy2h/WQ  + 
650  '08H/AC 

1036 

1159 

3 

67 

• 

0.18 

0 

32 

Ai  wltttifln  ttcMcd  (as  STcd)  aticamcna 

As  it  has  been  published  elsewhere  [7,8],  when  the  solution  treatment  temperature  increases: 
-*  the  number  of  of  particles  decreases,  whereas  their  size  remains  somehow  constant, 
-» the  strength  and  toughness  decrease  too,  but  the  ductility  grows  in  the  a-HS  rapge, 
and  is  reduced  in  the  6  field, 

the  fim  phase  deforms  by  dislocations  but  mote  and  mote  by  twinning  as  shown  in 
figure  2;  of  always  deforms  veiy  uniformly  by  dislocations, 

-*  m  phase  precipitation  is  enhanced  as  shown  by  TEM  selected  area  diffractioa 
patterns  in  figure  3:  the  o  particles  are  so  small,  however,  that  dark  field  tedmique  fails  to 
reveal  them;  deformed  specimens  exhibit  traces  of  a”  oithombic  phase  ptec4>itation, 

-*  fracture  surfaces  are  always  covered  by  equiaxed  dimples,  which  become 
sometiffleselongaied  in  the  100%  Bm  sample  (figute  4), 

-*  side  views  of  toughness  specimens  dtow  that  crack  propagation  ukes  (dace  in  Bm 
and  at  the  al/Bm  interface  (figure  S). 

SnlBtimi  Wiitcd  ind  aictl  (ST±A1  accimeM 

an  phase  piedpitaies  out  very  finely  and  special  techniqties  have  been  detdoppad  to 
observe  and  quantify  the  sttoctorea  (7-91.  When  the  ageii^  temperatme  is  raised,  on  lamhDae 
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cousen  and  their  number  is  reduced;  the  fis  phase  proportion  grows.  Strength  decreases,  md 
both  ductility  and  toughness  increase,  ol  and  all  deform  only  by  dislocations.  Contrary  to 
what  was  curved  in  the  as  STed  specimens,  the  dislocations  ate  often  arranged  into  intense 
shear  bands  in  oI  which  create  steps  at  the  boundary,  as  shown  in  figure  6.  In  all  the 
specimens,  the  fracture  is  ductile  in  nature  and  consists  of  very  small  equiaxed  dimples.  Some 
of  them  are  elongated,  and  are  relevant  of  oil  lamellae  disbonding.  Quite  oftmi,  miooctadts 
nucleate  at  the  od  grain  boundary  (figure  7). 

Piscussion 


In  the  as  STed  specimens,  as  Bm  is  more  metastable,  i.e.  as  the  ST  temperature  is  raised, 
athermal  tu  phase  precipitation  is  enhanced  (water  quenching  from  temperatures  below  860 
*C  does  not  reveal  it),  and  the  m  particles  are  very  fine.  Simultaneously,  deformation  by 
twinning  becomes  prominent  These  results  on  twinning  are  consistent  with  those  of  literature 
concerning  Ti-15%Mo-S%Zr  [10],  Ti-Fb  [1 1]  or  H-Cr  [12]  alloys.  Probably,  as  suggested  in 
the  case  of  Bm  single  crystals  [13],  the  presence  of  m  phase  suppresses  the  normal  movement 
of  dislocations  in  the  b.c.c.  lattice,  and  thereby,  promotes  the  occurence  of  other  modes  of 
deformation,  such  as  twinning. 

On  the  other  band,  the  corresponding  fracture  surfaces  exhibit  ductile  dimples  some  of  them 
being  elongated.  In  the  case  of  a  type  titanium  alloys,  the  occurence  of  twinning-elongated 
dimples  has  also  been  reported,  as  in  die  case  of  Ti-S%Al-2.S%Sn  [14]  at  cryogenic 
temperatures,  or  ASTM  grade  2  containing  hydrides  [IS].  In  the  last  two  studies,  die 
restriction  in  the  dislocation  motion  is  due  to  the  lack  of  thermal  activation  or  hydrides 
presence,  and  the  elongated  dimples  have  been  related  to  twins  intersections  or  twin-grain 
boundary  interactions.  The  same  seems  to  apply  in  the  case  of  B-CEZ  aUoy  in  the  B  phase, 
and  the  presence  of  the  ditch  in  figure  4,  looks  very  similar  to  those  reported  [14.15]. 
Dislocation  pile  ops  or  twins  at  the  B  grain  boundaries  or  od/Bm  interface  lead  to  very  hi^ 
local  stress  concentrations.  Especially,  crack  nucleation  occurs  at  these  points  [9].  In 
toughness  tests,  ol/Bm  interface  breaks  easily  and  deviates  crack  path. 

In  the  STM  samples,  which  ate  representative  of  industrial  treatments,  it  is  confirmed  that 
isothermal  ro  phase  is  not  found.  But,  as  shown  elsewhere  [16],  the  athermal  o>  phase 
precipitates  act,  at  the  begining  of  the  ageing  process,  as  nucleation  sites  for  orll.  The  odi 
piecipitadon  is  therefore  very  fine,  and  the  particle  size  is  sub-microscopic.  When  the  ageing 
temperature  is  raised,  this  size  increases  too,  as  for  the  Ti-15-3  [17].  The  odl/Bs  interface  it  a 
very  efficient  barrier  to  dislocation  dip.  This  results  in  a  very  high  strengdiening  effect,  and 
the  odI+6s  matrix  is  very  hard,  as  shown  by  micro  hardness  measurements  [9].  The 
deformation  is  accomodated  by  the  softer  regions  of  the  material,  i.e.  the  od  graiio.  TMi  it 
consistent  with  the  presence  of  intense  shear  bands  in  the  od  phase.  Then,  ctaddng  oooirs 
very  easily  at  the  od  boundary. 


In  both  the  at  STed  and  STM  ipecinieas,  a  and  B  phaae  deform  extenahiety.  In  the  at  STed 
templet,  ditlocetkm  pUe  opt  or  twin  knglh  letetkmt  thoold  incieaae  die  ducdBqr. 
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EspeciaUy.  below  TS.  reducing  the  ST  tempentute  would  lead  to  a  more  ductile  aUoy. 
because,  if  the  ocl  grain  size  does  not  vary  signifkaMly.  al-ol  imetspucing  decreases. 
Nevertheless,  the  contrary  applies  here,  and  this  suggests  that  the  oI/Bm  interface  is 
rawitmUin  the  ttomayi  fwyto«rinn  Whoi  the  ST  temperature  is  lowered,  the  total  ol/Bm 
interface  lengdi  grows,  and  the  possibility  of  microcracking  is  greater. 

In  the  ST+A  specimens  the  material  consists  of  ^proximately  70-80  %  a  phase.  The 
properties  can  be  explained  only  by  it.  and  more  ^teciflcally  by  an.  since  al  size  does  not 
vary  that  much.  The  finer  are  the  oO  partkies,  the  larger  is  the  strength,  and  the  lower  is  the 
toughness.  In  particular,  it  has  been  found  that  0.2%  YS  obeys  a  Hall-Petch  relationship,  the 
consistency  of  which  is  given  in  figure  8.  On  the  other  hand,  when  the  on  coarsen,  the 
UMighnes  is  enhanced  as  shown  in  figure  9.  The  relationships  can  be  established 
independantly  oh  the  heat  treatment  conditions,  which  justines  the  choice  of  all  size  as  the 
pertinent  mkrostructural  parameter. 

Conclusions 

B-CEZ  prBripimritwi  chafacteristics,  deformation  mechanisms  and  fracture  processes  exhibit 
all  the  features  already  encountered  in  the  B  metastable  titanium  alloys.  The  fracture  process 
has  been  related  to  the  deformation  mechanisms,  and  especially,  for  the  STed  specimens,  die 
occurrence  of  eltmgated  dimples  is  probably  related  to  damage  induced  by  twinning.  Based 
on  the  observations  made  on  ST-t-A  samples,  strength  and  toughness  are  both  a  function  of  the 
on  grain  size;  it  is  a  remarkably  good  fit  to  the  Hall-Petch  relationship  for  strength. 
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Insure  I:  Typical  microstnictuies  of  equiaxed  B-CEZ  alloy:  (a)  as  ST'  at  830  *C,  (b)  after  ST 
(at  830 'O+A  (at  600*0. 


ngnre  2:  Polarized  light  in  optical  micro¬ 
scopy  for  the  100  %  0  metaataUe 
sample.  Le.STed  at  910  *C. 


ngure  3;  Selected  Area  Difftictkw 
Pattern  showing  CB  traces; 
ST  at  860  *C,  zone  ans  B  > 
IllOJ. 


Fitnre4:l^t«wxldimtteinttieft>ctogny^  Rfiiie  S:  Cnck  pnqMtiatioii  in  the 

forthesampkSTedat860*C.  sani]^  STed  at  830 ‘C 


Rtiire6:TEMbfi£btfkldof  tbespecinien  Hfore  7:  Damage  occurring  at  flie  ol 
sredat860*CBndagedat650*C;  interface  in  a  ipecimea  STed 

ol  eahibiting  inteoae  riiear  baiKk  and  al  860  *C  and  aged  at  S50 ’C 

atepa  at  dm  boundary. 


(Alpha  II  size)” (pm) 

Figure  8:  After  ST+A;  Hall-Petch  relationhip  0.2%  YS  vs.  the  inverse  square  root  of  the 
an  size. 


Figure  9:  Toughness  vsiistions  for  ST-i-A  samples,  as  a  function  of  odi  siae. 
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Abstract 

High  cycle  fatigue  and  fracture  toughness  properties  of  large  size  Ti-6A1-4V 
forgings  with  acicular  a  alcrostructures  were  studied.  According  to  forging 
and  heat-treatient  conditions,  acicular  a  alcrostructures  showed  higher 
fatigue  strengths  than  eguiaxed  a  alcrostructures.  The  thinner  the  thickness 
of  an  a  phase  in  the  /S  grain  boundary,  or  the  finer  the  acicular  a 
alcrostructures  becaae,  both  the  fatigue  strength  and  fracture  toughness  were 
iaproved. 

Introduction 

Host  of  the  titaniim  alloys  including  Ti-6Ai-4V  tested  here  are  used  with 
equiaxeda  alcrostructures.  In  the  case  of  a  relatively  saall  product,  the 
a  grain  can  be  worked  into  a  fine  granular  equiaxed  a  grain,  since  finish 
hot  forging  in  the  a  +  /3  phase  under  B  transus  is  sufficiently  applicable. 

By  Baking  an  a  grain  fine  and  equiaxed.  it  hecoaes  possible  to  iaprove 
fatigue  strength  and  ductility  of  an  alloy.  However,  especially  in  the 
aanufacture  of  large  sized  products,  the  percentage  of  the  finish  hot  working 
under^  transus  is  not  sufficiently  high  owing  to  the  diaensional  liaitations 
in  ingots,  which  iaposes  not  only  restrictions  on  the  extent  of  obtainable  fine 
and  equiaxed  a  aicrostructure  but  also  brings  a  fall  in  fatigue  strength. 

For  this  reason,  in  the  aanufacture  of  such  large  sized  products,  there  have 
been  soae  cases  of  practical  use  of  acicular  a  aicrostructure  instead  of 
obtaining  an  elongated  a  grain  in  virtue  of  the  finding  that  high  cycle 
fatigue  strength  of  acicular  a  aicrostructure  is  better  than  that  of  the 
elongated  a  garain  [  1  1. 

But  it  does  not  seea  to  be  widely  acknowledged  yet  which  aorphologies  of 
acicular  a  aicrostructures  have  superior  fatigue  strength,  in  particular, 
to  equiaxed  a  alcrostructures. 

Here  in  this  paper,  results  of  a  experiaeat  carried  out  on  Ti-6AI-4V  with 
acicular  a  alcrostructures  under  a  variety  of  forging  and  heat  treataent 
conditions  and  of  a  study  as  to  the  relationship  between  high  cycle  fatigue, 
fracture  toughness  and  aicrostructural  characteristics,  are  reported. 
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Experiaental 

Table  I  describes  the  cheaical  coapositions  of  the  Ti-6Ai-4V  tested,  and 
Table  II  indicates  forging  /  heat  treatient  conditions  after  the  fabrication 
of  a  billet.  A  billet  of  a  180  ■  diaaeter.  subjected  to  20X  forging  ratio 
after  B  heat  treataent.  was  used.  The  billets  cut  were  subjected  into  a 
partial  coapression  upsetting  process  in  their  longitudinal  direction  so  that 
they  were  worked  into  panacake-like  test  pieces  having  a  125  aa  thickness  with 
predeterained  forging  ratios.  The  pancakes  with  a  125  ■  thickness  and  a  200 
aa  diaaeter  after  aachined  were  heat  treated.  However,  in  the  cases  of  test 
pieces  Nos.  12  and  13  of  TableS.  they  were  subjected  to  heat  treataents  after 
having  been  aachined,  following  the  upset  forge,  into  rings  having  a  160  a 
outer  diaaeter.  a  30  a  thickness,  and  a  125  a  height. 


Table  I  Cheaical  coapositions  tested. 


V 

Pe 

C 

N 

0 

4.25 

0.200 

0. 008 

0. 0039 

0.168 

*  The  hydrogen  content  is  in  the  case  of  No.  9. 
Table  II  Forging  and  heat  treataent  conditions. 


i\ 

NoX 

/9HT 

(X:) 

Up-Set 

(X) 

Up-Set 

(X) 

HT 

1 

7  0 

a+0  STOA 

2 

2  0 

a+0  STOA 

3 

ft 

0  STOA 

4 

2  0 

0  STOA 

5 

— 

tf 

OA 

6 

5  0 

0  STOA 

7 

ft 

OA 

8 

\  - 

5  0 

0  STOA 

9 

118  0 

3  0 

5  0 

0  STOA 

1  0 

ft 

ft 

tt 

OA 

1  1 

118  0 

5  0 

OA 

1  2 

2  0 

0  STOA 

1  3 

ft 

OA 

1  4 

ft 

0  STOA 

Round  billets  used  in  this  study  are  finish-forged  to  180m  diaaeter  bars  at 
the  reduction  rate  of  20X  at  980t;  after  0  quench  treataent,  1050  t;,  2hr,  VQ. 

si  Test  piece  size  when  heal  treated  - 

125m  thick  x  200m  dia  except  Nos.  12  and  13  where  rings  with  outer-diaaeter 
IGOaa,  thickness  30aa,  and  height  125m  are  cut  out  after  up-set  forged. 

52  0  heat  treataent  - ItSOt:.  2hr.  AC  .(0  transus  teap  =988*C) 

53  a  +  0  up-set  forge  -  8801C 

54  0  up-set  forge  -  1040^  except  Na8  conducted  at  lf50t: 

55  0  STOA  -  1040t:,  2hr,  IQ  +  705X3,  2hr,  AC  except  NnU  where  keeping 

tine  at  1040X3  la  l/2br. 

S5  a  +  0  STOA  - 95SX:.  2br.  ID  +  705X3,  2hr,  AC 

S5  OA  -  705X3,  2hr.  AC 
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Test  pieces  for  tensile  and  fatigue  testing  were  cut  out  at  a  1/2  radius  and  in 
the  longitudinal  direction  in  the  case  of  the  pancakes,  and  at  a  aid-thickness 
and  in  the  direction  of  the  height  in  the  case  of  the  rings.  Thus,  the  tensile 
and  fatigue  test  pieces  were  aachined  with  a  6. 25  la  and  8. 0  an  diaaeter, 
respectively,  at  their  parallel  portion.  The  tatter  test  pieces  aere  polished 
up  longitudinally  with  Eaery  Paper  f  1200.  Fracture  toughness  and  fatigue 
crack  growth  test  pieces;  ASTV  type  CT  speciaens  having  a  25.4  aa  and  12.7  aa 
thickness  respectively,  were  aachined  so  that  cracking  aight  be  on  the  plane 
of  a  1/2  thickness  of  a  pancake  and  propa^te  to  its  radial  direction. 

The  suaaary  of  forging  /  heat  treataent  conditions  shown  in  Table  I  is  as 
fallows:  As  coaparative  aaterial.  provision  was  aade  for  Nos;  1  and  2  test 
pieces  forged  in  the  a  +  $  field  with  varied  percentages  of  finish  hot  working, 
followed  by  a  solution  heat  treataent  in  the  a  +  H  field  and  annealing  (STOA) 
or  just  an  annealing  process.  Nos, 3  to  7  are  test  pieces  which  were  given  finish 
hot  working  under  or  over  0  transus  with  a  variety  of  working  ratios,  and  then 
a  solution  heat  treataent  at  1040  XI  over  iStransus  followed  by  annealing 
(  0  STOA)  or  only  annealing  as  indicated  in  the  Table.  No. 8  is  a  test  piece 
subjected  to  0  STOA  after  forged  at  a  higher  teaperature  of  1150X)  in  the  0 
field.  Nos. 9  to  11  are  cases  when  the  billet  of  180  aa  in  diaaeter  were,  before 
final  forge,  heated  up  at  1180  ^  ia  the  i9  field  followed  by  air  cool  in  order 
to  aake  their  aicrostructures  coarse.  /  Nos.  12  and  13  were  froa  the  above- 
aentioned  rings.  No.  12  was  sujected  to  the  saae  conditioa  of  the  finish  forging 
and  heat  treataent  as  No.  3.  but  cooled  at  higher  rate  after  holding  the 
solution  teaperature  than  No. 8.  No.  18  was  just  annealed.  In  the  case  of  No.  14. 
its  solution  holding  tiae  was  shortened  froa  2  hours  for  No. 8  to  a  1/2  hou 
The  purpose  of  a  series  of  the  tests  carried  out  under  aaay  kinds  of  forging  and 
heat  treataent  conditions  as  above  aeationed  is  to  search  for  a  guide  line  to 
aanufacturing  conditions  for  iaproviag  high  cycle  fatigue  and  fracture  toughness 
properties. 

Results  and  discussion 


Fig.  1  shows  soae  exaaples  of  aicrostructures  obtained  after  final  beat 
treataents. 

As  for  the  eguisxed  aicrostructures  of  Nos.  1  and  2,  it  could  be  expected  that 
No.  1  with  he  higher  finish  forging  ratio  would  have  a  finer  a  garaia  than 
No.  2.  The  fact,  however,  was  that  there  was  no  big  difference  la  thea  grain 
size  between  thea.  This  can  be  attributed  to  heatiag  tiaes  difference:  twice  for 
No.  1  and  once  for  No.  2.  Speaking  of  the  e«iiaiod  a  aicrostructures  of  Nos.  2 
and  18.  the  foraer  STOA'ed  revealed  soaenhat  a  finer  a  grain  thna  the  latter 
just  annealed,  la  the  case  of  acicolara  aicrostructures,  it  has  becnae  clear 
that,  with  respect  to  the  degree  of  fiaeau  of  a  aelcular  a  Umo  la  %0  grain 
and  that  of  thickness  of  a  a  phase  \%%  0  grain  bouaiary.  those  aatorials 
such  as  Nos.  12.  IS.  and  14  obich  aere  subjected  to  f iaiab  hot  working  la  the  a 
+  0  field  and  then  to  aiS  STOA  process  shsaod  the  fiaost  and  thinnest  a  Phase 
in  a/8  grain  and  ia  a  0  grain  bounisrT,  respoctively.  Porthorwora.  ia  the  case 
of  acicular  aicrostructures.  there  was  a  trend  that  the  thinner  the  a  phase 
along  a  0  grain  boundary  becaae,  the  finer  the  acicular  a  in  a  /8  grain.  Aaong 
then,  the  test  piece  which  showed  the  aost  refined  aicrostructure  in  the  above- 
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mentioned  sense  was  the  B  STOA'ed  ring-shape  material  No. 12.  Uaterials  Nos. 3 
and  4,  which  were  assigned  2  hours  and  a  1/2  hour  of  a  solution  holding  time, 
respectively,  did  not  show  any  remarkable  difference  in  their  microstructures. 
Uaterials  which  showed  the  second  finest  microstructures  were  Nos.  4  and  8,  made 
of  a  billet  subjected  to  water-cooled  B  treatment  and  to  forging  in  the  B 
field  and  then  to  B  STOA  heat  treatment,  followed  by  Nos. 9  and  6  subjected 
to  additional  air-cooled  treatment  to  a  billet  and  to  forging  in  the  B  field 
and  finally  to  B  STOA  heat  treatment.  Test  pieces  which  revealed  the  coarsest 
microstructures  were  a  group  of  Nos. 5.  7,  10.  and  11,  made  of  materials  subjected 
to  final  forging  in  the^  field  and  to  an  annealing  process:  Among  them.  Nos.  10 
and  11  subjected  to  additional  air-cooled  B  treatment  showed  the  coarsest 
microstructures.  Furthermore,  the^SSTOA  ed  materials  showed  clearly  observable 
B  grain  boundaries,  while  the  just  annealed  materials  revealed  imperfectly 
recrystallized  microstructures  featuring  discontinuous  a  phases  along  B  grain 
boundaries.  As  for  the  relationships  between  forging  /  heat  treatment  conditions 
and  microstructures,  further  detailed  experiments  and  their  analyses  are  needed. 


Fig.  1  Some  examples  of  microstructures  obtained. 
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The  Dhole  tensile  test  results  at  rooa  teaperature  are  shoan  in  Table  1. 

Equiaxed  a  and  fine  acicular  a  aicrostructures  showed  soaeahat  higher 
strength  than  coarse  acicular  a  aicrostructures.  As  for  ductility,  equiaxed  a 
aicrostructures  showed  higher  values.  In  the  case  of  the  acicular  a 
aicrostructures,  the  finer  the  aicrostructures  were,  the  better  the  ductilities 
becaae.  Aaong  the  acicular  a  aicrostructures  No.  12.  of  which  cooling  rate  after 
holding  solution  teaperature  was  higher,  and  No.  14  subjected  to  the  shortened 
solution  holding  tiae,  deaonstrated  higher  ductilities  for  their  high  strength 
values.  It  was  ascertained  that  even  though  it  was  an  acicular  a  aicrostructure. 
the  ductility  could  vary  reaarkably  according  to  its  aicrostructural  fineness. 


Table  ■  Tensile  properties  at  RT. 


1 

1 

1  2 

3 

i 

1  ^ 

5 

6 

7 

8 

9 

10 

11 

12 

13 

14 

0. 2YS(llpa) 

850 

i 

851 

885 

867 

834 

842 

782 

841 

836 

786 

780 

936 

912 

866 

TS  (Hpa) 

997 

939 

973 

957 

916 

940 

902 

935 

924 

897 

901 

1030 

1011 

964 

Ef  (  X  ) 

13 

8 

7 

6 

7 

9 

10 

7 

7 

9 

8 

9| 

9 

RA  (  X  ) 

28 

22 

12 

13 

20 

19 

22 

14 

18 

18 

19 

11 

18 

13 

Table  IV  shows  the  suvary  of  fatigue  strengths  at  10'  cycles  on  all  of  the 
cases  tested.  The  test  results  confiraed  that  even  though  it  was  an  acicular  a 
aicrostructure,  its  fatigue  strength  could  be  superior,  according  to  the 
aanufacturing  conditions,  to  that  of  an  equiaxed  a  aicrostructure.  The  nterial 
No.  12.  which  was  finish  forged  in  the  a  +  d  field  and  then  B  STOA'ed,  of  which 
cooling  rate  after  holding  at  the  solution  teaperature  was  higher,  showed  the 
best  fatigue  strength.  Also,  the  fine  acicular  a  aaterials  subjected  to  t  B 
STOA  process  such  as  Nos.  3.  4,  14,  etc.  showed  higher  fatigue  strengths  than 
thoes  of  the  equiaxed  a  aaterials.  However,  those  test  pieces  which  were  finish 
forged  in  thed  field  and  then  just  annealed  showed  generally  deteriorated 
fatigue  strengths.  A  series  of  relationships  between  the  fatigue  strengths  and 
other  aechanical  /  aetallurgical  properties  such  as  the  tensile  strengths,  the 
reduction  of  area.  B  grain  sizes  obtainable  when  fully  recrystallized,  and  a 
phase  thicknesses  along  a  B  grain  boundary,  were  plotted  so  as  to  study  the 
extent  of  their  correlativity  to  the  fatigue  strengths.  A  relatively  good 
correlation  was  obtained  fro*  the  relation  with  respect  to  the  a  phase 
thickness  of  a  j3  grain  boundary  and  to  the  tensile  strength  as  well.  Fig.  2 
shows  the  relationship  of  the  fatigue  strength  to  thea  phase  thickness  aloag 
a  B  grain  boundary,  plotted  in  the  order  of  the  thickness.  Considering  frow 
the  fact,  in  the  case  of  acicular  aicrostructures.  that  the  fine  acicular  a 
aicrostructure  of/9  STOA'ed  aaterial  had  a  trend  of  having  both  higher  tensile 
and  fatigue  strength,  while  the  coarse  acicular  a  aicrostructure  tended 
to  have  a  lower  value  of  thea  the  considerably  close  correlation  of  the 
fatigue  strength  to  the  tensile  strength  nay  safely  be  affimed  to  be  another 
way  of  view  of  Fig.  2.  showing  the  good  correlativity  of  the  fatigue  strength 
to  thea  phase  thickness. 
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Table  IV  SuMary  of  fatigue  strengths  at  10'  cycles. 

(MPa) 


il^(3)(S)®®(§)®®CD®(Q) 


Order  of  grain  boundary  thickness  — - 

Fig.  2  Graph  of  fatigue  strengths  against  B  grain  boundary  a  phase 
thickness. 


Here,  an  additional  fatigue  test  for  a  Ti-6A/-4V  saall  diaaeter  bar  of  20hi. 
nhich  nas  sufficiently  hot  rolled  fro*  I30b  to  20m  in  diaaeter  in  the  a  +  ff 
field  after  0  treataent.  nas  conducted.  One  group  of  the  bar  nas  STOA’ed  in 
ttu  a  +  0  field,  and  the  other  group  nas  0  STOA’ed.  Fatigue  strengths  at  10' 
cycles  were  600  and  630  iPa.  respectively  as  shorn  in  Fig.3.  It  has  becoae  clear 
that  the  fatigue  strength  of  the  acicular  a  aicrostructure  nas  eicel lent,  even 
in  the  case  of  a  saall  product  like  the  bar. 

Also,  a  series  of  fatigue  crack  grenth  tests  were  concordant  for  soae 
pancake-like  aaterials  in  Table  I.  obtaining  a  result  concordant  nith  the 
coaaonly  knonn  inforaation.  that  is  to  say.  acicular  a  aaterials  is  superior 
to  equiaxed  a  aaterials  in  the  fatigue  crack  propagation  characteristics. 

Table  V  shons  the  suaaary  of  fracture  toi«hness  test  results.  Values  of  the 
fracture  toughness  were  also  relativoly  uell  arranged  using  the  saae  paraacter 
as  used  for  the  aforeaenti(»ed  fatigue  test  results.  The  aell  knoan  result  is 
obtained  that  the  fracture  tougtness  of  an  aciculara  aicrostructure  is  better 
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Cycle,  (N) 

Fig.  3  Graph  of  fatigue  test  results  on  saall  diaaeter  bars. 

than  that  of  an  equiaxed  a  aicrostructure.  Proa  Pig.4.  it  can  be  seen  that 
the  perfectly  and  iaperfectly  recrystal iixed  wterials  are  considerably  tell 
arranged  under  a  respective  band,  of  nhich  result  till  contribute  positively 
to  further  understanding  of  fracture  toughness  dependency  on  aicrostructures. 
As  for  the  foraer  aicrostructures,  the  thinner  the  thikness  of  the  a  phase 
becoaes,  the  aore  the  fracture  toughness  is  i^roved. 

This  indicates  there  is  a  aicrostructure  nhich  siaultaaeously  gives  superior 
fatigue  strength  and  fracture  toughness,  of  nhich  fact  is  considered 
significant  froa  the  vienpoint  of  practical  application  of  the  results 
obtained  here. 


Order  of  fi  grain  boundary  thickness  — ► 

Pig.  4  Graph  of  fracture  toughness  values  against  B  grain  boundary  a 
phase  thickness. 


1.  ffcen  a  forging  and  heat  trreatient  condition  is  selected  appropriately,  an 
acicular  a  aicrostructure  can  siaultaneously  afford  a  superior  high 
cycle  fatigue  strength  and  fracture  toughness  value. 

2.  A  high  cycle  fatigue  strength  and  fracture  toughness  value  of  acicular  a 
■icrostrucrtures  can  be  improved  by  a  single  ■icrosturctural  paraaeter. 
thinning  of  a  phase  along  a  B  grain  boundary  or  refining  aicrostructure 
within  the  grain. 
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ABSIRACT 


The  objective  of  this  study  was  to  determine  the  effect  of  thermal  treatment  on 
cryogenic  mechanical  properties  for  the  cast  forni  of  5AI-2.5Sn  ELI  titanium.  The 
stiKty  consisted  of  a  two  by  three  thermiri  treatment  matrix  in  which  the  hot  isostalic 
press  (HIP)  and  anneal  temperatures  were  varied.  The  samples  of  the  matrix  were 
then  subjected  to  tests  at  room  temperature.  172  K,  77  K  (LNa),  and  4  K  (LHe) 
cryogenic  temperatures.  The  tests  included  smooth  tensile  tests  and  fracture 
toughness  tests. 

The  results  reveal  that  a  1227  K  HIP  process  in  combination  with  a  1 1 16  K  anneal 
cycle  produces  the  optimum  combination  of  ductility  and  fracture  toughness. 
Further,  the  properties  of  the  cast  5AI-2.5Sn  EU  titanium  alloy  are  comparable  to 
the  properties  of  the  wrought  alloy  at  all  temperatures.  The  results  demonstrate 
that  cast  5AI-2.5Sn  ELI  titanium  is  an  accepts^  alternative  material  for  cryogenic 
applications. 


MEROPUCTIQM 


The  5AI-2.5Sn  tKanium  alloy  is  an  all-aipha  alloy  with  good  weldabiHty  and 
elevated  temperature  strength.  The  extra  low  interstitial  (ELI)  grade  of  the  5AI- 
2.5Sn  titanium  alloy  has  demonstrated  an  excellent  history  as  the  material  of 
choice  for  cryogenic  applications  where  toughness  and  ductiity  are  required. 

SAI-2.5Sn  ELI  titanium  is  currently  used  almost  exclusively  in  the  wrought  form, 
especially  for  rotating  hardware.  Howe^r.  because  of  the  reduced  cost  and 
manufacturing  complexity  associated  wWi  casting,  the  cast  form  of  this  aHoy  is  of 
interest  for  fabrication  of  rocket  engine  cryogenic  turtwpump  rotating  hardware 
such  as  impellers.  nunkint  V2 
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EXPERIMENTAL  APPROACH 


The  experimental  goal  of  the  present  program  was  to  alter  the  microstructure  of 
cast  5AI-2.5Sn  ELI  tManium  for  improved  cryogenic  mechanical  properties, 
especially  fracture  toughness.  Theoretically,  the  optimum  microstructure  for 
fracture  toughness  would  be  one  which  produced  the  most  tortuous  path  for  the 
crack.  For  titanium,  this  would  be  a  microstructure  consisting  of  large  platelet 
colonies  containing  coarse  platelets. 


A  thorough  review  of  the  literature  revealed  that  no  information  on  the  effect  of 
thermal  treatment  on  the  microstructure  or  properties  of  cast  SAI-2.5Sn  ELI  titanium 
was  available.  Therefore,  the  literature  for  wrought  5Ai-2.5Sn  ELI  titanium,  wrought 
and  cast  6AI-4V  ELI  titanium,  and  odier  titanium  alloys  was  reviewed  to  determine 
thermal  treatments  [1].  However,  the  information  from  6AI-4V  EU  titanium  studies 
must  be  applied  to  SAI-2.5Sn  EU  titanium  with  caution  because  the  former  is  a  two- 
phase  alloy,  whereas  the  latter  is  a  single  phase  alloy. 

The  thermal  treatment  of  cast  titanium  alloys  normally  consists  of  a  hot  isostatic  j 
press  (HIP)  followed  by  a  heat  treatment.  For  cryo^nic  applications,  the  heat  I 
treatment  is  an  anneal  ^de  designed  to  produce  ofM'mum  cryogenic  ductility.  | 

i 

The  two  HIP  processes  selected  were:  (1)  1 172  K/ 103.5  MPa/ 2  hours  I 

(2)  1227  K/ 103.5  MPa/ 2  hours  I 

These  are  the  two  most  common  HIP  processes  for  titanium  alloys.  Both  have  | 
demonstrated  the  capability  to  dose  internal  defects  in  titanium  castings.  Both  HIP 
processes  were  evaluated  to  deterrdne  the  effed  on  the  thermal  history  of  the  | 
material.  I 

j 

The  three  anneal  cydes  selected  were:  (1)  1116  K/ 2  hours  1 

(2)  1255  K/2  hours  i 

(3)  1338  K/2  hours  1 

The  1116  K  cyde  is  a  common  anned  for  6AI-4V  ELI  titanium,  which  represents 
approximately  50-60%  of  the  titanium  market.  An  titanium  heat  treaters  must  have 
furnaces  operating  at  this  temperature.  However,  the  normal  anneal  tor  wrought 
5AI-2.5Sn  ELI  titanium,  which  represents  less  than  1%  of  the  titanium  market,  is 
1033  K.  Therefore,  the  1033  K  artneal  tor  the  5AI-2.5Sn  ELI  titarrium  represents  an 
unusual  anneal  temperature  tor  titanium  alloys  in  general.  The  1116  K  anneal 
cycle  was  selected  as  a  low  cost  approach  for  annealing  the  material  by 
eliminating  the  cost  and  schedule  problems  of  a  spedai  annealing  cyde  at  1033  K. 


The  1255  K  and  1339  K  anneal  cydes  were  seieded  to  toil  within  60  K  below  and 
above,  respectively,  the  published  beta  transus  temperature  of  1283  K  tor  the  5AI- 
2.5Sn  ELI  titanium  alloy  [2].  Annealng  just  below  and  above  this  temperature  was 
expeded  to  introduce  some  variation  In  the  microstructure. 


Previous  work  has  shown  that  the  cooing  rate  from  the  anneal  cyde  is  also  critical 
due  to  the  effects  of  ordering  in  the  al(^  phase  [3^].  The  cooing  rate  tor  the 
present  program  was  <fldat^  by  the  normal  casting  process  and  HIP  process 
cydes  of  the  casting  v^mdor,  whidi  were  boto  furnace  cools  to  approximdeV  81 1  K 
followed  by  air  or  ton  cooing.  The  cooing  rate  from  the  anneal  cydes  at  the  testing 
suppler  was  also  seieded  to  be  an  air  cool. 


! 
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Test  blanks  were  fabricated  from  one  heat  of  material.  The  material  chemistry 
requirement  was  AMS  4924  with  the  following  excei^ns; 

Hydrogen  <  90  ppm  Iron  <  0.20  weight  percent 

Yttrium  <100  ppm  Oxygen  <  0.010  weight  percent 

The  iron  and  yttrium  are  beta  phase  stabiRzers  and  were  controlled  to  the  noted 
levels  to  promote  good  cryogenic  behavior  by  avoiding  beta  formation  [7-9].  The 
hydrogen  and  oxygen  contents  were  also  controlled  to  provide  increased  ductility 
of  the  material  [6,  7,  9].  A  thermal  analysis  of  the  5AI-2.5Sn  ELI  titanium  material 
was  performed  and  revealed  the  beta  transus  temperature  to  be  1286  K  ±  10  K. 

The  test  bar  blanks  were  1.91  cm  in  diameter  by  approximately  16.51  cm  long  and 
were  cast  in  molds  of  32-36  test  bar  blanks.  This  yielded  test  bar  blanks  that  were 
1.65  cm  in  diameter  by  15.25  cm  long  after  chem  milKng.  The  compact  tension 
blanks  were  cast  in  pl^es  26  x  33  x  6.35  cm.  These  plates  were  processed  and 
then  sectioned  into  7.62  x  7.62  x  5.08  cm  blocks  prior  to  the  NDT  examinations. 

The  intent  of  the  testing  was  to  generate  smooth  bar  tensile  data  per  ASTM  E8  and 
fracture  toughness  data  per  ASTM  399  and  813  for  cast  5AI-2.5Sn  ELI  titanium 
material  in  the  different  thermal  conditions  at  four  temperatures,  from  room 
temperature  to  LHe  temperature  (298  K.  172  K,  77  K,  and  4  K).  The  samples  used 
were  0.64  cm  diameter  and  2.54  x  7.62  x  7.62  cm,  respectively. 


The  results  of  the  mechanical  tests  are  presented  in  graphs  to  compare  the  yield 
strength,  tensile  strength,  elongation,  reduction  in  area,  and  fracture  toughness 
(Figures  1-5).  The  tensile  data  reveal  no  influence  of  HIP  temperature  or  anneal 
temperature  on  yield  strength  or  tansile  strength  (Figures  1  &  2).  The  elongation 
data  indicate  little  effect  of  the  anneal  cycles  for  the  1172  K  HIP  temperature, 
although  there  is  a  trend  of  decreasing  ductility  with  increasing  anneal  temperature 
tor  the  1227  K  HIP  temperature  (Figures  3  &  4).  The  reduction  in  area  data  are 
consistent  tor  both  HIP  temperatures  and  the  1 1 16  K  and  1255  K  anneal  tempera¬ 
tures,  but  the  dtaa  for  the  1 339  K  anneal  exhibit  greater  variability  (Figures  3  &  4). 

Vdid  fracture  toughness  testing  of  the  cast  titanium  samples  was  difficult  due  to  the 
combination  of  the  cast  form  and  the  inherent  toughness  of  the  titanium  material. 
As  a  consequenoe,  the  fracture  toughness  test  data  for  the  folowing  samples  failed 
some  vaMtty  requirements  of  the  /STM  testing  specification  and  can  only  be 
reported  as  Kq  and  not  Kic- 

1227  K  HIP  / 1339  K  anneal/ 298  K  test  Ko-124MPa-;^ 

1227  K  HIP/ 1255  Kanneal/4Ktest  Ko-82MPa-Vnr 

1 172  K  HP  / 1 116  K  anneal/ 172  K  test  KQ-107MPa-Vm 

The  vaM  data  indfoate  that  the  1227  K  HIP  temperetare  produces  higher  fracture 
toughness  than  the  1172  K  HP  tempereture  at  all  test  temperaiuies  except  172  K 
(Fi^ie  5).  The  graph  also  indfoaiss  that  the  matarlai  HIPed  at  1227  K  exhibits 
Rttle  effoct  of  the  armeaUng  temperature  at  aH  test  temperatures  exospt  298  K,  while 
the  material  HIPed  at  1 172  K  shows  var^ngeffocts  of  the  anneal  temperature  at 
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FIGURES:  Fradurs  Toughness  vs.  TetnperalufB 


aN  test  temperatures  except  4  K.  Finally,  we  note  that  two  of  the  three  data  points 
with  only  Kq  values  appear  to  fit  in  with  the  balanca  of  the  data  and  were,  therefore, 
dose  to  being  actual  Ktc  values. 

Based  on  the  tensile  and  fracture  toughness  data,  the  optimum  heat  treatment  for 
the  cast  form  of  5AI-2.5Sn  ELI  titanium  is  u  1227  K  HIP  in  combination  with  a 
1116  K  anneal  cycle.  Since  the  yield  and  tensile  strengths  are  similar,  the  heat 
treatment  selection  is  based  on  an  optimum  combination  of  fracture  toughness, 
elongation,  and  reduction  in  area.  The  1227  K  HIP  produces  higher  fracture 
toughness  (except  at  172  K)  and  less  variation  in  properties  with  annealing 
temperatures  than  the  1172  K  HIP.  The  1116  K  anneal  temperature  showed  the 
highest  fracture  toughness,  elongation,  and  reduction  in  area  levels  at  all  test 
temperatures  when  combined  with  the  1227  K  HIP. 

Its 


The  mechanical  properties  of  the  1227  K  HIP  combined  with  the  1 1 16  K  anneal  for 
the  cast  5AI-2.SSn  ELI  titanium  were  compared  to  the  mechanical  properties  of  the 
wrought  form  of  5AI-2.5Sn  ELI  titanium  (Table  I).  The  cast  material  demonstrates 
the  same  excellent  cryogenic  ductility  and  fracture  toughness  as  the  wrought 
material.  The  strength  and  fracture  toughness  are  approximately  10%  lower  in  the 
cast  form,  except  for  the  4  K  yield  strength  ,  which  Is  25%  lower.  These  same 
mechanical  properties  were  also  compared  to  the  data  for  the  wrought  and  cast 
forms  of  6AI-4V  ELI  titanium  (Table  1).  The  cast  5AI-2.5Sn  ELI  titanium  behavior,  as 
a  function  of  temperature,  is  virtually  identical  to  wrought  5AI-2.5Sn  ELI  titanium. 
Both  forms  of  5AI-2.5Sn  ELI  titanium  demonstrate  lower  strengths,  higher  ductility, 
and  higher  fracture  toughness  than  either  fonn  of  6AI-4V  ELI  titanium,  particularly  at 
cryogenic  temperatures. 
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METALLOfiRAPHY  AND  FBACIQQRAPUY 

One  tensile  and  one  fracture  toughness  sample  from  each  thermal  treatment  were 
selected  for  metallographic  and  fractographic  examination.  The  metallographic 
examination  was  performed  on  fongitudinal  and  transverse  views  and  revealed 
large  colonies  of  plate-like  alpha  phase.  There  is  no  discemabie  difference  in  the 
microstructure  of  the  samples  (Figure  6).  This  microstructure  results  from  a 
nucleation  and  growth  transformation  mechanism  during  cooling  from  the  casting 
and  annealing  processes,  rather  than  a  martensitic  transformation.  In  addition,  the 
microstoicture  appears  to  be  controlled  by  the  cooling  rate  from  the  anneal,  but  not 
by  the  anneal  temperature.  However,  since  the  mforostructure  of  5AI-2.5Sn  ELI 
titanium  dictates  the  mechanical  properties  of  the  alloy,  the  property  variations 
noted  in  the  test  results  must  be  due  to  some  microstructural  variation  not  detected. 
A  possible  explanation  could  be  the  amount  of  ordering  produced  during  the 
different  anneal  cycles  [3-6]. 

Fractography  was  performed  using  scanning  electron  microecopy.  Once  again, 
there  are  no  discemabie  differences  between  fracture  surfaces  of  the  samples 
subjected  to  the  various  HIP  and  anneaHng  treatments.  The  fracture  surfaces  are 
all  dominated  by  the  cast  structure  and  reveal  ductile  tear  ridges  on  the 
crystallographic  facets  (Figure  7). 
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fiONCLUSIONS 


1)  For  the  cast  form  of  5At-2.5  ELI  titanium,  a  1227  K  HIP  combined  with  the 
1116  K  anneal  thermal  treatment  provides  the  best  combination  of  tensile 
strength,  fracture  toughness,  and  ductility  at  all  test  temperatures. 

2)  The  metallographic  and  fractographic  examinations  did  not  reveal  any 
discemable  differences  in  the  microstmctures  created  by  the  various  thermal 
treatments. 

3)  The  cast  form  of  5AI>2.5Sn  ELI  titanium  has  adequate  mechanical  propertiM 
for  use  as  a  potential  substitute  for  wrought  SAI*2.5Sn  ELI  titanium  arid  both 
forms  of  6AI-4V  ELI  titanium  in  cryogenic  applications. 
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Optimization  of  service  properties  for  titanium  forgiiigs 
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In  the  pcesent  woifc  the  appicaHon  of  laige  last  stage  blades  in  Ti-6AI-4V  for  steam 
turbines  is  described.  The  increase  in  exhaust  area  pennilted  by  titanium  blades 
results  either  in  an  improwament  in  thermal  efficiency  or  in  a  reduction  in  turbirte 
capital  cost  due  to  the  possMItty  of  reducing  the  number  of  steam  flows.  The 
processing  technology  for  binwdat  and  bimodal  taxiured  40  inch  blades  is  outlined 
and  microsttucture  arrd  properties  are  compared  with  those  til  converflional  produced 
forgings.  The  bimodal  structure  is  characterized  by  a  reduced  scatterbatHi  in  the 
Young's  modulus  and  improved  LCF  and  HCF  properties.  WNh  a  sharper  texture  in 
the  bimodal  forging  or  by  an  optimization  of  the  bitmdal  heel  trealment  another 
substantial  enhancement  of  LCF  and  HCF  properties  can  be  achieved. 


Introduction 

Although  titanium  and  titanium  alloys  ate  relatively  expensive,  they  have  estabtiehed 
themselves  during  the  last  three  decades  as  structural  matmioh  in  the  aitcfaR  and 
aerospace  industry  because  of  their  high  specffic  strength  but  have  also  gained 
aooeplanoe  for  terreetrial  applications,  perticulBily  because  of  their  eMoetienl 
corrosion  tesManoe  in  a  great  variety  of  aggressive  media  (1*3). 

Fan  attd  oomptessor  blades  in  jet  engines  have  been  made  from  Ti-6AMV  for  years 
and  the  use  ^  titanium  aNoy  bMes  In  the  last  two  roMfs  of  stationary  steam  turbinee 
replacing  steel  blades  is  ootitinuouoiy  growing  (3.4). 

The  h«eror  oorroeion  tesWanoe  of  tire  titanium  afloy  eongiared  to  tiw  htiherto 
commonly  used  12%Cr-  and  predptiation  hardsnlng  eteals,  aepaoWly  In 
contomlnBtBd  vapour  phases,  otfers  longer  senloa  Me  of  tiw  btadee  in  tiw  L-1  itw 
and  oompetwales  thus  for  tiw  oonsideiffiriy  hi0her  ooel  of  tiasiium  btadee  oompawd 
to  those  made  of  steel.  ommi'w 
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The  use  of  tilaniuin  for  large  last  row  blades  offers  besides  the  pieviousty  menikmed 
improved  corrosion  resistance  a  number  of  additional  advantages,  such  as  improved 
fatigue  properties  and  a  fewer  spec^  weight,  which  permite  to  use  latger  blades 
without  increasing  tolor  loadirtg  (4). 

The  use  of  such  large  blades,  nmnely  with  airfoils  of  40  inches  or  mote  in  tongth, 
allows  to  double  the  steam  exhaust  area  and  thus  either  to  mcrease  ttie  thermal 
efficiency  of  the  turbine  or  to  reduce  the  number  of  rotor  flows  whfle  neintaining  the 
same  efficiency.  This  allows  a  tiMte  compact  and  economical  turbine  design. 


Manufacture  of  large  last  stage  blades  in  ThOAMV 

The  experierKe  of  B&hfer  wrilh  forgings  of  this  type  dates  back  to  the  late  seventies, 
when  48  inch  blades  ware  made  for  an  European  customer.  Since  then  more  than 
1000  last  stage  blades  for  steam  turbine  appKcMion  have  been  produced  by  BOhler  in 
the  form  of  precision  or  envelope  forgfogs. 
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Figurel 

Fig.1  shows  ttie  manufacturing  process  in  deM.  Bars  of  defined  rflmansions  are 
staped  kilo  preforms  on  a  four  hammer  GFM  forging  machine.  The  kidMdual  crons 
sections  cf  the  preform  at  that  time  corresponds  in  terms  of  volume  to  foe  relevnit 
cross  sectfens  of  foe  akfol  area  of  foe  finishad  binde.  The  second  produoMon  slap 
Includes  focal  upseffingottherootarea  in  a  hydiauicpresB.lt  Is  of  oouisepossiils  to 
use  bats  of  laigar  starting  rflametor  in  order  to  siminaio  fois  produoion  stop. 
However,  banoafo  a  baisr  ufoasonto  kispsclBbMy  of  foe  amalar  bar.  foe  addffional 
defonnalion  guarenlees  knprovsd  properties  in  foe  Nnal  product  also  bi  foat  area. 
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Die  fors^Ki »  periomied  on  ttie  wortd's  iargeat  acraw  preas  having  a  maMnaan  praaa 
force  of  31 .500  tons  or  31 5  MN.  The  high  defonnation  ana^  of  Ihis  unit  oouplad  wth 
a  lelalively  alow  defomwlion  apeed  peimila  to  achieva  tightoat  totorancea,  even  in 
caae  of  oompleK  Made  gaomeMes  and  btade  lenihga  of  up  to  65  inches. 

Several  diaa  aro  uaad  in  order  to  Icaep  the  leval  of  internal  mreaaea  aa  kMf  aa  poaai)le 
and  to  raduoa  die  rtafc  of  dhtoitlon  in  caaa  of  coniplex  geometrical  conOguialiona. 

All  relevant  fcaging  parametora  are  computer  controlled  and  thua  guaramteea  a  My 
reprodudUe  forging  prooesa  from  btade  to  Made  and  front  botch  to  batch. 


Qp(MmiMlgnM(hetnicroatMC>iiw-t*^^ 

Investigaiiona  made  by  EPRI,  the  Technical  Univeisily  of  HaniburgTtaiburg  and 
BOhtarrevealitoihatanoptimteationoflhemWannoaloda^^etaicluratoaaocaled 
bimodal  one  haa  a  signMcant  inlliianoa  on  important  sar^oe  praperlias  (5^. 

Thia  indudea  the  acatteihand  of  ttie  Young'a  modukia,  an  important  ciitaiton  for  the 
deaign  enginear,  aa  wel  aa  the  LCF  and  HCF  behaviour  which  may  conaiderably  be 
improved  by  the  oplimizad  micioatwioture  and  haa  decWve  Mluenoe  on  the  aeivice 
We,  eapectaly  in  the  caae  of  taige  taal  stage  btadea. 


Rgiire2 

V)  rig^  ms  oDiMnBDio  nucfOOTucnire  m  ocwmiiww  lo  to  con^wTOMi  rmmvimmmi 
one.  The  photognapha  wars  taken  foom  the  root  eecOone  of  40  inch  turttine  btadea. 
The  improvad,  so  caWod  bimodal  atnjctura  Raetf  is  chaiactariged  by  a  ine  lamelar 
matrix  sunounding  globiitar  primary  o-gralna  of  leae  ttian  1  Sent  in  atae. 

The  production  prooees  tncfodea  rapid  quenching  foom  tie  p-range,  foMowed  by 
shaping  operaOona  bafow  the  fomua  temperature.  A  Ngh  wnount  of  rtafonaaion  ia 
neoeeaary  to  obtain  a  dWocaBon  density  in  tie  metettal  which  ie  auWciently  high  to 
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give  a  unVonn  finely  recrystafiized  atnidure  during  subeequenl  heal  lieelinenL  AH 
these  operalione  were  akewly  described  in  dalaM  in  previouB  pubficaHons  ^,7). 


Invertigniiont  of  the  Young's  Moduhis  rovoaled  that  the  scaHmband  of  the  dMaient 
spedmen  iocalions  (leot,  btadeHoot  tnawfijon,  aMoi)  and  dhedions  OongHudinal, 
liansverea  and  short  (ransveree)  are  below  3%  tor  the  bimodal  stnidufe  as  oompaied 
to  up  to  10%  for  the  mill  annealed  oondHion. 

The  decisive  factors  for  Ms  are  on  fire  one  hand  the  eMminalion  of  ttie 
aystoHogrephic  texture  by  quenching  from  Ihe  A-range  at  the  bar  m  atonal  stage  and 
thus  to  achieve  a  defined  starting  stnidure  and  on  the  other  hand  ttw  final  bimodal 
heat  treabnent  toducing  anneaing  at  a  temparaluie  of  about  060*C  toadtog  to  a 
homogeneous  stniduiB  wNh  a  high  degree  of  reptedudbiily. 

WhHe  there  are  no  diiererKes  in  the  reeuHs  of  the  tenaHe  tost,  the  bimodal 
microstfuctureontoilB  a  oonsidetabteimprpvomont  of  LCF  and  HCF  properties. 

WMh  file  TtOAMVaHoy  the  tafigue  properties  are  laigelydotonntoed  by  the  formation 
of  ctacta,  which,  in  tom,  dspand  on  the  resistonoe  of  Ihe  structure  to  fim  movement  of 
dMocations.  Therefore  the  finer  bimodal  stauctore  wHh  Ms  reduced  ottocfive 
distocation  gliM  length  as  compared  to  the  mW  annoalodcondMion  leads  to  Improued 
fatigue  behaviour. 


Laboratory  tests  conducted  by  LQfierIng  at  al  on  bimodal  specimens  (5,7,8>  revealed 
that  fatigue  cracks  may  occur  eittier  in  the  lamelar  mabfac  or  in  fire  primary  ocphase, 
depending  on  which  stnictural  constttuenl  is  Mw  weaker  one.  The  resislance  of  both, 
lameHar  matrix  wid  giobuiar  partides  to  cracking  under  fatigue  load  may  be  incteosed 
by  special  measures,  which  permito  to  achieve  a  further  improvement  of  LCF  and 
HCF  properties,  hi  the  a-f/8-matrix  this  may  be  achievsd  by  a  finer  lameHar  thicknees 
through  a  tmie  rapid  quenching  operaHon  in  the  final  heel  bealmenL  whHe  the 
fatigue  strength  of  the  primary  orgrains  is  mainly  dotomiinod  by  grain  size  and 
crystaHograptiic  texture.  Sharper  lextores  as  weH  as  finer  o^grains  prove 
advantageous. 


influence  of  q-grain  size 

Tests  on  bimodai  rngtoclai  wMh  dfiferenfiy  large  primary  q-grains  (Fig.3)  confirmed  that 
the  fafigue  strength  of  the  microsIructoreincwassswWt  Mis  wpafHctosgetHngsmaHer 
and  smaHsr,  however  only  to  a  certain  toriue  which  is  In  gw  range  of  10  - 1  Spm.  Even 
firwr  prittwry  q-gtains  do  not  improve  fiw  fatigue  properties  oorwidsrably. 
in  commercial  scale  producfion  a  primary  q-phase  of  this  size  can  be  achievsd,  a  fad 
which  has  already  b^  taken  into  account  in  iw  first  spocHIcaHon  requiramsnto  for 
bimodal  forgings,  which  psrmH  a  grain  atza  of  up  to  1  Sam. 


Because  of  the  ptodudon  tochnotogy  of  latga  btadae,  which  means  tongHudbwl 
osiPiiiMnon  of  vio  Mr  fiMWiai  mq  votimiw  QMiffiMKin  ounno  vw  propv  imm 
forging  process  in  fiw  dto,  fiw  forged  btadse  pose  ass  a  weak  IsHtore  wHh  a  90* 
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symmelry  ootresponding  to  that  of  cross-rollad  sheet.  By  mtooducing  a  strong 
kMigiudinal  texture  it  teas  poesibte  in  latxxatocy  rolling  tests  to  increase  especiaNy 
HCF  values  as  oompared  to  the  weaMy  textured  material  (5,7). 


Thd  difference  is  due  to  to  the  presence  of  basal  slip  planes  in  the  weakly  textured 
material,  nmning  under  45°  to  the  load  direction  and  fectNIatma  an  easier  fonralion  of 
fetigue  cracks. 


To  obtain  a  stronger  textured  microsinjcture  in  the  bimodal  blade,  |S-quenchmg  was 
already  done  at  a  bar  disxnetier  of  600mm  (as  conquered  to  300mm  with  the  bimodal 
condition).  The  purpose  of  this  was  to  acNeve  a  pronounced  longitu(Knal  texture  in 
the  bar  and  finaKy  in  the  finished  blade  due  to  a  high  degree  of  deformation  in  the 
a-t-/3-range  in  the  diraclion  of  the  longibjdinal  axis  of  the  ingot  (Fig.4). 

After  heat  treatment,  i.e.  oeO'C/lh/AC  +  800'C/1h/AC  +  675‘C/4h/AC,  the 
crystaHographic  texture  was  studied  on  spectmens  taken  from  the  root  and  the 
Made/root  transition  area. 

The  0002-pole  figures  are  shown  on  the  left  hand  side  in  Fig.5.  The  material  from  the 
transilion  area  shows  intensities  of  2-3  in  longiturfinal  and  transverse  direclions  with 
the  viewing  direction  corresponding  to  the  blade  normal  line,  in  the  material  taken 
from  the  root  area  the  transverse  direclions  showed  no  intensMies  greater  th«i  those 
in  longiludinal  diraclion. 


Figures 

The  oonesponding  resulls  of  the  fafigue  tests  at  room  temperalure  are  also  shown  in 
Fig.5. 

The  lO^taiigue  strength  for  the  bimodai  tsKtured  material  was  450  MPa  in  the  root 
area  and  even  somewhat  lower  for  the  transMion  area.  The  values  obteined 
correspond  practically  to  those  of  bimodal  mstertal  wfihout  pronounced  texture.  For 
the  purpose  of  oomparison  the  relevant  curve  for  mW  annealod  material  Is  also  fisted 
in  that  graph. 
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While  the  resuNs  for  bintodat  textuied  material  are  quMe  understandaMe  In  the  root 
section  with  its  usually  weaker  texture,  the  LCF  and  HCF  values  for  the  transition  area 
were  unexpected  low.  However,  the  stniduial  irtvesligstions  (see  also  Fig.6)  revealed 
dearly  the  reasons  for  this. 

The  fact,  that  /S-quenching  was  already  peifanned  on  large  bar  dknensions  only 
permitted  to  achieve  primary  ec-grain  stzee  of  around  20pffl  hi  the  final  product 
Based  on  the  previously  menlionad  resuKs  of  rolalirrg  bar  fabgue  tests  wMh  particie 
sizes  of  20pffi.  a  10^  fatiaue  sbengfo  of  400  MPa  would  have  to  be  expected.  The 
positive  Nhierioe  of  the  texture  on  foe  taHgue  slrerrgte  however  compensates  for  ttte 
disadvantage  of  the  larger  Iwxagonal  o  pertictos  and  gives  tesullB  which  correspond 
in  the  bimodai  materiai  to  a  particle  size  of  10  -  l^ron  wlhout  protHMJnoed  texture. 

For  large  bimodai  forgings  this  means  however  that  even  wih  a  lottgiludteal  tesdure 
no  knprovement  of  the  fabgue  strength  as  compared  to  foe  bkiKxIal  oondWon  can  be 
achieved.  This  eflisd  can  only  be  u^ed  for  forgings  which  permit  foe  use  of  smaler 
bar  diameters  (<  lOOnm),  where  /3-quenching  can  be  perfomred  on  smalter  bar 
dimensiorK  so  that  an  average  o-gt^  size  of  below  ISpm  can  be  realized  arxl 
nevertheless  sufficient  deformatiOR  is  achievad  in  the  deedion  of  foe  lortgiludinal  axis 
of  the  ingot  to  produce  a  strong  texture. 


The  fatigue  strengfo  of  foe  lamellar  a^.^-phase  is  mainty  detemwied  by  the  lamellae 
Ihicknesss,  which  itaelf  n»y  be  adjusted  ^  spedlic  annealing  and  coding  operabons. 
Therefore  the  bimodai  heat  treatment  wifo  ter  or  water  ooobng,  i.e.  960*C/1hfAC  or 
WQ  *  800’C/1h/AC  675’C/4h/AC,  was  compared  wNh  a  two  step  heat  Ireabnent, 

iiiduding  annealing  at  960*C/1tWWQ  arxi  ageing  at  550'C/24H/AC. 

The  specimens  were  taken  from  the  blade  wea  of  foe  previously  menboned  40*  blade 
wifo  a  bimodai  textured  microettucture.  Significant  dbfeiettoes  behveen  the  foree 
condibons  in  term  of  fineness  of  tamefiar  constituents  be  seen  even  in  the  fight- 
optical  nbcfosoope  at  a  small  magnification  (Fig.6).  The  resuRs  of  foe  eiedron- 
microscopicat  invesbgabon  are  shown  bteow. 

The  lamella  width  is  about  1 ,5pm  for  foe  air-cooled  oondibon  arxi  about  0,8rim  for  the 
comparable  water  quenched  oondfifon.  The  oorKMon  achieved  after  water  quenching 
cmd  dked  ageing  at  a  temperature  of  550°C  presents  however  a  maximum  lameHa 
width  of  0,3pm  only.  K  can  be  dearly  seen  that  there  is  a  transformed  martensttc 
structure.  The  heavy  coarsenirrg  of  foe  water  quenched  stnidure  because  of  the  heat 
treatorent  step  at  600'C  with  the  three  step  heal  troabnonta  is  a  big  surprise  and 
therefore  the  necessity  of  this  second  stop  should  be  refooughL 

The  LCF  and  HCF  values  determined  in  the  rotabng  bar  Mfgue  tost  (Fig.7)  show  foe 
inlluence  of  the  lamella  oonfigurabon  on  the  fabgue  strength.  By  water  quanohing  an 
increase  of  about  5%  can  be  achieved,  wNh  water  quenching  and  drad  ageing  <fo 
avoid  growfo  of  lamefiar  constituents  during  anneafinq  at  aoO’C)  10^  fabgua  sirangfo 
of  more  than  SOO  MPa  is  achievable. 

But  K  should  also  be  rtturrdotted  that  in  case  of  loita  bfadas  rapid  raMnddna  rmuass 
problems  regarding  dtstertion  which  can  only  be  alralnalad  by  addMoitel  and  coaby 
measures  during  foe  manufacturing  process. 
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toughness  properties  remain  unchanged  in  the  tensile  test  the  values  of  the  water 
quenched  specimens  are  slightly  faWng  in  the  Charpy-V-impact  test 
Direct  ageing  generally  leads  to  an  mcrease  of  mechanical  strength  coupled  with  a 
decrease  of  toughness  in  both  tensile  and  tenpact  testing. 
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Conctusiorrs 

The  experiences  gained  hitherto  with  birrwdal  structures  as  compared  to  the  mill 
annealed  a^r-iJ-condition  have  shown  that  an  optimization  of  certain  properties  (taligue 
strength),  as  well  as  achievemerrt  of  a  b^er  leptodudbie  structure  (variation  of 
Young's  Modulus,  homogeneity)  is  possible. 

The  positive  influence  of  the  texture  on  the  fatigue  sliengih  cannot  be  utilized  in  case 
of  .arge  forgings,  because  it  is  not  possible  to  obtain  sutflcienily  fine  a  particie  sizes. 

However,  a  further  optimization  of  the  fatigue  strength  of  the  bimoctal  mictostiuculie 
can  be  achieved  by  modified  heat  treatment  fir  this  respect  a  two  step  heaA  tieailment 
seems  to  be  very  promising,  because  it  permils  to  improve  both  the  fatigue  and 
mechanical  pnaperties.  Complementary  tests  are  canted  out  at  the  moment  with  two 
step  hoErt  treatments,  wNh  the  temperature  of  the  second  step  being  in  the  range  of 
650*C  up  to  750*C,  with  the  goal  of  avoiding  the  decrease  of  toughness  properties 
by  avoiding  the  coarsening  of  the  lameNar  constihierrts  while  retaining  the  same 
fatigue  and  strength  values. 

The  results  shall  be  available  end  of  the  year  and  wW  be  published  at  that  time. 
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Microstructure  and  Mechanical  Properties  Relationship 


of  p-rich  a-p  Titanium  Alloy:  SP-700 


M.  bhikawa,  O.  Kuboyama,  M.  Niiloiia  aad  C.Ouchi 

Advanced  Technology  Research  Center,  NKK  Cotpcnlkn 
Kawasaki-ku,  Kawasaki  21(X  Japan 


Ahsmiet 

The  newly  developed  P-rich  a+p  titanium  alloy,  SP-700,  has  two  distinct  characteristics  compared  with  Ti- 
6AI-4V  alloy.  One  is  very  great  strength  obtained  by  solution  treated  and  aged  as  well  as  very  hi^  age- 
hardenability.  The  other  is  excellent  superplasticity  with  a  low  forming  temperatuie  below  1027K. 
Microstruaural  development  in  SP-700  has  a  close  relationship  with  such  characteristics.  Very  fme  a+p 
microstructure  is  obtained  and  stable  P  phase  is  retained  after  solution  treating,  a*  martensite  is  produced  alter 
quenching.  Aging  causes  decomposition  of  the  retained  P  phase  and  ttansfoimation  of  a"  martensite,  resulting  in  a 
very  fme  dispersion  of  precipitated  a  and  it  produces  a  significant  inaease  in  strength  with  adequate  ductility. 


Inmnducrinn 

The  newly  developed  p-rich  a-P  titanium  alloy,  SP-700,  u  desipied  to  dertease  the  peak  superplastk 
temperature  and  improve  supetplastic  formability  as  compared  with  Tt-^-dV.  Based  on  the  prdiminaty  study  [1] 
which  examined  the  effecu  of  alloying  elements  of  Ti-6A1-4V  on  superplasticity  ,  Fe  and  Mo  were  selected  as 
alloying  elements  of  SP-700  for  the  purpose  of  lowering  the  stress  during  superplaslic  defomulian  and  refining 
duplex  microstructure,  respectively,  and  the  contents  of  A1  and  V  were  modified  to  control  p  transus  temperature 
which  affects  the  superplattic  temperature.  The  nominal  composhioo  of  SP-700  is  Ti-4.S%AI-3%V-2%Fe-2%Mo 
and  the  P  transus  temperature  is  about  1173K.  SP-700  has  extremely  fine  tt'^P  duplex  microsiructure  and  shows 
excellem  superplasticity  at  a  low  fanning  tempersture  below  I073K(2]. 

The  microstructute  of  a-p  titanium  alloys  such  u  Ti-6AI-4V  can  be  significantly  varied  by  aUoying  elements, 
processing  parameters  and  heat  treamiem  conditions.  Mechanical  properties  ate  sensitive  to  such  tnicrosttuctural 
varialians  [3].  Solution  heat  treating  and  aging  (STA)  is  applied  in  a-P  titanium  alloys  to  obtain  high  streaglhadiich 
is  influenced  by  the  cooling  rate  (sectioa  size  effect)  and  quench  delay  [4].  Microsituctutal  changes  by  this  beat 
treatmem  occur  mainly  in  prior  p  phase,  and  the  strength  depends  on  nsnsfanned  P  suucntte  such  at  ackalar  0,  of, 
a*  martensite  and  retained  p.  Low  cooling  rate  and  the  eatension  of  quench  delay  time  promote  diffusioiial 
ttantformadon  and  cause  the  nucleation  and  growdi  of  acicular  a  which  decreases  the  sncngth  of  Tu^AMV  [4,5]. 
SP-700  hat  higher  P-ttaUlizer  contents(Fe,  Mo)  which  modify  trantfonnaiioa  of  die  p  phase  [6-14],  and  overall 
microstructurtl  developmem  in  this  new  alloy  it  different  firom  that  of  TI-6A1-4V. 

The  present  investigadon  was  performed  to  examhie  the  nUctoatrucairsi  development  of  SP-700  and  its 
effeo  on  mechanical  properties,  especially  strength  of  solutica  nested  and  aged  SP-700. 

Thanlw*  *92 
Sdenos  end  Techndomf 
EdHtd  by  F.H.  Fleas  end  Luplan 
The  Mlneieb,  Msinli  6  Metwleh  tedity,  1993 
Ml 


40kg  ingots  of  SP-700  and  Ti-6AI-4V  for  comparison  were  melted  in  a  laboratory  VAR  iVunace.  The 
chemical  composition  is  shown  in  Table!.  The  ingots  were  forged  into  80  mm  slabs  in  the  P  phase  legicn.  and  then 
rolled  into  15iimi  thickness  piaies  in  the  ct-pfidd.  Blanks  were  sampled  from  the  plates  for  the  subsequem  heat 
treatmenL 

Microstructural  development  of  SP-700  and  Ti-6A1-4V  was  studied  on  the  materials  reheated  at  several 
temperatures  in  the  a-p  field  and  subsequently  cooled  in  either  water  or  air.  The  cooliog  rate  was  ISOI^  for  water 
cooling  and  3K/t  for  air  cooling  respectively.  Metallography  samples  were  taken  from  the  longitudinal-short 
uansverse  plane.  The  microstiuctures  were  observed  with  SEM  and  TEM,  and  constituent  phases  were  analysed 
with  an  X-ray  diffractometer.  The  volume  fraction  of  the  primary  a  phase  was  determined  on  scanning  electron 
micrographs  with  the  help  of  an  image  analyzer.  The  volume  fraction  of  the  retained  p  phase  was  determined  using 
the  results  of  the  diffractometric  investigatkns  (15.161.  Phase  decompomtion  was  also  studied  for  the  material  aged 
atTSSK. 

Mechanical  properties  were  examined  on  the  solution-treated  and  aged  materials  for  both  alloys.  Thesolulkm 
treatment  temperature  was  1123K  for  SP-700  and  1223K  for  ri-6AI-4V,  and  the  aging  temperanire  was  783K  for 
SP-700  and  811K  for  Ti-6A1-4V,  respectively.  The  aging  time  was  6hr  for  both  alloys.  Tensile  tests  were 
conducted  according  to  ASTM  E8  and  the  samples  were  6.2S  mm  in  gage  diameter  and  25  mm  in  gage  length. 


Tabla  I  .  Chamleal  eempoaHon  and  |t  innsus  lamgsratura 
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Results 

MtoMtiiiMalilcYBlflimBit 

Scaiming  electron  mictogra|As  for  SP-700  and  Ti-6A]-4V  are  shown  in  Fig.I.  With  the  temperature 
increase,  the  primary  a  phase  volume  fracdon  rtecreases  for  SP-700  arxl  a  morphological  change  to  equiaxed 
microstructure  is  observed.  The  grain  size  of  recrystalUzed  annealed  SP-700  (Fig.l(b))  was  extremely  fine  around 
2)im  as  compared  with  that  of  Ti-6A1-4V  around  8|lm  (Hg.I(e)).  X-ray  diffractometric  analysis  revealed  that  the  P 
phase  region,  at  the  healing  temperatures  of  1Q73K  and  below,  remained  as  retained  P  on  the  subsequem  cooling, 
while  the  P  phase  at  the  heating  temperature  above  1073K  partially  transformed  to  a’  phase  on  the  cooling.  As 
shown  in  Fig.l,  the  scanning  electron  micrograph  did  not  reveal  any  difference  between  air  cooling  and  water 
quenching  conditions.  However,  in  Ti-6A1-4V,  relatively  massive  acicoler  a  grows  in  air  coaling  condhions.  Fig.2 
shows  transmission  electron  micrographs  for  the  transformed  prior  p  regton.  Titansformed  micrastiuctaies  were 
mfluenoed  by  the  cooling  rate,  and  the  a'  phase  which  contains  intemai  twins  was  observed  in  the  water-cooled 
material  (I’ig.2(a,b)).  The  slower  cooling  rate  obtained  by  the  air  cooling  still  contains  some  retained  Panda*,  but 
the  slower  cooling  rate  alto  permitted  tome  diffusional  decompositioD  of  the  p,  resubing  in  fine  acicular  a 
precipilatiaoXHg.2(c4i)). 

The  volume  fraction  of  each  phase  conttiluera  at  room  teraperatwe  it  determined  by  image  analysit  and  X-ray 
diffiactometry  and  summarized  in  RgJ.  The  highest  volume  fraction  of  tbeP  phase  was  leiained  for  die  aotation 
treatment  at  1073K.  it  reached  50%  for  the  w^  cooling  condiiioa  and  40%  fbr  the  air  cooUngconditian.  Above 
I073K,  the  a'  phase  appeared  hi  the  water  cooling  and  an  increaae  in  its  volume  fraction  with  the  increaae  of  the 
sdution  temperature.  In  air  cooling  conditions  the  acicular  a  phase  appeared  and  incicnted  ha  vohnae  fraction.  A 
distinct  microstructoral  feature  for  SP-700  thown  in  Fig3  was  that  a  substantial  retention  of  die  p  phase  more  than 
30%  was  persiatem  in  a  wide  range  of  solutiao  condHiant. 

Flg/(  shows  transmission  dactronniierographt  of  the  solution  treated  and  aged  SP-700  and  11-6AI-4V.  The 
extremely  thin  lamellar  a  phase  tiboutSOnm  in  width  predpitatBs  in  the  retained  pier  water  quenched  and  aged  SP- 
700isahowninPig.4(b).  Such  lamellar  ntierostrociute  is  also  observed  between  matahmadealar  a  phases  far 
air  cooled  and  aged  SP-700  (FigA(d)).  Aging  caused  the  decompoeition  of  the  retained  P  and  a*  martansite 
resulting  in  a  very  fine  dispersloa  of  preeipitmed  a  in  die  P  phase  [17].  The  ttansfarmed  P  structure  of  water 
quenched  and  aged  T!-6AI-4V  (FigA(c))  is  Goaraer  than  that  of  air  cooled  and  aged  SP-TOa 
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Tig.  1.  Scanning  daction 
mtefographa 

(a)  SP-700;  M3K/1h/AC 

(b)  SP-700;  1073K/1h/AC 

(c)  SP-700;  1123Knh/AC 

(d)  SP-700;  1123K/1hAMQ 
(a)  Ti-SAMV; 

1173K/1h/AC 


Fig.  2.  Tranamiaaton  atactron  micrographa  of  SP-700 
(a),  (b)  water  quanciwd  from  112SK 
(c),  (d)  air  cooted  from  1123K 


TenrilePtnntrtMit 

FigJ  shows  the  effect  of  the  cooling  nte  sfter  solution  treating  on  strength  of  solution  treated  and  aged  SP> 
7(X>asoaai|iBredwithTi-6AI-4V.  The  strength  of  Ti-6A1-4V  showed  a  high  dependence  on  the  cooling  me  and 
decreases  1^  as  much  at  250  MPa  with  the  cooling  rate  decrease  fram  ISOiM  to  IK/h.  On  die  other  hand,  the 
dependence  in  SP-700  it  moderate,  and  high  toengdi  could  be  mahttainert  in  the  low  cooling  rate  range.  For 
instance,  tensile  strength  IdOOMPa  and  elongation  8%  sreie  obtained  at  ISOKAi  and  tensile  strength  12S0lffia  and 
elongation  14%  were  obtained  even  at  IK^ 

Figii  shows  the  effect  of  quench  delay  on  strength  of  solution  treated  and  ngedSP'TDO  and  Ti-bAi-dV.  The 
strength  H-bAl-dV  deereaaet  very  rapidly  widi  die  iacteate  in  delay  time  whidi  comsponds  to  the  time  elapsing 
firom  the  eitiaclian  out  of  a  furnace  to  die  start  of  quenching.  With  a  delay  time  of  lOl,  yield  sneagth  for  Ti-bAMV 
is  reduced  10  below  IQOOMPa.  On  the  other  hand,  SP-TOO  shows  iitde  reduction  in  strength  with  a  delay  time  of 
SOs,  still  providing  tensile  strength  higher  than  1300MPa. 


.at  .1  t  to  too  leao 


CMIIns  Raw  (K/s) 

Fig.  S.  Eflncts  of  cooling  rain  after 
solution  troadng  on  tannilo 
strength  in  solution  boat  treatmont 
and  aging  condition 


Tina  Mar  a*  eaancNiig  (a) 

Fig.  6.  ENacte  of  quench  delay 
on  tanello  etrength  in  eohition 
treating  and  aging  condition 


niariiaainn 

As  shown  in  Fig.4,  aging  dter  solution  treath^  in  SP-700  reuses  the  decomposition  of  the  retained  Ppbeae 
andthetrtaaformadontrfihea'  martensite  to  a  resulting  in  an  eatremelyfmeiBtpetsion  of  a  ptecipiiaie  in  the  P 
phase.  This  microstructural  feature  provides  very  high  strength  of  up  to  1400  Mn  and  good  elongation.  The 
persistent  retention  of  the  P  phase,  more  than  30%  even  for  the  air  cooling  as  dwwa  in  Fig.  3,  prevema  the 
significam  loss  in  strength  in  the  low  coolittg  rate  for  SP-700.  On  the  other  hand,  tdaiively  massive  adcabr  a 
formation  observed  in  the  air-cooled  Ti-dAI-4V  in  Fig.7  (a)  is  regarded  u  deterioradag  the  strengdmning  potential 
very  drastically  in  the  low  cooling  rate  region,  and  such  a  diffttsional  transformed  P  plane  may  not  provide  effccdve 

Fig.7  (b)  shows  that  the  prior  P  phase  remains  ahnoat  unchanged  eacept  for  moderaie  growth  in  the  ptimaiy 
g  phase  in  quenched  SP-700,  while  Plg.7(c)  shows  ysto  growth  oftho  primary  ttphnan  as  wen  an  mrhniinn  and 
^owth  of  adculara  phase  in  the  Tl-bAI-dV  daring  quermh  delay.  Fig.  8  sianimRiaes  dm  hardness  change  in  the 
primary  g  and  the  transfomied  P  as  well  as  the  voltnaa  ftaction  change  in  solalian  treated  and  aged  condition  wUt 
delaythne.  In  Ti-6A1-4V,  the  hardneee  of  transftnmedP  drastically  drappedwhh  the  dehgr  date  due  to  the  nudeaiion 
and  growth  of  the  acicalarg  rapidly  increasiag.  On  the  contrary,  fat  SP-700,  the  dnerense  far  hardness  in  prior  P  and 
the  volume  fraction  increase  of  primary  g  wore  insignificant  whh  a  delay  time  of  ty  to  srotmd  30s.  IhePphaaeia 
SP-700  heated  at  solution  tempermure  is  so  stable  that  difftmieoaltmtsfawnarion  Is  ntpprsesrddnringqnsnch  delay, 
sod  aging  tesulu  in  very  high  hardnew  of  transfotmedp.  The  volume  firactioo  of  tmmfnrnaeil  P  shows  very  little 
change  during  quench  delay  because  of  the  low  gresvdi  rate  of  primary  a  These  two  facsors,  phase  stability  of  prior 
Pend  stability  of  Its  volume  fraction,  give  rise  to  less  sensitivity  to  delayed  quenching  In  SP-700. 
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Fig.  7.  Scanning  alactron 
nnicragrapha  o( 
solution  hast  troatad 

(a)  Ti-6AI-4V 
(1223K/1h,coaling  rata-SK/i) 

(b)  SP-700 

(1123K/1h,  tiffl*  dalay.SOs) 

(C)  Ti-6AI-4V 
(1 223101  h.  Uma  (May-SOs) 


Rg.8.  Effect!  Of  quench  ddejr  on  the  votume  fraction  of  primary  a 
and  the  microhardnesa  of  primary  a  and  transformed  |l  after  aging 


PliaMitaiiiUtyof|»iorP it clowlyielaiedio alloy pntiiioiung on eadi phase coiMiuiem(34.18].  TaUell 
exhibitt  alloy  paililiaaing  in  the  sohaioo  caailitiaa,whicfawc(edeienninedtiiiou||iEOSaBalytisaaliiinlbil.  Most 
of  die  P-slabiiiaen  mdi  as  V,  Fe  and  Mo  were  cooceatraied  in  die  prior  p  pliase  acco«£nf  to  the  panidooing  of 
phdhes  at  heating  tempeiMures.  while  cooceniiatien  of  V  in  the  p  phase  was  relatively  modeaie  in  Ti-<AI-4V.  hit 
found  that  enrichment  of  P-stabilizers  was  much  higher  in  SP-700  than  in  ri-6AI-4V.  HieptiatitutiempetanMesof 
prior  p  in  SP-700  were  well  below  11Z3IC,  this  roughly  matches  those  of  p  and  near  P  type  itiwiiiim  alloys.  This 
explains  a  high  phase  stability  of  prior  p.  The  Ptrantus  temperature  of  prior  P  in  Ti-hAI-dV  was  121SK.wbich  it 
not  low  enough  for  the  suppression  of  acicultr  a  nucleatian. 

Distinct  microatiuctutalchataaetistict  described  above  improve  markedly  other  mechanical  propeniet  such  at 
cold-wotHbility  and  superplasticity.  Table  niconyarescold-wotkability  of  SP-TOOTmmt  sheet  with  that  of  1T-6AI- 
4V3n»m  sheet  in  an  annealing  condition.  SP-700  diowed  a  lower  bend  foctor  than  Ti-bAl-dV.  This  is  retarded 
to  be  due  to  (a)  a  refined  microatructure,  (b)  the  substantial  icseniion  of  the  p  phase  which  is  highly  fonnabie  because 
of  the  sotble  bucx.  ctysodlottaphic  ttnieture  and  (c)  die  reduction  of  Al  content  to  4.3%  [19]. 

Table  IV  oompares  the  aupeqplaatieity  of  SP-700  with  dat  of  TI-hAMV.  They  are  the  tame  materialt  shown  in 
Table  m.  SP-7D0  ahowa  hi|^  auperpiaatic  efongation  at  the  lower  peak  temperature  than  Ti-6A1-4V.  The 
extremely  fine  grsio  sine  enhances  superplastic  doogatioo  and  reduces  Am  ttiets  [21^  at  the  temperatures  around 
I04SK  which  h  lOOK  lower  than  ri-fiAI-4V. 


Table  11.  Microcheflilcai  analysis  of  the  phases 
at  kolocted  heating  temperature 
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Table  III.  Comparison  of  cokf-wotkabWIy.  microstructiira  and 
tensile  properties  arilh  SP-700  and  Ti-OAMV  sheet  (3mml) 
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Table  IV.  Comparfoon  ot  superplasticity 

with  SP-700  and  Ti-OAMV  sheet  (Smint) 
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(l)MemiinictvalfeauniinSP>'7Q0mnnaiKiaedatfalloM:  i)  PriiMty  a  id  thowi  an  extremely  ftw  mrm 
min  ste  of  kM  dm  3|uii.  U)  ike  p  (diaie  at  the  iotittiatt  noting  Mnpeauie  it  vety  raMe.  ml  MtamUal 
MoniMaftbepfliateniaRdm  inn  wide  i«ngecfd»«ohnion  noting  condMoni  iiOSoIndan 

noted  inieiotnicaifB  b  nueh  bo  eentiiive  to  the  cooling  tw  end  quench  deby.  iv)  Aging  feDowing  eolntion 
tioiinentgivoibetothedeconipoitionofthefcteiiiedPenda*iiieti€niiteiewiliiiigfaeoty  finedbyecMnaf 
ptecipitand  a  of  dbout  SQnin  ddefcnett  b  die  fi  pheee. 

in  Very  high  tnength  with  adequabductiBtybohtained  in  eohflionnemd  and  aged  g-TOOi  An  exmniety  fiae 
atpenionofpfBcipitabaindtePphaieprowdoincngdtnfnptoldOCMPawitoMheliiBgMinn. 

(3)  Sneagdi  of  eoludennemd  end  aged  SP-TOObrehtiveiybiiwiiibe  to  cooling  laie  end  qaench  delay  hecaoe 
auebetion  of  edculer  a  b  eufqnceeed  and  the  volanie  fnetbat  of  leieined  P  and  a*  nteneneiie  ete  large  cnongb  to 
provide  high  hanhwaa  to  nanefenned  P  by  agbg. 

(4)  Moat  of  dw  ^mbiliaen  auch  M  V.  Fa  and  Ido  an  ocnoennaed  b  be  p  phao  of  toe  SP-7D0  healed  at  aolnlioo 
nolbg  baqomn.  and  aUbaiqr  of  the  p  phao  ariao  owing  to  die  cariebnot  of  auch  aUoybg  ebaaeaii. 
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Good  fatigue  and  creep  properties  of  TitankJ-n  alloys  nesseciates  its  usage 
in  todays  Aircraft  and  Spacecraft  Industries  Here  we  are  dealing  with  only 
OT4-1  alloy  with  composition  of  1.0%  to  3i.0%  wt.  of  Aluminium  and  0.5 
to  2.0  weight  percentage  of  Manganese  which  Is  used  for  sheet  metal  fabricated 
components  of  Aircraft  and  Spacecraft  vehicles  Of  these  Two  Aluminium 
stabilizers  the  phase  and  ThAI  system  exhibits  perltectoid  reaction.  Mn 
is  the  stabiliser  and  a  sluggish  eutectold  reaction  is  exhibited  by  Tl-Mn  system 
at  around  560*^  and  It  shows  the  behav  lour  of  isomorphous  system. 
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INTROOUCTION 


On  the  frontiers  of  technology  Titanium  and  its  alloys  are  a  moving  force. 
The  synthesis  of  Titanium  with  other  materials  to  produce  composites  have 
been  tested  with  regard  to  their  mechanical  behaviour  involving  such  factors 
as  fracture  strength  and  its  relationship  to  alloy  interface,  yield  strength, 
tensile  moduli!,  response  to  para  and  ortho  load  applications  and  load  trans¬ 
formation.  The  results  reported  being  very  encouraging,  they  gave  the  impetus 
to  launch  several  forays  in  the  field  of  composites  containing  dispersions 
of  Tio-  and  other  material  particles  with  cast  alloys.  The  present  paper 
that  ^  deals  with  "Development  of  TIOT4-1  alloy"  is  a  part  of  this  ongoing 
effort  designed  to  contribute  to  the  understanding  of  this  class  of  composites. 
Much  work  has  been  done  relating  to  characterisation  by  experimental  and 
analytic  methods  which  includes  amongst  others  an  investigation  of  the  elasticV 
inelastic  properties  fatigue  and  fracture,  creep  and  environmental  sensitivityd). 

The  OT4-1  composition  lies  in  two  phase  of  the  region  in  Ti-Al-Mn  phase 
diagram  at  room  temperature,  and  there  is  a  strong  partitioning  of  A1  to 
the  phase  and  Mn  to  the  phase  in  the  OT4-1  alloy  which  stabilises  small 
amount  of  phase  in  the  microstructure  results  in  improvement  of  workability 
and  strength  pressure  build-up  near  the  melt  surface  is  because  of  the  evapor¬ 
ation  of  volatile  matters  from  molten  metal. 

The  strength  of  the  OT4-1  alloys  remains  almost  constant  upto  2%  and  increases 
as  the  percentage  of  Aluminium  increases.  Tensile  properties  at  different 
annealing  ternperature  shows  that  a  alight  decrease  in  strength  will  be  observed 
when  annealed  610“C  and  690*C.  The  strength  of  the  alloy  which  is  controlled 
by  grain  si2e  shows  a  linear  relation  with  yield  strength. 

Mechinability  studies  of  OT4-1  alloy  was  carried  out  for  different  speeds, 
feeds  and  depth  of  cut.  chip  strain  analysis  was  carried  out  by  Scanning 
Electron  Microscopy.  By  evaluating  various  forces  Merchant  Circle  Diagram 
was  drawn  to  know  the  detailed  characteristic  for  its  purpose  and  use. 

PROCESS 

The  Titanium  OT4-1  alloy  is  an  ideal  link  up  of  several  important  properties 
such  as,  for  Instance,  good  fatigue  and  creep  characteristics,  that  qualifies 
it  as  a  promising  candidate  for  structural  applications  in  air  craft,  and  apace 
craft  industries.  With  the  phenomena]  development  of  Ti-alloys  which  match 
up  not  only  with  todays  needs,  but  also  with  the  tougher  demands  projected 
for  the  90's,  it  was  decided  to  confine  the  present  Investigation  to  the  some¬ 
what  neglected  area  of  the  Titanium  OT4-1  alloy  with  composition  of  1% 
to  3%  by  weight  of  the  Aluminium  and  0.5  to  2%  by  weight  of  Manganese 
which  are  often  used  for  steel  metd  fabricated  components  of  air  craft 
and  spacecraft  structures  (2).  With  Tianium  alloys  right  on  target  for  a 
vast  range  of  aircraft  and  space  craft  applications,  composites  involving 
Titanium  have  been  rates  a  winner  In  the  race  for  cost/performance  benefits. 

The  investigation  provided  encouraging  results  for  outstarvling  toughness 
and  strength  to  weight  ratio,  high  heat  resistance,  and  superior  dimensional 
stability.  Machanability  and  processing  characteristics  are  expected  to  add 
up  to  Its  reputation  as  a  great  winning  combination  for  highly  demanding 
applications  In  the  relevant  industries  (3).  It  is  expected  to  deliver  performance 
and  properties  approaching  those  required  for  aeronautics  and  aerospace 
appi  ications  (43)* 


In  much  as  the  conference  Is  dedicated  to  the  task  of  providing  a  forum 
that  would  cover  all  aspects  of  science  and  technology  and  applications 
of  Titanium  and  its  alloys,  there  are  certain  frontier  techncdogies  and  appli¬ 
cations,  principally  in  the  areas  of  aeronautics  arvf  aerospace  engineering 
the  benefits  and  spinoffs  which  can  be  widely  used  for  diverse  applications. 
This  paper  is  initially  presented  in  a  compact  from  covering  the  first  phase 
of  a  prolonged  investigation.  Thus  it  scope  is  intended  to  be  multidimensional 
and  consequently,  has  to  be  extended,  to  include  the  degree  of  suitability 
of  TlOI-1  alloy  to  crucial  applications  as  aircraft  and  aerospace  structures 
that  takes  into  account  Its  response  to  loads  stability,  damage  ti^erance 
arxl  durability  analysis  (6).  If  required  the  investigation  will  explore  other 
thrust  areas  involving  the  use  of  advanced  metal  and  composite  materials 
principally  biased  in  favour  of  Titanium  metal  matrix  composites  It  is 
suggested  to  incorporate  and  use  the  mattiematical  tools  of  analysis  to  concepts 
of  linear  and  rxin-l inear  finite  element  modelling,  variational  principles, 
optimization  and  fracture  mechanics  (7). 

Since  aircraft  and  spacecraft  are  the  target  areas  for  application  of  Tjbased 
MMMc's  due  emphals  must  be  place  on  the  need  for  indepth  investigation 
relating  to  the  response  of  these  composites  to  the  impact  of  structural 
dynamics  In  this  context  adequate  tools  to  deal  with  analytical  and  experi¬ 
mental  methods  for  evaluation  of  the  effects  of  resonance  and  forced  to 
vibration  arxl  the  dual  response  of  Tibased  MMMc's  in  transient  and  steady 
state  conditions  to  excitation  because  of  gust  acoustics,  impact  arxl  shock 
unsteady  aerodynamics,  aero  elastic  stability,  arxl  dynamic  interactions  with 
a  board  flight  controls  arxl  propulsion  systems  and  finely  its  response  to 
transient  thermal  environment  needs  a  thorough  evaluation  (8). 

As  far  as  design  engineering  is  corKerned  one  should  r»t  loose  sight  of  the 
fact  that  since  future  aircraft  will  be  built  with  a  very  high  percentage 
of  components  made  from  Ti  composite  materials  arxl  the  road  to  this  goal 
can  be  perilous.  No  option  should  be  tied  to  a  losing  gambles  on  development 
of  composites  to  aerospace  applications. 

CONCLUSION 

The  best  way  to  ensure  the  realisation  of  specific  goals  in  the  development 
and  application  of  composites  is  to  utilise  in  their  search  on  mcxlem  tools 
of  design  engineering,  which  should  |tx;lude  any  other,  advarx:ed  analysis 
arxl  optimization  methods  in  the  development  of  the  materials,  arxl  to  steer 
the  path  dedicated  to  the  task  of  implementing  the  synthesis  and  evaluation 
of  specific  composites  by  utilising  CAD  Jc  CAM  that  will  lead  to  advance 
design  concepts  incorporating  Finite  Element  Techniques  to  be  utilized  for 
construction  purposes  through  the  various  stages  of  Geometric  Modelling, 
Automatic  generation  of  Finite  Element  Mesh,  display  of  the  complete  model 
showing  the  stress  contours  and  zoom  capabilities  that  will  magnify  the 
high  stress  areas  for  closer  examination  (9). 
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Abatract 

TIMBTlkL*218  (Ti-15Mo-2.7Mb-3Al-.2Sl)  la  a  aataababla  bata  alloy  which  la 
balng  conaldacad  for  a  variety  of  aaroapaca  and  Induatrlal  appllcatlona. 

In  a»st  caaaa.  It  would  ba  uaad  la  an  agad  condition.  Racant  atudlaa  hava 
shown  that  oxygan  can  hava  a  pronounced  affect  on  tanalla  atrangth  and 
ductility  after  a  given  aging  traataant.  At  a  given  strength  level, 
however,  oxygen  up  to  0.25%  had  no  significant  affact  on  ductility,  oxygen 
levels  below  0.12%  resulted  In  a  large  decrease  la  strength  level  after  a 
given  aging  traataant.  Thla  can  be  coapansatad  for  by  lowering  the  aging 
taaiperature  or  using  a  praaglng  heat  traataant.  Surface  oxygen  absorption 
during  long-tlaa  axpoaures  at  S10*C  to  615*C  reduced  tanalla  ductility. 

The  alloy  raaalnad  aatallurglcally  stable  however. 


The  TINETAL*21S  alloy  (fomerly  Beta-21S)  la  a  aatastabla  bata  tltanlua 
alloy  having  a  ncalnal  ccavoaltlon  of  Tl-15Mo-2.7Mb-3Al-0.2Sl.  It  was 
originally  davalopad  as  a  strip  producible,  oxidation  resistant  aatsrlal 
for  aetal  aatrlx  coapoaltea.^  Its  unique  aet  of  propartlaa,  however,  have 
led  to  Its  being  conaldared  for  a  variety  of  aaroapaca  and  Industrial 
applications.  Aanng  these  properties  are,  besides  good  oxidation 
raalstanca,  good  creep  strength  op  to  450*C  (840*F)  and  a  eoeblnatlon  of 
high  strength  with  outstanding  corrosion  raalstanca. 3 

In  many  of  the  potential  appllcatlona  the  alloy  will  be  used  In  a  high 
strength  aged  condition.  Marly  work  on  this  alloy  aa  well  as  experience 
with  other  aMtastable  bata  coepoaltlona  Indicated  that  oxygen  content  could 
have  a  significant  affact  on  the  strength-ductility  relationships  attained 
with  various  aging  cyclas.  Thsrs  la  also  the  eora  baalc  question  of 
whether  oxygen  content  affects  ductility  at  a  given  strength  level.  To 
better  define  these  effects  a  study  waa  undertaken  on  laboratory  and  saal- 
ceaawrclal  beats  with  oxygon  contents  ranging  fro*  0.09  to  0.33%. 


In  addition  to  bulk  oxygan  affacta  thara  waa  alao  tha  quaatlon  of  tha 
effacts  of  oxygan  panatration  of  tha  aurfaca  of  tha  alloy  during  extended 
expoauraa  at  elevated  tamperaturea.  Thla  waa  alao  Inveatlgated  at 
taoparaturea  up  to  615 *C. 

Material a  and  Proceduraa 

Bulk  Oxvoan  Bf facta.  Thla  atudy  Involved  material  from  aevan  (7)  27  Kg 
(60-lb)  laboratory  heata  and  one  818  Kg  (1800- lb)  aaml-coomerclal  heat. 
Starting  material  for  thla  atudy  waa  obtained  from  tha  latter  heat  In  the 
form  of  76-ina  (3-ln)  x  456-mm  (14-ln)  forgad  alab.  Chemical  analyaea  of 
all  heata  are  given  In  Table  I.  Sheet  1.3-Bm  (0.050-ln)  thick  x  127-inn 
(5-ln)  wide  waa  produced  from  all  heata  by  a  proceaa  almulating  continuous 
atrip  production.  The  final  oparatlona  on  all  ahaet  conalatad  of  cold 
rolling  50%  to  final  gaga  followed  by  annealing  for  10  mlnutaa  28*c  (50°F) 
to  43*c  (75*F)  above  the  beta  tranaua  of  each  beat  to  produce  an 
eaaantlally  fully  recryatalllxed  material.  Hot  rolled  13-nn  (0.5-ln) 
diameter  bar  atoek  waa  alao  produced  from  alx  of  the  heata  for  tasting. 
Final  operations  for  the  bar  consisted  of  rolling  from  38-nmi  (l.S-ln) 
square  bar  to  final  size  from  a  temperature  of  788*C  (1450*F).  Following 
rolling  tha  bar  was  annealed  for  one  hour  at  the  same  tamparaturas  as  sheet 
from  tha  same  heat. 


TABLE  I  -  Chemical  Compoaltlona  of  Beats 


Ht*t  Mg. 

Ma 

Mb 

hi 

Si 

u 

fi 

M 

V-6966 

16.0 

2.54 

3.02 

0.21 

0.110 

0.26 

0.002 

V-7074 

15.4 

2.54 

2.95 

0.19 

0.090 

0.14 

0.004 

V-7297 

15.1 

2.85 

3.07 

0.18 

0.081 

0.09 

0.003 

V-7503 

14.8 

2.73 

3.07 

0.23 

0.085 

0.12 

0.008 

V-7504 

14.5 

2.68 

3.05 

0.23 

0.082 

0.13 

0.010 

V-7505 

14.4 

2.67 

3.09 

0.23 

0.088 

0.18 

0.009 

V-7506 

14.7 

2.69 

3.08 

0.23 

0.086 

0.23 

0.008 

V-7518 

15.2 

2.88 

3.14 

0.20 

0.052 

0,33 

0.004 

G-1664 

15.0 

2.84 

2.97 

0.20 

0.127 

0.13 

0.004 

The  Initial  evaluation,  early  In  the  development  program  of  the  alloy,  waa 
carried  out  on  sheet  material  only  from  Beats  V-7074  and  V-69e6  containing 
0.14%  and  0.25%  oxygan,  respectively.  Specimen  blan)(s  from  each  heat  were 
aged  for  periods  of  4,  8,  16  and  24  hours  at  teo^peratures  of  482*C  (900*F), 
53e*C  (100C*r),  and  S93*C  (llOO'F)  follotied  by  air  cooling.  The  later 
evaluation,  carried  out  on  Heats  V-7297  thru  V-7518  covered  a  wider  range 
of  oxygon  contents  (0.09%  to  0.33%)  and  Involved,  In  addition  to  cold 
rolled  and  recryatalllzed  sheet,  hot  rolled  and  annealed  bar.  In  thla  part 
of  the  Investigation  only  three  aged  conditions  were  evaluated;  482*C 
(900*F)  for  24  hours,  538»C  (1000»F)  for  8  hours,  and  593*C  (llOO'F)  for  8 
hours.  Those  treatments  were  selected  because  they  represented  a  fully 
aged  condition  at  each  teaverature  and  provided  a  range  of  strength  levels 
covering  tboae  likely  to  bo  used  In  coosMrclal  applications. 

Prior  to  tensile  testing  all  sheet  specimens  were  descaled  and  pickled  to 
remove  0.05-nm  (0.002-ln)  from  each  surface  to  remove  any  material  contami¬ 
nated  by  oxygen  and/or  nitrogen  during  heat  treatment.  Tensile  testing  was 
carried  out  according  to  ASTM  IS.  Gage  section  for  tha  sheet  speclmena  was 
6-mm  (0.2S-ln)  x  25-mB  (1-ln)  and  for  the  bar  apoclmens  6-sm  (0.2S-ln) 
diameter  x  2S-am  (1-in), 


In  addition  to  th«  tenalle  taata  some  indication  of  sheet  formability  in 
the  annealed  condition  was  obtained  by  band  testing  25-iiim  (1-in)  wide 
strips.  These  specimens  were  bent  lOS  degrees  around  successively  smaller 
radii  ei'.her  until  cracking  visible  at  20X  magnification  occurred  or  until 
the  minimum  radius  of  0.76-nim  <0.030-ln)  was  reached. 

Surface  Oxygen  Effects.  This  study  involved  two  gages  of  sheet,  0.58-mm 
(0.023-in)  and  1.3-001  (0.052-in)  thick,  produced  by  standard  strip 
processing  methods  from  commercial  Heat  G-1664.  The  chemical  composition 
of  this  heat  is  also  given  in  Table  I.  Prior  to  testing,  specimen  blanks 
of  each  gage  were  given  an  overaging  type  of  heat  treatment  consisting  of: 

69Q°C  (12750F),  B  Hrs  AC  +  6490C  (1200«F),  B  Hrs  AC 

Fully  machined  tensile  specimens  were  then  exposed  in  air  for  1000  hours  at 
temperatures  of  SIO^C  (9S0‘F),  565*C  (1050*F)  and  61S«C  (1140"F).  During 
exposure  the  specimens  were  so  arranged  that  air  had  free  access  to  all 
surfaces. 

Following  exposure  the  specimens  were  tensile  tested  both  with  the  oxide 
scale  intact  and  after  descaling  and  removal  of  air  contaminated  surface 
metal  by  acid  pickling.  Thic)cness  of  the  surface  layer  removed  ranged  from 
O.OS  to  0.1-mm  (0.002  to  0.004-in)  depending  on  the  exposure  temperature. 

Results  and  Diacussion 

Bulk  Oxygen  Effects.  With  regard  to  bend  ductility  sheet  in  the  annealed 
condition  from  all  heats  sustained  a  105  degree  bend  around  an  O.OsO-in 
(1.27-mm)  radius  without  cracking.  This  translates  to  a  bend  ductility  of 
IT  or  lass  for  sheet  at  all  oxygen  levels.  Thus,  oxygen  contents  up  to 
0.33t  had  no  significant  effect  on  this  criterion  for  formability. 

However,  as  will  be  shown  later,  the  tensile  data  indicated  a  possible 
oxygen  effect  on  some  other  aspects  of  sheet  formability. 

Results  of  the  tensile  tests  on  sheet  from  the  first  two  heats  containing 
0.144  and  0.254  oxygen  are  presented  in  Table  II.  It  is  ismediately 
apparent  that  the  higher  oxygen  level  generally  resulted  in  higher  strength 
and  lower  ductility  after  a  given  aging  treatment.  The  deleterious  effect 
on  ductility  is  particularly  noticeable  in  the  series  aged  at  593'C.  The 
significant  question,  however,  was  whether  the  increased  oxygen  reduced 
ductility  at  a  given  strength  level.  Subjecting  the  data  of  Table  II  to 
linear  regression  analyses  using  elongation  as  the  dependent  variable  gave 
the  following  equations: 

0.144  ©2  Elong  -  28.9  -  0.0177  OTS  (MPa) 

Elong  >  32.5  -  0.0222  YS  (MPa) 

0.254  02  Elong  -  29.2  -  0.0181  UTS  (MPa) 

Elong  “  30.3  -  0.0200  YS  (MPa) 

Regression  coefficients  ranged  from  0.85  to  0.90  indicating  reasonably  good 
adherence  to  a  linear  relationship.  It  is  evident  that  the  equations 
relating  tensile  elongation  to  either  ultimate  tensile  or  yield  strength 
ware  virtually  the  saow  for  the  two  oxygon  levels.  Thus,  the  tensile 
ductility,  expressed  as  elongation,  was  essentially  the  same  at  a  given 
strength  level  for  both  heats  indicating  that  oxygen,  per  se,  had  no 
significant  effect. 
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Tabl*  II  TanalXe  PropartiM  of  TIM8TAL«21S  Shaat  at  Two  Oxygan  Lavalt^ 


Aging 

Aging 

Oxygnn 

OTS 

YS 

TUtOx  c 

Time.  Hr« 

gsnttnti  4 

HEt 

liEl 

El.  % 

Mon« 

— 

0.14 

880.5 

860.5 

12.0 

0.2S 

931.5 

914.3 

15.0 

482 

4 

0.14 

1093.8 

983.9 

11.5 

0.2S 

1011.5 

975.0 

14.0 

8 

0.14 

1357.0 

1145.3 

4.0 

0.25 

1143.9 

1114.9 

5.0 

16 

0.14 

1383.2 

1276.9 

5.0 

0.25 

1473.5 

1373.5 

4.5 

24 

0.14 

1428.6 

1319.7 

3.5 

0.25 

1529.3 

1454.8 

3.0 

538 

4 

0.14 

1297.0 

1199.7 

8.0 

0.35 

1381.8 

1297.6 

5. 5 

8 

0.14 

1269.4 

1185.3 

5.0 

0.25 

1388.7 

1303.2 

3.5 

16 

0.14 

1289.4 

1305.3 

6.0 

0.25 

1409.3 

1341.1 

3.5 

34 

0.14 

1368.0 

1192.2 

6.0 

0.25 

1388.7 

1336.9 

3.5 

593 

4 

0.14 

1103.8 

1024.6 

11.0 

0,25 

1180.4 

1108.7 

6.0 

a 

0.14 

1063.9 

996.3 

11.0 

0.25 

1172.2 

1103.9 

7.5 

16 

0.14 

1074.2 

999.8 

10.0 

0.25 

1194.2 

1128.7 

5.0 

34 

0.14 

1116.3 

1059.1 

8.0 

0.25 

1199.7 

1128.7 

6.5 

^Cold  rollad  S0%  prior  to  annaaling. 

0.14  oxygan  annealad  B16*C(S  Hin)AC.  0.2$  oxygan  annaalad  85T*C(SMin)AC. 
All  valuaa  ara  tha  avaraga  of  t«io  L  and  two  T  apaciaana. 


Tensile  test  results  for  both  sheet  and  bar  stock  of  the  second  group  of 
heats  are  presented  in  Table  III.  These  heats  were  awde  to  confirm  the 
results  of  the  earlier  investigation  and  to  extend  the  range  of  oxygen 
contents  both  above  and  below  the  t««o  previous  levels.  In  the  annealed 
condition  strength  increased  with  oxygen  content  for  both  sheet  and  bar 
product.  The  magnitude  of  the  increase  over  the  full  oxygen  range  was 
somewhat  greater  for  sheet  (159  MPa)  than  for  bar  (80  MPa).  Ductility, 
however,  remained  essentially  constant  over  the  full  range  of  oxygen  for 
both  product  forms. 

Tha  picture  changed  somewhat  for  the  aged  specimena.  Aa  in  tha  earlier 
work,  for  a  given  aging  treatawnt  strength  increased  with  increasing  oxygan 
and  ductility  decreased.  Again,  to  determine  whether  tha  strength- 
ductility  relationship  was  affected  by  oxygan  the  data  for  each  aging 
treatment  and  each  oxygan  level  ware  subjected  to  linear  regression 
analyses.  For  the  sheet,  elongation  was  tha  dependent  variable;  for  bar 
both  elongation  and  reduction  of  area.  In  all  casea,  the  data  fitted  a 
linear  regression  reasonably  well,  showing  regression  coefficients  rang!,  i 
from  0.79  to  0.94  for  the  sheet  specimens  and  0.87  to  0.99  for  the  bar. 

The  results  of  this  work  are  presented  in  Table  IV  in  the  form  of 
calculated  elongation  and  reduction  of  area  values  for  bar  and  sheet 
specimens  at  two  strength  levels,  1380  MPa  (200  ksi)  and  1034  MPa  (150  ksi) 
ultimate  tensile  strength.  For  the  sheet  specimens  no  trend  is  evident  for 
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TftbX*  III  8ff«ct  of  Ovy^on  Coneont  on  tho  tonsLio  Preportios  of  Bot4*218  Shoot  onO  B«r 


,2 


UTS 

TS 

UTS 

YS 

Htit 

liE8 

tt8 

U-i 

Ha 

HEI 

BAi.  9 

El,  9 

943«C(10  Nin)AC 

0.090 

813.6 

771.6 

19.8 

837.1 

795.7 

66.8 

22.:^ 

O.UO 

889. 8 

819.8 

20.1 

847.4 

815.7 

66.2 

24.0 

0.130 

874.3 

847.4 

17.3 

874.3 

843.9 

61.8 

23.0 

0.183^ 

900.8 

888.8 

18.4 

882.6 

853.6 

63.6 

23.3 

0.329^ 

930.8 

912.9 

17.4 

899.1 

890.1 

66.1 

27.0 

0.334^ 

970.8 

958.4 

21.5 

917.0 

913.6 

61.4 

26.5 

843*C<10  Mln)AC  * 

0.090 

1336.9 

1258.3 

6.8 

_ 

_ 

481*CU4  Hr}AC 

0.120 

1443.1 

1341.8 

4.1 

1431.4 

1352.1 

15.8 

7.0 

0.130 

1391.4 

1306.6 

3.0 

1434.2 

1346.6 

15.9 

6.5 

0.183^ 

1447.3 

1375.6 

2.8 

1494.8 

1415.5 

12.5 

4.5 

0.229^ 

1841.7 

1470.7 

2.3 

1583.1 

1501.7 

10.4 

4.5 

0.334& 

1879.6 

1462.4 

3.0 

1540.3 

1443.1 

5.0 

2.0 

843*0(10  Mifi)AC  * 

0.090 

US7.0 

1024.6 

9.6 

1202.5 

1037.0 

47.6 

10.9 

S38*C(8  Hr)AC 

0.120 

1314.2 

1232.6 

5.8 

1325.2 

1253.5 

24.3 

8.3 

0.130 

1320.4 

1243.2 

5.8 

1326.6 

1254.9 

24.4 

8.5 

0.1833 

1421.7 

1319.7 

1.4 

1395.5 

1329.4 

19.0 

7.0 

0.229^ 

1434.8 

1377.6 

4.3 

1467.3 

1388.0 

19.2 

7.8 

0.3343 

1461.1 

1359.7 

3.4 

1425.2 

1332.8 

8.0 

4.0 

843*0(10  Nin>AC  * 

0.090 

937.0 

822.6 

16.8 

1045.3 

947.4 

44.2 

11.5 

593*0(8  llr)AC 

0.120 

1068.0 

986.0 

12.5 

1103.2 

1010.1 

35.5 

14.0 

0.130 

1060.5 

987.4 

9.0 

1099.8 

1011.5 

35.2 

13.5 

0.1833 

1182.8 

1081.8 

7.9 

1166.6 

1084.6 

26.9 

12.0 

0.229^ 

1223.2 

1148.0 

8.0 

1232.1 

1146.6 

22.5 

10.3 

O.334S 

1289.4 

1194.2 

6.5 

1259.0 

1180.4 

16.0 

8.3 

^AfUNiolinp  tiao  for  shoot  wos  10  oin. «  for  bar  1  hour. 

^Cold  rollod  S0%  prior  to  oniuiaLino. 

^AniMilad  tS7«e. 

<Aiuw.i.d  a7i<e. 

SAiuHMiaii  ass*c. 

•longatlon  values  vs.  oxygen  content  at  either  strength  level.  However, 
the  bar  material  sho«Md  a  distinct  decrease  In  both  elongation  and  RA  at 
the  high  strength  level  (1360  MPa).  This  trend  Is  not  as  evident  at  the 
lower  strength  level  (1034  MPa)  although  there  is  soom  Indication  of  a 
decrease  In  RA  at  the  0.33%  oxygen  level. 

Although  oxygen  levels  below  0.33  do  not  appear  to  significantly  affect  the 
strength-ductility  relationship,  the  data  of  Table  III  show  a  strong  effect 
of  oxygen  contents  below  0.13%  on  strength  level  after  a  given  aging 
treatment.  For  example,  both  sheet  and  bar  of  the  0.09%  oxygen  heat  had 
yield  strengths  more  than  200  MPa  lower  than  the  0.12%  oxygen  heat  after 
aging  at  538*C  for  8  hours.  Strength  of  tho  low  oxygen  heat  may  be 
Increased  to  that  of  the  0.12%  oxygen  material  either  by  using  the  482*C 
(24  hr)  age  or  by  using  a  duplex  aging  troatsiont.  The  latter  Involves  a 
preaging  treatment  at  427*C  for  4  hours  followed  by  the  standard  538*c 
(6  hr)  age.  The  duplex  age  applied  to  bar  stock  of  the  0.09%  oxygen  heat 
gave  the  following  tensile  propertleet 

OTS  -  1311  MPa 
TS  -  1318  MPa 
%  RA  -  30.4 

%  *1  -  11 

Those  properties  are  very  close  to  those  of  the  0.12%  oxygen  alloy  after 
the  standard  S38*c  (8  Hr)  age. 

There  la  another  effect  of  oxygen  shown  In  the  data  of  Table  III  which 
could  be  Important  In  certain  types  of  forming  operations.  Note  that  in 

1$7 


Table  IV 

Calculated^-  Tensile  Ductility  Values  at  Two  Strength 

Levels  as  a  Function  of  Oxygen  Content 

Oxygen 

1380  MPa  <200  ksH  UTS 

1034  MPa  (150  kail 

VT5 

gdntflntx. 

_Jl  Elono.  % 

RA  % 

Elono.  % 

RA  % 

Sheet  Material 

0.09 

5.0 

- 

13.9 

- 

0.132 

4.4 

- 

11.1 

- 

0.18 

4.8 

- 

9.8 

- 

0.23 

5.3 

- 

11.2 

0.33 

5.0 

9.5 

Bar  Material 

0.132 

7.7 

19.8 

15.1 

39.6 

0.18 

7.3 

18.2 

15.1 

32.8 

0.23 

8.3 

18.9 

13.7 

29.8 

0.33 

5.5 

10.7 

13.2 

24.7 

^Calculated  from  linear 

regression  equations  obtained 

from 

the  data  of  Table 

III. 

2Data  for  both  0.13  and 

0.14%  oxygen 

heats  are  included. 

tha  aimaalad  condition  tha  dlffaranca  batwaan  ylald  and  ultimata  tanslle 
stranytha  daeraaaad  as  tha  oxygan  laval  Incraasad  from  a  valua  of  42  MPa  at 
0.09t  oxygan  to  a  valua  of  12  MPa  at  0.33%  oxygan. 

This  bahavlor  Impllas  a  daeraasa  In  work  hardanlng  capability  with 
Incraaalng  oxygan  and,  concomitantly,  an  Incraasa  In  tha  tandancy  to  naek 
locally  and  fall  during  stratchlng  or  drawing  oparatlons. 

All  In  all,  tha  abova  data  Indlcata  that  oxygan  lavals  up  to  at  laast  0.25% 
can  be  tolerated  In  the  TIHETAL»21S  alloy  where  good  strength-ductility 
relationships  are  the  prime  consideration.  Other  properties,  such  as 
fracture  toughness  or  crack  propagation,  may  revise  this  aiaxlmum  figure 
when  appropriate  data  become  available.  Lpower  oxygan  contants  are  also 
Indicated  for  applications  requiring  savara  forming  oparatlons.  The 
currant  aim  of  0.13%  oxygon  for  the  alloy  provides  a  compromise  between 
adequate  formablllty  and  high  atrangth  capabilities. 


Surface  Oxygen  Effects.  Tha  affects  of  oxygen  build-up  in  tha  surface 
layers  of  TIMXTAL«21S  sheet  during  exposure  at  elevated  temperature  for 
1000  hours  In  air  are  shown  In  Table  V.  Prior  to  exposure  the  specimens 
were  heat  treated  to  provide  a  high  degree  of  metallurgical  stability.  It 
Is  apparent  that  oxygon  absorption  by  the  surface  layers  reduced  tensile 
ductility  with  the  oiagnltudo  of  the  reduction  depending  on  both  exposure 
temperature  and  ahoet  thickness.  Ixposure  temperature,  of  course,  de¬ 
termined  tha  depth  beneath  tha  surface  to  which  the  oxygen  panotratad. 

The  sheet  thlcknoas  effect  was  associated  with  the  higher  percentage  of 
sheet  thickness  resialning  uncontamlnated  in  the  thicker  sheet.  In  all 
cases  the  original  ductility  was  restored  after  exposure  by  raanvlng  the 
oxygen  contaminated  surface  layers  by  descaling  and  pickling.  This 
confirmed  tha  metallurgical  (bulk)  stability  of  the  alloy  under  these 
conditions  of  exposure. 


Tabla  V  Effact  of  Surfaca  Oxygan  AOaorption  on  tha  Tansile  Ductility 
of  TIMBTAL>21S  Sbaat^ 


Shaat 

Exposura^ 

UTS 

ys 

Thicknass.  m 

D  Tamo.  C 

Surfaca 

HEM 

HEa 

tl9ngi.-% 

1.33 

Mona 

- 

917 

848 

19.0 

510 

As  Exposad 

1015 

941 

13.0 

Picklad^ 

1010 

927 

14.0 

586 

As  Exposad 

947 

893 

10.0 

Picklad^ 

949 

877 

17.0 

616 

As  Exposad 

911 

874 

2.5 

Picklad* 

941 

838 

15.0 

0.S8 

Mona 

- 

977 

905 

13.5 

510 

As  Exposad 

994 

945 

5. 5 

Picklad^ 

1041 

958 

12.0 

566 

As  Exposad 

985 

940 

5.5 

Picklad^ 

1003 

919 

13.5 

616 

As  Exposed 

972 

944 

2.5 

Picklad* 

960 

862 

13.5 

Ipclor  hast  traataant  691*c<8  B)CS)AC  649*C(8  Hxa)XC. 

^Expoaura  tiaxi  •  1000  hours. 

^oascalad  and  picklad  to  ranova  0.05-na  fcoa>  surfaca. 

^Dasealad  and  picklad  to  ranova  0.07S-an  from  surfaca. 

Tha  actual  dsptb  of  panatration  of  tha  oxygan  nomally  can  ba  dataminad  by 
a  ralatlvaly  slnpla  procadura  In  matastabla  bata  titanium  alloys.  Oxygon 
incroasoa  tha  bata  transus  of  tha  alloy  about  3*C  par  0.01%  oxygon. 
Thorafoca,  if  tha  oxposod  sanplo  io  hoatod  to  a  tanparaturo  Just  abovo  tha 
bata  transus  of  tha  substrata  for  a  short  tins  only  tha  uncontaminatod 
natal  of  the  substrata  will  cooplatoly  transfom  to  bata.  Tha  dopth  of 
oxygon  panatration  than  is  donotad  by  tha  prasanco  of  an  alpha-bata 
structuro.  Cara  nust  ba  takon  during  this  boat  troatawnt  to  pravant 
additional  oxygon  pickup  by  using  vacuum  or  an  inart  atansphars  or  by 
ancapaulating  tha  apaeUaon  in  a  ««aldod  titaniun  pack. 

In  tha  casa  of  spacinons  oxposod  for  long  pariods  of  tins  at  tanparaturas 
in  tha  ranga  4S0»C  to  6S0»C,  howovor,  tha  pra-axisting  alpha  particlas 
coaraan  and  bacoma  noro  stabla.  Tha  onhaaeod  stability  is  probably  tha 
rasult  of  attaining  noar  ogulllbrlun  coatpositlon  throughout  tha  voluna  of 
tha  alpha  particla.  Thus,  whan  tha  long  axposuro  spacimans  aro  hoatod  for 
short  pariods  of  tiam  at  a  tanparaturo  Just  abovo  tha  bata  transus  tha 
alpha  phaaa  in  tha  uncontaminatod  substrata  doas  not  complataly  transform. 
This  is  illustratad  in  Pigura  1(a)  which  is  a  micrograph  of  tha  spaciman 
axposad  for  1000  hours  at  53S*C  and  solution  troatod  at  eiS*C  for  10 
nlnutas.  Nota  tha' alpha  particlas  and  particularly  tha  grain  boundary 
alpha  still  peasant  in  tha  substrata  balow  tha  air  oontaminatod  surfaca. 
Incroasing  tha  solution  traating  tlmo  to  ona  hour  at  815»C  rasults  in  tha 
transformation  of  aasantially  all  of  tha  alpha  in  tha  substrata  of  tha 
spacimans  axposad  at  482*C  and  S66*C  as  shown  in  Flguras  1(b)  and  1(c). 
Sons  grain  boundary  alpha  still  romainad  in  tha  spaciman  axposad  at  6l5*c 
as  shown  in  Pigura  1(d). 

ISf 


(«)  (b)  (c)  (d) 


Figure  1(a)  -  566*C  for  1000  hrs  81S*C  for  10  rain.;  (b)  510*C  for  1000 
hra  +  815*C  for  1  hr.;  (c)  566*C  for  1000  hrs  *  815*C  for  1  hr.;  (d)  615*C 
for  1000  hra  +  815*C  for  1  hr. 

Prom  these  micrographs  it  would  appear  that  the  overall  oxygen  penetration 
( intragranular  and  grain  boundary)  was  very  similar  at  482*C  and  S66*C  - 
about  0.13-mm.  After  the  exposure  at  615*C  the  penetration  sharply 
increased  to  a  value  of  about  0.2S-iim>. 


1.  Oxygen  levels  up  0.25«  had  no  significant  effect  on  the  strength- 
ductility  relationship  of  aged  TIMXTAL«215.  Higher  oxygen  levels 
degrade  ductility. 

2.  Increasing  oxygen  decreases  the  work  hardening  capability  of  annealed 
sheet  material  of  the  alloy.  This  could  adversely  effect  some  aspects 
of  formability. 

3.  Oxygen  absorption  at  the  surface  during  exposure  in  air  at  elevated 
temperature  degrades  tensile  ductility.  The  magnitude  of  the  effect 

in  sheet  is  dependent  on  the  exposure  time  and  temperature  and  on  sheet 
thicicness . 

4.  After  a  suitable  heat  treatment  T1)BTAL«21S  is  mtallurgically  stable 
for  at  least  1000  hours  at  temperatures  up  to  61S*C. 
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MICROSTRUCTURAL  STABMJTY  OF  BETA  21 S 
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Abstract 

The  relatively  new  titanium  alloy  Beta  21 S  (Ti-l5Mo-3Nb-3AI-0.2Si  w/o)  has 
found  application  as  a  high  temperature  matrix  material  for  composite 
development.  The  complex  response  of  metal  matrix  composite  (MMC)  structures 
during  excursions  into  creep  and  thermal  mechanical  fatigue  regimes  requires 
knowledge  of  the  microstructure/property  relationships  of  the  monolithic  matrix 
material.  Precipitation  processes  leading  to  significant  property  changes  can 
occur  in  titanium  alloys  containing  large  amounts  of  the  retained  high 
temperature  p  phase.  Beta-21  S  is  a  metastable  beta  alloy  and  thus  an 
understanding  of  microstructural  development  as  a  function  of  thermal  exposure 
below  the  beta  transus  temperature  is  essential  for  understanding  the  mechanical 
response  of  any  MMC  based  on  this  alloy.  This  study  was  undertaken  to  examine 
the  microstructure  of  p-21S  following  exposure  to  temperatures  in  the  range 
430°C  to  700°C  as  a  function  of  time  following  solution  treatment  at  81 

Metallographic  results  illustrate  the  metastable  nature  of  p-21S  on  exposure  at 
temperatures  below  the  beta  transus.  This  is  reflected  in  the  morph^ogy  and 
volume  fraction  of  the  alpha  phase  in  the  beta  matrix.  Following  heat  treatments 
at  430‘’C,  homogeneously  nucleated,  very  fine  alpha  phase  was  observed  and 
upon  further  aging  the  development  of  grain  boundary  precipitates  and 
precipitate-free  zones  resulted,  in  a  nonuniform  distribution  of  alpha.  At  the 
intennediate  temperatures  of  ^S^C  and  eso^C,  a  heterogeneous  nudeation 
occurs  but  with  continued  growth  resulted  in  a  more  uniform  distribution  of  alpha 
phase.  At  the  highest  aging  temperature  of  TOS^,  precipitation  of  alpha  phase 
again  resulted  in  a  nonuniform  distribution  of  this  phase.  These  precipitate 
distributions  can  be  understood  through  consideration  of  the  relationships 
between  alpha  phase  nudeation  sites,  predpitation  kinetics,  and  the  driving  force 
for  predpitation. 


Introductian 

Beta  21 S  (Ti-15Mo-3Nb-3AI-0.2Si  w/o)  was  developed  to  be  roughly  equivalent 
to  Tt-l5V-3Cr-3Sn-3AI  (Ti-15-3)  in  terms  of  processing  and  properties  but  with 
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significantly  improved  oxidation  resistance  (1 ).  The  high  refractory  metal  content 
of  the  alloy  results  in  a  relatively  high  density  compared  to  an  alloy  such  as 
conventional  Ti-6AI-4V,  4.94  g/cc  vs.  4.45  g/cc.  However,  its  exceptional 
oxidation  resistance  makes  the  fi-21S  alloy  particularly  suitable  for  use  as  the 
matrix  alloy  in  a  metal  matrix  composite  designed  for  exposure  to  elevated 
temperatures.  The  maximum  temperature  of  usage  for  any  composite  material 
will  be  a  function  of  a  number  of  variables  including  alloy  stability  at  temperature, 
which  is  the  subject  of  this  paper. 

Strengthening  during  the  aging  of  titanium  alloys  Is  due  to  alpha  phase 
precipitation,  with  the  strength  level  controlled  by  the  size,  shape,  and  volume 
fraction  of  these  precipitates  (2).  In  addition,  early  work  on  T1  alloy  development 
revealed  that,  for  long-term,  eie^ed-temperature  applications,  alloys  with  little  or 
no  beta  phase  performed  better  than  alpha  -i-  beta  alloys.  This  conclusion  was  a 
direct  consequence  of  the  thermal  instabilities  exhibited  by  the  beta  phase; 
thermal  decomposition  of  the  beta  during  long-term  exposures  resulted  in 
changes  in  mechanical  properties  (3).  An  understanding  of  the  microstructural 
stability  of  the  monolithic  fi-21S  matrix  alloy  subjected  to  elevated  temperature 
long-term  exposures  will  provide  a  fundamental  basis  for  interpreting  the 
behavioral  response  of  composites  based  on  this  alloy. 


The  alloy  was  obtained  from  Timet  Corp.,  Henderson,  NV,  as  a  0.5  mm  thick 
sheet  in  the  mill  annealed  condition.  The  sheet  had  been  rolled  from  an  ingot 
(Heat  Q-1664)  that  had  the  average  chemistry  given  in  Table  1 .  AH  samples  were 
first  solution  treated  at  815*’C/1S  min.  in  a  flowing  argon  environment  and  then 
water  quenched.  Subsequent  high  temperature  aging  treatments  were  also 
performed  in  an  inert  environment  followed  by  a  water  quench.  This  rapid 
cooling  normalized  the  influence  of  cooling  rate  effects,  which  could  be  an 
addttional  important  issue  for  some  heat  treatments.  The  inert  environment 
prevented  the  ingress  of  oxygen  and  its  possible  influers^  on  the  microstructural 
stability.  To  further  remove  any  question  of  environmental  effects,  all  micrographs 
were  taken  from  the  center  of  the  through  thickness  orientation. 


Table  I  Chemicat  Composition  fin  wt%)  of  Beta  21 S 


bal  15.0  2.94  3.07  0.20  0.104  0.22  0.121  0.005  0.0023 

A  sequence  of  high  temperature  aging  treatments  was  performed  to  determine 
alpha  phase  predpitation  and  mori^ology  as  a  function  of  temperature  (430*’C. 
538'’C,  650*C,  and  705*’C)  and  time  (1,8,48,  and  96  hours).  Obviously,  all 
microstructures  observed  cannot  be  preMnted  Within  the  confines  of  this  p<4>er, 
but  representative  Uiustrations  are  presented.  Due  to  the  extreme  differences  in 
the  alpha  phase  morphologies,  sample  preparation  and  etching  procedures  were 
not  constant.  Where  necessary,  different  metallographic  procerhires  were 
developed  to  highlight  the  alpha  phase  precipitation.  Corresponding  Knoop 
hardness  values  (500  gm  load)  help  to  quantitatively  illustrate  the  effects  on 
gross  mechanical  response. 


Rasulte  and  r>icr.ii»iftn» 

The  fH21S  solution  treated  (815**C)  microsttucture  is  shown  in  three  dimensions 
in  Fig.  1a  with  the  TS  orientation  under  Nomarski  illumination  shown  in  Fig.  lb. 
The  TS  orientation  was  the  standard  adopted  for  metatiurgicai  examination.  The 
fine  apparent  precipitate  is  an  etch  pitting  artifact  associated  with  sample 
preparation.  The  material  has  a  relatively  equiaxed  microstructure  with  an 
average  grain  size  of  20-30  pm.  AN  samples  were  heat  treated  to  this  condition 
prior  to  aging.  Knoop  hardness  for  this  annealed  condition  averaged  270. 


Figure  1 


Solution  treated  (810<’C/1S  min)  microstructure  of  p-2iS  a) 
illustrating  the  equiaxed  geometry  of  the  starting  microstructure  and  b) 
Nomarski  illumination  of  the  TS  orientation. 


Rgure  2  is  a  sequence  of  micrographs  for  p-21S  aged  at  430*C  for  times  from 
1  hour  to  96  hours.  After  1  hour  at  temperature,  there  is  some  evidence  of  alpha 
phase  within  grains.  After  8  hours,  precipitate  nudeation  becomes  more  evident 
as  the  grain  interiors  etch  to  a  gray  appearance  indicating  the  presence  of  very 
fine  alpha  predpilates.  After  48  hours,  it  is  dear  that  alpha  predpitation  has  also 
been  proc^ng  along  the  grain  boundarfee.  Presumably,  the  alpha  phase  had 
been  predpitating  at  grain  boundaries  bom  the  onset  of  aging  but  the  very  fine 
predpitate  was  masked  by  etching  of  the  boundary  itself.  This  is  a  dassical 
exarttpie  of  homogeneous  nudeation  of  precipitates  at  lattioe  defsd  sites  within 
grain  interiors  and  heterogeneously  at  grain  boundaries.  Adfacent  to  the  grain 
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Fig.  2  M«tallography  illustrating  the  alpha  phase  precipitate  morphology  in 
^21 S  at  430°C  for  times  of  a)1  hour,  b)  8  hours,  c)  48  hours,  and  d)  96 
hours. 

boundaries  a  precipitate  free  zone  exists.  It  is  postulated  that  within  this  zone, 
lattice  defects  (such  as  vacancies)  diffuse  to  the  boundaries,  effectively 
eliminating  precipitate  nudeation  sites.  Therefore,  the  nudeation  of  alpha  is 
either  sluggish  or  nonexistent  within  this  region,  as  evidenced  by  the  presence  of 
predpitate  free  zones  even  after  96  hours  at  430*’C. 

Knoop  hardness  values  are  plotted  in  Fig.  3  as  a  function  of  temperature  and 
aging  time.  Predpitation  kinetics  at  430°C  are  slow  resulting  in  long  times  prior  to 
achieving  peak  hardness.  In  this  case,  atomic  motion  is  so  slow  that  appreciable 
predpitation  occurs  only  after  extended  aging  times  but  to  quite  high  hardness 
values.  The  lack  of  a  predpitates  near  the  p  grain  boundaries  will  lead  to  a  locally 
softer  region  and  potentially  strain  localization.  Lower  ductilities  and 
'intergranular'  fradure  might  be  expected  As  pointed  out  by  Williams  et  al.  (2), 
numerous  investigators  have  noted  the  formation  of  omega  phase  with  aging  of 
Ti-Mo  alloys  and  the  p  ^  u  +  p  readion  has  been  shown  to  occur  rapidly  during 
aging  at  temperatures  between  SIS^C  and  455°C.  X-ray  diffradion  failed  to 
deted  w  in  p-21S  fdlowing  aging  at  ASO^C,  but  eledron  diffradion  experiments  in 
the  TEM  may  be  necessary  to  rule  out  its  presence. 

Figure  4  illustrates  microstrudures  following  aging  at  538°C  for  times  from  1  to 
96  hours.  Initially,  alpha  phase  predpitation  occurs  predominantly  at  grain 
boundaries  with  additional  nudeation  in  the  grain  interiors.  At  shorter  times, 
grain  boundary  predpitation  would  be  antidpated  to  dominate  as  the  boundary 
provides  a  pre-existing  surface  for  nudeation.  With  this  higher  temperature 
resulting  in  coarser  alpha  phase,  the  early  nudeation  at  grain  boundaries  was 
more  evident  than  at  sao'C.  With  increasing  time  at  temperature,  a  gray  fine 
alpha  phase  develops  throughout  the  grains.  There  is  no  evidence  of  a  grain 
boundary  predpHate-free  zone.  Although  the  under  cooling  for  alpha  phase 
stability  is  less  at  538”C  than  at  430*^,  the  higher  diffusivities  at  538*C  fadlitate  a 
more  uniform  distribution  of  the  alpha  phase. 


Fig.  4  Metallography  Illustrating  the  alpha  phase  precipitate  morphology  in 
P-21S  at  for  a)1  hour,  b)  8  hours,  c)  48  hours,  and  d)  96  hours. 

Hardness  values  as  a  function  of  time  at  538°C  are  presented  in  Fig.  3.  The  more 
nqiid  increase  in  alpha  phase  precipitation  as  the  temperature  is  raised  is  evident 
by  comparing  hardness  results  after  8  hours  exposure  at  430”C  and  This 
is  attributed  to  the  increased  Wnetics  of  diffusion  at  the  higher  temperature.  With 
increasing  time,  the  curves  overtap  and  die  coarser  alpha  phase  developed  at 
SSS^C  results  in  a  lower  peak  hardness  value.  At  538”C,  the  dedins  in  the 
hardness  between  48  and  96  hours  is  indicative  of  overaging.  There  is,  however. 


no  microstructural  evidence  for  this  decrease  in  hardness.  At  magnifications  up 
to  lO.OOOX  in  the  SEM,  there  is  no  apparent  microstructural  change  such  as 
alpha  phase  coarsening,  to  £KXOunt  for  the  hardness  decrease.  In  addition,  x-ray 
diffraction  analysis  does  not  illustrate  the  addition  or  deletion  of  any  phases.  The 
reason  for  this  hardness  decrease  is  therefore  unexplained. 

Metallography  of  samples  aged  at  650°C  for  1  to  96  hours  is  shown  in  Fig.  5. 
Heterogeneous  nudeation  of  the  alpha  phase  is  evident  after  one  hour  with 
significant  growth  at  selected  grain  boundaries.  With  sufficient  undercooling 
below  the  beta  transus  but  at  high  enough  temperature  for  rapid  diffusion,  a 
relatively  uniform  distribution  of  coarse  adcular  alpha  phase  develops  quite 
rapidly.  The  volume  fradion  of  alpha  phase  increases  with  aging  time  beyond  8 
hours  but  dearly  a  relatively  stable  microstructure  is  develop  between  8  and 
48  hours.  Hardness  results  confirm  these  observations  (Rg.  3)  with  an  initial 
increase  in  hardness  up  to  8  hours  followed  by  essentially  steady  state  conditions 
with  only  slight  increases  in  hardness  up  to  96  hours  at  6S0°C.  For  p-21S  to  be 
considered  for  use  as  a  matrix  alloy  in  a  composite  system,  the  matrix 
microstructure  should  be  stabilized  by  aging  at  a  temperature  near  650‘’C  for  a 
period  of  time  less  than  48  hours.  To  further  evaluate  this  hypothesis,  samples 
aged  at  650‘’C  for  48  hours  were  further  aged  at  a  sequence  of  lower 
temperatures  and  the  microstructure  remained  unchanged,  at  least  at  the  scale  of 
optical  metallography. 


Rg.  5  h/letallography  Illustrating  the  alpha  phase  predpitate  morphology  in 
^21S  at  esO’C  for  a)1  hour,  b)  8  hours,  c)  48  hours,  and  d)  96  hours. 


At  the  highest  temperature  of  Investigation,  70SH),  a  heavy,  continuous  grain 
boundary  alpha  phase  formed.  Rg.  8.  After  only  8  hours,  almost  all  grain 
boundaries  are  covered  by  a  continuous  alpha  film.  The  development  of  this 
heavy  grain  boundary  phase  created  a  solute  depletion  region  near  grain 
boundaries  and  a  prec^^e-free  zone  was  again  established  as  was  observed 
at  lower  temperatures.  In  this  case,  the  predpitate  free  zone  resulted  from  the 
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Fig.  6  Metallography  illustrating  the  alpha  phase  precipitate  morphology  in 
P~21S  at  705°C  for  a)1  hour,  b)  8  hours,  c)  48  hours,  and  d)  96  hours. 

nucleation  of  a  along  the  grain  boundaries  and  the  depletion  of  the  solutes 
stabilizing  the  a  phase  or  conversely  rejection  of  the  solutes  stabilizing  the 
phase  and  a  corresponding  decrease  in  the  chemtcai  potentiaf  driving  force  for 
alpha  nucleation.  The  precipitate  free  zones  are  dearly  visible  after  48  hours  at 
705‘’C:  within  the  grains,  a  fine  alpha  phase  contrasting  with  the  light  colored 
PPrs  has  developed.  With  additional  time  at  temperature,  the  intergranular 
alpha  phase  coarsens  resulting  in  an  adcular  alpha  after  96  hours.  Hardness 
results  for  these  different  microstructures  exhibited  little  variation,  Fig.  3.  The 
alpha  phase  precipitate  is  presumably  too  coarse  to  influence  the  hardness  of  the 
material. 


Conclusions 

The  alpha  phase  precipitation  behavior  in  p-21S  titanium  has  been 
demonstrated.  Homogeneous  nudeation  of  alpha  occurs  at  430°C  resulting  in  a 
very  fine  alpha  phase  at  grain  boundaries  and  within  grains  with  a  precipitate  free 
zone  near  the  grain  boundaries.  Extended  aging  at  430<’C  results  in  a  very  high 
hardness  relate  to  other  microstructures.  Aging  at  538‘’C  produces  a  more 
uniform  distribution  of  the  alpha  phase,  as  nudeation  occurs  first  at  grain 
boundaries  followed  by  predpitation  within  grain  interiors.  The  higher  diffusion 
rates  at  538**C  result  in  both  a  more  rapid  predpitation  and  growth  of  alpha  and 
consequently  the  appearance  of  a  more  uniform  alpha  distribution.  Increasing 
the  aging  temperature  to  650*’C  reduces  the  driving  force  for  alpha  predpitation 
with  less  undercooling  below  the  beta  transus.  Alpha  predpitation  at  650‘’C 
again  initiates  at  grain  boundaries  followed  by  nudeation  and  growth  within 
grains  but  at  eSCC  a  coarse  adcular  alpha  results.  Aging  at  650**C  produces  a 
relatively  stable  microstrudure  with  little  additional  microstructural  change  with 
longer  time  aging  at  lower  temperatures.  At  TOST,  the  driving  force  for  alpha 


47 


precipitation  is  lurther  reduced.  A  continuous  alpha  phase  develops  r£4>id!y  at 
grain  boundaries  but  alpha  precipitation  within  grains  becomes  more  sluggish. 
Due  to  differences  in  solute  concentration,  a  precipitate  free  zone  is  again 
evident.  Hardness  measurements  show  a  dassical  response  for  strengthening 
by  a  nudeation  and  growth  dominated  readion.  The  highest  hardnesses  are 
seen  following  low  temperature  aging  with  overaging  noted  at  intermediate 
temperatures.  High  temperature  aging  results  in  little  strengthening  due  to  the 
coarseness  of  the  alpha  ^ase. 
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Abstract 

The  cold  tolling  nd  heating-fate  dfects  of  p  single-phase  on  a  ptedpitation  behavior  and  the 
mechanical  properties  weie  studied  using  a  T!-i5%V-3%Gr-3%Sn-3%Al  (wt%)  metastafele  p  alloy. 

Without  cold  rolling,  preferential  o  precipitation  occurred  at  the  p  grain  boundaries,  and  tha 
lath-shqied  (heating-iate  >  lKs~^)  or  triang^-shaped  (heating-iate  <  0.1K5~^)  a  psedpitated  in  the 
P  giains.  The  three  dimensional  shape  of  the  triangular-o  phase  was  a  triangular  pyramid  consisting 
of  three  a  precipitates  with  unique  orientation  relationships.  Cdd  rolliitg  irf  the  p  san^-phaae  had  a 
oonsidefable  effect  on  the  lesnlting  (a-f P)  structures.  When  the  amount  cf  cold  tolling  was  less  than 
50%,  preferential  predpitaiion  of  a  occmred  at  dislocatioas  in  the  p  grains,  as  well  as  at  the  p  grain 
boundaries.  With  an  increase  in  the  amount  id  cold  n^g,  a  precipitation  took  place  predominandy 
at  p  soitgiain  boundary  nodes  which  were  formed  through  recovery  of  the  deformed  p  phase  during 
heating  to  the  aging  temperature  or  in  the  early  stage  of  agir^  In  heavily  cold  tolled  nudetials,  an 
(a-fp)  mictoduplex  structure,  which  consisted  of  vety  fine  eqdaxed  a  partides  and  p  subgtaitK,  was 
obtained.  The  beatitig-rate  of  cold  tolled  p  pbate  to  the  temperature  influenced  on  morphology 
of  a  piedpitates  and  mechanical  properties,  such  as  tensile  streagA  and  ekngation.  The  mechanical 
properties  were  improved  by  the  formation  of  the  (a-ip)  mictodnplex  structure. 


jQlrmkttriQQ. 

hr  Ti-lSV-3Cr-3Sn-3Al  alloy  the  meduatkal  properties  and  age-hardenhbflity  have  been  the 
stttqect  of  many  research  papers  [1-9].  R  is  well  known  that  cold  tolling  and  aging  provide  omditions 
for  vety  fine  predpitation  of  the  a  (hep)  phase  in  p  (bcc)  grains  and  improve  mechanical  properties, 
such  as  tensfle  strength.  Recently,  the  authors  tepo^  thd  formation  of  (a-tP)  mJcrodnidez  stnictnie 
improves  the  mechanical  properties,  such  as  tersile  strength  and  dongation,  inmelastable  palloysp,9]. 
However,  the  effect  of  beating-rate  on  the  mioostnictute  and  the  mechanical  properties  are  not  dear 
yet.  The  objective  of  the  present  paper  b  to  duddate  the  fbnnation  process  of  the  (o-tp)  two-phase 
structure  and  to  examine  meebani^  properties  with  enyhasb  on  chutges  in  the  miaostructure  under 
various  heating-rates. 


Prpiiriniental  pnnr«Aim 

The  chemical  composition  of  the  nmterial  is  shown  in  TMe  I.  Ihe  material  was  soJotian 
treated  in  an  Ar  gas  atmosphere  at  1073K  (dwve  the  p  transas  tenyeiature)  for  iPks  raid  then  water 
quendied  to  produce  P  sin^-phaae  structure.  The  average  P  grain  siae  was  approxitnalely  fiOpm.  The 
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oiaterials  were  then  cold  rolled  by  0%  to  90%  aod  i^ed  for  tiine  periods  laqgiqg  from  0.6  to  86.4  ks, 
in  At  gas  atmosplieres,  mainly  at  873K  nnder  various  heatug-rates. 

Thin  foils  for  TEM  were  prepared  using  an  ion  milling  machine.  The  foils  were  examined  at  200kV. 
Materials  for  tensile  testing  were  spark  cat  from  1  mm  thick  plate  to  2mm  in  gauge  width  and  6mm 
in  gauge  length,  after  aging.  Tensile  tests  were  done  on  an  Instron  universal  testing  machine  with  a 


cross  head  speed  of  SJpm  s~*  (O.Smm  min'*). 


Table  1.  Chemical  compositioo.  (mass%) 


V 

Sn 

Ai 

Fe 

O 

N 

H 

Ti 

15.27 

3.03 

3.06 

0.165 

aii2 

0DQS5 

<0.001 

bal. 

«n/t  dimisig'nn 


llmfethnn^t  m«teri«h 


Figure  1(a)  and  (b)  show  a  SEM  micrograph  (a)  and  an  optical  micragtaph  (b)  of  the  materials 
^ed  at  873K  for  (a)K).6ks  (hearing-rate,  O.QSKs'*)  and  (b):  50.4ks  Triangnlar-abaped  a 

precipitates  were  observed  in  (a)  vriiile  well  known  lath-siMped  a  in  (b).  The  triangnltt-shqted  a 
precipitates  appeared  when  foe  heating-rate  was  less  than  0.1Ks~*  or  when  the  material  was  heat 
treated  by  two  step  agfog  at  573K  and  813K.  Figure  2(a)  shows  a  TEM  micrograph  of  a  triangnlar- 
shaped  a  precipitate  observed  in  a  material  heat  treated  by  tw>  step  aging;  aged  at  573K  frtr  ISOks 
and  then  quenched  to  R.T.  and  ^ain  heated  to  813K  nnder  the  hearing-rate  of  0.1Ks~*  and  held  frn 
3.6ks.  As  can  be  seen,  the  triangular-shaped  a  is  consisted  of  three  a  parts.  Each  a  segments  hold  not 
only  Burgers  orientation  relationship,  Le.,  (110)p/(OOOI)Q,  (IlIj^fllOjQ,  wfrh  matrix  fi  phase  but  abo 
near  twin  relationship  with  the  adjoining  a  segments.  Only  foe  united  Burgers  variants  of  foe  a  phase 
are  dble  to  satisfy  such  a  crystallopaphic  rule  [10].  Fig.2(b)  shows  a  sdremalic  drawing  of  three 
dimensianal  shape  of  the  triangular-shi^  a  pharo.  It  is  a  triangular  pgrramid  with  foe  axis  paraUel  to 
a  oommon  doaed-packed  parallel  ditectian  (e.g.  [ill]p/[2llO]Q)  in  the  three  a  s^ments  and  the  hhbit 
planes  dose  to  {11 11 13]p.  The  triangalar-sbaped  a  pr^pitates  were  observed  only  in  foe  materials 
without  cold  rolling. 

rnirf  mlUrt  mrtwiak 

Ptedpitatioa  of  a  from  foe  ooht  rolled  p  matrix  was  observed  to  be  extremely  rapid  [9].  The 
fost  kinetics  of  a  precipitation  in  the  present  dloy  has  been  observed,  as  well,  in  other  (o-^)  titaniam 
alloys.  It  has  been  explained  in  terms  of  heterogaseous  nudealioa  on  the  pre-exisring  w  phw  awVor 
on  foe  dislocatioos  [4A14-16).  Figure  3  shows  SEM  microgtaphi  of  materials  odd  rrdled  ty  25%  and 
80%  aod  aged  at  873K  for  7.2ks  under  foe  bearing-tate  of  3iCs~*.  Preferential  a  predpterioo  ahmg 
P  grain  boundaries  was  observed  in  25%  pte-defonned  materials.  In  additiao.  foe  25%  pre-defotmed 
material  bad  finely  dispersed  a  precipitates  wUiin  the  p  grains.  In  foe  present  alloy  system,  foe 
defrnmatioo  mechanism  is  known  to  be  mainly  by  slip  deformatioo  and  parfly  by  mechanical  tarirming 
[11-13].  Therefore,  foe  wavy  hnes  of  oi  precipitates  shown  in  FigJ(a)  are  presn^  to  be  predominant 
a  precipitation  at  sl^i  bands  and  a  few  mechanical  twins.  CM  foe  other  hand,  grain  boundary  o 
precipitation  was  not  observed  (dearly  and  very  fine  a  precipitates  diapetaed  homogeneously  in  foe 
80%  pre-deformed  material  (PigJ(b)).  Figm  4  shows  a  bright  field  TEM  nricrognph  and 
Micro-Beam  diffraction  patterns  ci  a  nnderial  cold  rolled  by  80%  and  aged  at  873K  for  7.21b  under 
foe  heatiiv  rate  of  3Ks~*.  The  MicrtHBeam  dUbactioo  patterns  were  taken  from  p  sabgndnB  marked 
a  to  e  in  the  nricrognph.  The  miaoiwph  shows  fine  (a*P)  microdnplex  attuctnae  of  equiaxed  grains 
<rf  g  and  p.ltom  the  Micro-Beam  dHfrsction  patterns,  it  is  obvioos  that  the  matrix  pgtatas  had  dmoat 
the  same  orientation.  Thus,  the  P  matrix  was  asbgrain  structure,  and  no  evidence  for  tearystallication 
(1.0.,  high  an^  p  gnhi  bounded)  was  found. 

During  heating  to  the  agfog  temparatwe  and  in  the  early  stages  of  aging,  teoovery  of  the 
deformed  atractnre  proceeded  ad  formed  a  lecoveted  dWocatioo  atnictare.  The  (a+P)  mktodnples 
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(•):TEM  mterognph  of  ■  triHigalir-oiMped  a  pwoptote  obMved  a  a  malatial  betf  Healed  by 
tep  agtaf.  Aged  «  SpK  for  ISQki  aad  dm  fModied  to  HT.  ind  again  healed  to  8l3K  ander 
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HgJ  SEM  microgapti  of  miteMs  odd  n^ed  by  (•):2S%  ad  (b>W%  ad  aged  «  873K  fcr  13Sa 
ader  the  headag-nle  of  3K«~^. 
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stractue  is  consideitd  to  be  fonned  by  a  imdeatioii  ■!  snbgniii  bomidaiy  nodes  in  the  snbgisin 
stmclnie.  Eqiiiaxed  a  and  P  grains  otMerved  in  (be  ffiicrodtq>lex  stmctuie  shown  in  Fig.4  strongly 
supports  a  nadeation  U  P  snbgiain  boundary  nodes  but  not  at  any  isolated  dislocations,  because  a 
particles  which  nudeate  at  le-airanged  dislocati(n  arrays  have  lath-shaped  morphology.  A  schematic 
illustration  of  the  formation  process  of  (a-fP)  microduplez  structure  is  shown  in  Bgnre  5.  Since  the 
(a-i-P)  microduplex  structure  in  the  present  alloy  is  quite  dmilar  to  the  (a4y)  mkrodn|dex  structure  in 
two-phase  staidess  steels  [18,19],  tte  (a+P)  microduplex  structure  may  be  accomplish^  in  the  manner 
of  two-phase  stainless  steels,  which  has  been  oonfitmed.  Hence,  it  can  be  oonduded  that  microstmc- 
tuies,  such  as  (a-tf  )  mkroduplex  structure  or  (ladi  a  4P)  rwo-phase  structure,  dqiend  strongly  on  the 
recovering  process  irf  the  deformed  p  matrix.  When  deformatiaa  of  the  matrix  is  limited,  slow  progress 
of  p  matrix  recovery  leads  to  preferential  a  nadeation  at  re-arranged  dMonatkin  arrays;  however,  when 
the  defotmdian  is  si^iificant,  p  sapgrain  formation  precedes  a  precipitation  and  a  pnrtides  nudeate 
sabseqnendy  at  p  sabgtain  boandaty  nodes.  This  foraution  proceas  the  mkrodnplex  stmcture  has 
also  been  reported  for  (a+y)  two-phase  stdaless  steels  [18-20],  Ti-lSMo-SZr-aAl  and 
Ti-12Mo-«Zr-SSn  alloys  [8]. 
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F1g.S  A  schematic  fllustration  of  the  fonnation  process  of  (O'fP)  nuctodqiiex  atracture. 


Figure  6  shows  the  effed  of  beating-rale  on  the  microahuclurs  of  the  malcdals  cold  rolled  by 
5,  SO  and  90%,  and  aged  at  873K  for  3.6ks.  When  the  henting-falB  inemaMd,  die  a  preriphates  in  ooM 
rolled  materials  changed  to  coarse.  The  efto  <rf  beatiiig-iate  on  the  a  predpittlioH  Is  more  remarkable 
in  slightly  deformed  materials.  Oqly  a  few  scattered  a  pattidea  wme  obawved  in  the  5%  cold  rolled 
material  heded  by  10Ks~^.  In  the  90%  cold  rolled  matmial,  -***^1^  fee  (o-fP)  mfcwduplex  stractue 
was  formed  hr  all  materials  examined,  a  audl  amount  of  gafe  c^P)  two  phnui  dtuctue  was  also 
observed  in  materials  heded  by  low  beating-iates.  The  amount  of  fee  Oath  a-tp)  two-phase  stractaie 
was  decreased  with  increasing  heating-rate,  and  dhappeared  in  the  rnddial  hed^  by  10Ks~*.  Figure 
7  shows  the  change  in  a  and  p  grain  sixe  of  the  (o-ip)  mictwfaplex  stmcture  as  a  function  of  the 
beating-rate  in  the  90%  ooM  rolled  mderiab  aged  d  t^K  for  3.6ks.  The  size  of  (a+p)  microduplex 
structure  increases  with  increasing  heating-rate.  Hguie  8  shows  the  tensile  strength  and  elongation  ot 
materials  deformed  and  aged  d  873K  for  3.6  ks  under  variona  beatiqg-iatea  as  a  ftmctiim  of  deforma¬ 
tion.  Microdructural  difference  shown  in  Fig.6  reanlted  in  change  in  the  mechanicfc!  properties.  The 
tensile  strength  increased  with  increasing  cold  roBing.  while  the  rimgatifm  dropped  sharply  with  slighi 
deformation.  Coarser  (a+P)  microdnplex  stmctoie  in  fee  90%  oold  rolled  materials  improved  fee 
elongation  a  little. 

H  is  worthy  of  note  thd  heavy  deformation  such  as  90%  ooM  rolling  gave  Ughed  tersfle 
strength  but  did  not  spoil  elongation.  In  addition,  the  dongation  was  Improved  a  little  by  higber 
heating-rate  rhie  to  the  formation  of  coarse  (o+p)  microduplex  droctare  in  the  90%  cold  ndlcd 
material,  hi  the  slightly  deformed  mdeiials,  fee  mediwiical  piopeities  were  very  sendtive  to  fee 
beating-rate  since  the  heating-rate  produced  a  gred  effect  on  tte  nticroshuctate,  m  shown  in  FigA 
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Fic^  Hm  effect  of  hMtiiig-cile  on  fee  microetnefeR  at  fee  iMieiiali  aged  at  873K  ibr  3Aa.  (aX  (bX 
(cX  5%  ooM  roOed  and  heated  by  CM,  1.0  and  10  Ib"*.  leapecfeivlr.  (dX  (eX  (0=  50%  odd  idled 
and  heated  by  OIlS,  1.0  and  10  Ka'S  ncpeGferely.  (gX  (hX  ^  <*>bl  rM  and  hefeed  by  005, 
1.0  and  10  ICa~^  napecthrely. 


In  conclusion,  (ot+P)  mkroduplex  stnictuit  is  consideied  to  be  (pile  important  in  impiDvii^ 
both  the  tensile  strength  and  ductility  of  the  present  alloy.  The  heating-rate  has  effects  on  both 
mictostnicture  and  mechanical  property.  In  addition,  the  mkrodqdez  structure  is  known  to  generate 
superplastic  deformation  behavior  in  two-phase  materials,  such  as  (a-ty)  two-phase  stainless  steels. 
Thus,  future  studies  on  superplastic  deformation  and  wider  application  are  anticipated  for  the  present 
alloy. 
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Abstract 

The  beta  titanium  alloys  such  as  Ti-15-3  have  great  potential 
for  developing  higher  strength  and  fracture  toughness  by 
introducing  suitable  microstructures  through  controlled 
transformation  of  beta  phase.  The  structure  and  distribution  of 
transformed  beta  such  as  alpha  precipitates  depend  on  the  alloy 
composition,  aging  time  and  temperature,  and  prior  history  of 
the  alloy.  The  present  study  shows  the  effect  of  cold  workings 
on  subsequent  transformation  characteristics  and  mechanical 
properties  of  the  alloy.  The  test  results  show  that  the 
vacancies  and  dislocation  structures  produced  by  cold  working 
provide  nucleation  sites,  and  hence  the  precipitation  is 
relatively  homogeneous.  At  any  given  temperature  the 
transformation  rate  is  increased  by  cold  working  due  to  faster 
nucleation  and  thus  strengthening  can  be  achieved  in  a  shorter 
period  of  time. 


Introduction 

Titanium  alloys  have  come  to  prominence  as  aircraft  structural 
materials  because  of  their  high  strength-to-weight  ratio  and 
excellent  corrosion  resistance.  Based  on  the  microstructures 
that  can  be  produced  by  alloy  additions,  titanium  alloys  are 
grouped  as  alpha,  alpha-beta  and  beta  alloys.  Among  the 
titanium  alloys,  beta  titanium  alloys  are  considered  more 
favorably  as  candidate  for  aerospace  application  in  thin  sheet 
form  because  of  their  good  cold  formability  in  spite  of  high 
cost  of  these  alloys.  Beta  alloys  can  be  heat  treated  to  attain 
wide  range  of  strength  and  ductility  in  thin  as  well  as  in  thick 
sections . 

The  transformation  characteristics  of  the  beta  phase 
(metastable)  determine  the  variations  of  the  mechanical 
properties  of  these  alloys.  Although  the  stable  phase  at  room 
tenperature  is  alpha,  the  metastable  beta  is  retained  even  after 
slow  cooling  from  above  the  beta  transus  temperature.  The  beta 
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phase,  having  body  centered  cubic  structure,  is  very  ductile 
compared  to  the  hexagonal  closed  packed  alpha  phase.  The 
transformation  of  beta  phase  is  sluggish  and  can  be  controlled 
to  produce  desired  properties.  The  structure  of  the  transformed 
products  and  their  distribution  depend  on  the  coir^KDsition  of  the 
alloy  and  the  aging  conditions.  During  aging  at  high 
temperature,  alpha  is  precipitated  directly  from  beta  by 
heterogeneous  nucleation  along  grain  boundaries  and 
dislocations.  At  low  temperature  the  transformation  product  is 
beta  prime  in  solute-rich  alloys  similar  to  Ti-15-3,  but  in  less 
rich  alloys  it  has  been  found  to  be  omega  phase  [1,2].  The 
precipitation  of  beta  prime  as  well  as  omega  is  homogeneous. 
The  low  temperature  precipitate  particles  are  fine  and  the 
precipitation  is  intense;  hence,  the  alloy  hardens  rapidly  and 
it  becomes  brittle.  Control  of  precipitation  at  the  early 
stages  of  low  temperature  aging  to  achieve  acceptable  strength 
and  toughness  is  difficult.  Several  studies  have  indicated  that 
two  step  aging  processes  yield  desirable  properties  [3-5] .  A 
step  aging  involving  a  low  temperature  aging  followed  by  high 
temperature  aging  produces  homogeneous  low  temperature 
precipitation  initially,  which  dissolves  at  high  temperature 
giving  rise  to  in  situ  precipitation  of  alpha  homogeneously.  A 
high  temperature  aging  followed  by  a  low  temperature  aging 
produces  coarse  alpha  precipitation  initially,  but  subsequent 
low  temperature  treatment  yields  finer  alpha  around  larger  alpha 
particles.  Both  types  of  step  aging  treatments  yield  good 
strength  and  toughness  characteristics  [3,5). 

imother  possible  method  of  achieving  desirable  properties  with 
lower  aging  time  periods  would  be  combinations  of  cold  work  and 
high  temperature  aging.  The  initial  cold  work  would  provide 
some  strengthening  and  also  provide  additional  nucleation  sites 
at  the  dislocations  produced  on  cold  working,  reducing  the 
propensity  for  formation  of  alpha  along  the  grain  boundaries  and 
avoiding  the  formation  of  low  temperature  brittle  phases. 
Although  some  studies  on  this  aspect  has  been  attenpted  [6,7], 
further  investigation  of  this  approach  is  needed  to  realize  full 
potential  of  the  alloy. 

For  the  present  study,  the  solute  rich  Ti-15-3  alley  was  chosen 
to  investigate  the  effect  of  thermomechanical  treatments  on  the 
strength  and  ductility  of  beta  titanium  alloys.  Its  cold 
formability  is  excellent,  and  its  mechanical  properties  are 
quite  sensitive  to  heat  treatments.  The  effects  of  various 
combinations  of  cold  work  and  heat  treatments  are  discussed. 

Experimental  Procedure 

The  material  for  this  study  was  furnished  by  Timet  corporation 
in  the  form  of  1.5  in  thick  hot  rolled  plates.  'Wie  chemical 
conv>08ition  of  the  alloy  in  weight  percent  was:  V=14.79, 
Al>2.91,  Cr=3.06,  Sn»3.03,  FeEO.128,  OsO.122  and  NsO.009.  Heat 
treatments  were  performed  on  the  material  in  (a)  as-received 
(hot  rolled),  (b)  25%  cold-worked,  and  (c)  50%  cold-worked 
conditions.  Aging  treatments  were  performed  in  a  salt  bath 
furnace  at  480,  540  and  565*’C.  The  progress  of  aging  was 
studied  by  hardness  measurement  using  Knoop  hardness  tester. 
Tension  tests  were  performed  on  cylindrical  specimens  of  gauge 
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length  1  in  and  diameter  of  0.25  in  on  a  screw  driven  Instron 
machine.  Light,  scanning  electron  and  transmission  electron 
microscopic  studies  were  also  conducted.  Thin  films  were 
produced  by  electrolytic  thinning  using  solution  composed  of 
62.5%  methanol,  31%  butanol  and  6.5%  of  70%  perchloric  acid  at 
13.9  volts  and  -40  to  -50°C. 


Results  and  Discussion 


The  progress  of  hardening  for  different  combinations  of  cold 
working  and  temperature  are  shown  in  Fig.  1.  Although  the 


F.lgur«  1.  Variation  of  nlcro- 
hardnasa  with  cold 
work  and  aging 
clM  at  canparacuraa 
480OC.  S40OC  and 
56SOC. 


Initial  hardness  is  increased  by  cold  working,  the  peak  hardness 
is  essentially  the  same  for  a  given  temperature.  However,  cold 
working  increased  the  rate  of  hardening,  as  seen  by  the  earlier 
peak  in  cold  worked  conditions.  The  difference  in  the  hardening 
rates  between  25%  and  50%  cold  worked  alloys  is  not  significant 
during  aging  at  540  and  560°C.  Most  of  the  hardening  seems  to 
have  taken  place  at  a  very  early  stage  due  to  high  diffusivity 
at  these  temperatures .  The  peak  hardness  is  higher  at  lower 
temperature,  as  expected. 

The  results  of  tension  tests  are  given  in  Table  1.  The 
specimens  cold  worked  25%  and  50%,  and  aged  at  480°C  failed  at 
the  grip  and  appeared  to  be  very  brittle.  The  strength  and 
ductility  values  of  hot  worked  (as  received)  specimen  after  heat 
treatment  conform  to  the  results  of  earlier  studies  [3] .  The 
increase  in  strength  due  to  cold  working  and  increase  in 
hardening  rate  is  also  evidenced  by  the  tension  test  results. 
All  aging  conditions  exhibited  low  strain  hardening,  indicated 
by  the  small  differences  between  yield  strength  and  tensile 
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strength  values.  For  a  given  strength  the  ductility  values  were 
cortparable,  and  no  one  treatment  could  be  considered  superior  to 
another.  The  hardness  values  are  not  very  sensitive  to  changes 
in  tensile  properties.  At  540°C  the  50%  cold  worked  alloy 
exhibits  a  higher  strength  than  the  25%  cold  worked  alloy  after 
3  hours  of  aging  although  the  hardness  values  are  essentially 
the  same.  This  difference  is  observed  after  aging  at  565°C  as 
well . 


Table  1.  Tensile  Properties  of  Ti-15-3  After  Aging. 


Cold  Work 

Temp . 

Time 

Yield 

Tensile 

Elongation 

% 

°C 

hrs . 

Strength 

MPa 

Strength 

MPa 

% 

0 

480 

20 

1306 

1363 

7.0 

0 

540 

3 

929 

1053 

10.3 

25 

540 

3 

1215 

1299 

6.1 

50 

540 

3 

1264 

1349 

4.9 

0 

565 

3 

850 

899 

19.7 

25 

565 

3 

1075 

1152 

8.3 

50 

565 

3 

1145 

1222 

6.0 

The  light  micrograph  of  the  alloy  in  hot  rolled  condition  (Fig. 
2)  indicates  that  the  material  was  completely  recrystallized. 
Microstructures  of  hot  rolled  alloy  after  aging  at  540®C  and 
565®C  show  preferred  precipitation  along  grain  boundaries.  The 
transmission  micrograph  of  hot  rolled  unaged  alloy  shows  that 


Figure  2 .  Recrystallized  grain  structure  of  the 
alloy  in  as  received  condition. 

the  rate  of  cooling  after  hot  working  did  not  produce  any 
precipitation.  However,  some  specimens  showed  a  mottled 
appearance  indicating  beginning  of  nucleation  of  the  low 
temperature  phase  (Fig.  3)  .  Aging  did  not  result  in 
recrystallization  at  any  temperature.  This  is  evident  from  the 
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electron  micrograph,  which  shows  that  the  dense  dislocation 
structures  are  retained  in  the  aged  alloys  (Fig.  4) .  The  grain 


Figure  3.  TEM  showing  mottled  Figure  4.  Dislocation 
structure  in  the  as  received  structure  in  50%  C-R 

condition.  sample  after  aging  for  1  hr. 

at  ses'c. 

boundaries  were  blurred  in  the  cold  worked  structures.  The 
precipitation  appeared  to  be  uniform.  At  any  given  temperature 
and  time  the  precipitates  were  finer  in  the  cold  worked  alloys, 
and  as  expected  higher  temperature  aging  resulted  in  larger 
particles  in  cold  worked  structures  as  well.  Fig.  5  compares 
the  effect  of  cold  work  on  the  microstructures.  After  aging  at 
the  precipitation  on  the  hot  rolled  alloy  is  very  coarse 
(Fig.  5a) .  After  25%  cold  work  (Fig.  5b)  the  precipitates  are 
smaller  and  homogeneous,  and  the  dislocations  are  retained. 
After  50%  cold  work  the  precipitates  are  finer  and  homogeneous 
(Fig.  5c) .  This  compares  with  the  50%  cold  worked  alloy  aged  at 
480°C  (Fig.  5d)  where  the  precipitates  are  homogeneous  and  very 
fine  due  to  lower  aging  temperature. 

Scanning  electron  microscopic  examination  of  fracture  surfaces 
of  tensile  specimens  showed  mixed  transgranular  and 
intergranular  fracture.  A  typical  fracture  surface  of  an  aged 
alloy  is  shown  in  Fig.  6.  Fig.  6a  shows  regions  of  cleavage  and 
shear.  A  magnified  fractograph  of  the  sheared  region  showing 
dimples  is  given  in  Fig.  6b.  As  expected,  transgranular  dimpled 
fracture  was  found  to  increase  with  increased  dultility. 
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Figure  6a 


Figure  6b 


Figure  6.  Scanning  electron  fractograph  of  a  typical  tensile 
specimen  (480®C/20  hrs . ,  0%  C-R)  .  a.  Cleavage  and  shear 
fracture,  b.  Magnified  region  of  shear  fracture. 


The  present  study  shows  the  effect  of  cold  working  on  subsequent 
precipitation  characteristics  and  mechanical  properties  of  the 
alloy.  This  approach  may  be  used  as  an  alternative  to  duplex 
aging  to  obtain  homogeneous  precipitation  without  precipitating 
brittle  low  tenperature  phases.  The  test  results  show  that  the 
vacancies  and  dislocation  structures  produced  by  cold  working 
provide  nucleation  sites,  and  hence  the  precipitation  is 
homogeneous.  At  any  given  temperature  the  transformation  rate 
is  increased  by  cold  working  due  to  faster  nucleation;  hence 
strengthening  can  be  achieved  in  a  shorter  period  of  time. 
However,  an  increase  in  peak  strength  was  not  observed  due  to 
cold  work.  No  enhancement  of  ductility  was  seen  either.  Duplex 
aged  alloys  have  shown  higher  fracture  toughness  than  single- 
step  aged  alloys  at  comparable  strength  values,  even  though 
improvement  in  ductility  was  not  observed  [3,4].  Possible 
similar  effects  in  cold  worked  alloys  are  being  investigated. 
An  optimum  amount  of  cold  work,  if  there  is  any,  also  has  not 
been  established.  Additional  experiments  are  being  performed 
using  varying  amounts  of  cold  reduction. 
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Conclusions 


The  strengthening  of  Ti-15-3  alloy  ly  direct  aging  and  aging 
after  cold  work  was  investigated.  The  results  show  that: 

1.  Cold  working  increases  the  rate  of  strengthening,  and 
hence,  the  aging  time  can  be  reduced  by  prior  cold  work. 

2.  The  peak  strength  attained  by  the  aged  alloy  is 
unaffected  by  prior  cold  work. 

3.  Perceivable  difference  does  not  exist  between  the 
ductility  of  the  annealed  and  cold  worked  alloy  in  the  peak  aged 
condition. 

4.  Cold  working  reduces  the  tendency  for  formation  of  the 
grain  boundary  alpha.  Cold  working  produces  finer  and 
homogeneous  precipitation  of  alpha. 

5.  No  recrystallization  takes  place  below  beta  transus 
temperature . 
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Abstnct 

Thebeta'nalk^'n-23Nb-UAl(aLpcL)difFetsfrcmodierbeta’naUoysindtatitisage- 
haidenaMe  due  to  the  fitnnation  of  l^-Hke.  ripha-two  precipitates  based  on  HyAI  This  study 
rqxxu  the  room  temperature  defotmation  and  slip  bdiavior  of  die  Ti-23Nb-llAl  alloy  as  a 
fiinction  of  heat  treatment  The  results  indicate  diat  die  fonnatkn  of  the  al|dtt-twopncipitaies 
results  in  not  only  a  lim  increase  in  yield  stress  but  also  can  induce  a  chi^  in  slip  mode  fiom 
inbomogeaeous  to  uninxm  slip. 

Intmdiirtinn 

Existing  age-hardendiie  beta  H  alloys  dqpend  on  die  formation  of  hqia^dia-phase  precipiiaies 
during  the  aging  of  soludon-tteated  maieiul  in  the  4S(P-S00%  range;  see  ref.  1 ,  for  example. 
While  a  lange  of  phase  transformations  ate  poMiide  in  loetasttMe  beta  Tl  alloys  [2],  most  result 
in  Bnutedductili^  or  cnforittlement,  usually  due  so  exceme^ntBHBiifasmsI^  Anexoeplionis 
the  behavior  of  a  TI-TMo-ldAI  (at  pet)  alloy  «ged  «s  900%  in  uMch  case  coarse  a^tiiMwo 
particles  in  a  disoiderBd  beta  matrix  cause  a  mnition  so  wavy,  unifoim  aooampatued  by  an 

increase  in  ductility  [3].  However,  aging  at  kwrertamperaturearesalled  in  mwlripiiase 
miciostroctures  in  wh^  ordered  B2  and.  in  some  cases,  aMuMihase  paitides  sMse  presett  and 
embrittlement  occurred  due  to  inhomogeneous,  planar  slip  [3,4]. 

In  the  present  study,  srerqwn  results  on  foe  defonrtatfan  behavior  of  a  new  age  hawlenable  beta 
Ti  alloy  Ti-23Nb-l  lAl  (atpet),  hereafter  refcned  Sons  Tl-aS-l  1.  TUsraoyreaBafavtbotdered 
upon  quenching  and  readily  forms  a^lha^wopoatides  IBM  wring  at  57S%iS).  Theresaltis 
pronounced  age  hmdeMng  from  temperattaes  as  krw  as  373%  to  as  Mi^  as  67S^  where  an 
increase  of  hardness  of  *’120hgfoBP*stiH  occurs  C51.  The  wesentsBrijrrspem  foe  room 
tenqietatBre  sness-sirain  as  weu  as  bAmte  tI-23-1  1  oannmaangpe^Basdefctmedi 
after  die  foOowing  heat  treatments:  (1)  sohuksureased  th'I^Ohounedhy  gseacaatig  from 
1 000%  (2)  nndn^  in  whidi  ST  inaierial  sras  aged  at  379*C  for  6  bn.,  sshkh 

consisted  of  ST4-575°Cftthta,  and  (4)  an  overagedcoiditkaitesulflng  from  ST  ♦SyyCXhta. 
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Emedmottl 

Hie  Ti-23-lI  alloy  had  a  oompotition  of  Ti-22.8Nb-ll.l  A1  in  at  pet  or  Ti-38Nb-5Al  in  WL 
pcL  The  material  contained  about  1580  wt  ppm  oxygen.  160  wt  ppm  nitrogen,  and  11  wtppm 
indrogen.  Test  roecimena  were  madunedficin  bar  nock  whidi  was  exinided  at  1038*^  using  a 
^1  extroskn  lana  All  heat  treatments  were  perftxmed  by  enopsulatingTa-wnypcd 
qiecimens  in  quartz  under  ajpaitial  pressure  or  high  purity  Bigon.  Theconqiessionqiecimens 
were  electropdiriied  at -4(PC  in  a  methand,  eihjdm  glycol,  perehloric  mixture  [6]  prior  to 
aging. 


Mechanical  tests  were  perfanned  at  room  tempeamre  in  crenpirtsioH  on  cylindrical  ipecimeiis 
6.35mmindiameaerandlengdi«aaenglneeiingiiiaianieof2xl(h*/t.  Molydisilicide lubticam 
was  used  on  the  end  ftces  to  reduce  fricDon;  recent  results  indicate  diat  this  tedmique  ^fectivdy 
produces  accurate  stress-strain  data  in  conqnssion  to  stiains  20-5  [7]. 


Transmission  electron  microaom  (TEM)  examinations  were  periermed  on  foils  thinned  by 
millingusingagimangleof  15^  for  10  hours,  followed  bv  2  hours  of  tmlUng  at  5^  lontnilling 
was  petfonned  using  a  voltage  of  3.5  kV  and  a  cutrent  of  ItnA. 


(TEM)  examinations  were  performed  on  foils  thinned  by 


Mkatistnicture 

The  gneral  features  of  the  microstractates  of  the  aohMion-ireated  (ST)  condition  as  well  as  after 
aging  at  575**C  for  6  hours  are  described  elsewhere  [5].  The  observations  inelnile  die  following: 
(1)  iqxn  quenching  finm  lOOIfC,  TEM  hxficaies  thtt  the  Ti-23-1 1  resaint  a  tfiaotdeied  bcc 
lanice;  nather  athomal  omega  or  B2  phase  were  detected  [5],  (2)  upon  aging  at  575^  lath-like 
alpha-two  precqiitates  form  with  a  zig-zag  morphology,  the  precqiitaies  are  erystollogtiqihically 
related  to  die  matrix  with  the  Burger's  otientMion  idationship  and  have  an  average  lm|^  of  SE 
170  nnL 


Figure  1-  Ceaieieddark-fiddiiiiafeofpiec^aiei  in  the ‘n-23Nb-llAl  alloy  queadied  Dram 
lOOO’C  and  aged  at  (a)  37S‘C  for  100  hn,  (b)  S7S*C  for  6  Ms.  and  (c)  67S’C  for 
1(X1  hrs.  At  575*  and  673*C,  the  pie^iitates  have  been  identified  as  die  atoha-two 
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twoponicles.  GweniheBui*er»orieatitk)nielatioosh4»b«weenthebettinatnxaiidthc«lpha- 
tvro  precnriiiies  (5J  and  the  presence  of  ^n>  in  tfjejxedpitttes,*  raqwa  that,  at  sn^pMt^ 

sizes,  die  alpha-two  particles  will  be  ihrered  by  s%  on  the  basal  planes.  Because  of  the  onkred 
structure,  basal  s^  withm  TtjAl-Nb  alpha-two  phase  should  occur  by  the  motion  (rf  coqiled 
paiisof  16  <1120>  Relocations  {9,10].  Thus,  under  conditions  where  shearing  of  precqutatts 

is  likely  [undreaged  as  well  as  prak-aned  conditionsl,  the  pnitkle  shear  prot^num  ather 

pirsfrretongiangf^dfrby 

(which  wo^  have  very  hi^  enerm  £10))  within  die  alpha-two  piecqiitaies.  to  dwit, 
soengdiemng  due  to  ordered  precqntates  occurs.  Alpha-two  preapiiates  should  dius  be  more 

effective  in  stiengdiening  beta  Ti  alloys  than  disordered  a^iM^iihase  particles. 

The  Effect  of  AT»i-H«i»tettinenn  .Slip  Mo^ 

The  fine  scale  of  the  ptodpiiaies,  e^ieciaHy  after  agiM  at  375^  (<  10  nm)  sMgests  that 

upon  yielding,  dislocations  should  shear  the  precyitaie  particl^  despite  dicir  ordered  stiuctute. 
Inhomogeneous  (usually)  planar  «lip  is  characteristic  of  precmtatioo-haideiied  beta  H  alloys 
when  particle  shearing  occurs  (see  rtif  3,  for  example).  As  Figure  3  shows,  the  TV^ll  alloy 
is  no  exception.  Coa^  iidioinogeneous  slip  is  evident  in  die  scdution-treated  condition  as  well 
as  after  agmg  at  ehher  375”C  or 


Rgure3-  Optical  miaagrqdn  showing  slip  Ihies  on  the  suifiKeofoompression^ieciiiiens  after 

O.w  strain  and  which  have  been  solntion-tieaiad  and  aged  for  6  hrs  at  (a)  375*C,  (b) 
375*C.  (c)  fi75'C. 


is  evident;  funhennote,  no 
37S*C.aDdST+ 


The  slto  lines  in  Rg.  3  tend  to  be  ptonar  aUhongh  same  cross  lUpjs  e^ 
signifkain  change  m  slip  line  ipncing  was  detected  between  the  CT,  ST -r 
ST^oonRliaos.  Boc  alloys  with  large  leveis  of  solid  sofadonhardeniireeletn^aach  re  in 
the  sohition-aenwdTl-23-11.  are  knowareexhaifecoss^  planar  slip  {HI.  Rnthanw^ 

abtenwcM^issIsoknowntoflworinhomogetiwiMsdefcsiinMonintlylem 
I  on  tfie  san»  plane,  given  *e  sKp-todneod  redn«d<eose  aoedon  area  rf  Re 

- „_^imenecis  a  paricouir  slip  plane.  Tlini,Blteiiioatineiasial)lebeiaTial^ina 

CsSnSTcondUon  [2,12.131,  n-as-ll  is  saaoepdbie  to  Goane.  tohonofeneons  alto  ao  lou  as 
Jlllddestartigo^  As  dtis  ii^cw  in  the  TI-23-11  aOoy  ftom  Aaged  to 

peak-age  oonRSons;  see  3a  to  3c. 

•  The  preseare  of  Mb  in  TIjAl  is  kaowB  IB  preawB  tarsi  slip  St  loom  ttsspeisSBie  ia  TbAthase  sBois  W. 
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In  oonout  to  conventional  beta  Ti  alloys,  the  Ti-23-11  alloy  can  be  heat  neated  sudi  that  slip  is 
so  unifcnn  and  on  such  a  fine  scale  as  to  be  unresolvable  even  at  S  k  in  a  SEM.  This  is  shown  in 
Hguie  3c.  Given  the  imvious  discussion  tcguding  the  difficulty  of  shearing  the  cidesed  alpha- 
two  panicles,  it  is  reasonable  to  expea  that,  given  the  panicle  growth  that  occurs  in  the  oveiiged 
Gomfition,  such  as  atd75*C,  the  panicle  size  should  increase  to  a  level  where  the  dislocations 
bypau  the  particles  by  looping.  In  the  mesent  study,  TEM  of  the  67S*CV6  hr  condition  was  not 
pCTonned.  However,  after  100  hrs  at  67S*C,  the  alpha-two  panicles  grew  to  s  50-100  nm 
compared  toa  30  nm  idler  6  his  at  S7S*C  (the  dimensions  quoted  are  the  minor  dimensions 
along  which  particle  shearing  is  likely).  As  is  well  knoum,  changing  the  dislocation  ^ide 
mecnuiiam  from  shear  to  by-pass  of  die  precipitate  panicles  can  cause  a  dramatic  change  in  slip 
distribution  at  low  temperatures.  This  was  demonstrated  in  Ti-AI  alloys  (14],  in  which 
homcMeneousiy  distributed  fine  slip  occurs  when  large  TijAl  precipitates  (s  70  nm  diam.)  are 
looped  but  inhomogeneous,  coarse  slip  results  when  smaller  particles,  25-50  nm  diameter,  are 
shMued.  In  the  present  case,  we  conclude  looping  occurs  wlm  the  alpha-two  panicles  grow  to 
50-100  nm  but  that  panicle  shearing  persists  for  the  s  30  nm  panicles.  Thus,  the  observations 
for  the  two  alloy  systems,  both  harderied  by  alpha-two  particles  but  with  much  different 
matrixes,  are  lemukabiy  siinilar. 

Snin-Hmlcning  BclUYwr 

A  conseque^  of  the  above  dislocation-panicte  interactions  is  that,  under  those 
conditions  where  dislocation  bypass  of  the  panicles  occurs,  a  rapid  rate  of  initial  work  hardening 
is  expec^  from  the  accumulation  of  dislocations  at  the  particles  as  geometrically  necessary 
dislocations  [15].  The  extra  work  hardening  Ao  due  to  the  accumulation  of  dislocations  at 
particles  may  be  expressed  as  [15] 

Aa*Af’'*CG^^J'*Ve  (1) 

where  M  is  the  Taylor  factor  which  for  bcc  Ti  is  about  3,  G  is  the  shear  modulus  of  beu  Ti,  b  its 
Burger's  vector,  f  is  the  volume  fraction  of  precipitate  particles,  d  is  the  average  particle 
diaineter,  and  e  is  the  strain.  The  term  C  is  a  constant  whose  predicted  value  is  0.24  [15]. 


Rfure4-  True  stress  •  true  strain  behavior  of  Ti-23Nb-llAI  specimens  deformed  in 
coavRSsion8t25‘C. 
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Flgm  4  ihows  thtt  all  of  the  alloys  exhibit  stress-strain  behavior  which  is  characteriaed  by  a 
shM  period  of  rapid  initial  hardenina  followed  by  extended  linear  work  hsdening  in  all 
oondilions  except  the  peak-aced  (575^Cy6lir).  The  transition  to  linear  "Sutge  IV”  woifc  haidening 
oocuis  at  very  small  strains  (e  s  0.03)  in  the  solution-treated  (S^  w  well  as  the  underaged 
(37S*C/6  hr)  conditions  but  it  delay^  to  e  a  0.08  in  the  overaged  case  (67S*06hr). 

ff,  as  we  exp^paiticie  looping  occurs  in  th&«vefagedooadiiion,Eq.  1  indicates  that  parabolic 
wtxrk  haidening  should  occur  such  that  Aoa\e.  Fig.  S  shows  this  in  fact  occurs  over  the  strain 
range  0.00S^e  0.09.  A  value  of  the  constant  C  may  be  ettiinated  assuming  a  voiume  fitaction  of 
precipitare  at  67S*C  after  6  hrs.  f  [16]*  *nd  a  partcle  diameter,  -75  nm,  intersecting  die  slip 
plane.  In  the  tenn  Aa,  we  also  uke  into  account  the  intrinsic  work  hardening  of  the  matrix. 

Such  acahailation  yields  C -0.31,  which  is  consistent  with  other  observations  for  particle- 
handened  bcc  alloys  (C  -  0.30  to  0.52  (17-19])  as  well  as  being  veiy  close  to  the  predicted  value 
of  d24  [15].  Thus  we  conclude  that  in  the  overaged  condition,  the  rapid  initial  um  hardening 
behavior  is  quite  conrinent  with  ei^iectations  ba^  on  dislocation  bypass  and  the  accumulation 
of  geometrically  necessary  dislocations. 


Hgure5-  The  dqiendence  of  the  flow  stress  <r  on  the  square  root  of  plastic  strain  e,  as  jnedicted 
byEq.l. 

Linear  strain  hardening,  usually  denoted  Soige  IV,  has  been  observed  in  both  fee  and  bcc  metals 
[^22].  However,  signifleant  differences  exist  between  those  observations  and  the  present  data 
in  Fig.  4.  Typicallv,  Sttge  IV  occurs  at  much  larger  suains  (e  >  0.5)  than  those  (e  =  0.1) 
observed  hm.  This  may  be  a  consequence  of  the  high  flow  stress  cf  the  Ti-23-1 1  alloy  and  the 
sttggestioo  that  the  onset  of  Stage  IV  occurs  at  smaller  strains  with  increasing  flow  stresses  (23]. 
The  same  analysis  also  predicu  the  magnitude  of  the  linear  work  hardening  (do/dehv  to  increase 
with  increasing  flow  stress  [23].  However,  Fig.  4  indicates  ((fofoe)iv  decreases  with  increasing 
flow  stress;  this  has  alto  been  observed  in  Al  luloys.  In  that  case,  the  amount  of  solute  in 
solution  was  believed  to  hinder  the  dislocation  recovei^r  and  cell  formation  process,  causing  an 
increase  in  (daAle)iv  under  conditions  where  subnitutional  solute  content  it  high,  such  as  in  the 
ST  otm^tion  [24].  This  tray  occur  in  the  piewnt  case  as  well,  especially  in  view  of  the 


*  IMS  vilne  of  fawdewadaed  far  an  ovengedcondMon  of  850X7180  In.  Ohfca  the  peaier  driving  Ibroe  far  pndiiii 
bat  dwitnstd  Uaetict  at  675*C,  h  should  also  be  a  renonaMe  ettknaie  far  the  67S’OS  hr  condition. 
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iiilioaaogeiieousslipmTI-23-11  inallbuttheoven^conditioa.  Rnally,  die  tyiNcally  observed 
values  of  Stage  IV  work  haidenii^  (fia/de)iv  ~  {20,25].  The  cunent  data  in  Hg.  4 

indicate  (da/dE)lV  -  5  to  2Sx  1 0-^G  or  much  hiriitf  dian  is  commonly  observed  for  Sta^  IV 
linear  hardening.  Some  of  this  may  be  due  to  to  inhomogeneoiis  nature  of  s%  and  its  influence 
on  the  recovery  processes  which  should  decrease  die  linear  hardening  rale.  However,  it  is  worth 
noting  that  both  the  peak-aged  and  oveta^  conditions  exhibit  similar  (dVdi^lV  values  but  much 
different  slip  characteristics.  Thus,  the  sup  mode  cumot  be  a  oontndlingfiictor  in  determining 
the  iiiwar  haideninjg  behavior  of  this  beta  T1  alloy.  We  conclude  that,  while  this  beta  Ti  alloy 
exhiints  linear  strain  hardening  at  relatively  small  strains,  h  is  not  dear  whether  or  not  it  is  Stage 
IV  work  hardening,  as  is  often  observed  in  fee  metals. 

.SummsTy 

A  Strong  age-faaideiting  response  has  been  kkntified  in  die  beta  Ti  alloy  11-23-11.  The 
hardniing,  which  dqmids  on  solution-treating  and  aging  heat  treatments,  is  caused  by  the 
formation  of  fine-scTO,  lath-like  alpha-two  predpitaies  based  on  1!^.  We  propose  dut  TO 
ordered  structure  of  TO  predpitate  particles  makes  them  mere  effective  than  diaoideied  alpha 
phase  med{ntaies  in  stieagtneaiitg  TO  matrix.  FuiTOiioore.it  is  possiMe  to  grow  TO  a^TO-two 
prec^tate  lo  a  size  (-75  nm.  minor  dimension)  wherein  dislocation  looping  occurs.  Thisresults 
in  a  iransitian  in  sl^  mode  fiom  inhomogeneous  10  extremdy  unifim  s^  accompanied  by  nqiid 
initial  work  hardenuig  due  ID  TO  aocumidation  of  geometrically  necessary  dislocation.  Liriw 
strain  hardening  is  observed  at  larger  strains  (e  >  0.03  to  0. 10)  but  is  not  well  understood. 
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this  paper  details  thaimmaeiianical  processing  develofnent  woric  ocnducted  on 
Ti-6Al-2Sta-2Zr-2Mo-2Cr-0.2SSi  (Ti-6- 22-228)  titanitm  alloy.  This  alloy  is 
deep  hardenable  and  has  high  strength,  creep  resistance,  and  moderate 
toutdsMSS  in  the  conventional  alpha-beta  processed  and  heat  treated 
condition.  Initially  developed  in  the  early  1970's,  lack  of  production 
i^lications  precluded  additional  develcment  at  the  tine. 

Based  on  work  conducted  with  similar  alpha-beta  alloys,  it  was  anticipated 
that  beta  processing  could  be  used  to  improve  the  Oumability  and  Damage 
Tolerance  (DMJT)  chanKd:eristics  of  Ti-6-22-22S  for  Mvaneed  Tactical  Fighter 
(ATF)  applications,  idiile  maintaining  a  streaogth  advantage  over  Ti-6Al-4V. 

Ihis  paper  describes  the  developmant  efforts  that  established  a  baseline  beta 
thetmomsohanical  processing  (TMP)  route  for  the  alloy.  Beta  processing  of 
Ti-6-22-22S  produced  a  superior  conhination  of  straog^  mad  DMDT  properties 
compared  to  drnnage  tolerant  grades  of  Ti-6-4  in  the  beta  annealed  condition. 
As  a  result  of  this  effort,  Ti-6-22-22S  was  selected  as  the  baseline  titanium 
alloy  for  the  F-22  fighter  aircraft. 

Entrotetlcst 

Titanium  alloy  Ti-6Al-2Sn-2Zr-2Mo-2Cr-0.258i  (Ti-6-22-22S)  is  an  alpha-beta 
alloy  developed  by  the  FMI  Titaniun  Company.  Ibis  alloy  was  developed  to  be 
deep  hardenable,  have  high  strength,  intermediate  tanperature  cre^ 
resistance  and  moderate  tougdsiess.  Conventional  production  melt  and 
conversion  practices  were  developed  in  1973. (1)(2)  Tbou^  initial  alloy 
development  occurred  in  the  early  1970’a,  lade  of  production  applications 
precluded  further  developnmnt  work. 

As  I«ckheed's  ATF  design  matrured,  it  became  apparent  that  titaniun  would  be 
used  in  a  large  nuiher  of  thiok  section,  fracture  critical  applications. 
Current  atate-^-the-art  for  such  applications  was  the  extra  low  interstitial 
(ELI)  grade  of  Ti-6Al-4V  (Ti-6-4}  titaniun  alloy,  in  the  beta  annealed  (BA) 
condition.  This  alloy  has  asoallent  fracture  touginaas  and  fatigue  cradt 
growth  dmraotoristics,  but  has  low  static  and  fatigue  strength. 

After  an  industry  review  of  similar  titaniun  alloys,  it  was  concluded  that 
beta  prooassing  of  Ti-6-22-22S  held  the  greatest  potential  for  producing  a 

Tiw»itwi  "n 
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superior  mixture  of  DADT  and  strength  properties  over  Ti-6-4.  Goals 
established  for  the  beta  processed  alloy  are  shown  in  Figure  1. 


Preliminary  Beta  Process  Evaluation 


Initial  verification  of  the  potential  of  beta  processing  ri-6-22-22S  utilized 
.58  inch  (14.7  cm),  alpha-beta  rolled  plate  converted  from  a  lab  scale  ingot. 
Several  beta  solution  heat  treatment  and  age  sequences  were  evaluated  on  this 
material.  All  naterials  were  still  air  cooled  (AC)  from  the  solution  heat 
treat  temperature.  Figure  2  shows  the  correlation  between  strength, 
totighness,  crack  growth  and  microstructure  for  the  heat  treat  schedules 
evaluated.  The  BA  condition  (Beta  Transus  [|3T]  +  65*F  [  36‘C]-lHr-AC)  and 
Beta  Solution  Treat  and  Age  (BSTA)  (BA+  1000‘F  [538'C]-8Hrs-AC)  heat 
treatments  produced  a  microstructure  of  fine  acicular  Widmanstatten  alpha  in 
a  transformed  beta  matrix.  Figure  2  shows  that  aging  increases  the  yield 
strength  by  10%  with  an  associated  19%  drop  in  toughness. 


Figure  2.  Mechanical  Prc^rties  of  Beta  Solution  Treated, 
Alpha-Beta  Rolled,  .58  Inch,  Ti-6-22-22S  Plate 
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A  duplex  heat  treatment  consisted  of  BA  +  alpha-beta  solution  treatment 
followed  by  an  age.  The  intermediate  alpha-beta  treatment  consisted  of  (TT  - 
50 ‘F  (28'C)-lHr-AC.  This  produced  a  coarsening  of  the  fine  Hidnanstatten 
alpha  structure  develcqped  during  the  beta  anneal.  The  duplex  material 
exhibited  yield  strengths  conparable  to  those  developed  with  the  BSTA  heat 
treatment,  but  with  typical  fracture  toughness  values  12%  lower.  The  figure 
shows  that  crack  growth  rates  did  not  vary  significantly  for  any  of  the  heat 
treat  schedules  evaluated  This  work  dmonstrated  that,  when  compared  to 
conventional  alpha-beta  processed  naterials  (Ref.  1),  beta  solution  heat 


trMtmants  produced  strengths  that  were  lowered  by  10  to  20  percent,  with 
to  a  40  percent  increase  in  fracture  tousdness. 

Thennal  Herf»anieal  finq  Route  Optimisation 


The  next  step  in  this  development  effort  was  to  optimise  the  IMP  route  and 
insure  that  the  goal  properties  could  be  acdiieved  in  production  scale 
materials.  A  production  scale  ingot  (30  inch  [76  cm]  diameter,  8,000  pounds 
[3,636  kg])  was  cast  and  converted  into  several  product  fotrae  incltxling  4  to 
6  inch  (10.2  to  15.2  cm)  thick  hand  forgings.  Two  conversion  practices  were 
evaluated,  conventional  alpha-beta  finish  forging  and  beta  finish  forging. 
The  beta  forging  practice  included  a  recrystallisation  step  for  grain 
refinement  and  produced  a  worked  beta  structure  (i.e. ,  through  transus 
forging).  Figure  3  shows  the  ndcrostructure  develop^  from  the  various  IMP 
routes  after  heat  treatment  in  a  3  indt  (7.6  cm)  section  thidcness.  In  order 
to  retain  some  metastable  beta  phase  to  enhance  aging  response,  fan  air 
cooling  (FAC)  was  used  in  all  cases  after  the  solution  heat  treatment. 
Similar  microatructures  were  developed  by  both  conversion  practices  idien 
followed  by  a  beta  solution  heat  treatment.  This  produced  an  acicular  basket 
weave  structure,  similar  to  that  developed  in  the  .58  (14.7  cm)  inch  alpha- 
beta  rolled  plate.  The  slower  cooling  rates  in  theM  forgings  produced 
broader  alpha  platelets  and  thidcer  grain  botndary  alpha. 


Figure  3  also  shows  that  alpha-beta  solution  heat  treatment  produced  a  coarse 
basket  tmave  structure  with  a  fine  acicular  inteigranuliur  transformation 
product.  Figure  4  shows  that  fatigue  crack  growth  rates,  even  in  a  very 
corrosive  environment  (3.5%  NaCl  solution),  were  similar  for  all  the  IMP 
routes  evaluated.  Idttle  or  no  sensitivity  was  eviden  ed  in  the  mechanical 
properties  between  1  and  3  indi  (2.5  cm  and  7.*^  cm)  section  thidomeses. 
Based  on  these  results,  the  TMP  sequence  of  beta  for^  plus  alpha-beta  SIA 
was  selected  as  the  baseline  for  actional  propinrty  development  work. 


Figure  3. 
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Correlation  of  Microstnicture  and  Medianical  Properties 
for  TMP  Routes  Evaluated  Using  Scaled  Up  Materials 
Heat  Treated  as  3-Inch  (7.6  om)  Section  Thickness 
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Figure  4.  Ccnparison  of  3.5%  NaCl,  Fatigue  Grade  Growth  Rates 
for  the  TMF  Routes  Evaluated  cn  Scaled  Op  Materials 


L-T,  R-0.1.  2  Hz.  3.5%  NaCI 


A  second  production  scale  ingot  mm  cast  and  converted  to  hand  forgings  for 
data  base  expansion.  Evaluation  of  KTF  applications  indicated  a  large  nMber 
of  fnmsB  and  faulkhsads  would  be  onder  4  inch  (10.2  om)  section  thidoMBs. 
The  insensitivity  to  section  thidmeas  between  1  and  3  indbes  (2.5  and  7.6 
cm)  was  anticipated  to  hold  for  4  inch  (10.2  cm)  section  thickaasses.  This 
offered  a  potential  to  produce  oongonwts  with  a  single  marhinlng  operation 
instead  of  the  rou^  and  post  beat  traat,  finish  machine  operations  normally 
required.  A  6  inch  (15.2  cm)  beta  forged  billet  was  mchinad  dowt  to  a  4 
inch  (10.2  cm)  section  thickness  and  alpha-beta  solution  hast  treated  and 
aged  by  RKI.  A  thermocouple  was  installed  at  the  mid-thidoMss  (t/2) 
position  in  one  comer  of  the  billet.  This  was  monitored  continuously  during 
the  heat  treatnant,  evm  during  fan  cooling.  Lot  acoeptanoe  ^edsans  takan 
adjaoant  to  the  tbarmoooivle  indioated  the  forging  bad  adequate  toutfamss  but 
was  marginally  low  on  strength.  After  warhintng  apertman  blanks  from  several 
regions  of  the  billet,  a  sigoificant  strength  variation  was  discoverad  as 
illustrated  in  Figure  5.  Ultiaate  tensile  strangth  from  156  to  143 
ksi  (1075  to  965  MPa).  Re-aolufcion  hast  traataant  of  select  speedmaos, 
followad  by  •  alow  oool  doan  and  age  under  vaouw,  laiformly  lowered 
strangttaa.  This  indieatsd  that  the  IRC  asgloyad  hy  MX  waa  iasuffidont  to 
adaquataly  oool  tha  oantar  of  tte  4  inch  (10.2  cm)  aaction  thidomss. 

HMt  TOMtOL-Cottfigia"* 

Tha  madmoical  propartias  frcai  the  thanaoooiylad  oomar  of  the  billat  ware 
asrglnsl.  A  thermal  analysia  mm  oonduotad  to  modal  the  cooling  ^rooass. 
The  effsotivs  bast  transfer  oosffldant  of  tiis  air  mewing  ewer  the  taHlet 
surfaoa  aas  osleulated  by  using  the  rsoordsd  tampsesturas  at  add  thiohnass 
(t/2)  and  adjusting  the  bast  tnaisfsr  oosffidant  until  tbs  modal  closely 
approslamtad  the  actual  tamparaturs  teaponsa.  This  indioatad  that  tha  FAC 
produced  an  affaotiva  baat  transter  ooaffidant  (R)  of  roughly  five  timaa  the 
cooling  rata  of  still  air.  Cnoa  tha  R  ooaffidant  for  PRC  was  astabliabsd, 
it  was  uaad  to  pradlot  amtarial  cooling  raqwnaaa  f«r  various  billat  aactlcn 
thiofcnaaaaa. 
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Figure  5.  Variaticns  in  Marhanical  Properties  as  a  Function  of  Location 
for  Billet  Solution  Heat  Treated  in  a  4-Inch  Section  (102  om) 
Obits  Shown  are  UTS  in  ksi. 


90”  (.7(a) 


Ti-6-2-2-2-2  4"  Plate,  Fj,  Properties 
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To  quantify  the  effects  of  cooling  rate,  test  blocks  Mere  instnnsnted  and 
cooling  rates  monitored  during  cool  down  from  the  solution  bast  treat 
tanperatxure.  Post  solution  heat  treat  quenches  evaluated  included:  oil,  FRC, 
AC,  and  a  slow  furnace  cool.  Tensile  strength  and  ndcrostructure  sere 
determined.  Figure  6  shows  the  correlation  between  n&crostnmture  and 
cooling  rate.  Ttw  cooling  rate  parameter  used  in  this  study  was  the  time  to 
half  tcni>erature  (\),  tdii^  is  the  time  to  cool  the  block  ndd-plane  to  half 
way  between  the  solution  beat  treat  and  roan  taapKature.  The  figure  shows 
that  as  the  cooling  rate  decreases,  the  acicular  alpha  platelets  broadan  and 
the  tensile  strength  decreases. 

Figure  6.  Microstructure/Medianical  Property/Cooling  Rate  Correlation 
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Tbe  cooling  rate  study  data,  with  scatter  bands,  is  plotted  versus  the  tine 
to  half  temperature  on  the  left  side  of  Figure  7.  Acceptable  fracture 
toughness  values  of  >  80  ksi-Vin.  (88  HPa-^m)  were  associated  with 
strength  levels  ranging  from  155  to  165  ksi  (1069  to  1138  MPa) .  Osing  ipper 
and  lower  bounds  of  the  data  scatter,  this  indicated  the  acceptable  time 
window  to  cool  to  U  ranged  from  7  to  23  minutes.  Coshining  these  data  with 
the  predicted  ndd-wsne  tenperaturc  response  for  FKC  naterials  yielded  the 
acc^table  processing  window  for  beta  forged  and  alpha-beta  SIA  Ti-6-22-22S 
(ri^t  side  of  Figure  7).  this  indicates  that  FKC  of  a  3  inch  (7.6  cm) 
section  can  develop  adepts  properties  while  still  air  cooling  will  not. 
the  results  of  this  evaluation  were  incorporated  into  material  heat  treating 
specifications  for  the  Ti-6-22-22S,  limiting  the  heat  treat  section 
thickness.  Larger  section  thicknesses  are  possible,  providing  a  hi^ier 
effective  cooling  rate  can  be  achieved. 

Figure  7.  Determination  of  Acceptable  Processing  Window  for  Ti-6-22-22S 
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Beta  processing  of  Ti-6-22-22S  titaniun  alloy  fans  been  successfully  used  to 
isprove  fracture  and  crach  growth  characteristics.  This  study  idntified 
through-transus  beta  forging  followed  by  an  alpha-beta  SISA  as  the  optiMa  IMP 
route.  The  heat  treat  section  thickneea  of  this  alloy,  however,  is  currently 
lindtad  by  the  mid-plane  cooling  rates  following  solution  heat  traataant. 
(Xurrant  heat  treat  practices  have  consistently  produoed  an  optiaun 
conhination  of  mechanical  properties  such  as  fracture  tougbneaa  and  f^gue 
crack  growth  rates. 
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EVALUATION  OF  Ti-<A|.2Sa-2Zr-2Cr>2Mo-J3Si  SHEET 


R.  C.  Bliss 

RMI  Titanium  Company,  Niles,  OH.  USA 


Ti-6Al*2Sn-2Zr-2Cr-2Mo-.2SSi  is  an  alpha-beta  alloy  which  has  good 
hardenability  and  a  good  combination  of  strength,  ductility,  and  fracture 
toughness  for  structural  applications.  This  alloy  has  been  selected  for  use  in 
advanced  aircraft  structural  parts  and  was  evaluated  for  those  applications. 
Sheet  produced  from  production  ingots  was  evaluated  for  microstructure, 
mechanical  properties,  oxidation  resistance,  thermal  stability  properties  and 
superplastic  forming  characteristics.  The  mechanical  properties  were  evaluated 
from  cross-rolled  material  in  the  mill  annealed,  solution  treated,  and  solution 
treated  -«■  aged  condition.  The  thermal  stebOity  and  oxidation  resistance 
properties  were  evaluated  in  both  mill  annealed  and  solution  treated  and  aged 
conditions.  Additionally,  due  to  the  fine  grain  siae  observed,  superplastic 
forming  evaluations  were  conducted  on  standard  mill  annealed  material.  Ti-6- 
22-22S  sheet  displays  good  strength  and  cold  forming  characteristics  in  the  mill 
annealed  condition.  High  streams  with  good  ductility  can  be  achieved  in  the 
solution  treat  and  aged  condition.  Thermal  stability  and  oxidation  results 
indicate  that  Ti-6-22-22S  is  equivalent  to  Ti-6A1-4V  and  under  some  conditions 
superior  in  this  areau 
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Ti-6-22-22S  was  originally  developed  as  an  aUoy  for  large  section  applications. 
This  meant  achieving  good  tougtoess  and  ductility  throughout  tiie  section. 
These  properties  and  otiiers  such  as  fine  grain  sise  indicated  that  this  alloy  may 
also  be  suitable  for  thin  sheet  applications  including  superplastic  forming  (SPP). 
Accordingly,  a  study  was  performed  to  evaluate  the  characteristics  of  ‘n-6-22- 
22S  sheet.  This  study  involved  testing  production  sheet  in  several  witys.  These 
methods  included  standard  mechanical  tests,  superplastic  forming  evaluations 
and  tests  for  assessing  effects  of  elevated  temperature  exposure. 

tasatut 

The  material  used  in  this  study  was  taken  from  standard  production  material. 
The  chemical  composition  is  shown  in  Table  I.  The  beta  transus  temperature  is 
also  given  and  was  determined  using  diflferential  tbenmal  analysis  methods. 


1993 

m 


tSMlWlVt 


MhI  W  fit  Am  sd  t 
Iht  MUhnIi,  MWgA  a  Maamb 


•••dlCoptn 


Sheet  was  produced  from  ingot  utilizing  a  practice  similar  to  that  used  on  Ti-6-4. 
A  variety  of  gauges  were  produced.  The  majority  of  the  material  used  in  this 
study  was  .063*  (1.6  mm)thick,  while  some  of  the  SPF  tests  were  conducted  on 
thicker  material,  up  to  .100”  (2.S4  mm).  Three  kinds  of  testing  was  performed 
on  this  material.  All  tensile  tests  were  performed  in  accordance  with  the 
appropriate  ASTM  specifications.  The  superplastic  forming  tests  were  run  on  a 
tensile  testing  machine  which  has  been  equipped  with  a  controlled  atmosphere, 
resistance  heated  furnace.  The  furnace  was  evacuated  before  each  test  and  the 
test  itself  run  under  a  slight  flow  of  argon.  The  testing  was  computer 
controlled,  with  the  crosshead  speed  varied  through  three  different  levels  and 
the  load  constantly  recorded. 

Table  1 .  Ingot  Chemistry  (wt.  %)  for  Ti-6-22-22S  Heat  Used  in  Current  Study 


The  sheet  was  tested  in  several  different  heat  treated  conditions  including 
solution  treated  and  solution  treated  and  aged  conditions.  Mill  annealed 
properties  for  both  Ti-6*22>22S  and  Ti>6-4  are  shown  in  Table  II  for  comparison. 
The  mechanical  testing  consisted  primarily  of  tensile  tests. 


Table  II.  Typical  As-Annealed  Tensile  Properties 


These  tests  evaluated  the  effects  of  various  solution  treatment  and  aging 
temperatures  on  the  properties  of  the  alloy.  The  results  are  shown  gra^ihically 
in  Figures  1  -3.  The  data  show  that  Ti-6-22-22S  is  susceptible  to  a  strength  drop 
caused  by  the  formation  of  mechanicalhr  unstable  beta-phase.  This  phenome¬ 
non  is  commonly  seen  in  Ti-6-4  (Fig.  1)^  Additionally,  mill  annealed  material  was 
subjected  to  room  temperature  bend  testing.  Both  longitudinal  and  transverse 
samples  are  able  to  make  a  3X  thickness  radius  bend  of  up  to  105*. 
Microstructures  of  selected  conditions  sre  presented  in  Figures  4  and  5. 


In  an  effort  to  evaluate  the  effects  of  long  term  elevated  temperature  exposure, 
samples  of  flat  rolled,  as-annealed  Ti-6-22-22S  were  held  for  100  hours  at  a  va¬ 
riety  of  temperatures.  For  comparison  purposes,  samples  of  Ti-6-4  were  exposed 
simultaneously.  After  exposure,  the  samples  wei|^t  change  was  measui^  for 
the  determination  of  relative  oxidation  reMstance.  Tensile  tests  arere  performed 
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■imilarly  exposed  as-an- 
nealed  samples  to  deter¬ 
mine  thermal  stability. 
Weight  change  was  ne 
gligible  in  all  cases  ex¬ 
cept  exposure  at  1 100‘P 
(593*C)  where  Ti-6-4 
showed  some  slight 
weight  gain.  The  tensile 
results  are  plotted  in 
Figure  6  which  shows 
thatTi-6-22-22S  under¬ 
goes  a  strengthening 
reaction  with  maximum 
strength  occurring  at 
approximately  900*F 
(482*C).  Ti-6-4  under¬ 
goes  a  similar  change 
with  the  maximum 
strength  occurring 
around  600*F  (316*C). 
In  each  case  the  ductili¬ 
ty  demonstrates  the 
expected  trend  of  de¬ 
creasing  elongation  with 
increasing  strength. 

tensile  properties  of  Ti-6-22-22S  .100  thick  sheet. 


Fionra  1 .  Effect  of  30  min.  solution  treatment  on 


rignx*  2 .  Effect  of  8  Hr.  aging  treatment  on  tensile 
props  of  Ti-6-22-22S  ST  at  1600*F  (871*C)  -  30  Min. 
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Samples  of  Ti-6-22-22S 
were  subjected  to  a  vari¬ 
ety  of  superplaatic  form¬ 
ing  (SPF)  tests.  These 
included  high  tempera¬ 


ture,  slow  strain  rate 
teniae  tests;  biaxial 
dome  forming  tests;  pro¬ 
duction  scale  forming; 
and  evaluation  of  as- 
formed  mechanicalprop- 
erties.  All  results  in<U- 
cate  that  Ti-6-22-22S  is 
readily  supcrplastically 
formed.  This  is  expected 
due  to  its  a4>ha-beta 
structure  and  extremety 
fine  grain  sise  (ASTM 
•11  or  finer). 
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The  m-values  are  calcu¬ 
lated  from  these  results 
widi  the  assumption 


that  elongation  is  uniform  and  necking  is  negligible.  The  results  are  shown  in 
Figure  7.  For  comparison  purposes,  it  should  be  noted  that  m-values  for  Ti-6'4 
are  generally  in  the  range  of  .6S-.85  at  comparable  strain  rates.  Ti-6-22-22S 

m-values  reach  a  maxi- 


Figura  3.  Effect  of  8  Hr.  aging  treatment  on  tensile 
props  of  Ti-6-22.22S  ST  at  1700*F  (927*C)-  30  Min. 


mum  between  15S0*F 
(843*C)  and  1650*F 
(899*C)  but  are  above  .5 
(generally  accepted  as 
the  minimum  necessary 
for  SPF)  at  slower  strain 
rates  for  the  entire  tem¬ 
perature  range  investi¬ 
gated.  In  terms  of  flow 
stress,  Ti-6-22-22S 
shows  lower  flow 
stresses  then  Ti-6-4  at 
similar  temperatures. 

Production  scale  trials 
were  performed  to 
evaluate  biaxial  form- 
ability  of  Ti-6-22-22S. 
Tjrpically,  this  was 
implemented  by  using 
Ti-6-22-22S  in  place  of 
Ti-6-4  on  actual 
production  parts.  The 
forming  parameters 
used  were  identical  to 
those  used  for  Ti-6-4  in¬ 


cluding  temperature 

and  forming  pressure.  A  photograph  of  one  such  part  is  shown  in  Figure  8.  No 


in  forming  Ti-6-22-22S  in  any  production  scale 
part  and  in  some  cases  it  was  indicated  that  Ti- 
.  6-22-22S  seemed  to  be  better  able  to  form 
around  sharp  comer  radii. 

As-formed  mechanical  properties  were  evaluated 
from  both  the  uniaxial  tensile  tests  and  the  pro¬ 
duction  scale  tests.  This  was  done  by  machining 
sub-size  tensile  blanks  from  the  material  and 
testing  them  as  standard  room  temperature 
tensile  tests.  In  the  case  of  the  uniaxial  tests, 
the  blanks  were  taken  from  the  reduced  section, 
while  the  blanks  from  the  production  parts  were 
machined  from  various  locations  throughout  the 
parts.  The  results  are  shown  in  Figure  9  and 
Table  III  for  ttie  production  part.  The  tensile 
tests  taken  from  the  production  parts  indicate 
that  amount  of  strain  does  not  afiect  the  as- 
formed  mechanical  properties,  as  specimens 
taken  from  various  locations  have  approximately 
the  same  properties.  The  results  from  the 
uniaxial  tensile  tests  display  a  temperature 
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dependence  with 
two  distinct 
strength  levels. 
The  lower  level 
results  from 
forming  at  lower 
temperatures 
11450*F-1550‘’F 
(788"C-843“C)1, 
while  the  higher 
strength  level  oc¬ 
curs  after  strain¬ 
ing  at  1600'’F 
(871“C)  and 
above.  The  yield 
strength  and 
elongation  show 
much  less  varia¬ 
tion  than  the  ulti- 
mate  tensile 
strength.  These 
facts  are  ex¬ 
plained  by  the 
phase  balance  of 
the  alloy  which 
shifts  away  from 
alpha  to  beta  and 
the  transforma¬ 
tion  products 
formed  on  cool¬ 
ing.  Even  though 
larger  grains  re¬ 
sult  from  the  higher  forming  temperatures,  the  material  is,  in  effect,  being 
solution  treated  while  being  formed,  resulting  in  higher  strengths.  As-annealed 
properties  are  shown  for  comparison  purposes.  Of  pardculcu’  importance  is 
that,  at  the  higher  forming  temperatures,  the  Ti-6-22-22S  shows  no  appreciable 
drop  in  strength  after  forming.  This  is  in  contrast  to  Ti-6-4  which  traditionally 
has  displayed  a  decrease  in  strength  after  forming. 

Table  111.  As-formed  Properties  of  Production  Scale  Ti-6-22-22S  Part  Formed 
at  1650“F 
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Figure  5.  Representative  microstructures  ofTi-6-22-22S 
in  ST  and  STA  conditions. 
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Figare  6.  EHect  of  100  hr.  elevated  temperature 
exposure  on  tensile  properties  of  mill  annealed  Ti-6- 


22-22S. 
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Ti-6-22-22S,  while  origi¬ 
nally  developed  as  a 
deep-hardenable  al¬ 
pha/beta  alloy  for  thick 
section  applications,  is 
well  suited  for  use  as 
sheet.  It  has  higher 
strength  than  Ti-6-4, 
better  ductility,  and 
equivalent  or  better 
thermal  stability  and 
oxidation  resistance. 
Additionally,  Ti-6-22- 
22S  is  capable  of  being 
superplastically  formed 
with  the  same  ease  as 
Ti-6-4.  The  forming 
may  be  accomplished  at 
lower  temperatures  or, 
if  better  mechanical 
properties  are  desired, 
at  identical  tempera¬ 
tures  as  those  us^  for 
Ti-6.4. 
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Figura  8.  Production  part  made  with  Ti-6-22-22S  using  Ti-6A1-4V 
forming  parameters. 


Figure  9 .  Effect  of  SPP  temperature  on  as-formed 
tensile  properties  of  Ti-6-22-22S  (75%  strain). 
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Abstract 

Thermomechanica]  processing  history  and  dte  resulting  miciostructure  have  a  significant 
effect  on  the  mechanical  propoties  of  dpha-faeta  titanium  all^.  The  alpha-beta  (piimary  alpha 
in  aged  beta)  miciDsinjctiire  is  generally  characterized  with  high  tensile  properties  and  superior 
low  (^le  fatigue  life  whereas  £e  beta  (transformed  bett)  microstnicture  is  chancterized  wiA  a 
high  gacture  toughness  and  fatigue  cradc  growth  resistanre.  A  duidex  microstnicture  containing 
equiaxed  primary  alpha  and  elongated  (acicular  to  plate  type)  transformed  bM  provides  a 
desirable  combination  ^  strength,  toughn^  fatigue  and  fati^  crack  growth  resistance. 

In  otder  to  meet  a  challenging  coml^ation  of  tensile  strength  (TYS  >  lOM  MPa,  UTA  > 
1138  MPa),  ductility  (%E1  >  6.  %RA  >  12),  fracture  toughnm  Qi  88  MPaVm)  and  fiuigue 
crack  growth  resistance  (da/dN  i  that  of  beta  annealed  Ti-64),  development  of  transfonned  bM 
type  microstnictures  was  attempted.  A  beta  finish  forging  and  a  through  transus  forging 
ftwowed  by  afi  solution  and  an  o/p  forging  followed  by  a  p-solu^  were  adapted  to  develop 
tiansfoimed  beta  type  microstructuies.  Several  variants  of  this  mictostructure  were  developed 
through  designed  variation  of  the  TMP  conditions.  Desirable  prop^es  were  adiieved  throu^ 
two  specific  lldP  conditions;  however,  die  best  property  camUnation  was  Khieved  through  an 
o/p  fabrication  fcdlowed  by  a  beta  solutitm,  an  0(/p  staWUzation  and  aii  aging.  Microsmicture 
and  mechanical  property  evaluations  and  fractographic  analysis  rationalize  the  observed  results. 
Beta  grain  size  and  crack  branching  are  observed  to  play  signifi^t  roles  in  the  fatigue  crack 
growdi  resistance  and  fracture  toughness  in  specimens  having  a  transformed  beta  type 
microstructure. 


Introduction 


A  major  drive  for  the  modem  atrcraR  design  is  to  reduce  the  overall  wei^t  of  the  aircraft 
This  weight  reduction  inqiroves  the  thnist-ro-weight  ratio  for  qiwker  ^eon  and  landing  and 
reduces  £e  specific  fuel  consumption.  The  overall  weight  saving  in  an  aircraft  also  increases  the 
flight  distance  without  the  critical  need  of  ftequent  refueling.  A  mgjor  weight  nving  cu  be 
acmeved  by  reducing  the  weight  of  the  airframe  compoiwnts  tlirott|h  sub^tution  ot  higher 
strength  to  denrity  ratio  material.  However,  to  maintain  a  high  design  life  and  to  ad^it  a  darnage 
tederani  design  approach,  die  substitute  materials  must  also  exhibit  a  h^h  ftacture  toughness  and 
a  high  fatigue  crack  growth  resistance.  Based  upon  these  |en^  premises,  attempts  were  nude 
to  develop  a  combination  of  mechanical  properties  in  a  titanium  alloy  which  could  mult  in  a 
10%  or  more  weight  savings  in  several  critiew  aircraft  components.  One  such  combination  o( 
properties  included:  a  tensile  yield  and  ultimue  strengdi  greater  than  1034  and  1138  MPa, 
reqiectively,  %  elongation  and  rednetkmin  area  at  failure  greater  than  6  and  12,  respectively, 

ftacture  toughness  greater  than  88  MPaVm  and  fatigue  crack  growth  resistance  equivalent  to  that 
of  beta-amiealed  Ti-6A1-4V  alloy. 
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The  alloy  selected  was  'n-6Al-2Sn-2Zr-2Mo-2Cr-0.25Si.  developed  by  Reactive  Metals,  Inc. 
(RMI)  in  the  early  1970s  on  a  U.S.  Air  Force  Contract.!*)  A  review  of  die  mechanical  property 
^ta  available  in  Utoatures!^)  on  all  commercial  titanium  alloys  indicated  that  the  selectim  of 
'n-6-22-22S  was  most  appropriate  in  attempting  to  develop  the  selected  combination  of 
mechanical  properties  through  innovadve  TMP  (diermomechanibd  process)  developmenL  Most 
other  commercial  alloys  through  appn^ate  processing  ma^  either  develop  the  strength  or  the 
toughness  but  would  not  develop  the  combination  of  high  strengA  and  high  toughness. 
Moreover,  even  if  the  combination  of  strength  and  toughness  is  achieved,  the  fatigue  crack 
growth  resistance  may  not  be  adeqiMte  eqiecially  in  varial^  SI  to  152  mm  section  size  forgings. 

A  literature  review  was  conducted  to  gather  the  background  information  on 
TMP-microstructure-mechanical  prope^  leladons  in  Ti-6-22-22S  alloy.!*  •^'^)  The  review 
indicated  that  an  o/p  falvication  processing  followed  by  oi/p  solution  treatment  and  aging  may 
develop  the  highest  strength.  However,  the  fracture  toughriess  associated  with  these  processes 
is  significantly  lower  than  the  goal  prop^  (88  MPaVin).  Strength  gradients  of  more  than  138 
MPa  were  ol^rved  between  the  center  and  die  ed^  locations  m  a  102  mm  diameter  solution 
treated,  water  quenched  and  aged  bar.  A  double  aging  treatment  within  a  temperature  range  of 
482°-649°C  reduces  the  strength  gradient  between  the  center  and  the  edge  of  a  billet;  however, 
this  treatment  tends  to  reduce  die  nacture  roughness.  Best  aging  condition  was  determined  to  be 
S38*X^  hr,  followed  by  air  cooling. 

Beta  upset  forging  with  a  4:1  reducdon  rado  followed  by  an  0(/P  solution  treatment  and  aging 
develops  tensile  yieU  strength  of  the  order  of  960  to  1090  MPa  with  foacture  toughness  ranging 
from  1 10  to  81  MPaV^  respectively,  depending  on  the  oti^  solution  temperature  and  the  post 
solution  cooling  rate.  However,  it  is  observed  that  the  p-forged  plus  o/p  solution  treated 
materials  also  exhibited  an  inverse  strength-toughness  relation.  Fatigue  crack  growth  resistance 
of  most  of  these  experimental  forgings  was  either  not  evaluated  or  was  not  reported  in  the 
litcratuie.!**^ 

From  a  general  review  and  understanding  of  microstnictuie-mechanical  property  relation!^) 
in  titanium  alloys  and  from  the  present  review  of  microstructure-mechanical  property  relation  in 
T1-6-22-22S  alloy,  it  was  clear  that  a  fracture  toughness  of  the  order  of  88  MPaVm  can  only  be 
achieved  in  a  transformed  beta-type  microstructure  with  or  without  a  very  small  amount  of 
equiaxed  primary  alpha.  Whether  or  not  the  tensile  strength  and  fatigue  crack  growth  resistance 
goals  would  be  met  through  such  microstructures  in  variable  section  size  thick  forgings  (51  to 
152  mm  thickness)  could  only  be  determined  through  experimental  evaluations.  Thiw  major 
processing  (TMP)  routes,  outlined  in  the  next  section,  were  adapted  to  develop  the  desired 
transfomi^  beta  (with  or  widiout  primary  alpha)  type  microstructure. 

Experimental  Procedure 

Theimomechanical  Processing 

Three  major  TMP  routes  consisting  of  two  variations  in  each  were  adapted  to  develt^  a 
transfotmed  beta-type  microstructure.  first  group  consists  of  a/fi  preform  fraging  foUoi^ 

by  a  beta  finish  forging  with  an  o/p  solution  treatment  and  aging  (Table  I,  Processes  1  and  2). 
llie  second  group  consists  of  a  beta  preform  forging  followed  by  an  finish  forging  with  an 
a/fi  solution  treatment  and  aging  (Table  I,  Processes  3  and  4).  The  third  group  consists  of  c^ 
preform  forging  followed  by  a/fi  finish  forging  with  a  P-solution  treatment  and  aging. 
Approximately  152  ram  diameter  by  43  mm  thick  pancakes  were  fabricated  through  these 
procttses.  Alpha-beta  processed  billet  stocks  with  75  mm  diameter  b^  180  mm  len^  were 
applied  for  all  TMP  conditions.  The  chemical  composition  of  the  billet  stock  is  shown  in 
Table  II. 

Microstnictuie  and  Mechanical  Properties 

A  typical  macrostructure  and  microstructure  at  center  mid-hei^t  location  from  a  diametral 
section  of  tiiese  pancakes  ate  shown  in  Figure  1.  Room  temperatme  tensile  tests  with  chordal 
specimens,  fracture  toughness  tests  with  25  mm  thick  C-R  specimens,  strain  controlled  low 
cycle  fatigue  (LCIO  tests  with  chordal  specimens  and  fatigue  crack  growth  tests  with  6.4  mm 
thick  C-R  specimens  were  conducted  usin^  appropriate  ASTM  standard  procedure.  tests 
were  conducted  at  R-ratio  >>  0.1,  using  a  triangular  wave  form  at  a  frequency  of  30  cycles  per 
minute.  ITie  fatigue  crack  growth  rate  fosts  were  conducted  in  ambient  air  (56%  relative 
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humidity)  at  R-ratio  >0.1  and  at  a  fitquency  of  10  Hz  using  a  sinusoidal  waveform.  Tensile 
and  fracture  toughness  test  results  are  shown  m  Table  I.  The  low  cycle  fiidgue  (LCF)  results  are 
shown  in  Table  HI  and  Figure  2  and  fiidgue  crack  growth  rate  (FC^R)  test  results  are  shown  in 
Figure  3. 


Results  and  Discussion 

Macn^MKlMiaosinicturcs 

A  typical  macrostructure  of  a  quarter  segment  from  a  diametral  section  of  a  pancake  (Procea 
No.  6)  is  shown  in  Hgure  1  (lop).  The  macrostructure  exhibits  some  nonuniformity  of  plaste 
defonnation  near  the  center  section  of  the  pancake  due  to  friction  and  die-chill  effects.  Plastic 
flow  lines  are  readily  visible  in  this  maaogreph  (Hgiue  1,  top). 

As  expected  from  the  l^dP  daign,  ^-finish  foiging  plus  ot/p  stdution  treaunem  and  aging 
(Group  I,  Processes  1  and  2)  develc^ed  a  lamellar  iransfonned  beta  type  microstructure 
(Figure  1A,B).  A  hitter  ^finish  forgmgtenq>erature(TB-*-SO°C)  in  Process  2  did  not  create 
any  significant  difference  in  microstructures  compared  to  those  for  the  Aocess  1  which  was 
finish  forged  at  (Tb  +  28^  except  that  a  hi^ier  beta  finish  forging  temperature  in  Process  2 
developed  a  coarser  P-grain  size  ^gure  IB).  Processes  3  and  4  wfaoe  a  p-preforro  forging 
was  frmowed  by  an  o^  finish  forgiire,  o/p-soludon  treatment  and  aging  developed  a  broken  iq> 
lariMllar  microstructure  with  some  rare  ^uiaxed  primary  alpha  (Ingure  1C.  D).  Tire  volunre 
fraction  of  fine  equiaxed  alpha  did  not  vary  significantly  with  25%  aim  50%  c^defrmadon  in 
Processes  3  and  4,  respectively.  Processes  5  and  6  wltm  0(/p  preform  forging  plus  oi/p  finish 
forang  was  followed  either  a  one-stq>  P-soludon  for  Proc^  5,  or  a  two  step  P  solution  and 
o/p  stabilizadon  treatment  for  Process  6  (all  followed  aging)  develoj^  an  acicular 
transformed  beta  miciostructure  (Figure  IE,  10.  It  is  observed  thu  tte  two-step  p  solution  plus 
0^  stabilization  in  Process  6  did  not  develop  a  significandy  coarser  acicular  structure  (Hgure 
lE)  compared  to  dial  in  Process  5  where  a  one-step  P-soludon  was  adapted  (Rgure  IF).  This 
nvo-step  sdudon  plus  stalnlizadon  treatments,  however,  mijght  have  dwdoped  a  more  stable 
(equilibrium)  transformed  beta  retained  (aged)  beta  interfaces  in  the  irncrosiiuctuie. 

Mechanical  Proowticii 

Room  temperature  tensile  properties  of  the  pancakes  processed  via  Recesses  1  thioa|b  6  are 
shown  in  Table  I.  It  is  observed  from  Table  I  that  the  tensile  goal  pn^rerdes  of  1034  MPa 
offset  ]deld  strength  and  1 138  MPa  ultimate  tensile  strnigdi  were  not  met  throu^  any  of  these 
mocessing  routes.  The  higtest  tensile  strength  (both  TYS  and  UTS)  were  achieved  dnou^ 
mcesses  3  and  4  where  a  mixed  fine  primary  alpha  plus  broken  im  larriellar  type  mkrostiuctuic 
was  created  dirougb  conindled  (25%  to  50%  defrmnalion)  aro  frnish  fotgmgs.  It  miqf  be 
observed  from  TaUe  II  that  the  oxygen  level  (0.076  wA>)  in  the  Ti-6-22-22S  bar  stock  us^  in 
this  study  wu  lower  than  the  dewed  0.10  to  0.12  w/o.  Based  on  the  analysis  of  earlier 
results(*)  it  may  be  observed  (Rgure  4)  that  yield  and  ultimate  tensile  strength  m  11-6-22-225 
inctearesigi^candy  with  incieiiing  oxygen  content  in  the  alloy.  From  RgiBe4.it  is  pmHcied 
that  a  69  MPa  inermse  in  yield  and  uld^re  tensile  strength  oiwld  be  achieved  throu^  proper 
level  of  oxygen  (0.12  w/o)  in  the  alloy.  However,  this  higher  level  of  oxygen  (0.12  wA> 
conqrated  to  0.076  w/o)  may  also  deernse  the  fracture  toughness.  Tensile  property  results 
indicate  that  TYS  and  UTS  did  not  vary  significantly  between  the  surfrree  and  the  oenier 
thickiiets  locations  within  these  forginp  (not  unwn  in  fable  I). 

Room  temperature  fracture  touglmew  of  the  pancake  forginp  isj^so  shown  in  Table  L 
Process  1  dearly  meett  the  fracture  toughness  goal  property  (wMlWm),  whoeas,  Frocess  2 
barely  misaed  ft  The  mixed  fine  primary  aipha-Iainellar  transformed  beta  miciostructnre 
developed  through  Prooesses  3  and  4  exrabits  lower  fracture  loqpness  compared  to  diose 
observed  finom  the  other  nocesses.  This  lower  fractiae  toughness  can  be  ratioouized  in  terms 
of  two  observations:  1)  the  lamdlaralpba-fine  equiaxed  piiiniya^ihainicrosttttctnre  would  not 
be  as  effective  u  lamellar  alpha  only  (1(X)%  lamdlar  al|W  miciostructure  in  terms  of 
developing  crack  path  tonoosity;  2)  the  higher  TYS  asiociated  with  Processes  3  and  4  would 
devdop  a  smaller  plastic  none  alMMd  of  the  crack  tip  and.  thereby,  would  exhibit  lower  fracture 
toughness.  Processes  S  and  6  utiiich  developed  a  Widmanstuten  type  tiansfonaed  beta 
nticnsoucture  exhibit  lower  tooghness  than  those  exhibited  by  Praoesses  1  and  2  etiiich 
developed  a  lamellar  alpha  type  nticroRrocture.  Why  the  huneUar  alpha  (aansfamied  beta) 
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miciostnicture  developed  via  through  trensus  beu  finish  forging  plus  ot/p  striudon  treatment  and 
aipg  would  exhibit  higher  lou^uiess  than  those  with  a  Wldii^statten  type  transfonned  beta 
microsttucture  develop^  duou^  Processes  S  and  6  is  not  clearly  understood. 

Strain  controlled  room  temperanire  LCF  test  results  for  Process  1,  4  and  6  are  shown  in 
Table  HI  and  Figure  2.  It  is  obMrved  ftom  TaUe  III  that  the  number  of  cycles  to  fetigue  crack 
initiation  (Nj)  and  the  number  of  ^les  to  fatigue  failure  (Nf)  at  three  total  strain  ranges  (dCf  = 
1.2,  0.9  and  0.7S)  are  not  significantly  different  for  the  different  types  of  microstructure. 
Process  1  exhilnts  the  best  overall  LCF  properties  followed  by  Process  4.  This  result  is 
somewhat  similar  to  those  observed  in  11-6A1-4 V  alloy^*^)  in  which  the  hi^  cycle  fiidgue  life 
equiaxed  primary  alpha-lamellar  alpha  microstnicture  was  observed  to  be  infaior  to  that  of  fine 
lamellar  only  rmcrostructute.  The  Widmaitstatten  (ackular)  transforrtKd  beta  microstnictute 
(Process  6)  exhibited  the  lowest  LCF  life.  The  LCF  lives  (number  of  cycles  to  failure)  of 
beta-forged  plus  annealed  Ti-6A1-4V  have  been  compared  to  dw  of  die  a/p  forged  {dus  two-stq> 
solution  plus  stabilization  treated  (P-soludon  treated  plus  o/p  stabilized  and  aged.  Process  6) 
Ti-6-22-22S  in  Figure  2.  It  is  observed  that  the  L(3^  properties  of  71-6-22-^5  (Process  6)  are 
nearly  idoitical  to  those  d  beta-forged  plus  annealed  11-64. 

Fatigue  crack  growth  rate  test  results  for  selected  processes  (Processes  1, 3, 4  and  6)  are 
shown  in  Figure  3  where  the  fadgue  crack  growth  rate  (da/dN)  as  a  fiincdon  of  the  ^ifdied  AK 
(stress-inteittitv  range)  is  diqila^.  It  is  observed  that  at  any  given  AK  (widiin  the  rauK  of 
22-61  MPaV^,  the  slowest  crack  growth  rate  (da/dN  in  meter  per  cycle)  is  associated  wim  the 
specimen  from  Process  6.  The  fastest  crack  growth  rate  is  associated  with  the  specimen  fiom 
ftocessd.  The  qiecimen  fiom  Process  lexhiUts  a  crack  growth  rate  inteimedialB  to  those  fiom 
Processes  4  and  6.  In  other  words,  the  Widmanstatten  transformed  beu  microstructure 
(Process  6)  exhibits  the  hipest  crack  growth  resistance,  followed  by  the  lamellar  transformed 
beta  (Proc^  1)  and  mixed  primary  a^m-lamellar  alpha  mkrostructures  (Process  4). 

The  fadgue  crack  growth  rate  of  two  selected  processes  (Proceraes  1  and  6)  ate  compared  to 
that  of  other  alloys  and  processing  conditions  in  Hgure  5.  It  is  observed  that  the  fadgue  crack 
growth  rate  of  the  beu-soludon  treated  plus  ot/p  stalulized  and  aged  (Process  6)  T1-6-22-22S 
qiecimen  is  conqiataUe  to  that  of  the  pMATi-64  (beta  mill  annealed  11-6A1-4V).  Thetfanmgh 
transus  P-fotged  |dus  o/P-soludon  tm^  and  aged  specimen  widi  lamellar  alpha  microstructure 
(Process  1)  exhibits  lower  fadgw  crack  growth  resistance  compared  to  that  of  the  pMA  71-64. 
Thus,  only  one  processing  condition  (Process  6)  meets  the  fadgue  crack  growth  resislance  goal. 
Fadgue  crack  growth  resistanoe  of 71-6-22-225  nqwrted  by  Boyer(l  1)  appean  to  be  siqierkar  to 
that  of  PMA  71-64.  However,  the  details  of  the  processing  condidon  for  this  71-^22-225 
spedmen  and  its  other  mechanical  properties  are  not  availaUe. 

I^actiographic  observations  on  fadgue  crack  growth  rate  tested  ^lecimens  firom  nocesses  1. 
4  and  6,  representing  the  three  major  microstructural  groups,  are  shown  in  Figure  6.  5EM 
fnctrognqihs  taken  on  the  FOGR-tested  area  exhibit:  (i)  a  mixed  striated  plus  dimpled 
appearand  for  the  lamellar  qrpe  microstructuie  (Process  1,  Figure  6A1-A3);  Qi)  a  rdadvdy  flat 
intchy  mixed  striated  plus  durgiled  (dudlow)  appearance  for  the  mixed  fine  primary  a^iha  whh 
lamellar  al{^  microstructure  (5pecimen  4,  Hgure  6B1-B3);  and  (iii)  a  mixed  striated,  heavily 
dinmled  with  intergranularly  cracked  area  (Proceu  6,  Hgure  ^1-C3)  for  the  acicular 
WumiansMtten  transfonned  beta-type  microttructure.  5oroe  crack  branching  (extensive 
secondary  cracking)  and  secondary  cracking  due  to  qilitdng  of  die  lamellar  a^iha-aged  beta 
interfaces  (marked  as  Cs)  are  obsoved  in  die  lamellar  alpha-type  nacrostructure  (Figm  6AX 
little  or  no  crack  branching  and  secondary  cracking  due  to  ininnee  qiUtting  is  observed  in  the 
mixed  fine  priinary  alpha-lamellar  alpha  type  mkrostnicture  (Figure  and  extensive  grain 
boundary  cracking  (n^ed  u  SCs)  widi  itunor  secondary  craddng  due  to  inter&oe  spUtdi^  is 
observed  in  the  adcular  Widmanstatten  ^  microstnicture  (Figure  60. 

Widiin  these  time  microMtuctutal  groups,  the  highest  fui^  crack  growth  resistanoe  in  the 
ackular  Widnuusiatten  transfonned  beu  microstructure  is  rationalized  extensive  crack 
branching  along  the  transformed  beu  grain  boundaries  leading  to  deflecdon  of  die  mala  crack 
fiont,  iniermitient  crack  arrest  and  accumulation  of  findier  damage  followed  by  propagatiotL 
This  piooett  of  crack  branching,  uitermittem  crack  arrest  and  fimher  dunage  aocaniuliuion  prior 
to  renewed  growth  would  require  high  energy  or  work  leading  to  oveniu  slow  crack  growth 
rate.  A  slightly  ftsur  crack  growth  iwe  in  die  lamellar  alpha  nterostructute  is  rationalized  by 
formatioa  of  nmnerous  but  shallow  secondary  cracks  <toe  to  spUtdim  of  the  lameBar  alpha 
beu  boundaries.  This  ^tdng  at  the  interfaces  seldom  deveniM  a  ntumionwfaidi  can  be  called 
as  crack  branching  leatung  to  a  temporary  crack  arrest  However,  fimmuion  of  such  numerous 
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ihaltow  wcondaiy  cracks  are  associated  wiA  exn  wofk  or  enogy.  thereby  leads  to  a  relatively 
slow  crack  growth.  The  fastest  crack  growth  rate  in  the  fine  prim^  alpha-lamellar  alpha 
microstnicture  is  latioaalized  by  the  virtual  absence  of  crack  branching  and  secondary  crack 
finoatioa  at  the  lamellar  alpha-a^  beta  inteifiKXS.  A  relativ^  smooth  (with  some  dim^  and 
fragmented  striatiaas)  and  flat  fiacture  surface  (Figure  6B)  indicates  the  virtual  absence  of  extra 
wcric  or  energy  requireinent  besides  diat  for  projpagatica  of  the  main  cradc  from. 


The  origitud  combimtion  of  goal  ]vopetties  were  not  met  by  any  one  of  the  six  TMP 
schemes.  However,  Process  6  with  o/p  preform  and  fuish  forging  followed  by  p-solution  and 
o/p  sttbilization  treatnwnts  plus  aging  developed  a  Widmansutten  transformed  beta 
mictostructure  and  best  combination  at  tensile,  fracture  toughness  and  fati^  cradt  growth 
resistance  properties.  Process  1  with  ot/p  preform  and  through  transus  p-finish  forging 
followed  an  a/p-solution  treatment  plus  aging  developed  a  lamellar  transfmmed  beta 
mkrostructure  and  second  best  combination  of  mechanical  properties  with  the  hi^iest  fracture 
toughness  and  a  sUghdy  lower  fatigue  cradc  growth  resistance  (compared  to  that  of  the 
^n&uistatien  transformed  beta  mictosttucture).  The  mixed  fine  eqitiaxedalpha-lamdlar  alpha 
microstructure  exhibited  the  hi^iest  tensile  strength  but  lowest  fracture  toughness  and  fatigue 
growth  resistance. 

It  was  anticipated  that  with  proper  alloy  chemistry  having  0.10  to  0.12  w/o  oxygen  and  Gr  -»■ 
Mo  >  4  w/o,  the  tensile  property  goal  could  be  achieved.  In  view  of  superior  fatigue  cndc 
growth  resistance  and  high  fracture  toughness.  Process  6  (with  Widmanstatten  transformed  beta 
mkrostmcture)  was  sdected  as  the  best  process  with  Process  1  (with  lamdiar  transformed  beta 
microsttucture)  as  a  close  alternate.  Even  at  the  current  property  levels  these  processes  are 
expected  to  develop  a  10%  higher  specific  strengA  compared  to  the  incumbent  P-annealed  Ti-64 
alloy Further  details  of  imtotype  fabrication,  tensile,  fracture  toughness,  fatigue  crack 
gro^  rate  and  other  second  tier  mechanical  properties  are  outlined  in  a  separate  paper  in  the 

canfeience.(i2) 
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Table  I.  Tt-<-22-22S  Ferfinf  TMP  Caadlliem  and  Mecbanlcal  PrapcHics 


Tensile  Pmpcftiea 

Craup  NoV 
PnemNo. 

Preform 

Borgiof 

Hnish 

Forgffis 

Heal  TteaimeiHt 

TVS 

(MFa) 

ins 

(MPa) 

- 1 

%EI 

%RA 

FiacMfe  Toutbness 

MPvfm 

I/I 

«p 

P-rmish 

Tp+28 

T0-22"C/1.PAC+ 
338*08.  AC 

993 

1110 

11 

21 

90.4 

1/2 

“p 

Tp+SO 

T(i-22*Cyi.FAC+ 

53r08.AC 

1000 

1117 

12 

21 

rijs 

11/3 

p-pnfonn 

o^fiAith 

(25%) 

Tj.22*01.FAC+ 
538*08.  AC 

1033 

1123 

12 

25 

68.0 

II/4 

P-pKfonii 

oP-linUh 

(SO*) 

Tp.22*OI.FAC+ 
538*08,  AC 

1027 

1117 

12 

25 

58.4 

IH/3 

ap'preform 

o^finish 

(50%) 

Tj-28*Ot/2,FAC* 
538*08,  AC 

958 

1110 

10 

15 

75.1 

IIV6 

a^-preform 

aP-rini$h 

(50*) 

_ 

Tp-28*C/1/2.FAC+ 
1VS0*C«.AC+ 
538*08.  AC 

972 

1096 

10 

17 

85.1 

Note  Heal  titainvm  MqHOic*  lemperatwcAtme^joainf  FAC>Fn  AkCtool,  AC^AkOeoL 


Table  n.  Chemical  Compoiiiian  of  ri-6-22-22S  ADoy 


Wd|hitaGeni 


Al 

Sn 

Zr 

Cr 

M> 

Si 

0 

N 

c 

Fe 

Spec. 

6.25 

2.25 

2.25 

.  2.25 

2.25 

0.27 

0.14 

0.03 

0.04 

0.25 

Raufe 

5.25 

1.75 

1.75 

125 

1.75 

0.20 

Bar 

Stock 

6.0 

2.2 

1.8 

2.1 

1.9 

0.16 

a076 

aoi 

0.02 

0.06 

Table  in.  Room  TempenniieLCF  Teal  Retuhs 


Pracest 

No. 

Specimen 

No. 

Total  Soain 

Ran|e(*) 

No.  of  Cycles  ID 
■nidation  (Ni) 

No.  of  Cycles  10 
Fiacime  (Nf) 

1 

lA 

12 

6ffn 

6942 

1 

IB 

0.9 

18J40 

19JI5 

1 

IC 

0.75 

34990 

35.490 

4 

4A 

1.2 

6900 

6903 

4 

4B 

0.90 

20.760 

21M1 

4 

4C 

0.75 

22912 

24.400 

6 

6A 

1.20 

6.125 

6.409 

6 

6B 

0.90 

13.445 

13.707 

6 

6C 

a7s 

16906 

19.791 

ngure  1.  A  Typical  Macroatnictiire  (Top,  l«Sx)  and  Micn»lnictiires  at  Cenier-Mid>Height 
Locations  in  Piuicake  Foigings  Fabricated  Via  Process  Nos.  1  Through  6  (lOQX) 
Showing  LameOar  Alpha  (A  and  B)  Mixed  Equiaxed  Primaiy  A^iha-Lamellar  Alpha 
(C  and  D)  and  WidmwsunenType  Tnuirfon^  Beta  (E  and  F)  Stracture. 


Figure  2.  Comparison  of  Strain  Controlled 
LCF  Properties  between  Ti-64 
and  ri-6-22-22S  Material 


Figures.  Fatigue  Crack  Orowth  Rate 

(daMN)  at  a  Rmction  of  die  Applied 
Stress  bnensHy  Range  (AK) 
for  TI-6-22-22S  Alloy 
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Abstract 

A  theoretical  alloy  design  *aa  carried  out  on  the  S-type  tltanlua  alloys  on 
the  basis  of  the  nolecular  orbital  calculation  of  electronic  structures. 
Baploylng  t«o  calculated  paraaeters.  the  bond  order  (Bo)  and  the  d*orbltal 
energy  level  (Nd).  plastic  defomatlon  mode  of  t~type  alloys  was  predicted 
correctly.  With  this  prediction  aethod  a  high  performance  alloy.  Tl-lStV- 
3hCr-2hNb-(2-3)hAl.  vis  designed  successfully  without  doing  any  trlal-and- 
error  eiperlaents.  The  twin  aechanlsa  as  well  as  the  slip  aechanlsa  «as 
operating  In  the  alloy.  This  new  alloy  was  found  to  be  superior  In 
tensile  strength  and  fracture  toughness  to  a  conaerclal  Tl-15hV-3bCr-3hSn- 
3XA1  (Tl-15-3-3-3)  alloy.  In  addition.  It  was  shown  that  there  Is  a 
possibility  for  further  Increase  In  the  strength  of  this  alloy,  since  the 
Blcrostructure  coali  be  modified  readily  by  a  proper  tberaoaechanlcal 
treataent.  The  density  was  also  lower  than  that  of  Tl-15-3-3-3. 


Introduction 


Recently  great  attention  has  been  directed  towards  the  B-type  tltanlua 
alloys  because  of  the  excellent  deforaablllty  and  achievable  high  tensile 
strength.  The  developaent  has  been  accelerated  owing  to  much  deaand  for 
these  alloys  for  aerospace  applications.  However,  the  method  used  for 
development  Is  still  old-fashioned,  depending  on  many  trlal-and-error 
experiments  and  several  empirical  rules.  Recently  we  have  pn^wsed  a  new 
method  for  alloy  design  on  the  basis  of  the  molecular  orbital  calculatlra 
of  electronic  structures  (1-3).  In  this  paper  this  method  has  been  applied 
practically  to  the  development  of  new  B-type  titanium  alloys. 
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A  Method  for  theoretical  alloy  deslm 


l^loylnr  a  ■olecular  orbital  Mthod  (DV~X«  cluster  aethod  14]),  electronic 
structures  were  calculated  for  bcc  Ti  alloyed  with  a  variety  of  eleaents, 
and  two  alloylnc  paraaetera  were  deteralned  theoretically  [2].  The  one  Is 
the  bond  order  (hereafter  referred  to  as  Bo),  which  Is  a  aeasure  of  the 
covalent  bond  strenrth  between  Tl  and  an  alloylnc  eleaent.  The  other  Is 
the  aetal  d-orhltal  enercy  level  (Nd)  which  correlates  with  the 
electronecatlvlty  and  the  aetalllc  radius  of  eleaents.  These  paraaeters 
are  listed  In  Table  1  for  various  alloylnc  eleaents  In  fi  Tl.  For  alloy, 
the  averace  values  of  Bo  and  Nd  are  deMned  b2_talclnc  the  coapositlonal 
averace  of  the  paraaeter,  and  denoted  Bo  and  Nd  respectively.  Further 
detailed  explanation  on  the  paraaeters  Is  descrll>ed  In  ref.  [2). 

Vlth  these  paraaeters  the  phase  stability  is  well  understood  for  tltulua 
alloys.  For  ezaaple,  Flcure  1  Is  a  phase  stability  nap  (called  the  Bo-n3 
nap)  In  which  «,  a*8  and  8  type  alloys  separate^ clearly.  The_stabllity 
reclon  of  the  8- type  alloys  extends  to  the  hlch  Bo  and  the  low  Nd  reclon. 
The  8-type  alloys  are  known  to  defom  by  either  the  slip  or  the  twin 
aechanlsa,  dependlnc  larcely  on  the  phase  stability  of  alloys  (5].  Maaely, 
the  plastic  defornatlon  node  chances  froa  twin  to  slip  aechanlsa  as  the 
stability  of  8-pbase  Increases.  In  response  to  this  chance  the  8  reclon  In 
the  Eb-M  nap  Is  possibly  separated  Into  the  either  slip  or  twin  donlnant 
subreclon  as  Is  shown  In  the  nap.  In  addition,  the  nap  Includes  another 
subreclon  of  the  nartenslte  where  the  aartensite  foms  In  alloys  upon 
quenchinc  froa  hlch  tenperatures  to  rooa  teaperature.  It  Is  further  noted 
that  the  boundary  where  an  atberaal  oneca  phase  foms  In  quenched  alloys  Is 
close  to  the  sllp/twln  boundary.  Thus  the  phase  stability  Is  related 
closely  to  the  plastic  defornatlon  node  of  8- type  alloys. 

As  shown  In  Flcure  2,  alloy  position  aoves  In  the  Bo-Nd  nap  as  the  alloy 
conposltlon  varies.  For  exaaple.  for  a  Tl-V  binary  alloy  It  aoves  to  the 
left  (the  lower  A  reclon  )  with  increaslnc  V  content.  The  vector  drawn  on 
the  Tl-V  line  represents  the  position  of  a  Ti-10  nolXV  alloy  In  the  nap. 
Such  a  vector  varies  In  direction  and  aacnltude.  dependlnc  on  allojinc 
eleaents,  as  Is  shown  In  the  nap.  Therefore,  once  a  specific  Bo-Nd  reclon 
and  a  specific  alloy  systea  are  set  In  the  nap,  the  correspondlnc  alloy 
conposltlon  Is  siaply  deteralned  followlnc  tiie  rule  of  the  vector  sun.  The 
trlal-and-error  experlnents  are  no  loncer  needed  In  order  to  optlnlze  the 
alloy  conposltlon.  It  Is  very  Interestinc  to  note  here  that  nost  practical 
B-type  alloys  are^ located  alone  the  sllp/twln  boundary  or  the  nartenslte 
boundary  In  the  Bo-n3  aap  (see  Flcure  1).  For  exaaple,  Tl-15-3-3-3  (Tl- 
15hV-3hCr-3hSn-3hAl)  lies  on  the  sllp/twln  boundary,  and  Tl-10-2-3  (Tl- 
10%V-2hFe-3\Al )  lies  on  the  nartenslte  boundary. 


Table  I  List  of  Bo  and  Nd  values  for  bcc  Tl 


M 

EiMwniN 

Bo 

Md(eV) 

Bo 

M4(sV) 

M 

Bo 

Md(oV) 

1 

Bo 

Md(oV) 

Tl 

2.790 

2.447 

Tx 

3.066 

2.934 

HI 

3.110 

2.975 

Al 

2.426 

2.200 

V 

2.605 

1.672 

M> 

3.099 

2.424 

Ta 

3.144 

2.531 

Si 

2.561 

2.200 

Cr 

2.779 

1.476 

Mo 

3.063 

1.961 

W 

3.125 

2.072 

Sn 

2.203 

2.100 

Mn 

2.723 

1.194 

Te 

3.026 

1.294 

Ro 

3.061 

1.490 

Ft 

2.6S1 

0.969 

Ru 

2.704 

0.659 

Os 

2.960 

1.016 

Co 

2.529 

0.607 

Rh 

2.736 

0.561 

Ir 

3.166 

0.677 

Ni 

2.412 

0.724 

Pd 

2.206 

0.347 

Pt 

2.252 

0.146 

Cu 

2.114 

0.567 

Ag 

2.094 

0.196 

Au 

1.953 

0.256 

m 


Application  to  the  deslm  of  B-type  alloys 


Tl-15-3-3-3  and  Tl-10-2-3  are  well-knom  B-type  alloys  with  superior 
■echanlcal  properties.  Tl-lS-3-3-3  deforas  by  the  slip  ■echanlsa,  but  Tl- 
10-2-3  deforas  by  the  twin  aechanlsa.  In  general,  the  longer  fracture 
elongation  and  the  lower  yield  strength  are  expected  In  the  alloy  deforaed 
by  the  twin  aechanlsa  than  the  slip  aechanlsa.  This  aeans  that  the  twin 
deformation  enhances  the  cold-workablllty,  whereas  the  slip  deforaatlon 
yields  the  high  strength  of  alloys.  In  order  to  aeet  this  opposite  nature, 
the  present  study  was  purposed  to  design  those  alloys  In  iriilch  the  twin 
aechanlsa  works  to  soae  extent  In  the  solution-treated  state,  but  the  slip 
aechanlsa  works  doalnantly  In  the  aged  state,  fe  supposed  that  It  Is 
convenient  to  keep  a  large  elongation  while  the  alloy  Is  cold-rolled  In  the 
solution-treated  state,  but  to  have  hl^  strength  In  the  final  aged  state. 

The  alloy  coaposltlons  of  the  designed  alloys  are  given  In  Table  II.  The 
alloy  systea  selected  In  this  study  was  Tl-V-Al-Cr-X  (X>Zr,  Sn,  Nb).  Here, 
V  and  A1  were  chosen,  because  these  eleaents  have  high  values  of  the  (bond 
order/atoalc  weight)  ratio  [2]  and  hence  the  specific  strength  of  alloys 
aay  be  expected  to  be  high.  Heedless  to  say,  A1  Is  the  aaln  strengthening 
eleaent  of  the  a  phase  which  precipitates  In  the  S  aatrlx  by  proper  aging 
treataents.  Froa  a  prellalnary  experlaent  the  Cr  addition  Is  known  to  be 
effective  In  laproving  the  ductility  of  alloys.  The  last  eleaents,  X,  were 
chosen  to  distribute  alloy  positions  in  a  proper  region  In  the  So-89  aap. 

As  Is  shown  In  Figure  1,  aost  of  the  alloys  are  located  Inside  the  twin 
region.  Indicating  that  the  twin  deforaatlon  will  take  place  to  soae  extent 
In  the  solution-treated  state.  However,  the  subsequent  aging  treataent 
will  change  the  aatrlx  coaposltion  toward  the  aore  S  stabilised  region,  and 
hence  the  slip  deforaatlon  nay  be  expected  to  occur  in  the  aged  state. 


Mechanical  properties  of  designed  alloys 
Sneclaen  preparation 

The  designed  alloys  were  prepared  by  trl-arc  aeltlng  froa  appropriate 


Figure  1  Phase  stability  Index  diagram 
based  on  Bo  and  Nd  paraaeters. 
The  designed  alloys  are  shown 
by  the  solid  circles. 


Figure  2  Phase  stability  diaage 
with  alloying  eleaents. 
The  vector  represents  the 
location  of  Tl-10  aolh  M. 
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Table  11  Alloy  coapoaltions  and  results  of  tensile  test  for  desicned 
alloys  (Ho. 1-4)  and  Tl-15-3-3-3  prepared  by  the  process  (A) 


Alloy 

No. 

Chomical  compoatiofi 

HMt 

Woalaiont 

yioia  fvoiuph 
(MPa) 

UMmata 

TantSa  aVangth 
(MPa) 

Elongation 

(») 

1 

■n-13V-2AH3Cr-  2Nb 

S.T. 

S32 

661 

26.6 

2 

Tt-12V-2.SAI-  30-221^ 

S.T. 

560 

676 

30.3 

3 

Ti-17V-3M-aCr-  32r 

S.T. 

552 

651 

26.0 

4 

Ti-13V-2Al-3Cr-  2Sn 

S.T. 

616 

711 

17.S 

J-: 

Ti-15V-3A>-3Ci-  3Sn 

S.T. 

749 

761 

20.8 

•  S.T.  :  solutlon-treatnent 


■ixtures  of  sponge  T1  and  alloying  Mtals.  The  button-shaped  speclaens 
were  then  hot  or  cold  rolled  and  heat-treated  In  three  different  processes 
(A),  (B)  and  (C)  as  shown  In  Figure  3.  The  theraoMchanlcal  treataents  (6] 
are  effective  In  reducing  the  fi  grain  slse.  about  100  ua  for  the  process 
(A)  and  about  40  ta  for  the  process  (B).  A  series  of  aechanlcal  tests  was 
carried  out  with  both  the  solution- treated  and  the  aged  speclaens. 

Also,  oxygen  and  nitrogen  contents  In  the  Ho.l  speclaen  after  aclnr  were 
aeasured  to  be  0.2St  and  O.OlSt.  respectively. 

Tensile  test 

Solution-treated  state  flth  saall  speclaens  shown  In  Figure  4(a)  the 
stress-strain  curves  were  obtained  at  a  constant  strain  rate  of  3x10** /s. 
The  results  are  shown  In  Figure  S  for  the  alloys  prepared  by  the  process 
(A).  Coapared  to  Tl-15-3-3-3,  every  alloy  In  particular  Ho.l,  Ho. 2  and 
No. 3  alloys  had  lower  yield  strength  and  higher  elongation.  This  was 
Interpreted  as  due  to  the  twin  deforaatlon,  even  though  the  slip 
defomatlon  also  took  place  In  part  In  these  alloys.  As  shown  In  Figure  6 
aany  twins  were  observable  near  the  fracture  surface  of  Ho.l  alloy,  whereas 
only  the  fine  slip  bands  were  seen  In  Tl-15-3-3-3,  In  reasonable  agreeaent 
with  the  prediction  froa  the  sllp/twln  region  In  the  io-ii3  aap.  However, 

It  Is  noted  here  that  the  work  hardening  which  Is  characteristic  of  the 
twin  deforaatlon  was  not  so  reaarkable  as  that  of  Tl-lO-2-3. 


\ 

I 
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i 


The  cold  workability  was  exaalned  by  aeasurlng  the  cold-rolling  pressure 
and  also  by  observing  the  appearance  of  cold-rolled  surface.  The  rolling 
pressure  of  Ho.l  alloy  was  covsrable  to  that  of  Tl-15-3-3-3.  However,  the 


Strass 


(•)Proe««(A) 

S.T.(1)  $.T.(2)  S.T.(J) 


(b)PraeM«(t) 


H.U. 

-a 


(c>Prac«s(C) 


10.Z0.30Z 


Flfure  3  TheraoMchonlcal  processes  of  alloy  production. 

S.T.:  solutlon-treataent.  C.ff. :  cold-worklnr.  H.V. :  Hot -working 


Strain  (Z) 

Fifure  5  Stress-strain  curves  for 
the  solution-treated  state 
of  alloys  prepared  by  the 
process  (A) 
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cold-rolled  surface  was  very  siooth  In  No.l  alloy,  whereas  It  was  rouch, 
soaetlaes  having  siall  creases  in  Ti-lS-3-3-3  and  the  other  alloys. 

Froa  this  reason  further  stu^  was  concentrated  aalnly  on  No.l  alloy  (Tl- 
13«V-2ttAl-3«Cr-2«Nb).  Another  alloy  containing  3«A1,  No.lA  (Tl-13«V-3hAl- 
3liCr-2t;Nb) .  was  also  Investigated  In  order  to  eiaalne  an  aluilnlui  effect 
on  the  aechanlcal  properties. 

Aged  state  The  aging  curves  are  shown  In  Figure  7.  The  aging  conditions 
of  No.l  and  No.lA  alloys  were  deteralned  to  be  733  K  for  18  ks  and  733  K 
for  28.8  ks.  respectively.  It  Is  apparent  that  the  A1  addition  retarded 
the  precipitation  of  the  a  phase  In  the  alloys.  The  aging  teaperature  was 
lower  than  773  K  for  Tl-lS-3-3-3.  but  the  Vickers  hardness  was  alaost  the 
saae  aaong  thea. 

In  Table  III  the  results  of  tensile  test  are  given  for  the  aged  state  of 
No.l,  No.lA  and  Tl-15-3-3-3  alloys,  all  prepared  by  the  process  (B). 
Coapared  to  the  results  of  the  solution-treated  state,  both  the  yield 
strength  (YS)  and  the  ultlaate  tensile  strength  (UTS)  were  reaarkably  high 
In  the  aged  state.  For  exaaple,  for  No.l  alloy  the  UTS  was  as  high  as  1500 
NPa.  As  shown  In  Figure  8  this  was  attributable  to  the  precipitation  of 
very  fine  a  phase.  The  size  of  the  «  phase  dispersed  In  the  No.l  and  No.lA 
alloys  was  about  60  na  and  auch  finer  than  the  size  of  the  needle-llke  « 
phase  In  Tl-15-3-3-3,  about  0.35  la  In  length  and  0.05  la  In  width. 

Charpy  lapact  test 

The  Charpy  lapact  test  was  carried  out  with  a  saall  V-notch  speclaen  shown 
In  Figure  4(b).  The  results  for  the  aged  alloys  prepared  by  the  process 
(B)  are  shown  In  Figure  9,  where  the  total  absorb^  energy  Is  plotted 
together  with  the  yield  strength.  It  Is  evident  that  the  designed  alloys, 
No.l  and  No.lA,  are  superior  in  the  fracture  toughness  to  Tl-15-3-3-3. 


Discussion 

B  transus  and  alloy  density 

The  S  transus  was  deteralned  to  be  1005  K  for  No.l  alloy  and  1008  K  for 
No.lA  alloy  by  aeasurlng  electrical  resistivities.  These  teaperatures  were 
coaparable  to  1003  K  for  Tl-15-3-3-3.  The  alloy  density  was  also  aeasured 
eaploylng  a  conventional  aethod.  It  was  deteralned  to  be  4.684  (g/ca*)  for 


Table  III  Results  of  tensile  test  for  both  the  solution-treated  state 
and  the  aged  state  of  alloys  prepared  by  the  process  (B) 


Alloy 

No. 

Chemical  compoaition 

(maas%) 

watmont 

Yioltf  ttt'on9th 
(MPa) 

Ultimalo 

Toniilo  strongtft 
(MPa) 

Elongation 

(%) 

1 

ri-13V-2AI-3C>-  2Nb 

S.T. 

665 

799 

29.5 

S.T.A. 

1464 

1507 

7.0 

1A 

Tl-13V-3AI-3Cr-  2Nb 

S.T. 

719 

600 

30.0 

S.T.A. 

1321 

1446 

6.0 

TMS-a 

i-2 

_ 

Tt-15V-3AI-3Cr-  3Sn 

S.T. 

804 

613 

15.0 

S.T.A. 

1161 

1242 

11.0 

•  S.T.  :  solutlon-treataent ,  S.T.A.  :  aging  after  solution- treataent 


Figure  7  Aging  curves  for  Ho.l. 
Ko.lA  and  T1 -15-3-3-3 


Figure  8  Morphology  of  the  a  precipitates 
In  (a)  Ho.l  and  (b)  Tl-lS-3-3-3 


Ho.l  alloy.  4.660  (g/c«*)  for  Ko.lA  alloy  and  4.718  (g/ci»)  for  Tl-15-3-3-3 
alloy.  Coapared  to  4.650  (g/ca*)  for  Tl-10-2-3  alloy,  the  designed  alloys 
had  the  density  Interaedlate  between  Tl-lO-2-3  and  Tl-15-3-3-3  alloys. 

Theraoaechanlcal  treataent 


It  is  well-known  that  grain  reflneaent  by  the  theraoaechanlcal  treataent 
could  laprove  the  aechanlcal  properties  of  alloys  [6].  This  was  also 
conflraed  in  the  present  experlaent.  For  exaaple.  as  shown  in  Tables  II 
and  HI.  the  solution-treated  Ho.l  alloy  exhibited  the  higher  TS  and  UTS 
for  the  process  (B)  than  for  the  process  (A).  This  difference  will  be 
attributable  to  the  difference  In  the  S  grain  size,  since  It  was  about  40 
ua  for  the  process  (B).  auch  saaller  than  the  size  of  about  100  ua  for  the 
process  (A).  In  addition,  for  the  aged  Ho.l  alloy  the  total  absorbed 
energy  was  about  40h  larger  for  the  process  (B)  than  for  the  process  (A). 

A  similar  result  was  also  obtained  In  Ti-15-3-3-3.  which  agreed  with  a 
previous  report  [7] .  The  alcrostructure  could  be  aodlfled  further  by  the 
process  (C).  This  aodlflcatlon  Is  probably  associated  with  the 


Figure  9  Plots  of  total  absorbed  energy  vs.  yield  strength  of  alloys 
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deforaatlon  twins  Introduced  to  the  alloys  by  the  2nd  cold-rolling  shown  In 
Figure  3(c).  Even  for  the  subsequent  annealing  at  983-993  K  for  60  s,  the 
deforaatlon  twin  did  not  recover  coapletely,  but  still  rewalned  and  behaved 
as  If  It  Is  a  sort  of  grain.  The  aechanlcal  test  of  the  alloys  prepared  by 
the  process  (C)  are  still  In  progress.  But  according  to  a  prellwlnary 
experlaental  result,  the  process  (C)  seeaed  to  Increase  the  UTS  of  the 
designed  alloys  by  about  200  NPa  wore  than  the  process  (B). 


Conclusion 


Eaploylng  a  theoretical  alloy  design  aethod,  a  new  fi-type  tltanlua  alloy, 
Tl-13\V-3%Cr-2%Nb-(2-3)kAl,  was  developed  successfully.  This  alloy  was 
superior  In  aany  aspects  to  Tl-15-3-3-3  alloy.  It  Is  concluded  that  the 
theoretical  design  Is  so  useful  for  the  developaent  of  high  perforaance  jB- 
type  tltanlua  alloys. 
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OMEGA  I«ASE  KXUklATICm  IN  TTTANnjM  AND 


TTTANIUM  ALLOYS* 


G.T.  Gny  m.  CE.  Maris,  and  A.C.  Lawson 

Lm  Alamos  Nriioaal  Laboaiay 
Lm  Alamos,  NM  87545 


In  this  study,  preliminaiy  results  concerning  the  influence  of  alloy  chemistiy  on  the 
propensity  of  omega-phase  fonnation  and  its  structure  in  three  titanium  alloys  are  presented, 
ihe  influence  of  snoot-wave  deformation  on  the  phase  stability  and  substtuoure  evohttkn  of 
high^nnity  (low-interstitial)  dtaniiBn,  A-70  (37(X)  ppm  titanium,  and  Ti-6A1-4V  were 

probed  utiliang  real-time  velocity  interfoome^  (VImR)  and  “sofit”  shock-recovery 
tedutiques.  Wave  profiks  of  shock-loaded  high-purity  titaninm  revealed  the  om^a-pbase 
pressure-induced  transition  to  occur  at  approgdmalely  10.4  GPa.  Wave  psofile  measurements 
onA-70*nshodtedtopiessutesupto3SGPaandTi-6Al-4Vaiiodtedtop(estutesiq>to  25 
GAi  exhibited  no  evkkm  of  a  diiee-ueve  structure  indicative  of  a  pressure-induced  phase 
transition.  Neutron  and  X-ray  diffiactometry  and  TEM  analysis  confamed  die  presence  of 
retained  cophaae  in  the  ekctnuytic-'n  and  the  absence  of  e»-phase  in  the  shock-recoveted  A- 
7011  and  ll-tiAMV.  Suppremonof  the  CM»  phase  transition  in  A-70 11.  containing  a  high 
interstitial  oxygen  content,  is  seen  to  simultaneously  conelate  with  suppression  of 
deformation  twirming.  A  volunaefinctioo  of  ~28%  cojihaie  with  lattice  psfamtiBra^)L4614 
nm  and  c=0.2832nro  was  meastued  in  a  sanqde  shock-recovered  to  11  GPa.  The  influence 
of  alkty  content  on  the  kinetics  of  formation  /  retention  of  o»-phase  and  substructure  evointion 
is  discussed  and  contrasted  in  light  of  previous  literature  studies. 


*Work  performed  under  the  auqiices  of  the  U.S.  Department  of  Energy 
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Although  the  response  of  titanium  alktys  to  dynamic  loading  and  instabHilies  continues  to  be 
examined,  no  self-consistent  set  of  experimental  data  exists  concerning  the  influence  of 
chemistry  on  the  detailed  structure/lptopqty  relationships  of  titanium  alloys  subjected  to  shock 
loading.  These  studies,  in  particular  those  focused  on  the  p^ymoqduc  omegarphase 
transition  at  high  pressure,  are  complicated  by  the  known  sensitiv^  of  die  deformation 
response  of  titanium  to  alloying  additions,  especially  inteistitials{l].  The  asiibase 
transformation  in  a-Ti  under  shock  w  hydrosuuic  soaking  conditions  exhibin  a  lar|e 
hysteresis  that  is  responsible  fa  retention  of  the  hiA-oessure  co-phase  to  atmonherK 
piessure(24].  The  co-phase  induced  in  pure  H  is  morpnoiogically  similar  to  co-phaae  formed 
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io  as-quencM  ^phase  alloys  based  oa  Zr.  Ti,  and  fU[4].  OtysallogrmliicaUy.  the  phase 
oransfonnation  is  believed  to  be  a  diffiutonless  diqilacive  tnuisitioa[M]>  It  has  been 
proposed  that  the  trag^tion  results  fram  an  ordered  atomic  displaconent  (shift)  of  close- 
padred  atoms  in  a  <1210>  direction  lyinf  in  the  (0001)  plane  resulting  fiorndw  propagation 
of  a  lattice-displacement  wave  through  the  ciystal  involving  atomic  shuffl^4].  Tte 
movement  of  tn^  linear  defectt  shift  fcclose-padred  hexagonal  rows  of  the  structure  into 
the  to-phase  in  reqianse  to  softmiing  of  sdect  phonon  modes.  Under  hi|ft  pressure 
stability  of  the  alpha  lattice  to  <1210>sl9  decreases  leading  to  the  aHUtraBntion(4].  TUs 
phonon  softening  is  a  precursor  to  a  fktt-ader  martensitic-type  innshioa(2/]. 

The  object  of  the  present  study  was  to  investigate  the  a-m  shodc-indnced  transition  in 
titanium  using  “real-time”  Velocity  Interferometer  ftw  Any  Reflecmr  (VISAR)  and  shodt 
recoveiy  techniques.  Eiqieriments  were  conducted  on  three  titanium  alloys  to  probe  the 
influence  of  alloy  chemi^  on  the  high-pressare  phase  stability  of  titanium  under  shock 
conditions.  Charreterixation  of  the  structure  of  retained  m-^hase  in  shock-loaded  titaninm 
was  done  utilizing  neutron  difftaction  and  transmission  dectron  miciosoopy. 


This  investigation  was  perftxrmed  on  electnd^  alpha  titaniumOiereafter  refored  to  as  Ugh- 
purity  Ti),  suMlied  by  the  Alta  Gmm  as  38mm  x  100mm  x  2S4-mm-bar  stock.  Ti-tiAl- 
4V(hereafter  Ti-6-4)  in  the  form  or  l^mm-dia-bBr  stock,  and  on  A-70  AMS  4921 
Titaninm(heieafter  A-70 11)  in  the  form  of  50-mm-dia-bar  stock.  The  anahned  diemical 
compositions  On  wL%)  of  the  titanium  materials  studied  are  listed  in  Table  L  The  high-purity 
H  was  cross-rolled  in  mult^  passes  at  room  temperature  fiem  38  mm  to  12.5  mm  with 
intermediate  anneals,  (600<>C  m  30  minutes  followed  by  a  water  quench)  at  75  and  50% 
rolling  reductions.  The  higb-poiityT!  was  recrystaUiad  at  dOOQCftr  4  hoars,  fiiDowed  by  a 
water  quench,  yielding  an  equiaxed  grain  structure  with  a  20  pm  grain  size.  TheTi-6-4was 
studied  in  the  as-te^ved  condition;  die  starting  mkrostiucture  ponessing  a  duplex 
mkaostructure,  sometimes  called  a  bimodalmkrostrocture,  comprised  of  lamellar  areas  of  a 
andp  and  e^|i^ed  a  grains  of  nomiaally  3  pm.  The  A-70 11  was  also  studied  in  die  as- 
reoeived  oonmtion;  the  starting  microsttactare  possessing  an  ^uiaxed  microstiuctnre  with  an 
a  grra  size  of  nominally  30  pm.  Ultrasonic  shear  and  longitudinal  wave  measurements  of 
the  titanium  studied  revealed  the  average  sound  speoi  to  be  4.92, 4.95,  and  4.87  kmftec  ftir 
the  high-purity  Ti,  11-6-4,  and  die  A-70  Ti.  respectively. 

To  investigate  the  influence  of  alloy  content  on  u-phase  formation,  wave  profile  (VISAR) 
and  shock  lecovety  experiments  were  conducted  on  the  daee  titanium  alloys  as  a  ftmction  of 
shock  pressure.  Shock  recoveiy  experimentt  were  peifoimed  on  an  80-mm  single-stage 
launchCT  utilizing  a  shock  asseimy  consisting  solely  of  titanium[5,6].  The  wave  profiles 
were  measured  with  a  VISAR  built  at  Los  Alamos  using  die  desi^  developed  by  wfllhud 
Hemsing(7].  Precision  of  the  wave  velocity  measurements  is  believed  to  be  approximaiely 
1%  in  panicle  vdocity.  Specially  designed  phoiomultmlier  circuits  were  utilized  dut  had  1  ns 
risetimes.  Symmaric  inqwctt  were  p^ormed  in  all  VISAR  shots.  The  VISAR  wave  profile 
experiments  had  tihs  at  inyact  of  me  order  of  1  mrad  for  gas  sbott  and  3  mrad  for  powder 
shots.  Samples  fix’ optical  metallogn^y  and  tiansmissioa  dectron  rnkniscopyCmiO  were 
sectioned  from  the  heat-treated  and  deformed  sanqiles.  TEM  foils  were  jet-polished  with  a 
solution  of  84%  methanol.  10%  butanol,  and  6%  nerchloric  add  at -400Crand  10  volts  using 
a  Stnier's  Electropolisher.  Obsovation  of  die  roils  was  made  using  a  JE(X<  XOOBX  at 
200kV,  equniped  with  adouUe-tilt  stage.  Neutron  difftaction  experimentt  were  done  on  the 
High  Intennty  Powder  Difftaction  (IflPD)  the  Los  Alamos  Neutron  Scattering  Center 
(LANSCE).  BuBc  specimens  were  examined  without  special  prqwuato  because  the  neutron 
penetiation  is  large  eno^h  ro  sample  the  entire  qiedmen. 
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TABLE  I  -  Utamum  Alloys  Chemical  Oompodtipiu  (wt%) 


ELEMENT 

High-Purity  Ti 

H-6A1-4V 

A-70 11 

O 

360  ppm 

ai8wt% 

0.37  wt« 

C 

60  ppm 

200  ppm 

170  ppm 

N 

lOppm 

110  ppm 

240  ppm 

H 

A1 

14  ppm 

4ppm 

6^wt% 

8ppm 

V 

3ppm 

4.23  wt% 

- 

¥e 

11 

ir 

0.2  wt% 

BAL 

0.18  wt« 
BAL 

RwiliiinriPiOTiMwii 


VIS  AR  wave  profile  measuremems  were  made  on  hi^piiriQr  11  from  6  to  22  QFl  Bdow 
10  GPa  a  clasM  elastic-plastic  two-wave  structure  was  obaetved.  At  IS  GPa  impact  stress  a 
three-wave  structure  (elamc  phis  two  bulk  waves)  was  otMerved  (Figure  IX  characteristic  of  a 
hiA  pressure  first-orto  phase  ttansitioii.  The  bM  estimate  of  the  transition  pressure  is  10.4 
Several  shots  were  fired  at  IS  (ffa.  All  shots  rquoduoed  tins  three-wave  structure 
although  there  was  some  variation  in  die  tranation  pressure  and  shape  of  the  transition  wave. 
Shots  were  fired  on  4.S-mm  and  9-nmi-thick  saiqto  to  see  if  the  transition  pressurn  were 
conqMiable  in  san^les  with  this  ranp  tiudoaess.  Both  samples  exhibited  appmsimately 
the  same  transition  pressure.  At  22  GPa  only  a  two-wave  elastic-plastic  structure  was 
observed,  indicating  the  bulk  nansition  wave  had  already  overtaken  the  initial  bulk  shock  in 
ihea-phase.  In  otha- words,  die  hi||^-purityTI  wave  profiles  are  consistcm  with  a  material 
undergoing  a  first-order  phase  tmnsitioo  at  10.4  GFi  with  a  snudl  volume  change. 

VISAR  wave  profiles  were  made  on  A-70  H  to  study  die  a-o  transformation  and  the 
"qiporenf’  phw  transformation  at  17  J  GPa  reponed  ^  McQueen  et  aL{8].  The  observed 
wave  profiles  iqi  to  33  GPa  consisted  of  a  large  elastic  wave  (1.8  GPa)  followed  by  a  bu& 
wave  with  a  few  nanosecond  riaetime.  TIuselim  wave  is  over  a  fector  of  two  larger  disn  the 
elastic  wave  observed  in  die  M^purity  11.  No  evidence  of  a  phase  transition  was  observed 
over  diis  pressure  range.  Ihe  VISAR  Ui  -  Up  pmnts,  where  Ug  >thoGk  velocity  and  Up  > 
particle  veloci^,  smoodily  extiapolaied  into  the  higher  pressure  flaah-gqi  data  above  the  kink 
in  the  Ug  -  Up  curve.  The  titanium  used  by  Md^ueen  et  aL  [8]  in  their  Hugoniot 
measuietnents  was  vay  siniilar  in  chemical  conyosition  to  the  A-70  Ti  used  in  this  study. 
The  VISAR  data  conclusively  showed  dm  kink  in  the  Ug  -  Up  curve  was  an  artifect  of  the 
flash-gap  instrumentation.  It  is  postidated  that  the  kink  in  the  previous  flash-gqi  Hugoniot 
data  was  in  feet  the  large  dastic  wave  which  picmatmdy  closed  the  flash  giqw  rather  than  a 
phase  transition.  This  mterpretation  is  oonsistemwidi  die  shape  of  the  low-pressure  portion 
ofthe  Ug-Upcurve.  One  would  eiqiect  the  greatest  d^arture  firom  linear  entrapolatior  a 
low  pressure  and  gradually  (fiminishfaig  Id  aero  at  a  vdodOfsHgfadygreamr  than  the  nseasured 
longitudinal  velocity  at  aero  pressure.  Two-stue  light  gas  gun  on  was  used  to  extend  the 
presswe  range  firom  1 10  Glra  to  260  OPs.  Ine  high  pressure  gun  data  fell  on  a  linear 
extrqxdation  10  high  pressure  of  the  VISAR  /  flash-gap  Hagoniot  d^ 

VIS  AR  wave  profile  measuremems  were  also  made  ity  10  23  (Bfe  on  Ti-6-4 10  fanestigMe  dm 
poniblea-a  nansition  in  this  maierial  (91.  Simiisrio  A-70  Ti  a  dassicelasdc-piBstic  two- 
wave  structure  was  observed  over  the  rnitire  pressure  range  investigaied.  The  dasric 
prBcutaorhadmiamgtudeof2.80Pa.whidiwasslgniflcandy  latgBrBianddierdmhigli- 
purity  n  or  the  A-w  H  elastic  waves.  The  VISAR  data  wu  podtioned  on  a  Baear 
extrityolatian  10  lower  psessme  of  the  fladi-gap  Hugoniot  data.  No  evidence  of  a  thiee-wsve 
tttoctDfc  diivftctBvittic  of  ft  piUHft  tUKiittkoo  ftftM  psftsftittv  ^QftfificftiioB  is  is  Qftdcs 

ftOQift  typot  of  ttftfiSHioiis  cftsoot  toft  dsttcftstf  osio^  tiii#  Tkc  ttftcflteioBft  timt  Cftnttot 
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be  observed  are  transitions  with  small  volume  chanfn  or  have  sluggish  transfonnation 
kinetics.  In  these  cases  monitoring  the  sound  velocities  in  the  shodt  state(10]  would  be  the 
qipioiiriaie  tool  to  study  these  transitioos. 

Sanqdes  of  the  time  titanium  nuaerials  were  also  shodt  loaded  to  1 1 at  room  temperanoe 
and  soft  recovered  to  assess  the  post-diock  substructure  and  phases  present  NeiuronandX- 
raydignctometty  and  TEM  selected  area  dif&action  (SAD)  analysis  confirmed  the  presence 
retained  OHihase  in  the  dectn^tic-Ti  and  absence  of  re-phase  in  the  shock-recovered  A-TO 
'nand'n-6-4.  Bulkn-^y  identmcation  of  the  re^thase  was  fonnd  to  be  very  sensitive  to  the 
sample  surface  prqiaratioo  with  careful  pdishing  requiied  to  avoid  mechanical  reversion  of 
the  re  at  the  surface.  The  substnicture  of  the  sbodt-londed  titanium  was  observed  to  consist 
of  a  high  density  of  deformation  twins,  inter^ersed  with  areas  containing  retained  re- 
[duse.(ngure  2a)  The  defixmatkm  twins  in  the  Itigh-purity  titanium  were  ftmnd  to  be  (1121) 
type  twins  that  are  similar  to  those  observed  previously  in  diock-loaded ‘n-6-4[5].  SAW 
analysis  confirmed  the  orientation  idationshi^((X)01)ti//(l2l0)«and  <112dOb//<0001>« 
between  there  and  ^haae  previously  deternuned  far  titaninin(2)  and  for  Zr  by  Rabinkinet 
al.M.  The  SADPOngure  2d)  adthtinudly  shows  streaking  of  the  re-phase  pattern  paialld  to 
(ll!a))apl«ies.  These  streaks  are  tim^t  be  rdated  to  either.  1)  the  morphology  of  die  re- 
phase.  2)  internal  stacking  faults  witl&  the  re  farmed  during  the  transition,  or  3)  elastic 
distort  <rf  the  re  producing  diffuse  scattering  in  the  dhection  of  the  disloitioiL 
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Figure  1  -  VISAR  wave  profile  showing  die  re-re  prenure-induced  phase 
nansitioo  in  Hgn-pui^  titanium 


The  substructures  of  11-6-4  and  A-70  Tl  were  both  found  to  consist  of  primn^  nlanar 
dislocation  debris  and  in  addition  some  isolated  deformation  twins  fat  the  case  of  1V64C5I. 
The  jdanar  nreuie  of  the  sifasiruciure  in  diese  aOmis  consiatent  widt  the  ahiminum  and 
oxym  contents  in  the  Ti-6-4  and  A-70  TUie^iectiv^Ml].  The  coincident  iirepiBiilon 
of  deformation  twinning  and  re-tdiase  in  the  A-70  li  is  conaisiMd  widi  the  inmence  of 
internitialoiqrgen  on  the  datde  constants,  V*  lattice  pnrameier,  and  dMocnlinniHohB^t,ll- 
13].  It  has  been  postulated  that  oxygen  may  tupprew  the  o-re  transitioo  in  titartinm  dne  to 
phase  equilibrium  coosideration^,14).  The  results  of  the  curreut  study  euneat  that 
geometric  ucinsiraint  effects,  related  to  toerititial  efBects,  on  lattice  resittaiimo  shear,  isfdrer 
than  direct  diemical  effects  on  phaae  eqoilibclnm  mqr  be  ooMRilbig  the  oanafaimndoa 
kinetics.  Solid  solution  strengthening  of  the  re-phase  by  onygeanas  shown  that  the 


concenintioii  dependcace  of  die  yield  Men  varies  appraoriinaiely  by  c>/2  [i].  wuie 
iacieai^  oxygen  and  impurity  content  mppiesaes  the  o-ea  traimtinn  in  tiianiMm[141, 
ioaearia|  ORygen  conlem  is  also  known  to  tonven  defimnaiioo  twinniiy  in  dianium  under 
(|nati-ataticlorang{11.13].  InnolyciystalliiietbaninmsaoBletorieatedaoastobetacssed 
along  their  c-axes  tead^  todenmi  Ingeiy  fay  twinning  in  low  oxygen  (<0.1S  wL%)  allays 
and  to  defona  by  CM  slip  in  oxygen  (>  OJO  wt%)  al>oya(13]. 

The  coocunent  absence  of  both  twins  and  (O-phase  in  the  A-70  Ti  aUoy  dierefoR  suggest  a 
potential  link  between  both  shear  processes.  In  inn  alloys  it  Iw  been  shown  that 
defonnation  twins  are  suppressed  tntfa  inoeasing  interstitial  caibon  contentflS].  This 
observation  was  riwwn  to  be  consisteat  with  the  fact  that  the  lattice  shag  accompanying 
twinning  in  iron  canies  two-duRb  of  the  interstitial  cariwn  atoias  to  iiMopcr  ocudiedru 
interstitial  lattice  sites  requiring  a  large  number  of  atomic  shirfnes[15].  This  lack  of  lattice 
r^pstiy  leads  to  a  crystukigrapiiicreMaimeansiagachangeinthetwianiagttteasofiron 
with  carbon  content,  and  eventually  a  total  supptessioo  of  twinmng.  It  is  postdated  that  the 
relatively  large  scatter  in  the  a-a>  transition  proMuieCl]  due  to  intasiitial  or  impurity  content 
is  caused  by  increased  lattice  shear  resistance,  siindar  to  the  previoutly  menooned  cS 
deformation  twinning,  leading  to  different  a-rn  ttansitioo  pressures.  wOiile  the  interactioo 
between  the  dislocations  and  imetslitial  oxygen  »  no  doubt  largdy  dastic  in  nature,  potMtial 
interstitial  ordering  at  high  oxygen  contents  mqr  also  be  responsible  for  suppression  of 
twinning  and  the  o-m  transitioafrS]. 


Rgure  2  -  a)  Btighifield  jmctogn^h,  and  b)  SADP  showing  retained  oniega 
phase  and  ( 1 121 )  deformation  twins  in  Ugh-purity  thanhnn  sho^ 
loaded  to  11  OPa. 


Neutron  diffraction  was  used  to  measm  the  in-shu  bulk  kutioe  conaanis  and  voleme  fractions 
of  the  a  and  tie  phases  in  the  recovered  sandes  that  were  shock  loaded.  These  results  are 
given  in  TtMeu.  A  voluine  fraction  of  c^phase  with tattice  paramcttniwOLddM  tun 

and  cmL2832  nm  was  measured  in  the  1 1  (Va  shock-teoowemd  Ugh-pnihy  titaahna  saasple. 
The  lattice  parameters  measmed  in  the  current  stndy  differ  from  thoae  quoted  fat  the 
literatare[2].  Unit  cell  conatams  for  ce-phaae  have  prerioudy  given  vdnesm‘V!’‘iaagiag 
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from  02813  10  0^19  mn  and  “a”  laagiM  from  04625  lo  04643  mii(2].  StguficaM 
iBaooaaraiBi«ecayiedliyiiielaiiiceaBaMiaibeiwei«*ettaadaa-|^er,d»y<ifitect- 
phaac  Idea  lo  Bauch  the 'V  of  iha  aafhaiai  and  viaa  vana.  UMaclaiiioBvalaaafcpRMBtdtt 
dobtf  avenpa  lattioa  poodnead  twwit  nfciaiicad  lodK  lattiiT  conan  of  wwa  dMum. 
TO»laBiwi^ma^tt|^^aaaaioie^tojioidi^>iii^^l»olhlaBto 


TABLE  n  -  Sarra  aad  Laitioe  OoaaiaBU  fo  O' aad  aa-HtaaiMn 


Hi|6.|>uri^Tl  A-TOTi 

votunaefiaciiaiia(%)  28  0 

taudoa  oaoBtatta  (am): 

a(a)  0.29506(2)  0.29520(1) 

c(a)  0.46795(4)  0.46884(4) 

a(tt)  0.4614(1) 

c(a)  OMSK!) 

iniciD4inuafiampeakwkkha  (%): 

ainia  (a)  0.68  0.52 

itniii  (<D)  0.74 


mano-aiiaiii  fiom  lattice  constants  (%): 
(a(a)>a^/a(a)  0.05 

(c(a)>cii}/c(a)  0.19 

(a(a)-c(«))/a(a)  -4.02 

(G(a)  -  a(ca))  /c(a)  -1.40 


The  ciBveM  dKxfc-ieoovcfy  ftadi^  ate  contmy  to  a  poavioos  study  wheic  shock  loadttig 
puia  Hat  room  tnapeiatitte  to  piesswes  of  12  to  50  ega  yielded  BO  latainedce  while  ftadiap 
retained  •  if  shock  ioadn^  was  oonducied  at  120K(3].  Shock  recovay  eaperioiiM  in  dns 
ttaiy  were  conducted  hy  shock  loaiii^  then  in  MBdootainco  which  anyhaveiidliimitid 
the  and  thennal  binary  in  the  recovered  taiii^es(3].  Even  in  the  120K  H  shoiB(3), 
measurement  of  the  phase  disitUattioe  thnwgh  the  recovered  sample  thkkness  revnyod  the 
abeenoeof  atatthenearimMctandwaraan^stttftceawhaeahtmhuaiBBfcsmamDumof 
retained  phaae  in  the  sample  interior.  DuetotfcmrrhaniralaHdihemnlinetnwddlityoftheaa- 
phase,itiabdievedlhatibecw  iathesamide.  satfimeoamactsaesaes,  and  dnaiiri  binary 
recovery  efibctt  caused  in  the  snel  container  lesuhed  in  wrerrion  of  then  during  icleaec  and 
deodemdon  at  room  tempenture  in  die  previoas  study.  The  variadona  in  the  phase-retention 
resuhs  fcaphictri^  iBunnae  the  hnponam  of  ndliiHii  soft  leooveiy  tedudiM  to  aocuraidy 
assess  shock-inmwed  stractun^ropaqr  reladonsm  and  tber^  provide  post-mortem 
physical  data  for  oompariaon  wiA  real-dme  wave  preole  data. 


Snmmwv  md  TAnclwinM 


Baaed  on  a  Study  of  the  influence  of  shock-loading  and  alloy  chemisify  on  the  a-os  pressure- 
induced  phase  transidon  in  titamum,  the  fi:dlowing  conduaions  can  be  drawn: 

1.  VISAR  wave  proflles  of  shock-loaded  high-puii^  titanium  revealed  the  om^-phaae 
pressure  intfawediransidon  to  occur  at  approxunaiely  lOidOPa. 

2.  Wave  profile  measurements  on  A-70Ti  and  Ti-6A1-4V  shocked  up  to  pressures  of 
respective^  35  and  25  GPa  exhibited  no  evidence  of  a  three-wave  stractare  indicadve  of  a 
phase  eransitioB. 
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3.  Neutron  diffiractioa  dianclerizatioa  of  high-purity  titanium  shock  kwded  to  11  Gfti  and 
''sofif  leocwend  dinUyed  a  28%  votume  frai^on  of  retained  Oiihaae  widi  in-situ  bulk  lattioe 
peremeters  of  •-0.4614  nm.  <>0.2832  mn,  and  </a-0.6137. 

4.  Stgipreiiioo  of  the  o-tt  in  A-TOn,  containing  a  lughintertthialOKygen  content,  is  seen  to 
simultaneouriy  conelate  with  suppression  of  tirfonnaiioo  twinning.  It  is  postulaud  that  die 
siqipressioo  at  the  a-to  phase  transititM  in  titanium  is  related  to  incvnied  lattice  shear 
resistance  due  to  intentitial  oxygen.  This  is  considered  to  be  a  significant  new  observation 
which  is  believed  to  be  basic  to  me  mechanism  of  the  or-ospiessur^ndnced  iianaition. 
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Abstract 

In  axalyns  of  factan  ftopaAes  of  metals  for  stmctural  aj^ications.  resistance  to  crack 
extension  is  usually  considered  to  be  a  single-valued  property  of  the  materiaL  and  influences  of 
metallurgical  factors  such  as  iniciostnicture  and  coinposititM  are  t^ten  ignored  or  underesdmaicd. 
Uie  thermomechankal  processing  used  to  reduce  tte  material  from  ingot  to  plate  or  dieet  can 
impart  residual  stresses,  can  result  in  pickup  of  impurities,  can  cause  anisotropy  and  can  re^  in 
other  undesirable  effects.  This  is  particularly  true  Of  titanium  alloys,  whicb  can  have  distinctly 
different  grain  structures  for  a  sinf^  composition  and  which  are  extraordinarily  sensitive  to 
contamination  by  interstitial  oxygen  and  hydrogen.  To  illustrate  tiiese  effects,  we  present 
conqiarisoiu  of  fractute  properties  measured  under  dynamic  and  static  lotofing  conditions  for  two 
titanium  alloys.  The  alloys  were  similar  in  composition,  and  each  was  processed  by 
diennamechanical  schedules  that  resulted  in  distinctly  diffetcnt  micrasituciures. 

Methods  used  to  evaluate  the  ituterials  included  the  tensile  test,  the  dynamic  tear  test,  the  J 
Integral  test  and  stress-corrosion  cracking  tests  using  fracture  mechanics  specimens. 
Comparisons  of  the  sutic  feacture  {xoperties  showed  tiiat  the  effects  of  a  variety  of  heat- 
treattnents  resulting  in  dffferent  mkrostructures  in  a  Ti-Al-Mo-Zr  alloy  were  dramatically 
different  from  those  in  a  Ti-Al-V-Zr  alloy.  The  dynamic  fracture  properties  of  both  were  nearly 
unaffected  by  variations  in  miciostnicture,  and  as  a  result,  the  two  measures  of  fracture  resistance 
did  not  correlaie  well 


Introduction 

The  great  nutjority  of  engineeting  structures  do  not  require  sophisticated  analysis  and  careful 
cont^  of  materials  and  Fabrication  mocesses  because  the  con^uences  of  fracture  ate  not  of 
dominant  importance  to  the  design.  Detailed  analyses  of  fracture,  and  $tq»  to  control  fracture, 
ate  necessary  where  structural  failure  threatens  human  life,  where  major  ecological  damage  is 
possible  or  where  weij^t^tetfotmance  tradeoffs  necessitate  use  of  fracture  sensitive  materials. 
When  materials  are  considered  for  such  a{q>lications,  it  is  imporwt  to  have  a  complete 
knowledge  of  their  resistance  to  fracture  unda  both  static  and  dynamic  loading  cooihtions.  In 
analras  of  fracture  properties  metals  for  structural  ^tplications,  resistance  to  crack  extension 
is  tmenoonsideted  to  be  a  single-valued  property  of  the  material,  and  influences  of  metaUuri^cal 
factors  such  as  mictosinicture  and  conq^tion  are  often  ignored  or  underestimated.  The 
thermomechanical  processing  used  to  reduce  the  material  from  ingot  to  pto  or  sheet  can  impart 
residual  stresses,  can  rewlt  in  mdnq>  of  inqxitities,  can  canse  anisotn^  effects,  etc.  ThUis 
particulvly  true  of  titanium  allovs,  wherein  the  fl^  fracture  nroperties  are  a  fimctioa  of  the 
chemistty,  the  miaostructure  and  die  method  used  to  evaluate  nactureresisance.  To  illustrate 
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the  problem  described  above,  we  present  comparisons  of  a  variety  of  friKture  pnq)erties 
measured  on  two  similar  alpha-beta  titanium  alloys,  similar  in  composition  and  prmssed  in 
parallel  so  that  four  distinctly  different  microstroctural  conditions  were  obtained  for  onh  maieriaL 


MUEdalt 

The  materials  were  two  a4>ha-beta  titanium  alloys  of  nominal  oaoqxtsitions  Ti-S,5Al-2V-2Zr  and 
Ti-S^Al-lMo-2Zr.  These  alloys  were  pan  of  a  study  to  determine  the  etBcacy  of  V  and  Mo  as  a 
beta  stahilirer  to  produre  alloys  having  optimal  resistance  tt>  crack  growth  a^  fracture  under  a 
variety  of  service  conditions.  The  interstitial  oxygen  content  in  each  alloy  was  held  at  0.09%. 
Both  were  produced  as  450  kg  (1000  pound)  ingots  and  were  reduced  to  25  mm  thidc  plare  by 
forging  and  rolling  operations  as  frdlows: 

•  Half  of  each  ingot  was  processed  to  {date  at  temperatures  sunting  in  the  beta  fidd  (1040  C); 
the  other  half  was  processed  at  temperatures  starting  in  the  a^ha-beta  field  (960  Q.  This 
processing  schedule  resulted  in  two  (dates  for  each  oonqtosilion. 

•  Beta  prooes^g  produced  a  free  Widmanstatten  structure  with  a  fine  transformed  beta  grain 
strucmre,  while  tteal^  beta  processing  produced  a  lamdlar  structure. 

•  To  cooqdete  the  matrix  of  materials,  a  pM  processing  heat  treatment  was  ipidied  to  half  of 
each  of  plate  of  each  alloy. 

•  Beta  walked  materials  were  heat-treated  at  94SC,  which  was  just  below  the  beta  transus,  for 
one  hour,  this  produced  a  coarsening  of  die  ladi  structure  with  no  change  in  size  of  the  prior 
beta  grains. 

•  A^duhbeta  worked  materials  were  solution  treated  for  one  hour  at  1025  C  (above  die  beta 
transus)  and  were  then  heat-treated  at  945  C  This  produced  a  coarse  cdony  structure  with 
larger  prior  beta  grains  than  were  present  in  the  beta  worked  materials.  Another  effect  was  the 
elimination  of  k)^  residual  stresses  induced  fay  hot  working. 

These  final  heat  treatments  were  performed  in  avacuumfinnace  on  sawed  test  specimen  blanks 
prior  to  final  machining.  The  result  all  of  die  above  was  to  produce  each  of  die  materials  in 
four  distinctly  different  conditions  shown  frv  both  alloys  in  figure  1  and  generally  described  in 
the  following  table: 


Table  L  Mictostructuies  Resulting  from  Processing  Schedules. 


BETA  WORKED 

A.S  Rfii  I  ED  FW  (Fine  Widmanstatten) 

Condition  A 


L  (Lamellar) 
OonditioaCr 


AR-i-HT  CW  (Coarse  Widmanstatten)  C  (Cedony) 

Condition  B  Condition  D 

In  each  alloy,  the  final  conditions  included  three  transformed  beta  structures,  each  derived  from 
different  processing  routes,  as  well  as  an  al]dia-beta  structure. 


The  tests  used  to  evaluate  the  materials  included  the  standard  tensile  test,  the  (fynamk  tear  (DT) 
test,  the  J  Integral  test  (Jfo)  and  nress-oormakin  creclring  (SCP)  tiatx  mrim  ftirtiiig  wmHimW 
specimens.  All  exeqn  the  DT  teats  were  performed  wWicfarolicae^iecimens.  Thefolknringisa 
brief  description  of  each  test  and  its  intended  purpose,  the  staiidurd  (1)  temile  test  is  used 
univmally  to  measure  strength  and  ductility;  a  li  mm  diam^  specimen  was  used  for  this 
wo^  The  dynamic  tear  (E^  test  (2)  was  developed  as  a  low  cost  method  to  indkue  the 
leristance  to  crack  extenskm  under  dynamic  loading  conditioas.  The  DT  energy,  the  energy  to 
fracture  the  qiecimen,  is  taken  as  an  index  of  merit  m  resistance  to  dynamic  fracture.  Byitself, 
DT  energy  is  not  an  absttiute  measure  of  fracture  lesisuuice  diat  can  be  applied  analytically,  but  it 
must  be  correlated  to  other  measures  and  verified  analyses  to  be  most  useful  (3-6).  Ratio 
Analysis  Diagrams  (RADs)  developed  for  titanium  alloys  luid  for  steels  and  ahmnnum  alloys  (6), 
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Hgure  2  -  lYtnds  of  propeity  bdavkv  with  micnsiiuctund  condition  for  two  tianiiini 
alloys. 

Yield  strength  was  highest  in  the  lamellar  Mructure  for  both  alloys,  and  no  difference  in  die 
responses  of  the  alloys  to  the  thermal  cycle  was  apparent  Dynamic  fractnre  data  show  diat 
coarsening  die  lath  structure  by  heat-treadng  a  beta  savctme  (CW)  nqnoved  die  DT  encigy  in 
both  alloys.  On  the  odier  hand,  coarse  lifii  colony  structures  obtaiM  by  heat-treadng  die 
lamellar  alpha  brtastrucnirescag^  an  unexjdainabie  reduction  of  the  DTemw  in  die  TV-Al-V- 
Zr  alloy  and  an  increase  of  DT  energy  in  the  Tl-Al-Mo-Zr  alloy.  The  AI-M0-&  alloy  exWbited 
Ugher  values  of  DT  energy  ini^  ofuie  beta  structures,  while  die  Al-V-Zr  alloy  had  U^er  DT 
energy  in  the  lamellar  structure.  It  is  cautioned  that  all  of  the  values,  when  oonddned  on  the 
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RAD,  indicate  a  level  of  fracture  resistance  that  would  require  significant  plasticity  for  fracture, 
so  thu  the  differences  in  inedicted  petfonnance  of  the  two  are  not  as  significant  as  one  might 
infer  from  the  values  alone. 

The  remaining  two  bar  graphs  in  frgure  2  show  static  fracture  resistance  measured  in  terms  of  Jic 
and  Ksw.  In  both  ctf  these  measures,  treads  oi^osite  to  those  shown  for  dynamic  fracture  are 
observed  Coarsening  the  beta  structure,  Le..  ht^-treating  FW  to  produce  CW  structure  causes  a 
reduction  of  the  qtparent  fracture  resistance  in  the  Ti-Al- V-Zr  alloy  and  has  nearly  no  effect  in  die 
Ti-Al-Mo-Zr  alh^,  while  heat-treating  the  lamellar  structure  had  little  effect  on  the  H-Al-V-Zr 
alloy.  The  Ti-Al-Mo-Zr  is  clearly  superior  to  the  Ti-Al- V-Z^  alloy  in  compvisons  of  Ksw  values 
ataUconditions,andinthecoarsercolonyconditionfor  Jicas  well  The  difference  between  die 
Ksw  values  and  the  Jjc  values  is  only  in  the  loading  rate;  Ksw  rqnesents  the  applied  stress 
intensity  that  can  be  maintained  for  a  period  of  150  hours  or  more,  while  Jic  is  mmuured  under 
rising  load  conditions.  Note  that  both  Widmanstatten  structures  give  very  high  values  of  Ksw  for 
both  alloys,  and  the  lamellar  and  cdony  structures  give  the  lowest  values. 

The  effects  of  microsttuctural  variations  on  the  measured  J-R  curves  for  each  alh^  are  shown  in 
figures  3A  and  3B.  In  both  alloys,  the  tearing  resistance  and  Jic  values  for  materials  having 
hollar  microstructures  were  quite  low.  Transformation  of  lamellar  to  a  colony  structure 
dramatically  ittqnoved  the  pn^erties  for  the  H-Al-Mo-Zr  alloy  and  to  a  much  srruller  extent  in 
the  Ti-Al- V-Zr  alloy .  Coarsening  of  the  Widmanstatten  structures  caused  only  a  small  change  of 
the  J-R  curve  for  each  alloy.  A  strong  influence  of  composition  is  also  qrparent  With  the 
exception  of  the  lanMllar  structure,  all  rrucrostructure  conditions  for  Ac  Mo-containing  alloy 
produced  tearing  resistance  performance  superior  to  the  same  condition  for  the  V-contaitting 
alloy. 

Fast  work  to  develop  correlations  of  static  fracture  parameters  Kic  and  Gjc  with  DT  energy  led  to 
standardized  Ratio  Analysis  Diagram  (RAD's)  that  combined  strength,  fracture  resistance  and 
size  factors  for  a  simplifi^  presentation  tS  die  problem  (6).  The  correlation  ^rproach  qrplied  in 
a  strict  sense  only  where  Kic  could  be  measured  and  use^  most  structural  nuaetials,  including 
titanium  alloys,  are  used  in  ^  mixed-mode  fracture  or  fully  plastic  fracture  regime  where  now 
Jic  and  CrOD  are  applied.  It  is  the  authors'  opinion  that  a  similar  correlation  approach  will  be 
used  when  widely  accepted  analyses  based  on  J  Integral  or  another  elastic  plastic  parameter  are 
established  and  confirmed  experimentally.  One  majm’  point  in  all  this  is  to  tight  correlations 
between  various  fracture  parumeters  should  not  be  expected,  when  such  different  teqxmses  of 
fracture  properties  to  microstructure  are  evident  To  illustrate  this  pmnt  values  of  Jic  vs  DT 
energy  are  plotted  in  figure  4.  Also  shown  in  figure  4  are  values  of  Gic  and  DT  energy  for 
titanium  alloys  taken  from  reference  (4);  tiw  line  in  tins  figure  is  a  best  fit  to  the  Gic-DT  data  set 
The  alloys  in  the  Gic  data  set  were  near-alpha  and  alpha-beta  compositions,  and  the  data  met 
ASTM  criteria  for  validity  in  Kic  testing.  The  alloys  were  tested  in  the  as-received  condition 
(beta  rolled)  or  in  the  beu  rolled  and  a^ha-beta  heat-treated  condition.  For  coitqimson,  the 
microstructutes  of  most  of  those  alloys  would  be  close  to  the  fine-wkhnanstatlen  conation  erf  die 
present  all<^.  One  contention  is  that  the  quantities  Gic  and  Jic  are  equivalent  Bomthedataof 
figure  4  it  is  abundantly  clear  to  the  Jic  and  DT  Energy  do  not  correlate,  althou^  Gfc  and  DT 
Energy  clearly  do  correlate.  One  possible  explanation  is  that  Jfc  and  Gic  ve  not  equivalent 
though  this  is  unlikely  given  the  conditions  of  the  tests.  A  mote  likely  explanation  is  diat  the 
local  reqionse  of  the  materials  is  Rented  by  tire  rate  sensitivity  of  tire  microstructures.  In  the 
coarser  Widmanstatten,  colony  and  lanrelln'  structures,  DT  test  greatly  undetestimaiet  the  Jic 
values.  Since  the  purpose  of  the  correlation  was  to  enal^  use  of  the  DT  test  to  predia  Kic  (or 
Gic)  and  by  extension,  Jic  the  data  illustrate  that  correlatioos  between  fracture  parameters  must 
be  ai^lied  with  some  caution. 

Several  investiptors  have  observed  that  increasing  the  strain  rate  or  loading  rate  causes  an 
increase  in  the  nacture  resistance  in  titanium  all^.  For  example,  Bryant,  l^sdorf,  et  al  (9), 
obsoved  a  trend  of  elevation  of  the  tenale  flow  ciove,  u  well  as  increasing  Kfc,  in  Ti-10V-2F^ 
3A1  with  increasing  strain  rate;  in  their  work  Urey  showed  to  several  factors  contributed  to  the 
increase  in  fracture  resistance,  including  local  adiabatic  beating  and  a  reduction  in  tecat{dary 
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Figure  3A  -  J-R  curves  for  Ti-S-SAl-lV-lZr.  Effects  of  miciostnicture  are  amilyr  to  those 
observed  for  the  other  alloy,  though  they  are  less  dramatic. 
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Rgure  3B  -  J-R  curves  for  Ti-5.5A1-  lMo-2Zr,  showing  the  strong  effect  of 

rmcrostructure.  Note  dut  changing  the  structure  fiom  lamellar  to  colony 
increases  both  Jic  and  the  R-curve. 


cracking  (normal  to  the  main  fracture  plane),  with  increasing  strain  rate.  The  effecu  of  tkrsr 
evei^  *  reduction  of  crack  path  tortuosity  and  a  simultaneous  increase  in  energy  given  to 
^k  tip  plastic  flow.  Most  investigators  who  have  studied  the  effects  of  miciostiucture  on 
fracture  in  titamum  (e.g.  10,11,12)  have  noted  that  the  predominant  mode  of  fracture  is  void 


fonnation  at  gmn  bcMmdaiy  alpha  and  between  the  alpha  laths,  given  tiine  for  such  voids  to 
form,  as  in  static  fracture.  A  strong  contribudon  of  the  vend  fonnation  process  is  also  known  to 
be  the  slip  sterns  favored  by  the  hexagonal  structure  of  alpha  dtaruum.  In  strongly  textured 
structures,  the  properties  vary  with  the  orientation  of  the  test  specimen.  The  eaec  of  void 
formation  depe^  on  both  the  thickness  of  the  grain  boundary  a^)ha  and  the  tonuosit)' of  the  lath 
structure,  either  colony  or  Widmanstatten.  Hence  an  increase  in  structural  complexity  or 
tortuosi^  gmng  from  the  lamellar  to  colony  or  Widmanstatten  structure  results  in  improved 
fracture  initiation  resistance  at  static  loading  rates. 
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figure  4  -  Conqxuison  of  Jjc-DT  data  for  two  titanium  alloys  witii  trends  estabUshed  for 
other  titanium  all^s.  This  plot  illustrates  the  necessity  of  confining  cotr^ation 
data  to  a  single  miciostnicture  for  titanium. 


Summary 

Several  conclusions  can  be  drawn  on  the  basis  the  preceding  discussion: 

•  There  is  little  difference  in  the  effectiveness  of  V  or  Mo  as  a  beta  stabilizing  element  with 
regard  so  (ensile  properties.  The  lamellar  structure  produrod  by  rolhng  through  the  alpha-beta 
tempera^  range  produces  die  high^  yield  strength;  Widmanstatten  and  cdony  structures 
resulted  in  materials  widi  essentially  die  same  yield  strengdiL 

•  Both  allojrs,  in  the  metalluipcal  conditions  examined,  were  insensitive  to  salt  water  see. 

*  Observations  made  concerning  fracture  resistance  under  dynamic  loading  conditions  showed 
that  thoe  were  no  consistent  trends  relatable  to  microstructure.  Available  evidence  indicates 
that  in  titanium  allies,  secondary  cracking  is  minimal  at  high  loading  rates  in  dte  foniuition 
stage  of  the  crack  tip  plastic  zone,  and  would  be  expected  to  be  mtnunal  as  the  pla^  zone 
tra^  through  the  test  section  of  the  DT  necimen.  This  being  the  case,  die  sirorx  die  plastic 
zone,  and  hence  the  energy  expended  in  fneture,  should  not  dnrad  on  the  arrangement  of 
microstnictoral  conmonents  and  therefore  should  not  be  strong^  affected  by  die  structure. 
With  reuid  to  chemrstry,  the  H-Al-hfo-Zr  alloy  diqilayed  higher  dynamic  toughness  than  the 
Ti- Al- v-Zr  alk^  in  all  microstruenaes  exsqit  the  larndlar. 

*  Observations  inade  conoeming  crack  ininadon  measures  of  fracture  resistance  made  luider 
stttic  loadiRg  conditions,  i.e.  Jfc  and  Kaw>  uv  strongly  influenced  by  both  chemistry  and 
microttrocture.  In  particular,  die  lamellar  structures  produced  die  lowest  resistance  to  cradc 
initiation.  Furthenriure  the  response  of  Jfc  to  heat  treatment  was  dramatically  differgit  for  die 
two  alloys  tested.  With  regard  to  chemisiry  effects,  the  Al-Mo-Zr  system  had  consistendy 
higher  vidues  of  Ksw  than  r&d  the  Al-V-S’ system,  for  all  microstructuial  oon^ions. 
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•  In  the  alloys  investigated  in  this  work,  there  was  very  poor  correlation  between  static  fracture 
performance  (Jic  and  Ksw)  and  dynamic  fracture  performance  (DT  Ene^). 

•  For  titanium  alloys,  wide  ranges  of  {noperties  can  be  expected  for  a  single  composition  u  a 
function  of  the  microstructure.  For  this  reason,  efforts  to  predict  the  prqrerties  of  titanium 
alloys  by  statistical  analysis  of  the  effects  of  various  alloying  elements  must  also  indi^ 
effects  of  microstructure,  or  better,  must  be  ^rplied  to  a  single  ndcrostnictural  condition 
produced  by  a  fixed  processing  schedule.  Unless  this  is  done,  the  ptedictums  can  only  be 
correct  in  a  general  sense  and  cannot  be  used  widi  any  degree  of  acctnacy  to  isrdM  effects  of 
indivUual  efements  in  con^lex  alloys.  This  is  amply  demonstrated  by  the  variation  in  single 
properties,  such  as  Jjc  or  yield  strength,  measured  m  the  alloys  discus^  above. 
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AN  INVESTTGA1TON  ON  STRENGTHENING  PROCESS 
AND  ITS  STRENGTHENING  MECHANIC 
FOR  TC4  TITANIUM  ALLOY 
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Xi'an,  Shaanxi,  P.R.  China  710072 

Abstract 

A  strengthening  process  for  a  TC4(Ti-6Al-4V)  titanium  alloy  is  presented,  con¬ 
sisting  of  ‘‘High  Temperature  Forging  -f  High  Temperature  Solution  Treatment 
-f-  Conventional  Annealing” ,  and  the  mechanism  of  strengthening  is  discussed. 
Experimental  results  indicate  that  this  new  process  can  increase  the  ro(»n  and  high 
temperature  strengths  strikingly  without  reducing  the  ductility  and  thermal  stabili¬ 
ty.  Based  on  microstructural  anaiyses,  it  is  concluded  that  the  most  effective 
strengthening  for  TC4  alloy  is  a  “boundary  layer”  strengthening  rather  than  the 
more  commonly  considered  dispersion  and/or  solution  strengthening. 

Introduction 


The  conventional  hot-working  process  for  TC4  titanium  alloy  is  to  forge  at  30 — 
40X2  below  the  transformation  temperature  and  to  anneal  subsequently.  Under 
this  process  the  ductility  and  thermal  stability  of  the  alloy  are  usually  quite  good. 
Unfortunately  the  strength  is  relatively  low  and  as  a  result  the  titanium  forgings 
are  often  scrapped. 

For  the  above  reason,  some  technical  standards  for  astronautical  materials,  such 
as  those  made  in  United  States,  now  permit  changes  of  beat  treatment  to 
strengthen  this  alloy.  The  authors'  research^' in  which  the  process  of 
strengthening  heat  treatment  for  TC4  alloy  is  presented,  has  verified  its  feasibili¬ 
ty.  In  resent  years,  near-0  forging  process^U  developed  in  the  Chinese  titanium 
industry  has  made  dramatic  success  in  raising  hot-strength  and  improving  me¬ 
chanical  properties.  It  may  be  expected  that  by  combining  the  near-3  forging  with 
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the  strengthening  heat  treatment,  the  strength  of  the  alloy  will  be  raised  effec¬ 
tively  whUe  maintaining  its  ductility  and  thermal  stability.  With  this  considera- 
ticm,  authors  develop  the  strengthening  process  “High  Temperature  Forging  -f- 
High  Temperature  Solution  Treatment  +  Conventional  Annealing”. 

Experiment  Procedure 

The  material  used  in  this  investigation  is  prepared  from  150mm  diameter  rolled 
bar  of  TC4  titanium  alloy,  with  a  0  transus  (T«)  of  995X^  and  the  chemical  com¬ 
position  shown  in  Table  I  . 


TaUe  I  Chemical  Compcaitloa  of  Material  Cmam^) 


Material 

Ti 

A1 

V 

a 

BBKM 

N 

TC4 

bfti. 

6. 16 

3.90 

0.03 

0.09 

0. 015  0. 0046  0. 112 

0.019 

The  rolled  bar  is  cut  into  samples  50  mm  thick.  After  covered  with  FR«  lubri¬ 
cant,  the  samples  ate  upset  50 by  3T  die-forging-hammer.  The  hot-working 
processes  are  as  foUowss 

Convenional  Process 


The  as-rolled  samples  are  forged  at  40X^  and  30C  below  T(  respectively,  and 
air-cooled.  Then  the  as-forged  samples  are  annealed  at  800X^  fat  3  hours  and 
air-cooled. 

Strengthening  Process 

The  as-rolled  samples  are  f«ged  at  lOX]!  and  51C  below  T«  respectively  and 
cooled  in  water  (High  Temperature  Forging).  A  two-step  heat  treatment  is  used 
to  strengthen  the  as-forged  samples.  At  first,  they  are  processed  with  a  solution 
heat  treatment  at  30X)  below  T*  fat  1  hour  and  quenched  in  water  (High  Tem¬ 
perature  Solution  Treatment) ,  then  annealed  at  800X)  for  3  hours  and  air-cooled 
(Conventional  Annealing). 

Results  and  Discussion 
Microetructure  and  Properties 

Fig.  1  Slows  the  typical  mkrophotograi^  of  TC4  alloy  afta  processing  per  the 
conventional  process.  Fig.  la  was  forged  40X)  below  T«  and  then  air  cooied.  The 
content  of  equiaxed  a  in  Fig.  la  b  31  percent.  It  is  increased  to  45  percent  after 
conventional  annealing,  as  shoMm  in  Pig.  lb.  It  can  be  seen  that  the  microstruc- 
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tute  after  conventional  t>roce8Bing  {woduces  an  equiaxed  structure. 


Fig.  l-Microstructure  of  TC4  alloy  processsed  via  conventional  process. 
a-Forging  at  401C  below  T«  followed  by  air  cooling, 
b-  a+  Annealing  at  800X}  for  3  hours  followed  by  air  cooling. 


Differing  from  above,  the  microstructure  after  processing  via  the  strengthening 
process  is  a  bi-modal  structure  in  whidi  equiaxed  a  is  acctunpanied  by  o- 
plate,  as  shown  in  Fig.  2,  though  the  contrast  of  o^itetes  in  Fig.  2a  is  not  quite 
clear.  The  contents  of  equiaxed  a  in  Fig.  2  a  and  b  are  12  and  23  percent  respec¬ 
tively. 


Fig.  2-Microstructure  of  TC4  alloy  procearing  via  the  strengtfaming 
process. 

a-Forging  at  5X^  below  T#  followed  by  water  cooling, 
b-  a  -f-  Processing  with  solutton  treatment  at  below  T*  for 
1  hour  followed  by  water  cooling  and  then  annealing  at  SOOT! 
for  3  hours  followed  by  air  cooling. 

The  metallurgical  properties  under  the  above  processes  are  tabulated  in  TaUe  1 . 
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Table  1  The  Metallurgical  Properties  of  TC4  Alloy  under  the  Different  Hot- 


working  hfethods 


Hot-Wflridng 

Methodi 

Tamp- 

ertitn 

(V) 

Mortientnl  Prapettia 
at  Raon  TtBpenton 

Martianlfal  Ptapaititi 
at  Wsh  TuBpatatun 
(4000 

Tlianiial  Stability 
(400C-100  hauia) 

UTS 

(H 

(MPa) 

YS 

Ot., 

(MPa) 

Eton. 

A 

(«) 

ROA 

4 

(H) 

UTS 

(MPa) 

5 

(K> 

ROA 

4 

(H) 

UTS 

0, 

(MPa) 

YS 

On, 

(MPa) 

Elco. 

6. 

(H) 

ROA 

4 

(X) 

Coavanthnal 

T.-40 

87S 

1^ 

15.0 

46.7 

HQ 

14.8 

62.8 

887 

872 

15.2 

44.0 

Ptoom 

Tt-SO 

la 

874 

14.8 

45.5 

602 

14.2 

61.0 

HQ 

887 

14.8 

43.5 

StttasdwoiiiS 

T.-I0 

965 

940 

12.0 

42.0 

680 

12.2 

60.5 

980 

954 

11.6 

36.8 

pfOOMl 

Tt-S 

978 

941 

12.2 

43.0 

689 

12.7 

57.0 

984 

955 

12.0 

40.0 

Forging  on  Microstructure 

During  the  heating  process  of  ft^ging,  the  transformation  occurs,  so  a 

phase  is  transformed  into  3  t^iase  gradually.  The  higher  the  heating  temperature 
bec(»nes,  the  less  equiaxed  primary  a  is  retained.  Moreover,  at  a  higher  temper¬ 
ature,  adcular  Widmanstatten  a  in  retained  3  is  partially  broken  into  pieces.  If 
forging  is  followed  by  a’r  cooling,  die  irieccs  will  be  trapped  by  a  precipitated 
from  retained  3  and  he’  e  be  equiaxed  (Fig.  la).  On  the  contrary,  when  water 
cooling  follows  forgv  transformed  3  will  be  transformed  into  metastable 
martensite.  Therefore,  a  can  not  be  precitated  from  transformed  3  and  the  pieces 
can  not  be  equiaxed.  On  this  oimdition,  a  bi-inoldal  structure  occurs,  in  whidt  e- 
quiaxed  primary  a  and  or-pieoe  (I^  2a)  whidi  would  grow  into  o-plate  (Fig. 
2b)  during  solution  treatment  and  anneaiing  process  are  contained.  The  large 
amount  of  the  3  phase  and  die  uhra-refinonent  vi  the  equiaxed  primary  a  (and 
c^pleoe) ,  obtained  by  Ugh  temperature  forging  with  quenching  in  water  subse¬ 
quently,  can  improve  the  strai^  of  the  two-phase  alloy,  according  to  the  con¬ 
clusion  made  latdy  by  Kawabe  and  Munekil^*^. 

Layer  Strengthening 

It  is  generally  accepted  that  the  mechanism  of  strengthening  for  an  equiaxed 
structure  obtained  with  convertional  ptceeaa  of  TC4  alloy  is  mainly  based  on  solu¬ 
tion  and  /<«  diqiersion  strengthening.  Nevertheless,  from  strengthening  process 
presented  by  authors,  it  seems  that  the  striking  strengthening  should  be  attributed 
to  a  “boundary  layer”  strengthening  resulted  from  M-modal  structure  between  e- 
quiaxed  a  and  o-plate. 

Transf<»med  3,  which  is  defined  as  a  boundary  layer  between  equiaxed  a  phases 
or  betweoi  equiaxed  a  and  o-plate^'^,  consists  of  Widmanstatten  a  and 

retained  3>  As  for  convrotkmal  process,  a  little  Widmanstatten  a  whldi  is  not 
broken  and  equiaxed  grows  into  long-acicular  a  and  no  subgrain  3  occurs  at  the 
boundary ,  as  shown  in  Rg.  3a  and  b. 

Mt 


Fig.  4  Shows  a  boundary  layer  between  equiaxed  a  and  an  a-i^ate  in  the 
strengthening  process  sample.  Fig.  4a  is  in  a  forged  and  water  oo(4ed  state,  in 
which  Widmanstatten  a  is  randcanly  distributed  at  the  boundary  end  a  large 
amount  of  subgrain  0  is  formed.  Due  to  the  subsequoit  (wocessing,  widi  solution 
heat  treatment  at  higher  temperature  followed  by  water  cocding,  the  morphology 
of  subgrain  0  is  almost  constant,  even  after  conventional  annealing,  as  shown  in 
Fig.  4b.  It  can  also  be  observed  that  Widmanstatten  a  in  Fig.  4b  is  distributed  at 
the  boundary  more  randomly  than  that  of  in  4a,  and  the  secondary  a  precip¬ 
itates  from  the  boundary  layer  in  the  tom  of  particles. 
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Fig.  3-EM  microphotographs  of  a  Fig.  4-  EM  microphotogra^  of  a 

boundary  layer  between  equiaxed  a  boundary  layer  between  equiaxed  a 

phases  under  conventional  process.  and  a-|date  under  strengthening  ivo- 

a-Forging  at  40 1C  below  To  followed  cess. 

by  air  cooling.  a-Forging  at  51C  below  To  and  water 

b-  a  -|-  Annealing  at  8001C  for  3  cooling. 

hours  followed  by  air  cooling.  b-  a-f-Solution  treating  at  30C  below 

To  for  1  hour  and  water  cooling  -i- 
Annealing  at  800X^  for  3  hours  and 
air  cooling. 

As  for  strengthening  process,  forging  at  a  higher  temperature  near  To  followed  by 
rapid  cooling  and  solution  treatment  processing  is  the  main  reason  why  subgrain  3 
could  be  formed  at  the  boundary  layer,  and  its  morj^ogy  and  structure  could 
be  controlled  even  during  conventional  annealing  i»ocess.  Therefore,  a  striking 
effect  of  boundary  strengthening  is  obtained.  In  the  meantime,  the  ductility  is 
not  reduced  due  to  the  fact  that  a  little  equiaxed  i»imary  a  is  reserved.  In  the 
first  process  of  heat  treatment,  i.  e.  ,  high  temperature  solution  treatment,  dislo- 
catitm  in  a  pile-up  slip  or  climb  again^‘^  and  hence  the  differential  energy  of  dis¬ 
tortion  between  subgrains  is  reduced.  Thus,  the  tendency  for  subgrains  growth  is 
suppressed.  The  second  process  of  heat  treatment  is  conventioiud  annealing  dur¬ 
ing  which  the  equiaxed  primary  a,  acicular  Widmanstatten  a  and  subgrain  3  may 
grow  or  nodulize.  As  a  result,  bi-modai  structure,  in  which  transformed  3  (a 
boundary  layer)  segregates  a-piate  from  equiaxed  a,  is  formed  comj^etely  (Pig. 
2b)  and  the  effect  of  boundary  strengthening  becomes  more  effective.  Further- 
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ino(e>  equiaxed  a  grains  in  this  structure  nuke  the  plastic  defonnatko  cooperate 
harmoniously^*^.  Hence  crack  or  void  initiation  tx  propagation  is  delayed,  even 
sun»essed,  and  a  satisfactory  ductility  as  well  as  thermal  stability  is  obtained  si¬ 
multaneously. 


Summary  and  Conclusions 

This  paper  shows  that  the  most  effective  mechanism  of  strengthming  for  TC4  al¬ 
loy  is  "boundary  layer”  strengthening  radier  than  solution  and/or  diqiersicn 
strengthening. 

In  comparisMi  with  conventional  process,  the  strengthening  process  raises  room- 
temperature  strength  up  to  978  MPa,  hi^tonperature  strength  (400X2)  up  to 
689  MPa,  while  ductility  and  thermal  stability  ate  not  reduced  appreciaUy. 
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ABSTRACT 


The  possibility  of  transfarsation  laesllar  typ*  of  orphaso  in  high~alloysd 
(a»^-titaniua  allays  into  globular  ons  Mithout  doforsation  by  Mans  of  ra¬ 
pid  hMting  to  fl^agian  tsopwatWM,  accslsratsd  cooling  and  furthsr  an¬ 
neal  Ing  has  been  shoen.  Such  a  treatMnt  can  be  successfully  used  to  leprova 
eechanlcal  properties  of  alloys.  Passible  application  to  heat  treatMnt 
of  Meldeents  is  given. 


Introduction 


Rapid  heat  trNteent  of  (oefB-titaniua  alloys  givM  riM  to  the  peculiar 
structuTM  Cl, 21  with  the  fine  fl-grsinma  and  high-diepersive  intragrain* 
crphaM.  The  structurM  of  such  kind  are  not  attainable  by  conventional 
furnace  hNt  treateent.  The  cheeical  inhaeogoneity  of  (t-solid  solution  plays 
an  ieportant  role  and  it*  optieisation  allows  to  achive  one-of-a-kind 
coebination  of  strength  and  plasticity.  For  esaepls,  for  oartensitic  claM 
alloy  VT23  treatesnt  including  rapid  hMting  into  fl-iimld,  quenching  and 
aging  givM  riM  to  UTS-19S0  NPa  at  elongation  6*7t  [21.  BssidM  that,  the 
rapid  hMt  trMteent  pereits  high  valuM  of  fatigue  characteristics.  For 
sKoeple,  the  HCF  strength  of  Ti-6A1-4V  alloy  becoMs  equal  to  700... 790  HPa 
after  this  trMteent  131. 

However,  the  positive  influence  of  rapid  hMt  trMteent  is  perfectly  prono¬ 
unced  only  for  the  allays  with  fine-grained  initial  structure.  Alternative¬ 
ly,  the  propertiM  ieprovenent  is  ouch  lower  in  the  caM  of  coarse-grained 
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laiMllar-typc  structures,  because  the  eorphology  of  initial  phases  is  inher¬ 
ited  by  the  eetastable  phases  and  their  decoeposition  products  on  the  quen¬ 
ching  and  ageing.  Hereditary  eorphologic  correlation  between  the  -final  and 
initial  structures  eay  be  avoided  by  seans  of  special  treateent,  which  in¬ 
cludes  the  rapid  heating  up  to  the  teeperatures  of  (i-field  and  accelerated 
cooling  with  rates  of  30. ..80°C/s  when  eartensitic  transforeation  of  inhoeo- 
geneous  /3-phase  is  accoepanied  by  the  coaplex  diffusional  redistribution  of 
alloing  eleeents  C4]. 

Present  work  deals  with  the  investigation  of  structure  transforeations  in 
(of/D-titaniue  alloy  VT23  that  take  place  on  above-eentioned  treateent  (ra¬ 
pid  heating  and  accelerated  cooling  -  RHAC)  and  further  annealing  in  (a&fS- 
-field  and  their  influence  on  eechanlcal  properties. 

Material  and  Experjeental  Procedure 

High-strength  titaniua  alloy  VT23  (Ti-4.B(i«t>XAl-l.&ZHo-4.2XV-0.5ZPe-l. IXCr) 
with  initial  globular  structure  was  investigated.  The  eaterial  was  taken  as 
a  sheet  of  1.5  ee  thickness.  The  coarse-grained  structure  with  laeellar 
crphase  was  foreed  by  the  ^annealing  in  the  part  of  spcciaens  (Pig. l,a). 
The  specimens  were  rapidly  heated  by  direct  resistance  aethod  using  SO  Hz 
current.  Pormation  of  optimal  chemical  inhomogeneity  of  high  temperature 
/}-solid  solution  on  transformation  [21  have  been  achieved  by  means  of 
appropriate  choise  of  rapid  heating  regime  (the  shift  of  /r-transus  tempera¬ 
ture,  being  the  function  of  heating  rate,  was  taken  into  account  for  every 
specific  initial  structure  [61).  The  beating  rate  of  SO^C/s  was  used  as  pro¬ 
viding  the  necessary  concentration  parameters  of  /)-solid  solution  after 
heating  to  temperatures  of  920*’c  and  9B0'’c  for  globular  and  lamellar  struc¬ 
tures,  correspondingly.  Then,  the  cooling  to  point  was  carried  out  with 
rate  of  S0°C/s.  Hicrostructures  were  investigated  after  different  treatments 
by  light  (LH)  and  transmission  electron  (TEH)  microscopy.  Mechanical  test¬ 
ing  was  carried  out  using  the  ^tecimens  and  techniques  described  in  [51. 

Results  and  Discussion 

As  a  result  of  RHAC,  the  dispersive  homogeneous  structure  is  formed  in  all 
specimens  (Pig. l,b).  The  main  feature  of  such  structure  described  in  details 
in  previous  paper  [41  consists  in  highly  uniform  distribution  of  very  fine 
martensite  crystals  in  /}-satrix.  In  accordance  with  the  theory,  proposed  in 
[71,  this  nay  result  from  the  noticeable  internal  stresses  which  accompany 
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th«  itaccMipcMitian  of  high-tMp«r«tur»  ^-phaa*.  Th*  siailar  high-diaparaiv« 
MTtwiait*  ph«M  MS  nbMrvMli  for  mtaaplm,  in  unalloyMl  titaniua  C8J  quan- 
chad  fro*  ^lald  with  rataa  of  lo\..10^  ^C/m. 

U  tha  taaparatura  of  aubaaquant  annaaltng  ia  loMar  to  690'*C,  tha  dacoapoat- 
tion  of  aartanaita  and  aataatabla  fl-phsam  aa  Mali  aa  coagulation  of  dacoapo- 
aition  producta  taka  placa  (Flg.ltCl.Tha  final  gaonatry  of  oi-particlaa  haa 
pronouncad  laaallar  charactar.  Nhila  tiw  incraaaing  tha  annaaling  taaparatu- 
raa  up  to  630... 700*^:  individual  orglobuloo  appoar  in  tha  atructura  aida  by 
aida  Mith  tha  laoallar  particlaa  (Flg.l,d).Tha  oriantation  of  thoaa  globulaa 
diffara  froa  that  of  tha  naighbouring  cryatala  (Fig.l,a>.  Tha  laat  paraita 
to  auppoaa  that  tha  orglobula  initiation  goaa  through  tha  racryatallization 
of  fina  laaallar  crphaaa.  Tha  prolongation  of  annaaltng  laada  to  tha  prog- 
raaaiva  coaraaning  of  both  globular  and  laaallar  typaa  of  erphaaa 
(Fig.lff),  but  groMth  of  arglobulaa  bacoaaa  prafarabla  in  uhat  folloua.  An  a 
raault,  tha  coaplataly  racryatal 1 iaad  globular  atructura  (Fig.i,g)  foran  af- 
tar  7... 9  hourn.  Tha  orphaaa  globulaa  can  ba  coaraanad  by  additional  annaal¬ 
ing  at  highar  tanparaturan.  But,  if  annaaling  at  onca  at  taaparaturaa  ovar 
700°C(  tha  intanaiva  coagulational  grouth  of  laaallar  crphaaa  doainata  ovar 
tha  initiation  and  groMth  of  a>glabulan.  Tha  low  aapact  ratio  and  high  dia- 
parnity  of  or^lataa  (Fig.i.h)  arm  paculiar  to  raaulting  atructura. 

It  may  ba  daducad,  that  aithar  of  coapating  procaaaaa  taking  placa  on  tha 
annaaling  -  foraation  of  globulaa  and  coagulation  of  laaallara  -  ia  prafa¬ 
rabla  in  tha  cartain  taaparatura  ranga.  Tha  foraation  of  globulaa  doainataa 
only  at  650. . . TOO^C.  Tha  racryatallization  of  orphana,  cauaad  by  tha  phaaa 
tranaforaation  of  inhoaoganaoua  19-nolid  aolution  on  accalaratad  cooling,  is 
not  so  unifora  as  that  of  aftar  tha  plastic  daforaation  and  takas  placa 
Nithin  tha  rathar  raatrictad  annaaling  taaparatura  intarval. 

Anothar  faatura  of  RHAC-traatad  atructuras  conaiats  in  tha  fact,  that  only 
part  of  tha  19-grain  boundariaa  iroughly  70. ..BOX)  ara  anvalopad  by  tha 
orphaaa  in  both  globular  and  laaallar  atructuras  (Fig.2,a).  Nhsn  tha  globu- 
larization  of  tha  intragrain  orphaaa  takas  placa  tha  grain-boundary  orphasa 
also  foras  aa  tha  chainaa  of  orglobulaa  (fig.2,b>.  Tha  doubla  annaaling 
(5S0'’C,Bh  *  7So'*C,4h)dacraasaa  tha  anvalopad  boundary  part  to  SO. ..60X. 

On  tha  baaa  of  structural  invaatigation  tha  apaciaans  for  aochanical  tasting 
Nora  choaan  (tabla  i).  Rasul ta  of  tasting  point  to  tha  fact  that  tha  optiaal 
coabination  of  aochanical  propartias  la  inharant  to  tha  apaciaans  undar  tha 
positions  3  and  B,  Nhich  MOra  oxposad  to  tha  RHACrannaallng  6S0'*C,B  h. 
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rigur*  2.  -  Hicrostructur*  of  VT23  alloy  aftar  RHAC 

annaallng  7S0**C,&  h  <a>  and  650^*0,8  h  (b). 

High  lavcl  of  tha  propartlos  aftar  such  traataant  in  the  caaa  of  initially 
coaraa-grainad  laaallar  atructura  (poaition  8>  ahould  ba  atraaaad  aapacial- 
ly.  Aa  it  aay  ba  daducad  froa  tha  coapariaon  of  tha  propartiaa  of  atructuraa 
obtainad  by  diract  annaaling  at  TSO^C  and  doubla  annaallng,  tha  dacraaaa  of 
tha  part  of  anvalopad  boundariaa  raaulta  in  conaidarafala  iaprovaaant  in 
plaaticity,  aapacially  pronouncad  in  tha  caaa  of  initialy  coraa-grainad 
atructura. 

To  chack  tha  poaaibility  of  practical  applicationa  of  tha  propoaad  traat- 
nant.  tha  \rT25  alloy  walda  obtainad  by  tha  alactron  baaa  aalding  uera  axa- 
ainad.  Thraa  ragiona  with  pronouncad  diffaranca  in  tha  phaaa  coapoaition  and 
atructura  occur  in  tha  waldi  aaltad  zona,  haat  affactad  zona  (HAZ)  and  baaa 
aatal.  Tha  aaltad  zona  and  baaa  aatal  ara  rathar  hoaoganaoua  and  have  tha 
a  -  and  atructuraa  corraapondingly  (Fig.3,a,b>.  HAZ  atructura  inclu- 

daa  whola  apactrua  of  aataatabla  phaaaa,  dapanding  on  tha  haating  taaparatu- 
ra  on  walding  (Fig.3,c,d).  Notwithatanding  of  tha  initial  aicroatructura, 
tha  hoaoganaoua  high-diaparaiva  atructura,  aiailar  to  that  of  ahown  on 
Fig.l.b,  waa  obtainad  in  all  thraa  zonaa  an  a  raault  of  RHAC,  and  fina  aqu- 
iaxad  crphaaa  waa  foraad  aftar  tha  annaaling  at  bS0'*C  (Fig.3,a,f). 

Tha  VT23  alloy  walda  axpoaad  to  abova  traataant  hava  highar  valuaaof  plaati¬ 
city  and  lapact  toughnasa  and  aiailar  valuaa  of  atrangth  (tabla  2)  in  coapa- 
riacNi  with  tha  walda  convontionally  traatad  (SOO^C,!  h  /watar  quanchlng/ 
aging  SS0'’c,8  h). 
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Table  1.  Mechanical  Properties  of  VT23  Alloy 


No 

Treateents 

Intragrain 

orphase  type 

— 

orphaae 

enveloped 

boundaries 

X 

UTS 

MPa 

Elon¬ 

gation 

X 

1 

Initial 

structure 

globular 

- 

983 

1058 

8.0 

9720 

2 

1+CT* 

globular-f 

secondary 

laeellar 

1095 

1240 

5.8 

12263 

3 

1+RHAC+ 
650“C,8  h 

globular 

80 

1108 

1270 

9.1 

19651 

4 

1+RHAC+ 
750“C,6  h 

laaellar 

80 

960 

1080 

7.8 

3729 

s 

l+RHAC* 
550“C,8  h 
♦750*'C,4  h 

laeellar 

SO 

9S6 

1020 

11.4 

3913 

6 

/J-annealing 

lanellar 

100 

896 

950 

5.5 

4836 

7 

6+CT 

1 aeel 1 ar 

100 

980 

1072 

3.6 

4325 

8 

6+RHAC+ 
650°C,8  h 

globular 

70 

1190 

1335 

5.4 

9846 

9 

6+RHAC+ 
750°C,6  h 

lamellar 

70 

987 

1180 

5.9 

4968 

10 

6+RHAC+ 
550°C,8  h+ 
750°C,4  h 

lamellar 

60 

975 

1157 

9.5 

4258 

*CT-  conventional  heat 
aging  5S0°C, 10 


treat eent  (800  C? 
h). 


1  h  /  eater  quenching  / 
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Figure  3  -  Hicrostructure  of  VT23  elloy  Meldaent  in  Initial  state 
<a-d)  and  after  RHAC  Mith  annealing  6S0*’c«8  h  (e,f). 
a,e  -  Mlted  zone,  c,d,f  -  HAZ,  b  -  base  eetal. 
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Table  2.  Mechanical  Properties  of  VT23  Heldaents 


o 

UTS 

Banding 

lepact 

No 

Treateent 

o.a 

angle 

toughnes 

dPa 

HPa 

d»grt» 

kH-m/tm* 

1 

CT 

982 

1070 

28 

2.6 

2 

RHACi^^C  8  h 

993 

39 

4.02 
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Abstract 

An  Incubation  strain  en>  void  nucleatlon  was  found  In  equlaxed  (E)  a 
alloys.  Consistent  with  previous  observations  (8),  Cq  Increased  as  the  strain 
hardening  rate  prior  to  void  nucleatlon  decreased.  Evidence  Indicated  that 
higher  A1  contents  tended  to  reduce  Cq.  Void  nucleatlon  took  place  at  a/ 
aged  B  Interfaces.  In  Widmanstatten  plus  grain  boundary  (WfGB)  a  structures 
void  nucleatlon  took  place  at  both  GB  and  W  a,  but  void  growth  was  predomin¬ 
antly  along  prior  B  grain  boundaries.  Void  growth  In  E  a  structures  was 
both  linear  and  non-llnear.  Non-linear  void  growth  began  when  void  coales¬ 
cence  commenced.  For  E  a  structures  fracture  strain,  tf,  was  found  to  In¬ 
crease  as  Eq  Increased.  When  the  fracture  stress  corrected  for  necking,  ofc, 
was  plotted  against  where  Is  the  longest  void  at  fracture,  a  linear 

relationship  was  found.  When  extrapolated  to  Lf'^^O,  the  stress  obtained 
was  1325MPa,  which  was  above  the  yield  strength  of  all  the  E  a  structures 
and  thus  consistent  with  the  presence  of 

Introduction 

There  have  been  a  number  of  Investigations  of  the  relationship  between  void 
nucleatlon,  void  growth  and  tensile  behavior  (1-5).  These  studies  have 
shown  a  relationship  between  microstructure,  void  nucleatlon  and  void  growth 
Generally  voids  nucleate  more  readily  the  coarser  is  the  a  in  both  equlaxed 
(E)  a  and  Widmanstatten  plus  grain  boundary  (WfGB)  a  structures.  Void  nu¬ 
cleatlon  takes  place  more  readily  and  void  growth  is  more  rapid  in  WfGB  a 
structures  than  in  E  a  structures.  For  E  a  structures  the  larger  is  the 
interalpha  particle  spacing.  A,  the  more  rapid  is  void  growth  (1,2).  These 
observations  on  void  growth  and  A  were  questioned  by  Terlinde  et  al  (6)  as  a 
result  of  work  which  they  had  carried  out  on  Ti-10V-2Fe-3Al .  These  authors 
noted  that  Interparticle  spaclngs  of  W  a  were  smaller  than  interparticle 
spaclngs  of  E  a,  yet  the  ductility  of  WfGB  a  structures  was  lower  than  that 
of  E  a.  This  study  was  undertaken  to  examine  this  question.  As  will  be 
seen,  the  spacing  between  W  a  particles  does  not  affect  void  growth  because 
void  growth  in  WfGB  a  structures  takes  place  primarily  along  grain  boundary 
a  and  to  some  extent  along  W  a. 

*  This  work  was  supported  in  part  by  the  Boeing  Airplane  Co.  through  the 
efforts  of  Mr.  Rodney  Boyer.  The  authors  are  grateful  for  this  assistance. 
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Experimental  Procedure 

The  3  transus  was  determined  to  be  80C^3°C.  Tensile  bars,  3  Inches  long  and 
1/2”  dla.  were  heat  treated  to  produce  E  and  WfGB  a  structures.  WfGB  a 
structures  were  produced  by  heating  to  820*C.  holding  for  1  hr.  then  cooling 
to  730'’C  at  rates  of  2  and  10*C/hr.  and  holding  for  1  week.  E  a  structures 
were  produced  by  heating  as  received  material  directly  to  730°C  for  periods 
of  2  hrs. ,  1  day  and  3  weeks  to  obtain  various  E  a  particle  sizes.  All  spec¬ 
imens  were  aged  at  SOO'C  for  1  hr.  For  E  a  structures  yield  strengths  from 
1068  to  1275MPa  were  obtained.  For  VHGB  a  structures  the  yield  strengths 
varied  considerably  less.  Table  I. 

Button  head  tensile  specimens  with  a  25mm  gage  length  and  a  6.2Siiim  diameter 
were  strained  to  fracture,  and  true  stress-true  strain  curves  were  determined. 
Up  to  10  serial  sections  were  made  on  fractured  specimens  to  determine  long¬ 
est  void  dimensions.  The  strain  corresponding  to  a  given  void  was  determined 
from  the  chord  diameter.  The  techniques  used  for  these  measurements  have 
been  described  previously  (1,2,4).  Since  the  reported  longest  void  at  frac¬ 
ture  was  measured  below  the  fracture  surface,  this  void  Is  actually  the  next 
to  the  largest  void  i^lch  caused  fracture.  The  practice,  however.  Is  to  re¬ 
port  the  longest  measured  void  as  the  longest  void  at  fracture.  Mlcrostruc- 
ture  dimensions  were  determined  by  linear  traverse  measurements. 

Results  and  Discussions 

Characteristic  microstructures  of  E  and  VffGB  a  structures  are  given  In  Figs. 

1  and  2.  Mlcrostructural  measurements  and  tensile  data  are  presented  In 
Table  I  and  true  stress-true  strain  curves  for  £  a  and  W+GB  a  structures  are 
given  in  Fig.  3.  The  true  stress-true  strain  curves  for  W+GB  a  structures 
follow  Che  3W  curve  of  Fig.  3  up  to  the  fracture  strains  given  in  Table  I. 
Fig.  4  reveals  a  long  void  In  a  set  lOW  sample  after  true  strain  of  0.26. 

Figs.  5  and  6  reveal  the  longest  void-true  strain  curves  for  E  and  W+GB  a 
structures.  For  the  E  structures.  Fig.  S,  void  growth  was  linear  for  the  un¬ 
aged  material,  UID,  and  for  the  2  hr.  hold  at  730*C,  2H.  For  the  1  day,  ID, 
and  3  week,  3H,  hold  at  730°C,  void  growth  was  Initially  linear  and  later 
became  non-linear  at  higher  strains.  Fig.  6  reveals  non-linear  growth  for 
WtGB  a  structures. 

Void  Mucleatlon  and  Growth 

As  was  noted  In  our  earlier  studies  (1-5),  voids  nucleated  at  E  a/ 3  Inter¬ 
faces  and  at  grain  boundaries  and  occasionally  at  W  a/3  interfaces  In  W+GB  a 
structures.  Fig.  4  shows  a  typical  void  growth  path  In  a  W+GB  a  structure. 
The  void  lies  primarily  along  grain  boundaries  of  two  adjacent  grains  at  the 
left  at  A.  A  shorter  portion  of  the  void  traverses  W  a  in  one  grain  and 
tends  to  follow  W  a  In  the  adjacent  grain  at  the  right  at  B.  The  circular 
regions  In  Che  part  of  the  void  passing  across  W  a  suggests  that  voids  had 
nucleated  along  W  a  and  that  the  main  void  Joined  them. 

In  earlier  work  on  the  Ti-5.25Al-5.5V-0.9Fe-0.5Cu  alloy  aged  to  a  yield 
stress  of  1137MPa  (1),  voids  did  not  form  at  W  a  Interfaces.  In  chat  case 
slip  was  able  to  pass  from  the  a  to  the  3  phase  because  of  the  Burgers  orien¬ 
tation  relationship  between  a  and  3  phases,  (0001)a//{110}3//<1120>a//<lll>& 
Here  both  planes  and  directions  in  each  phase  constitute  slip  systems  which 
are  parallel  to  one  another,  and  slip,  starting  in  a  can  readily  transfer  to 
6. 

It  is  suggested  that,  in  the  present  case,  during  aging  a  of  a  different 
orientation  than  that  of  the  original  W  a  platelet  formed  adjacent  to  the 
platelet.  This  would  destroy  the  Burgers  orientation  relationship  and  re¬ 
place  the  a/3  interface  with  a/a  interfaces.  It  has  been  shown  earlier  (2,7) 
that  voids  can  readily  form  at  a/a  boundaries.  This  proposed  explanation 
remains  to  be  verified. 
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Sec  Number 


Pet  a 


Dg  (iffli) 


da  (vm) 


Y,S.  (MPa) 


Equlaxed  a 


ID 


27 


.5 


3. 


1158 


U.T.S.  (MPa) 

1302 

1350 

1239 

820 

Ofc  (KPa) 

2082 

2285 

1900 

1675 

Pet.  R.A. 

55.6 

59 

52.7 

53 

0.82 


0.89 


0.75 


0.76 


Lf  (wm) 


16.  S 


42.9 


33 


5.6 


“8 

Ofc 

££ 

Lf 


8  Grain  Size,  dn  -  a  Particle  Size 
Fracture  Stress  Corrected  for  Necking 
fracture  Strain,  A  -  Spacing  Between  a  Particles 
Longest  Void  at  Fracture 


Heat  Treating 


2H 

ID 

3W 

UID 


2  hra.  at  730*C 
I  day  at  730*C 

3  weeks  at  730*C 

Held  1  day  at  730*C  and  Water  Quenched 


Widmanstatten  Plus  Grain  Boundary  a 


Set  Number 

2W 

low 

Pet  a 

19.5 

21.1 

Dg  (wm) 

244 

132 

la  (W») 

9 

6 

dv  (im) 

9 

4.7 

Y.S.  (MPa) 

1068 

1089 

U.T.S.  (MPa) 

1137 

1147 

0£c  (MPa) 

1356 

1433 

Pet  R.A. 

23.3 

21.9 

Ef 

0.18 

0.26 

Lf  (urn) 

477 

600 

1 

Grain  Boundary  a  Thickness 
Widmanstatten  a  Thickness 

Heat  Treating 

2W  -  Cooling  at  2*C/hr.  from  820*C 

low  -  Cooling  at  10*C/hr.  from  820*C 


IhiS  Strain, • 


Fig.  6:  Longest  void,  Ly,  versus  true  strain,  e,  for  VHGB  a  structures. 
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In  an  earlier  study  (8)  It  had  been  shown  that  void  nucleatlon  depended  on 
strain  hardening  prior  to  void  nucleatlon.  The  higher  the  rate  of  strain 
hardening,  the  lo%ier  was  the  void  nucleatlon  strain.  Fig.  7  Is  a  plot  of 
<7n~0y8  vs  Cn  where  On  is  fhe  true  stress  at  which  void  nucleatlon  took  place, 
en 

Oys  la  the  0,2Z  yield  stress  and  Cn  Is  the  true  strain  at  which  void  nuclea¬ 
tlon  took  place.  Cn  was  obtained  by  extrapolating  the  data  for  Fig.  5  to 
zero  void  length.  The  data  of  Fig.  7  are  consistent  with  the  earlier  results 
(8),  where  It  was  suggested  that  the  lower  the  strain  hardening  rate,  the 
lower  would  be  the  latent  hardening.  The  lower  the  latent  hardening  rate, 
the  more  likely  It  would  be  that  sufficient  slip  systems  would  be  available 
to  maintain  compatibility  between  the  matrix  and  the  a  phase. 


*'0  0.1  0.2  0.3  0.4  0.5 

Void  NudMUon  SMMi.S* 

Fig.  7:  Average  strain  hardening  rate  prior  to  void  nucleatlon  as  a 
function  of  nucleatlon  strain. 

Exaatinatlon  of  the  data  available  on  Void  nucleatlon  (1,2, 4, 5, 8)  suggests 
that  as  the  A1  content  of  a  Increases,  Cq  decreases.  Table  II.  The  compari¬ 
son  In  Table  II  Is  made  at  a  constant  strain  hardening  rate  of  1200MPa  and 
for  E  a  structures.  As  the  A1  content  of  the  alloy  Increases,  It  Is  reason¬ 
able  to  assume  that  the  A1  content  of  the  a  will  Increase.  A  direct  compari¬ 
son  of  a  A1  content  and  Cq,  however.  Is  not  possible,  since  the  ccmposltlon  of 
the  a  In  the  various  alloys  Is  unknown. 


Table  II  A1  Content  and  Void  Nucleatlon  Strains 


Alloy  A1  Content 


En  tor  ^  "  1200 
TSK 


Tl-10V-2Fe-3Al 

Tl-4.5Al-5Mo-l.5Cr 

Tl-5 . 25A1-5 . 5V-0 . 9Fe-0 . 5Cu 


*vold  nucleates  near  the  yield  strain 

Williams  and  Luetjering  (9)  have  shown  that,  as  the  A1  content  of  a  increases, 
the  planarity  of  slip  increases.  Consequently,  at  higher  A1  contents  slip 
concentrates  at  the  head  of  the  slip  band,  and,  as  a  result,  void  nucleatlon 
occurs  more  readily. 

In  Fig.  6  mpeclmcna  UID  and  2H  reveal  linear  void  growth  over  the  entire 
range  of  void  growth,  while  specimens  ID  and  3W  demonstrate  linear  void 
growth  for  only  a  portion  of  the  void  growth  curve.  No  void  coalescence  was 
observed  for  specimens  DID  and  2H,  while  void  coalescence  was  seen  In  specl- 
msnts  ID  and  3N  at  the  end  of  the  linear  void  growth  stage.  Linear  void 


2H 


growth  accompanying  the  abaence  of  void  coaleacence  was  seen  earlier  (1) , 
and  the  onset  of  non-llnear  void  growth  with  the  onset  of  coalescence  was 
observed  In  CORONA  5  (A). 

Fracture  Strain,  ef.  Fracture  Stress  and  Longest  Void  at  Fracture.  If 

It  Is  of  Interest  to  note  for  the  E  a  structures  that  ef  increases  as  Cn  In¬ 
creases,  Fig.  8,  that  la.  the  longer  void  nucleatlon  can  be  postponed,  the 
larger  will  be  the  strain  to  fracture. 


Fig.  8:  Fracture  Strain  Cf,  as  a  Fracture  of  Nucleatlon  Strain,  en. 

Fig.  9  is  a  plot  of  the  fracture  stress  corrected  for  necking,  Ofc  as  a 
function  of  Lf"’.  It  will  be  recalled  that  Lf  Is  the  next  to  the  longest 


Fig.  9;  Fracture  Stress  Corrected  for  Necking,  Ofj.,  as  a  Function  of  Lf"*! 

void  at  fracture.  It  is  found  quite  close  to  the  fracture  surface  and,  con¬ 
sequently,  there  Is  little  difference  between  the  stress  of  the  fracture  sur¬ 
face  and  the  position  at  which  If  Is  found.  A  linear  relationship  is  evident 
between  Of c  and  Lf~^  as  was  found  earlier  (1) .  The  data  include  results  from 
both  E  and  W+GB  o  structures.  As  noted  earlier,  the  true  stress-true  strain 
curves  for  the  w  a  structures  follow  the  3W  curves.  The  slopes  of  the  curves 
do  not  differ  greatly  and  it  Is  probably  for  this  reason  that  the  data  lie 
on  a  single  curve. 

The  data  of  Fig.  9  extrapolate  at  Lf~^0  to  1325HPa,  a  stress  which  lies 
above  the  yield  stress  of  any  of  the  structures.  The  stress  level  is  con¬ 
sistent  with  the  observation  that  there  Is  an  Incubation  strain  for  E  a  struc¬ 
tures.  The  void  growth  curves  of  NhGB  a  structures  do  not  allow  a  determina¬ 
tion  of  whether  or  not  an  Incubation  strain  exists.  Fig.  9  suggests  that  an 
Incubation  strain  does  exist  for  the  V+CS  a  structures.  No  other  physical 
Significance  can  be  attached  to  the  value  of  132SMFa. 
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Correction: 


Mote  In  Fig.  3  the  designations  2H  and  ID  have  been  interchanged. 
The  triangular  symbols  refers  to  ID  and  the  square  symbols  to 


2H. 
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OP  BETA-C*  (Ti-3Al-8V-6Cr-4Mo-4Zr)  SHEETT 
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Abstract 

Beta-C^  is  a  metastable  beta  titaniun  alloy  tdxich  is  heat  treatable  to 
a<Meve  good  corbinations  of  strength,  ductility,  and  notch  toughness. 
Although  beta-titaniim  alloys  have  a  hi^  tolerance  for  hydrogen,  it  is  not 
clear  vhether  hydrogen  affects  the  pr^wrties  of  Beta-C*  in  the  heat  treated 
condition  which  contains  a  high  volune  fraction  of  alpha  phase.  This  stui^ 
explores  the  effects  of  hydrogen  on  the  structure  and  properties  of  Beta-<^ 
in  both  the  solution  treated  and  solution  treated  and  aged  conditions. 
Tensile  and  bend  properties  and  notch  strength  were  evaluated  at  several 
hydrogen  levels.  In  the  solution  treated  condition,  it  was  found  that 
hydrogen  levels  up  to  900  Hpm  had  relatively  minor  effects  on  tensile  and 
bend  properties,  but  had  significant  effects  on  aging  response.  In  the  fully 
aged  condition,  hydrogen  had  no  detrimental  effects  on  tensile  and  notch 
stress  rupture  properties. 


Introduction 

Beta-C^  (Ti-3Al-8V-6Cr-4Ho-4Zr)  is  a  metastable  beta  titanixm  alloy  which  is 
beat  treatable  to  achieve  good  conbinations  of  strength,  ductility  and  notch 
toughness.  In  general,  beta  titaniun  alloys  have  a  high  tolerance  for 
hydrogen  due  to  hi^  solubility  of  hydrogen  in  the  beta  phase  thich  also  acts 
as  a  beta  stabilizing  element.  Hydrogen  solubility  on  the  order  of  4000  pctn 
(parts  per  million  by  weight)  has  bean  reported  in  several  beta  titaniun 
alloys,  vhereas  the  solubility  inalphs  and  alpha-beta  alloys  is  on  the  order 
of  200  ppm  at  room  tenparatura.^^ 

Some  limited  data  on  Beta-d’’  in  the  solution  treated  condition  (all  beta 
phase)  showed  that  up  to  3600  ppm  hydrogen  incxaasad  strength  modestly,  but 
the  affects  on  ductility  were  iwt  reported.^'  It  is  not  clear  vhatbar 
increased  hydrogen  affects  Beta-C*  machanical  properties  in  the  fully  beat 
treated  (aged)  condition  idiich  contains  a  hi;^  voluna  fraction  of  alpha  phasa 
in  tba  bata  imtrix.  Thera  is  lindtad  data  on  beta  alleys  which  suggests  that 
increasing  hy^pgen  content  dacraasaa  the  rata  of  alpha  phasa  pracipitaticn 
during  aging. Thera  also  is  some  avidanca  that  the  morphology  and 
distribution  of  al^m  i^usa  changes  with  increasing  hydrogen  content 

The  effects  of  hydrogen  on  aging  kinetics  in  Beta-C?  have  not  been  reported 
and  the  purpose  of  the  present  study  was  to  axplora  tba  affects  of  incraasad 
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hydrogen  on  Beta-C^  in  both  solution  treated  and  solution  treated  and  aged 
coiditions.  Sheet  chosen  for  this  study  because  of  the  greater  tendency 
for  sheet  products  to  pick  up  hydrogen  during  themonechanical  processing, 
heat  treating  and  pickling.  Current  specification  requirements  allow  200  pm 
nax  hydrogen  aitd  it  was  decided  to  explore  levels  well  above  this  limit. 

Procedure 

Beta-C^  sheet,  0.060  inch  (1.5  nm)  thick,  was  solution  treated  at 
1500*F(81S‘C)-30Min-Air  Cool  ai^  analyzed  for  hydrogen  at  124  pm-  full 

chemistry  for  this  heat  is  shown  in  Table  I .  This  material  was  used  for  the 
low  hydrogen  level.  Additional  solution  treated  sheet  sanples  were  pickled 
in  a  solution  of  20  vol%  HF  -  10  vol%  -  70  vol%  H2O  for  7  1/2  ndn.  and 
15  min.  to  achieve  target  levels  ot  500  amd  1000  pm  hydrogen, 
respectively.  Pickled  satples  were  re-solution  heat  treated  at 
1450*F(788*C)-30Min-AC  to  achieve  hydrogen  uniformity  throughout  the  section 
thickn^s.  Tensile  and  bend  properties  were  measured. 

Additional  solution  treated  and  hydrogen  charged  sheet  material  was  aiged  at 
900‘P  (482*0,  1000‘F  (538*0  and  1100*P  (593*0  from  2  to  48  hrs.  to 
determine  effects  of  hy^ogen  content  on  aging  response.  Based  tvon  aged 
hardness  results,  additional  sanples  were  aged  at  900*F  (482*C)  for  various 
times  at  the  three  hydrogen  levels  for  the  determination  of  tensile  and  notch 
stress  rupture  prc^erties  and  aged  microstructures. 

To  determine  the  effects  of  hydrogen  in  the  aged  ccnditicn,  sanples  were 
solution  treated  and  aged  at  9S0*P  (510*C)  for  18  hrs.  followed  by  pickling 
to  achieve  high  hydrogen  levels.  Tensile  properties  were  evaluated. 

Table  I.  Convosition  of  Beta-C^  Heat  in  the  Present  Study  (wt%) 


M 

V 

CK 

Ha 

Zr 

Fe 

3.3 

7.9 

6.1 

4.1 

3.9 

.08 

.096 

.0124 

Results  end 


Solution  treated  tensile  tests  versus  hydrogen  level  after  pickling  are  showi 
in  Figure  1.  There  was  a  slight  increase  in  tensile  strength  of  about  10  ksi 
(68.9  MPa)  in  going  from  124  pm  in  the  base  condition  to  900  nca  \  at  tlto 
highest  level.  Interestingly,  the  yield  strength  dropped  approximately  12 
ksi  (82.7  MPa)  from  low  to  hifdi  fU  levels.  Tensile  elongation  also  draped 
about  3%  between  low  and  high  levels.  Bend  properties  shown  in  Table  II 
indicated  no  adverse  effects  of  hydrogen  and  samples  at  all  H*  levels 
successfully  passed  a  radius/thidcness  band  ratio  of  3.5,  wdch  is 
satisfactory  for  sheet  material. 
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Table  II. 

Beta-C*  Sheet  .060-Inch  (1.5  mn)  -  Bend  Test  Results 
S.T.  Conditicn  Only 


The  effects  of  hydrogen  on  aging  response  are  shown  in  Figure  2.  For  all 
three  aging  temperatures  (900*P  (482*C),  lOOO'F  {538’C),  and  1100*F  (593"C)) 
at  16  hours,  there  was  a  significant  reduction  in  the  aged  hardness 
indicating  that  hydrogen's  beta  stabilising  effect  retarded  the  foimtion  of 
alpha.  Additional  aging  treatments  were  conducted  at  900*F  (482*C)  for  up 
to  48  hrs.  and  the  hardness  results  shown  in  Figure  3  indicate  that  for 
medium  and  high  Hj  content  (322  ppn  and  834  ppm,  respectively),  mximm  aged 
hardness  (Rc  40)  was  achieved  in  32  and  48  hours,  respectively. 


FIGURE  3. 
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Based  upcn  hardness  results,  various  aging  treatments  were  established  for 
each  hydrogen  level  to  aim  for  low  (150  ksi  (1034  MPa))  and  higAt  (190  ksi 
(1310  MPa))  strength  conditions  as  shoan  in  Taible  III.  Tensile  results  for 
the  low  strength  condition  are  shown  in  Figure  4.  It  is  seen  that  the  mediun 
and  high  H2  levels  well  exceeded  the  150  ksi  (1034  MPa)  tensile  strength 
goal  vdtereas  the  low  Hj  base  nmterial  was  below  the  goal  at  139  ksi  (958  MPa) 
tensile  strength.  Tensile  ductility  appeared  to  decrease  with  increasing 
hydrogen,  however,  this  may  be  due  to  the  higher  strength  levels  rather  than 
to  hydrogen  per  se. 


Table  III. 

Beta-<^  Sheet  .060-Indi  (1.5  mtn) 

900*P  (482*C)  Age  Study  vs.  Hantoess  6  Strength 


;  :  -Med  %  .  ' 

Hi  ^ 

Low  Strength 

150  ksi  (1034  MPa) 

900*F 

900"F 

900*F 

Rc  32 

2  hrs. 

6  hrs. 

24  hrs. 

Hi  Strength 

190  ksi  (1310  MPa) 

900*F 

900*F 

900'F 

Rc  40 

16  hrs. 

32  hrs. 

48  hrs. 

nooRB  4. 
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Tensile  results  for  the  high  strength  aged  condition  are  shown  in  Figure  5. 
In  this  case,  all  three  hy^ogan  levels  mat  the  goal  of  190  ksi  (1310  MPa) 
tensile  strength  with  a  slight  decraase  in  strength  noted  with  increased 
hydrogen  content.  Tensile  ductility  showed  sn  increase  at  higher  hydrogen 
levels,  reflecting  the  lower  strength  trend  noted  above. 


Notc^  stress  rupture  tests  were  condix^ed  at  rocnt  tenperature  for  both  low 
and  high  strength  aged  conditions.  Samples  were  loaded  at  stresses 
equivalent  to  the  ultimate  tensile  strength  and,  in  some  cases,  at  a  stress 
level  25%  greater  than  the  tensile  strength.  Tests  were  held  for  24  hours 
or  until  failure  as  noted  in  Table  IV.  All  hydrogen  levels  passed  the  notch 
embrittlement  test  at  the  equivalent  tensile  strength  levels  except  for  one 
low  hydrogen  sample  broke  throu^  the  holding  pin  hole  during  loading. 

The  results  indicate  that  hydrogen  ente-ittlenent  as  measured  by  this  type  of 
test  is  not  apparent  at  hydrogen  levels  up  to  about  800  ppm. 

Table  IV. 

Beta-Cr*  Sheet  .060-Inch  (1.5  mm) 

Notch  Stress  Rupture  Test  ~  K,  =  4.5 
Solution  Treated  at  14S0*P  (7B8‘C) 

Pickled 

Aged  at  900*F  (482‘C)  for  Selected  Times 


candhtidiik.' 

dtmtio:  Stireasi::: 

:  Test:  Ooratlon 

■  Imil  ^(liPa)  . 

' '  l.^asurm : 

Low  Kj 

137  (945) 

137  (945) 

24+ 

Low  H2 

140  (965) 

176  (1213) 

<0.1 

Low  Hj 

213  (1469) 

213  (1469) 

<0.1* 

Low  H] 

219  (1510) 

276  (1903) 

<0.1 

Mad  ^ 

205  (1413) 

205  (1413) 

24+ 

Had  ^ 

220  (1517) 

220  (1517) 

24+ 

Hi  H] 

182  (1255) 

182  (1255) 

24+ 

Hi 

207  (1427) 

207  (1427) 

24+ 

*Brake  through  hole  upon  loading 

Micro^ruetures  for  low,  mediun  and  hifdt  %  levels  in  the  low  strength  aged 
condition  are  ahoHn  in  Figures  6,  7,  and  8,  re^pactlvelT,  nd  in  the  high 
strength  aged  oondltion  in  Flguras  9,  10,  nd  11,  respectively.  Inooeplete 
aging  is  evident  (Figure  6)  for  the  low  Hj  -  low  stcangth  anterial  which 
accoints  for  the  low  tensile  strength  observed.  A  fairly  uniform  fine 
needleliks  alpha  precipitate  is  observed  for  the  nsdiui  and  hi^  IL  -  low 
strength  materials  (Figures  7  and  8).  Soma  grain  houdary  dmoudation  is 
apparent  for  both  samples  and  the  hitter  &  Material  hn  a  ooerser,  lass 
danse  alpha  structure  which  may  be  relatsa  to  the  longer  aging  time,  to 
inherently  higher  content,  or  both. 


900*P-2Hrs-»C 

900*P-fflrs-»C 

Low  Hydrogen 

Mad  Hydrogen 

Figxire  6. 

Figure  7. 

900’r-2«ra-M;  900*r-lMts-M: 

Hi  Hrdrogm  Lom  Ridrogn 
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Figur*  9. 


900*F-32Rts-AC 
Hed  Hydrogen 


900*P-4aHrB-M: 
Hi  Hydrogen 


Figure  10.  Figure  11. 

For  the  high  strength  cendition,  ndcrostruetures  iiere  similsr  for  all  three 
hydrogen  levels  with  some  al^  coarsening  cteerved  at  Icxiger  aging  tines. 
These  structures  correspond  to  the  observed  tensile  strength  data  which 
showed  a  drop  off  in  strength  at  the  hi^r  hydrogen  levels  whidt  ippear 
related  to  the  coarsening  of  the  alpha  platelets.  Xt  is  not  clear  from  this 
study  tdtether  hydrogen  danges  the  alpha  dmse  morphology  during  aging  since 
aging  tiiMs  were  not  constant.  Additional  work  is  needed  to  better 
understand  the  effects  of  hydrogen  on  alpha  phase  morphology. 

Adding  hydrogen  after  aging  increased  tensile  and  yield  strength  slightly 
with  no  dmnge  in  tensile  elongation  as  shoan  in  Figure  12.  Xt  appears  that 
hydrogen  pidrap  from  pickling  or  diem  ndlling  after  aging  is  not  detrisantal 
to  ductility.  Additional  testing  is  probably  warranted  to  better  assesB  the 
effects  of  post-age  hydrogen  exposure. 

FIOXS  12. 


ConclusioM 


Hydrog«i  levels  tv  to  900  ppn  had  relatively  minor  effects  on  solution 
treated  tensile  and  band  properties.  Hydrogen  pickup  before  aging  had 
significant  effects  on  aging  response  at  900'F  (482*C),  lOOO’F  (538*C),  and 
llOO'F  (593*0 .  To  ackieve  conparable  aged  hardness  levels,  aging  tines  at 
900*F  (482*0  had  to  be  extended  to  48  hours  for  hi^  hfdi^ogen  material 
conpared  to  16  hours  for  low  Ivdrogen  material.  Hydrogen  levels  w  to  800 
nim  had  no  detrinantal  effect  on  tensile  ductility  or  notch  nature  strength 
in  the  aged  condition.  Hydrogen  pidcup  of  500  pgm  after  aging  had  negligible 
effect  on  tensile  strength  and  ductility.  Hydrogen  levels  up  to  900  ppm  did 
not  appear  to  sigiificantly  change  alpha  phase  morphology  during  aging 
treatments,  however,  observations  were  con£o«ax)ed  by  differences  in  aging 
times  and  more  work  is  needed  to  fully  characterise  alpha  phase  morphology 
during  aging.  Also  needed  is  data  on  the  effect  of  hydrogen  pidap  on  beta 
transus  and  the  relationship  of  beta  transus  to  aging  kinetics. 
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Abstract 

A  two-stage  approach  is  proposed  as  a  sieans  of  quantifying  the  textures  of  a- 
based  titanium  and  titanium  alloys .  In  the  first  instance,  where  there  are  only 
one  or  two  pole  figures  available,  it  is  argued  that,  of  the  available  methods, 
the  calculation  of  the  (Reams)  f-factor  is  the  aiost  appropriate.  Bxaay>les  are 
then  given  of  the  f-factors  for  three  sets  of  eiqierimental  pole  figures .  In  the 
second  approach,  idien  there  are  three  or  more  pole  figures  available,  it  la 
advisable  to  use  the  Orientation  Distribution  Function.  Some  of  the  ways  of 
presenting  this  information  and  the  parameters  and  Information  that  can  be 
extracted  from  the  Function  are  given  using,  in  order  to  link  the  two 
approaches,  an  example  one  of  the  data  sets  for  which  f-factors  were 
calculated. 


Historically,  the  textures  of  titanium  alloys,  as  well  other  sietals  and  alloys, 
have  been  represented  by  pole  figure^),  and  many  examples  of  such  figures, 
usually  for  (0002)  and  possibly  (1010),  can  be  fou^  in  the  literature. 
However,  the  major  disadvantage  with  these  pole  figures  is  their  qualitative 
nature  and  hence  the  difficulty  in  coa^rlng  them  and  in  relating  them  to 
amchanical  and  physical  properties.  This  paper  will  address  the  two  means  of 
overcoming  this  disadvantage  by  proposing  a  two  stage  approach  to  the  texture 
evaluation  of  a-based  titanium  alloys. 

In  the  first  Instance,  quantitative  data  from  Individual  pole  figures  amy 
suffice  and  it  is  suggested  strongly  that  the  amthod  proposed  by  Reams  (1}  for 
sirconium  alloys,  to  calculate  what  are  tensed  f-factors,  bo  adopted  for  this 
purpose.  The  basis  of  the  calculation  of  (Roams)  f-factors  will  be  given, 
together  with  soew  examples  of  the  types  of  f-factors  for  a  nuaber  of 
experlawntal  pole  figures.  Other  paraawters  that  liave  been  proposed  to  quantify 
individual  pole  figures  will  also  be  considered. 


In  other  instances,  such  information  from  individual  pole  figures  will  be 
insufficient.  In  tliese  cases  it  is  necessary  to  pool  the  information  from  a 
number  of  pole  figures  in  order  to  extract  precise  crystallographic  data  in 
terms  of  the  Orientation  Distribution  Function  (OOF)  [2] .  The  paper  will 
provide  a  brief  introduction  to  OOF'S  to  illustrate  soaw  of  the  types  of 
information  that  can  ba  extracted  from  the  OOF,  using  as  an  example  the  further 
processing  of  one  of  the  data  sets  used  for  f-factor  calculations  in  order  to 
provide  a  read-across  between  the  two  approaches. 
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The  sinplest  means  of  quantifying  an  Individual  pole  figure  is  to  make  use  of 
the  parameter  proposed  by  Kearns  [1],  namely  the  f-factor,  which  represents  the 
effective  volume  fraction  of  poles  lying  along  a  reference  direction.  Usually 
one  defines  an  orthogonal  set  of  axes,  conveniently  taken  to  be  the  rolling, 
transverse  and  short  transverse  directions  (HIT  in  Figure  la) ,  and  calculates 


'erjittoi 


Figure  1.  (a)  orientation  of  unit  cell  axis  (PQM)  in  relation  to  s^uBple  axis 
(NLT) ;  (b)  choice  of  reference  axis  system  (PQR  or  PQ'R')  within  unit  cell. 
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Figure  g.  Pole  figures  for  a  12. San  thick  Ti-SA1-4V  rolled  plate  (a)  (0002); 
(b)  (1010);  (c)  (1120).  Contours:  1,2,4,6,8,10,12  (xrandom)  . 


the  f-factor  in  each  of  these  directions.  This  f-factor  is  defined  by  tlw 
equation: 

x/2 

fi  <•  /  I,  sin^  cos*#  d# 


where  1  -  can  be  the  N,  L  or  T  direction,  #  is  the  angle  between  the  [0001]  and 
reference  directions  and  Ip  is  the  average  pole  density.  Values  of  f  will  vary 
froei  0  to  1. 

It  can  be  shown  that  the  sum  of  the  f-factors  for  these  three  directions  must 
bo  unity  and  that  f>0.333  will  tepreaent  the  isotropic  (random)  ease.  Rote  that 
Reams  [1]  only  considered  the  (OOOl]  direction  but  subsequent  researchers  have 
extended  this  to  include  priam  poles  as  well;  with  the  result  that  Rally  and 
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Nataon  [3]  proposed  that  the  enplrlcal  equation  should  hold. 

Bxaaplas  of  f-factors  for  a  titanium  specimen,  in  this  case  a  Ti-6A1-4V  plate 
idioae  pole  figures  are  shown  in  Figure  2,  are  listed  in  Table  I.  These  data 
show  that: 

(1)  f.<i.<t  is  Indeed  equal  to  unity  for  the  (0001],  (loTO]  and  (1120]  poles;  and 
(ii)Zf/>fiMi-f2fiBTc'*l  is  also  true. 


Table  I  Values  of  f-tactora  calculated  for  the  T1-6A1-4V  plate  shown  in  Figure 


Pole 

f. 

fi 

f. 

0002 

0.211 

0.274 

0.514 

0.999 

loTo 

0.369 

0.335 

0.296 

1.000 

ll^O 

0.401 

0.356 

0.243 

1.000 

If. 

0.949 

0.944 

1.106 

If. 

0.961 

0.965 

1.053 

However,  if  a  convenient  crystallographic  orthogonal  axis  is  chosen  vis  (0001] , 
(1010]  and  [1120]  (FQRS  in  Figure  la),  then  it  is  argued  that  the  sum  of  f- 
factors  in  these  three  directions  (for  any  given  sanpla  direction)  must  also 
tw  unity  le  £f(~f«Mi+fioTt'*'fiiTo*i*  Exasdnation  of  the  £f,  data  in  Table  I  shows 
that  this  is  Indeed  the  case  to  within  ~S%  (whereas  the  agreesmnt  for  Zfp  is 
■>10%) .  Note  that  if  one  considers  pole  figures  re-calculated  from  the  ODF,  then 
this  agreement  becomes  exact  (A  N  Bowen  unpublished  work) .  It  is  clear 
therefore  that  this  latter,  more  rigorous,  £f,  equation  should  be  preferred  to 
the  £fp  equation  proposed  by  Kelly  and  Watson  (3] .  The  accuracy  of  these,  and 
other,  f-factors  is  about  ±0.02  or  less,  which  is  the  level  of  repeatability 
obserrad  by  the  author  for  many  other  speclstens  and  also  reported  in  round- 
robin  tests  (eg  4«5] . 

Knorr  and  Pelloux  (6]  list  a  nuaber  of  other  parasmters  t>iat  have  been  proposed 
as  a  smana  of  representing  pole  figures.  None  of  these  appears  to  offer  any 
clear  advantage  over  f-factors;  for  Instance,  none  provides  data  for  three 
orthogonal  directions  in  a  stuaple.  Nevertheless,  for  the  sake  of  coatpleteness. 
Table  II  lists  sosw  of  these  parasieters  for  the  same  T1-6A1-4V  plate  la  Figure 
2,  together  with  a  representation  of  the  severity  of  tlw  basal  pole  figure 
(expressed  as  the  root  swan  square  deviation  of  the  (0002)  pole  figure  from 
random  (which  is  assigned  a  value  of  zero)).  Although  Knorr  and  Pelloux  [6] 
claim  sosm  virtues  in  using  their  parameters,  there  is  no  clear  evidence  for 


Table  II  (hiantitative  data  for  the  (0002)  pole  figure  shown  in  Figure  2, 
according  to  the  paraamters  listed. 


Parameter  (adnisaim  and  amxiaum 

longitudinal 

Transverse 

values  indicated  where  luiown) 

direction 

direction 

Kallstrom  et  al  [7] 

F  (-1  to  1) 

-0.263 

-0.747 

Dahl  et  al  [8] 

1st  moment 

■H 

1.273 

2nd 

1.700 

std  deviation  (SD) 

0.282 

Knorr  and  Pelloux  [6] 

F,  (-1  to  1) 

0.743 

0.922 

f. 

0.632 

0.873 

SD  (0  to  0.308  (not  0.303  [9])) 

0.282 

0.152 

ratio  of  integrations  S  (0  to  1) 

0.322 

basal  plane  severity  parameter  (9} 

1.096 
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doing  so.  Moreover,  too  much  ei^hasls  on  the  further  analysis  of  individual 
pole  figures  is  likely  to  detract  from  the  more  important  task  of  quantifying 
multiple  pole  figures  and  building  up  a  reliable  ODF  database. 

Applications  of  f-f actor  calculations.  There  follows  three  exai^les  to 
illustrate  how,  from  individual  pole  figures,  it  is  possible  to  obtain 
^antitative  data  that  permits  more  definitive  conclusions  to  be  drawn  than 
just  from  a  qualitative  description  of  these  figures  (I  ~  error  bar  in  Figs  3- 


(i)  Superplastlcally  deformed  Ti-6A1-4V  llO]  -  This  paper  showed  that  with 
increasing  superplastic  strain,  an  initially  anisotropic  plate  of  titanium 
became  almost  isotropic.  Re-analysis  of  the  pole  figures  generated  during  this 
investigation,  to  calculate  f-f actors,  gave  the  results  in  Figure  3.  It  can  be 
seen  that  the  Initially  wide  spread  in  f-factors  is  progressively  reduced  by 
superplastic  deformation  but,  even  after  a  strain  of  1.15,  the  values  have 
clearly  not  reached  those  of  a  random  HIFed  sample  (f~0.32-0.34)  .  Furthermore, 
the  changes  in  texture  are  such  that  considerably  more  strain  would  be  required 
to  achieve  a  truly  random  texture. 

(ii)  Heat-treated  Ti-6A1-4V  [11]  -  Heat  treatment  at  increasingly  higher 
temperatures  resulted  in  a  weakening  of  an  initially  anisotropic  texture,  but 
it  is  clear  from  the  f-factors  calculated  from  representative  pole  figures  for 
these  heat  treatments  (Figure  4) ,  that  it  is  not  until  the  p-transus  is 
exceeded  Is  a  random  texture  (ie  f,-f,-0.33)  likely  to  be  achieved.  In 
addition,  this  transition  is  likely  to  occur  rapidly  over  a  relatively  shoirt 
temperature  range  close  to  the  P-transus. 

(lii)  Rolled  IMI829  [12]  -  Processing  of  this  round  bar  produced  significant 
changes  in  Young's  Modulus  (E) .  Re-analysis  of  the  original  pole  figures  to 
calculate  f-factors,  which  produced  the  data  plotted  in  figure  5,  showed  a 
consistent  trend  between  the  proportion  of  basal  poles  in  the  stress  axis  and 
E.  Clearly,  such  a  figure  could  be  used  as  a  means  of  predicting  E  and  would 
be  of  use  in  quality  control  during  processing,  obviating  the  need  for  test 
piece  machining  and  testing. 

Quantitative  data  from  multiple  pole  fictures 

The  interpretation  of  pole  figures  in  terms  of  ideal  orientations  is  prone  to 
uncertainty  in  all  but  the  simplest  of  cases,  with  the  consequence  that  the 
more  rigorous  OOF  method  was  devised  some  years  ago  [2]  .  In  this  method  an 
unambiguous  means  of  representing  ideal  orientations  (which  are  what  we  are 
trying  to  identify)  was  devised,  into  which  is  fitted  the  pole  figure  data. 
Here,  two  orthogonal  reference  axes  are  chosen,  one  for  the  crystal  (PQR5  in 
Figure  la)  and  the  other  for  the  specimen  (NLT  ir  Figure  la),  and  each  ideal 
orientation  is  represented  by  the  degree  of  mls-match  between  these  two  sets 
of  axes.  The  mis-match  la  represented  by  what  are  termed  the  Euler  angles, 
irtilch  are  the  three  angles  through  which  one  must  systematically,  and 
consistently,  rotate  to  get  coincidence .  These  angles  are  represented  by  either 
the  Bunge  (#i,0,f„  as  in  this  paper)  or  Roe  notations,  which  have  a 
simple  relationship  to  each  other  [2] .  Unlike  cubic  crystals,  however,  where 
the  standard  cube  projection  presents  no  ambiguity,  there  are  two  options  in 
the  choice  of  crystal  reference  system_for  hexagonal  crystals,  vis  the  X- 
direction  can  either  be  parallel  to  <loTo>  or  <1120>  (le  the  systems  PQR  or 
PQ'R'  in  Figure  lb) .  Exainples  of  both  systems  can  be  found  in  the  literature. 
In  addition,  exact  values  of  the  Euler  angle  will  depend  on  the  c/a  ratio.  In 
the  first  instance,  it  is  possible  to  present  a  section  through  Euler  space, 
irtiere  there  is  an  immediate  similarity  to  a  pole  figure.  However,  unlike  a  pole 
figure,  each  position  (peak)  in  the  OOF  corresponds  to  a  unique  combination  of 
{hkll)<uvtw>  with  the  result  that  the  texture  components  can  be  identified. 

It  should  be  noted,  however,  that  a  potentially  powerful  addition  to  this 
conventional  (macro)  approach  to  texture  analysis  using  X-ray  (or  neutron) 
diffraction  is  to  calculate  the  OOF  from  the  Euler  angles  of  grains  whose 
orientations  have  been  detenained  in  the  scanning  electron  microscope  from 
their  electron  back-scattered  diffraction  patterns  (BBSP)  [13] .  Because  of  the 
very  selective  nature  of  this  technique,  it  should  be  possible  to  study  very 
local  changes  in  texture;  for  instance,  recrystallisation  nucleli.  To  avoid 
confusion  with  data  generated  from  conventional  (smcro)  OOF,  it  might  be 
appropriate  to  refer  to  the  Information’  from  EBSP  as  aUcro-OOP  data . 
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rlgux*  6.  Orientation  density  along  the  (lOTO]  (0001>>(2110]  (GOOD -[1100}  (0001) 
Cibre  axis  of  the  OOF  for  the  Ti-6A1-4V  alloy  superpast ically  deforaed  in  the 
transverse  direction  to  the  strains  indicated. 


Suparplostle  true  etrain 

Figure  7.  Texture  severity,  J,  as  a  function  of  superplastic  true  strain  for 
transversely  stressed  test  pieces  of  the  Ti-SAi-4V  alloy.  J>1  for  a  randoe 
texture. 
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*Bolle*tion  of  PDF  analvala.  To  Illustrate  some  of  the  additional  infomation 
that  can  be  extracted  from  the  quantitative  analysis  of  multiple  (usually  3  or 
4)  pole  figureSf  the  OOFs  rf  the  superplastically  deformed  samples  in  Figure 
3  have  been  determined.  To  shoe  hoe  the  texture  changes  as  a  function  of 
•ppiled  strain  it  Is  possible  to  plot  the  density  variation  along  a  fibre 
throng  the  OOF.  These  curves,  in  Figure  6,  illustrate  hoe  the  original  texture 
just  'melts'  aeay  elth  Increasing  applied  superplastic  strain,  as  the  strain 
is  accnemtndited  floe  in  the  fl-phase  (10,14],  and  no  other  texture  coaponents 
are  produced.  Su^  Information  cannot  be  extracted  from  the  individual  pole 
figures.  A  further  useful  parameter  that  can  be  extracted  from  the  ODF  is  the 
overall  severity  of  the  texture,  represented  by  the  J-index  [2] .  This  parameter 
reveals  how  the  overall  texture  intensity  weakens  rapidly  at  low  strains  and 
then  decreases  more  gradually  (Figure  7)  .  In  fact,  this  figure,  on  a  log  strain 
scale,  shows  that  the  weakening  in  the  texture  is  linearly  dependent  on  the 
applied  stain.  From  such  a  figure  it  could  be  argued  that  a  fully  random 
texture  will  never  be  produced  under  these  conditions  [10,13],  because  no 
significant  texture  changes  occur  at  strains  greater  than  -0.75.  Similar  trends 
axe  apparent  in  Figure  3  but  they  are  not  so  clearly  defined. 

Recommendations 

Textures  in  a-based  titanium  alloys  should  be  quantified  in  either  of  two  ways: 

1.  If  there  are  only  one  or  two  pole  figures,  these  should  be  quantified  using 
the  (Kearns)  f-factor  approach,  making  use  of  the  equation  £f .■‘f Moi+f ioTo''^^nT>''l  • 

2.  If  there  are  three  ox  four  pole  figures  the  ODF  approach  should  be  used, 
where  it  is  possible  to  uniquely  identify  texture  components  and  to  determine 
the  overall  and  detailed  changes  in  texture  in  a  quantitative  manner. 
Additionally,  mlcro-WF  data  can  be  generated  by  the  EBSP  technique. 
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TOE  EFFECT  OF  PROCESS  RCXJTE  AND  RARE  EARTH  CX)NTENT  CW  THE 


MICROSTRUCTURE  AND  HMWERTIES  OF  A  PM  UTANIUM  ALLOY 
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A  powder  metallurgy  titanium  alloy,  with  and  widiout  erbium,  was  evaluated  after  HIP, 
extrusion,  rolling  and  forging.  Processing  was  perftwmed  in  the  beta  phase  field  and  all 
materials  were  (pven  a  dii^  a^  heat  treatment  The  beta  HIP  mkrostructures  consisted  of 
equiaxed  prior  beta  graiM  containing  aligned  alpha  colonies.  The  erbium-containing  alloy  had  a 
si|nificandy  reduced  prior  beta  nainsuge  compared  10  the  eibium-fiee  alloy.  The  beta  processed 
nircrostructuies  for  the  erbium-nee  alloy  shov^  large  elongaied  prior  ben  grains  containing  a 
mixture  of  basketweave  and  aligned  al^a.  The  betaiwocen^  microstructuies  of  the  erbium- 
containing  alloy  consisted  of  very  fine  etongated  prior  beta  grains  with  aligned  alpha  colonies. 

Tensile,  creep  and  fracture  trwgimss  properties  ttf  the  beta  processed  and  direct  aged  alloys 
were  measut^  Tensile  properties  showed  the  hi^xat  strengths  were  achieved  in  extnxM 
materials.  The  high  strengths  were  related  to  c-axis&gnment  of  the  al^  plates  in  die  extrusion 
direction.  Dispersion  strengthening  from  the  erWum-rich  particles  wu  not  obsenred,  since 
considerable  coarsening  occurred  during  beta  consolidation  and  processing.  The  ^inm 
addition  generally  resulted  in  decreased  ductilities.  Extruded  materials  had  the  best  cteqi 
strengths  due  to  Aeir  highly  elongated  prior  beta  grain  structures.  The  cr^  strengths  were 
gene^y  lower  for  the  erbium-oontaiiung  aDw  due  to  itt  more  refined  miaostructnre.  The 
nacture  tou^uiess  qipeaied  to  be  independent  of  both  processing  route  and  erbium  comem. 
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InlrodiictiQB 

Rapid  soUdUkatioii  processing  has  been  identified  as  a  way  of  increasing  the  tempentme 
ci^bility  of  titanium  alloya  [1].  Following  the  development  of  rqiid  solidi&ation  lechniqaes 
[1],  rare  earth-oontaining  dloy  compositions  were  developed  that  had  increased  high  teoqientme 
tensile  and  crm  streng^  [2].  m  one  such  sdidy,  a  powder  alloy  wu  developed  that  had 
sign^antly  himer  ceniile  and  creep  strengths  at  650PC  than  cunent  commercially  availaUe 
titanium  allm  P].  The  material  was  produced  by  gas  atomizatioo,  HIP  consolidated,  extruded 
and  given  either  a  dhea  age  or  beta  solution  and  age  heat  treatment. 

Recently,  a  program  was  initialed  between  dm  General  Electric  Company  and  tiie  Naval  Air 
Warfare  Center  (NAWQ  to  investigate  a  wide  range  irf  process  routes  and  rare  eartii  levels  on 
the  microstructure  and  properties  ofpowder  titanium  aUoya  [3].  Hie  work  reported  in  tins  pt^ 
describes  die  effects  of  beta  processing  on  the  mioDMinctoral  development  and  mechanical 
properties  of  a  near-alpha  ponte  titanium  alloy  widi  and  without  erbium. 

EMMimnitalRocediire 
Alloy  Selection  and  Powder  Production 

The  nominal  compositions  of  two  alloys  used  in  dus  aoidy,  designated  AF2-(&aad  AF2-05Er 
are  listed  in  Table  1.  The  AF2-0Er  base  it  a  near  alpha  alloy  containing  aluminum,  tin  and 
zirconium  for  alpha  phase  strengdieiting,  hafninm,  niobium  and  ruthenium  for  beta  phase 
strengthening,  and  silicon  and  gennanium  for  strain  age  strengthening.  AF2-0  JEr  contains  a 
OJ  atom  percent  etUnm  addition  to  fistm  a  diqiersoid.  The  alloy  powites  were  atomized  in  a 
gas  atomizing  unit  consisting  of  an  induction  healed  crudbie  and  a  healed  tundish  widi  an  inert 
nozzle  above  the  atomizing  chambm  [4].  Interstitial  analysit  of  the  powder  indicated 
approximately  1200  wppm  oxygen,  less  than  ISO  wppm  carbon  and  nitrogen,  and 
lyptoximalely  30  wppm  hydrogetL 


Tablel  NamiiialAF241Er and AF2415ErConaptiaitiiiiiB (Atom PCrccBt) 


Max 

Ara^ 

U 

baL 

41 

11.5 

Sn 

1.3 

Zc 

1.6 

Si  8 

0.15 

Si 

0.25 

Sk 

022 

& 

AF2-0.5Er 

bal 

11.5 

1.3 

1.6 

0.7  0.5 

0.15 

0.25 

022 

0.5 

Thermomechstii^l 

All  powden  were  sieved  to  -35  mesh  (<S00|im)  and  HlPped  at  1200^C  and  210  MPa  ftir  3 
hours  either  in  cylindrical  or  lectunilar  HIP  cans.  FollowiM  consididation,  HIFped  cans  of 
each  aDoy  were  extruded  8:1  at  120(^  hot  die  forged  at  1200%  with  an  80%  height  reduction, 
or  rolled  at  1200”C  with  a  75%  ledoction  in  thickness.  A  rini^  HIP  can  of  each  alloy  was 
retained  for  evaluating  as-MP  microstrnctutes  and  properties.  A  direct  age  heat  treatment  of 
tiOO^C  for  8  boon  was  given  to  eadi  aUoy/^moest  condinon. 


Texture  measurements  were  made  on  the  HIP  plus  extruded,  HIP  plus  forged  and  HIP  plus 
roiled  maieriaL  ftevious  texture  measurements  on  as-MP  material  intUroteddiat  no  ijmificant 
texture  existed  [5].  Three  ptde  Sgmes  were  measured,  (00Q2X  (lOTl)  and  (1010),  and 
recalculated aocordingfo  the  WIMV  analysit  [$).  Inverse p^ figwes  were  alto genCTted. 
Data  were  ooOecied  at  5*  fanervalt. 
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Rnmul  Mid  wiwrlnMijn^  ami »!■«»<>  jMiiiit  tnMjIwi—  ««m|ilM 

weieiiM>danedfiomM-lte,ftMted,tnde«nidtdm»tcAu.  Sheet  iBaale,cii»Midft>ctiiie 
iouglMieti8peciinen»(ccmerBoid>e<Oweiem>cWiiedfiomiheH)^piM^  ipednens 
bom  the  iwkd  plates  wete  takea  from  fre  tnnsverae  and  lomHadiaal  diiectioiis.  whik 
spcdmeni  from  the  fatied  pancakes  were  machined  in  tfce  plaae  of  the  pancake,  Extiaded 
specimens  wete  taken  m  the  axial  diiection.  The  maddnini  and  tesdag  pnoednies  weie  in 
accordance  with  ASIM  standards,  and  an  testing  wu  ccadacted  in  air.  Yoimg's  modalns 
measuremeats  were  made  on  the  cylindrieal  test  specimen  Wanks  nsing  sonnd  vWodty 
tneastnemems  (71. 

ggjgllB 

LBwnMiiictitial  rtiMTSwiMtina 

The  gas  atoBiiaed powders ofbodioonqwaMniiswBm examined inetallogtaiihicaBy.  Powdetscf 
both  conmositions  aometitites  coataw^  large  -lOO  |im  deadiites  [1).  The  other  powder 
particles  appear^  to  be  very  homogeaeonsm  fine  p&r  beta  pains.  Them  wisevideaoeor 
erbium  segregatiaa  to  deadnte  and  beta  hbnadariea  in  hodi  mes  of  AF2-05Br  alloy  Miwder. 
Powder  praraoed  from  a  tmaO  leaeaidi  gas  ammiiatinn  naSt  did  not  coatain  me  Isrge 
dendrites  frond  in  the  powder  used  ia  w  present  stmfy.  The  effectt  of  stmtWg  powte 
microstroctare  on  the  fiad  processed  microstractiae  and  mechanical  properties  are  dejoibcd  in 
tefeieaoe[81. 

The  mkaostructores  of  the  tsw>  alloys  after  WP.  HIP  Was  eaBnsion.  HIP  plus  fctgiag  sad  mp 
phis  loUini  are  frown  ia  Hgme  1.  After  a  bma  HIP  consoBdhtion.  fre  micnieahctares 
consisted  of  prior  bem  maias  srith  dfrned  a^Wi  ooionaea,  Fignre  l(a,b).  The  mkiostructmes 
frUoe^  a  beta  HD*  piu  beta  extniBion.  beta  frii^f  and  bem  teOkag  appeared  to  be  shailar. 
The  AP2<Er  alloy  consisted  of  coane  tdongated  prior  bem  maina  contrininga  mfadaie  of 
bafretweave  a^iha  plates  and  aligaed  al^  cWonies,  Hgare  ucde,^  The  AnMIlSBr  dloy 
consisted  of  fine  aligiied  a^pha  Goloaiea;  distinct  prior  bem  grain  boondariea  srere  not  evident, 
Hgure  UdAh)-  Tht^theetbfamadifitoiesnltediBiigiiincantbemgwiniefinemeiitdBtiim 
ptoontsing;  the  fine  bem  grains  SBbaei|Beaflyttawsfi»iBed  to  a^Bedagaacoloaiet.  Thenma 
latger  prior  bem  grains  in  die  AF24Er  Wkqr  Aowed  soaie  bafriiireawe  dpha  to  frna  during  Ae 
transfoimalioo.  After  bem  processing,  die  ertihae-ifcfapawides  were  grpical^  less  dian  liim  in 
sire.  Following  dm  direct  age  heat  treaanem  of  tiSlK  nr  t  horn,  dsgie  sms  no  obvionscunge 
indminicrostrocmre. 


The  textures  ineasmed  for  dm  AF24Cr  and  AF241.SBrtdlays  were  similar.  Exaantoofdmas- 
extruded,  as-forged  and  as-rolled  texttaas  me  frown  fat  Rinre  2  frr  dm  AP2-0JErilloy.  The 
inverse  pole  fi^ne  for  dm  AF2-0.fSr  HIP  jdns  extrawori  shosm  a  high  d^ree  of  (0002) 
alignment  at  If,  at -HP  and  at  9(P  to  dm  bar  axis,  Ftam  2(a).  TUsisdmeiveMiexmrefor 
bem  extruded  material  CIO].  The  intensity  for  dm  (0002)  aloog  dm  bm  axis  varied  between  30 
tUld  100  OfllftCS  tSOdOlB  QB  tll0  CsUCt  flEIQUlOBB  of  Ol0  MBlBlft  1b  ^p6d016&  bolOof • 

comparison  of  (0002)  inmasiiies  betamea  dm  two  aSoys  could  not  be  made  dre  to  Ae  aensiiiviQf 
ofsmqilemoHiidng  on  measured  Inttniity. 

The  (0002)  pole  Am  for  HIP  phm  tolled  AFlfiiSBr  aDoy  frows  a  significant  lower  into^to 
conytred  to  the  HIP  plus  extruded  sample,  Figure  2(b).  There  is  sane  inteaaiQr  of  (0002) 

MOMPIPIOUIngOBPCIIOHaMiBBgWWfWWOUBCPOBpMlOOBMWIPBwBBiCOIBPOOBBlIHLIWBO 

at -JO*  to  dm  sheet  norsHl  toward  AetoOiagArsctian.  Hmhiienittyisfrghdymtfteralontdm 

IOIhM OirocnnB COIIWWWB IQ Oi> (HWCnOPi  IflwWMOIvlimHlVIOIliBIlvQBlliOf 

bemtoOediiiBniamiaioyBlll].  The  (OO^poieflinre  for  HIP  pins  forged  AF24LSBr  material 
wu  axisymmetrlc.  wiA  two  tings  of  (0002)  inte^to,  at  approdmaiely  4S*  and  at  9(P  to  dm 
plane  of  dm  forgiiK  Fignre  2(c).  The  level  of  (OOOaoiateumwut^hdy  lower  for  dm  HIP 
plu  forged  matnitt  competed  to  the  HIP  plus  octruded  material. 

HI 


Hgmt  1  Optical  mioognphs  of  •)  AF2-<®r  ai-IflP,  ^  AF2-<X56r  •••HIP.  e)  AF24Br  m- 
extruded,  d)  AF2-0.SEr  aa^xtmded,  e)  AF24)Br  aa-CHfed,  f)  AF2-0JBr  •t4lDi|ed,  |}  AF2- 
QEr  asHoUed  and  h)  AF2-0.5Er  as-roOed. 
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The  erbium  addition  also  affected  tensile  pn^nties  as  shown  in  Table  2.  The  erbium  addition 
had  a  mixed  effect  on  yield  stienith  m  room  temperature,  howevm’,  the  yidd  stimifths  were 
higher  for  the  erbium  containiitg  alloy  at  tiSCfC.  At  room  temperature  and  6S0*C,  the  mbium 
a£ition  lesuhed  in  a  lower  ducmty. 

deep  Testing 

The  creep  dma  for  the  two  alloys  in  die  four  inocess  conditions  are  shown  in  Table  3.  The 
process  rooie  had  a  signifkant  effect  on  the  crera  strengths  of  the  two  alloys.  TheHffdus 
extruded  matitfial  had  the  Ui^iest  cicn  strength,  followed  by  HIP  idns  fat|^  a*-HIP  and  HIP 
plus  tolled  material  as  shown  by  the  tune  to  5.Spereent  strain,  and  the  strain  devdoped  in  100 
hours  at  tiSQFtyZSktL  The  ertiium  addition  in  ail  process  conditions  reduced  creqi  strength  widi 
the  exception  of  die  longitu^ial  HOP  plus  rdled  Af2-(]Er. 


Tabie3  Creep  and  Fracture Tooghnca Data  for  AF2<Wr and  AFl-diSEr 


SDS - 

Process 

AF2-aEr 

HIP 

2.3 

9.0 

20.6 

39:0 

63.5 

0.615 

34.8 

AF2-0.5Er 

HIP 

- 

1.2 

5.0 

11.7 

23.0 

39.0 

a748 

3X3 

AF2-fler 

Extrude 

L 

3.0 

13.6 

39.5 

91.8 

181.5 

0.414 

3X4 

AF2-0.5Er 

Exnude 

L 

3.0 

17.5 

43.5 

73.9 

115.0 

0.465 

39.7 

AF2-aEr 

Roll 

L 

0.4 

2.5 

5.5 

11.0 

21.0 

0.861 

51.0 

AF2-flEr 

Ron 

T 

1.5 

5.0 

10.0 

20.0 

35.5 

0.720 

56.4 

AF2-O.SEr 

Ron 

L 

0.9 

3.5 

8.5 

17.5 

31.0 

0.830 

57.0 

AF2-0.5Er 

Ron 

T 

1.0 

3.0 

7.5 

13.9 

26.0 

0.840 

46.0 

AF2-flEr 

Forge 

* 

2.0 

8.0 

19.3 

49.0 

91.2 

0.528 

40.9 

AF2-0.5Er 

Forge 

• 

1.0 

4.8 

12.5 

26.7 

57.2 

0.649 

34.7 

IVactiiie  TondineM  TeWiny 

The  fficture  toughness  data  for  the  two  alloys  in  the  four  proceu  conditions  are  shown  in  Table 
3.  There  was  no  obvious  effect  of  process  route  or  cihinm  comcat  on  the  ftacture  toughness 
vdues  shown  in  Table  3.  (Note  die  toughness  values  for  the  HIP  plus  tolled  materials  are 
signi&andy  h^her  as  would  be  eiqromed  nom  the  leduoed  section  ddobiess  tested). 


The  teaafcpropetties  measured  M  a  fimction  of  piooesiiag  route  sndertium  content  are  dirocdy 
tdated  to  the  texture  developed  during  processing.  The  Ughest  texture,  defined  by  inteaaiqr  of 
(0002)  aligned  along  the  tesmig  axis,  was  pnduoed  in  dm  extruded  matidaL  This  corresponded 
with  hi^  modnins  values  and  rtieU  strengths,  wfakh  is  oonshaeat  with  other  woilDets  who  have 
detnoosmted  the  lelatioosl^  uetweea  aBgnment  of  basal  poles  whfa  aad 

]^d  strwj^^2].  AMurn^  no  difference  in  texture  brew»  die  WP  plus  caBUndedA^ 

to  mounting  in  the  wcanen  holder),  dm  mo^toMreireiicare  a  higher  ievd  of  trnBure  in  the 
AF2-0.5Br  alloy.  Tins  resulted  hi  inaeasedsnengdi  for  dm  HUP  |dosemrudedAF24)LA’allay. 


The  HIP  i^us  rolled  texture  showed  a  much  lower  dense  of  aUgnnmnt  of  0)002)  along  dm 
rolling  aad  transverse  directions.  The  inteasiv  is  suriidy  highn  for  the  roOiag  tHiection 
con^wmd  to  dm  sransvetse  diiection.  The  yield  snengfo  foDows  dm  aanm  trend,  being  snch 
lowerthMtheHg|dusexiwdBdmwerial,  widtdmwB^direction^Mn|yhjlghsrinimen|dt 
compared  to  dm  nansveise  direction  I  TheimeatilytifCOOOUfordmlflPplusfonsdaiaiccisliB 
lower  than  dm  HIP  plus  rolled  maitiial  and  conespondhigly  has  a  sjjgbBywdnoeawsngdt  The 
as-HlP  material  whiAliad  a  random  tsxnne  {S]  had  dm  lowest  yield  anengtii  of  al  foe  mamriak. 
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Theaeq>i»optrtie«ineMiiicdM«fi«ctionofpw)«»«in|ioMieai>deitiiimcoiiieiiti|i|>e«r«)be 
related  to  the  microMnicture  developed  dniiog  pracestmg.  The  HIP  plui  extruded  materials 
have  a  significantly  higher  oeqi  strength  than  me  aa^nP  materials.  TIm  is  probably  a  result  of 
the  ekmyaed  prior  beat  grains  and  not  the  high  modulus  in  the  HP  plus  exttuded  materials.  If 
die  dommating  effect  was  modulus,  then  die  as-HIP  materials  woiud  be  expected  to  have  dm 
lowest  creqi  strengths  as  a  consequence  of  thrir  random  texture.  However,  the  as-HlP  materials 
had  higher  creep  soengdu  than  dm  HIP  plus  rolled  mmerials. 

The  effect  of  die  rare  earth  addition  wu  to  reduce  the  creqi  strei^  (time  to  0l5%  strain  and  % 
strain  in  100  hours)  for  each  process  condition.  It  is  clear  that  the  c^um  addition  refined  die 
microstmcture,  renrlting  in  reduced  creep  stren^hs.  It  should  be  noted  diat  for  HIP  plus 
extruded  materials,  the  erbium  additioo  resulted  in  a  lower  creep  strength  compared  to  the 
erbium-fiee  alloy.  The  ertdum-containing  alloy  had  a  hi^ier  modulus,  but  a  much  refined 
microstructure,  dius  providing  further  evrdenoe  that  microetructure  and  not  moihilus  is  the 
domiimtingegto  in  determining  creep  strength. 

The  fracture  toughness  data  far  the  two  alloys  in  the  four  erocem  conditions  could  not  be  related 
to  any  microstructuial  features.  The  fracture  surfaces  or  specimens  with  toughness  were 
roacroscopicall}^  rough,  however,  no  correlation  between  crack  padi  and  microstmctnral  features 
wu  obsmved  in  test  rpecimen  cross-sectioas.  it  is  possible  that  there  may  be  a  subde 
lelatkmship  between  beta  grain  size  and  sh^  ah>ha  plate  morphology  and  possiUy  modulus, 
however,  more  data  would  w  needed  to  confirms^  a  lelationsmp. 

The  erbium  addition  resulted  in  significant  ptain  refinemem  during  beta  processing:  similar 
effects  have  been  observed  far  yttrium  additions  to  titanium  alloys  [13].  For  the  extruded 
materials,  the  erbium  addition  caused  a  shaipeniag  of  the  texture  wfaidi  led  to  an  increase  in 
modulus  and  yield  stnengtfe  There  was  no  evidenoe  of  increased  creepsaengths  by  a  dispersion 
strengthening  mechanism  in  the  beta  processed  APm.5Er  materials.  This  was  antic^iaied  since 
die  particle  sizes  were  relatively  laroe  (-  OJ  to  1.0  pm)  following  beta  processing.  In  fitet  the 
high  temperature  creep  strengdu  of  AF2-0.SEr  materials  were  lower  than  far  AFT-wdue  to  the 
refined  yain  siaes  found  in  erbinm-onntaining  alloy. 

Qmcluaoni 

The  effeca  of  process  route  and  erbium  level  on  the  microstructure  and  texture 
devefapment  erf  two  advanced  powder  titanium  alloys  were  investigated.  The  proceu  route 
dominated  the  development  of  (0002)  texture  in  the  worit  direction  leading  to  the  hi^iett 
modulus  and  yield  soengths  in  HD*  jdus  extruded  materials.  The  erbium  addition  was  leu 
influential  in  the  texture  devdopment  m  the  vatioa  proceu  routes,  although  some  enhancement 
of  texture  wu  observed  in  the  AF2-OJErmcotidedmueriaL  The  proceu  route  and  ertsum  level 
affected  creqi  strength.  Improved  creep  strengths  were  achieved  by  increasing  die  aizB  and 
aspect  ratio  of  die  pnor  beta  jniu  during  pneming  with  HIP  plus  extruded  muetials  hav^ 
the  highest  creep  strengths.  The  erbium  addition  led  to  a  refinemem  of  the  prior  beta  grain  size 
which  resulted  m  reduKd  creep  strengths.  Fracture  toughneu  datt  could  not  be  obviously 
related  to  proceu  route  or  texture  devekfimem. 

The  authon  wish  to  acknowieite  fundiag  by  NAWC,  Oomract  N00140-88R-1834  and  A. 
Odbettson  from  NAWC  far  nsriw  discussions  concerning  the  overall  program.  Dr.A.Rflaeit 
from  Los  Alamos  National  Laboratorfes  provided  belpfw  commems  concerning  the  texture 
analysis.  Powder  production  wu  performed  by  F.  Yolton  at  Crucible  Research  Center  and 
thermomechanical  processing  wu  carried  out  by  J.  Hughes,  R.  Ijdng,  T.  Dou^  and  R.  Auer. 
Coordination  of  mafetialchatacsetization  and  Mating  wu  supervised  by  ILKwhen.  Thmrcate 
and  diUgence  is  gratefully  acknowledged. 
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THE  IMFLlgllCE  OF  SILICON  AND  SILICIDES  ON  THE  roDPERTlES  OF 
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O.F.  Neal  and  S.P.  Fox 

IMI  Titaniian  Limited,  P  0  Box  704,  Hitton,  Birmingham,  England. 


Abstract 

Silicon  is  an  extremely  effective  and  generally  beneficial  addition  to 
titanium,  particularly  for  high  temperature  tensile  and  creep  strength. 
IMI  Titanium  has  led  the  industry  in  exploiting  the  benefits  of  silicon, 
especially  in  near-alpha  alloys  such  as  IMI  679,  IMI  685,  IMl  829  and 
IMI  834,  where  the  amount  of  silicon  has  been  Increased  steadily. 

The  aim,  in  terms  of  maximising  high  ten^rature  properties  in  these 
alloys,  is  to  achieve  full  solubility  of  silicon  in  the  alpha  phase.  In 
practice,  because  of  the  natural  segregation  pattern  in  ingots  and  due  to 
precipitation  during  service,  silicides  may  come  out  of  solution.  There 
are  therefore,  two  important  aspects  involved  in  the  understanding  of  the 
effects  of  silicon  on  propertles:- 

1) .  the  influence  of  silicon  in  solution. 

2) .  the  structure  ano  morphology  ot  siTTcides 

Electron  optical  and  analytical  techniques  have  shown  that  silicides  are 
generally  of  the  TicSi,  type,  but  modifications  to  this  have  been 
observed.  ^ 

The  paper  reviews  these  analytical  results  and  describes  the  influence  of 
silicon  and  silicides  on  mechanical  properties. 

Introduction 


On  a  percentage  basis,  silicon  is  the  most  effective  addition  to  titanium 
for  high  temperature  tensile  and  creep  strength.  It  has  been  used 
extensively  in  alloys  developed  in  the  UK  and  to  a  more  limited  extent  in 
the  USA  and  in  the  former  Soviet  Union. 


This  paper  reviews  established  and  new  data,  and  is  presented  in  two  parts 
relating  to:- 

1) .  the  effects  of  silicon  in  solution 

2) .  the  Influence  of  silicides 


The  way  these  factors  influence  properties,  alloy  design  and  production  is 
considered.  nMm'va 
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The  solubility  of  silicon  in  titanium  is  low;  a  maximum  of  0.8  atomic 
percent  (0.47wtS)  in  alpha  phase  is  normally  quoted.  Figure  1^.  Solubility 
decreases  with  decreasing  temperature  in  alpha  titanium  and  this,  plus  the 
amount  of  beta  stabiliser  in  the  alloy,  has  the  strongest  influence  on  the 
structure  and  properties  of  silicon  containing  alloys. 


Silicon  in  Solution 

Whether  silicon  is  in  solution  (or  remains  in  solution),  is  governed  by:- 

-  Alloy  composition 

-  Solution  treatment  temperature 

-  Ageing/stabilisation  treatment 

-  Service  conditions 

Alloys  with  relatively  high  beta  stabiliser  content,  such  as  IMI  550 
(4%Al-4XMo-2XSn-0.5XSi),  can  in  theory  accomodate  a  relatively  high 
silicon  content,  since  beta  phase  has  a  higher  solubility  for  silicon  than 
does  alpha  phase  (Figure  1).  However,  in  practice,  alloys  like  IMI  550 
tend  to  be  solution  heat  treated  in  the  alpha  plus  beta  plus  silicide 
phase  field  and  therefore  free  silicides  are  present.  Near-alpha  alloys 
such  as  IMI  834  (5.8XAl-4XSn-3.5X2r-0.7*Nb-0.5Vto-0.35XSi-0.06*C)  and  Ti 
1100  (6XAl-2.8XSn-4XZr-0.4XMo-0.4SXSi}  which  have  low  beta  stabiliser 
content  and  relatively  high  silicon  content,  would  normally  expected  to 
contain  free  silicides.  However,  these  near-alpha  alloys  are  usually  heat 
treated  above  the  silicide  solvus  temperature  for  maximum  silicon 
solubility  and  consequently  good  creep  performance.  Their  microstructures 
consist  of  alpha  plus  transformed  beta  or  of  fully  transformed  beta,  with 
silicon  retained  in  solution. 

In  most  near-alpha,  creep  resistant  titanium  alloys,  zirconium  is  also 


present  up  to  around  StrtX.  This  element  interacts  with  titanium  and 
silicon  to  form  mixed  (TiZr)  silicides.  These  aspects  are  considered  in 
more  detail  later. 

The  effect  of  silicon  on  mechanical  properties  is  quite  significant.  An 
example  of  it's  influence  on  tensile  strength  is  given  in  Figure  2  for 
near-alpha  alloys.  Over  the  range  0  to  O.SXSi.  an  increase  of  almost  15X 
on  tensile  strength  can  be  achieved  and  these  inH)rovefflents  are  maintained 
to  high  temperatures  (a<800‘’C).  An  even  more  dramatic  iiqjrovement  can  be 
seen  in  creep  performance  even  at  temperatures  up  to  SOCC.  An 
illustration  of  the  benefit  to  creep  performance  in  IMI  834  type  alloys  at 
GOO^C  is  presented  in  Figure  3. 


The  strengthening  mechanisms  involved  with  silicon  in  solution  are  solid 
solution  strengthening  and  solute  drag.  These  effects  are  reasonably  well 
understood  and  if  service  temperatures  do  not  exceedA^ASO^C  then  silicon 
normally  stays  in  solution  with  little  if  any  change  in  properties 2, 3. 
However,  in  practice,  either  due  to  precipitation  and  transformation 
effects  or  due  to  non-equilibrium  conditions,  silicides  are  present  in  all 
silicon  containing  alloys.  In  virtually  all  near-alpha  alloys  the  service 
temperature  may  exceed  ASO^C  and  silicides  precipitate  either 
heterogenous ly  on  dislocations  in  the  alpha  phase  or  are  produced  by 
transformation  of  the  residual  beta  phase  to  alpha  plus  silicide.  The 
composition,  formation  and  influence  of  silicides  provides  the  most 
interesting  area  for  study. 

Silicon  out  of  Solution  (Silicides) 

Microstructure 

in  typical  near-alpha  Ti  alloys,  three  forms  of  silicide  can  be  observed, 
as  shown  in  Figures  4  and  5:- 

1) .  Very  fine  (^O.Olpm  diameter),  precipitation  from  alpha  phase  during 

service  exposure  (see  A  in  Figure  4). 

2) .  Fine  (>v0.i)jffl  diameter),  precipitation  resulting  from  decomposition 

of  residual  beta  phase  during  service  exposure  (see  B  in  Figure  4). 

3) .  Particles  (<v  1  to  Spm  diameter)  resulting  from  solution  treatment  in 

a  "silicide"  phase  field  (see  C  in  Figure  5). 
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FIQURE  4  8IUCIDE  PRECIPITATION 
OURINO  SERVICE  EXPOSUfC 


FIQURE  S  SIUCIOE  PRECIPITATION 
DURINQ  SOLUTION  TREATMENT 


Cofliposition  and  Phase  Fields 

The  two  fine  precipitates  (Types  1  and  2)  are  generally  regarded  as  being 
based  on  TigSlj  with,  in  alloys  containing  zirconium,  a  mixed 

(TiZrjgSij  composition.  In  McIntosh's^  review  of  silicide 

compositions,  typical  values  of  37.5AtXSi.  37.5At»Tl.  25At»Zr  are  quoted. 
However,  if  Sn  was  present  in  the  alloy,  some  of  the  SI  could  be  replaced 
by  up  to  SAtXSn  (typically lAtX).  In  the  case  of  the  larger  particles 
(Type  3).  the  present  work  suggests  a  composition  of  31.8AtX5l, 

40.5AtXTi,  27AtXZr,  0.7AtXSn  determined  by  energy  dispersive  X-ray 
analysis.  This  would  suggest  a  composition  of  the  type  (TlZrJglSiSnj. 

However,  in  one  case, a  composition  of  25AtXSl,  SOAtXTl,  25AtXZr  |jias 
measured,  which  would  correspond  to  (TiZr)3Si.  Such  a  high  level  of 

titanium  might  suggest  that  there  was  contribution  from  the  n«trix, 
i.e.  that  the  electron  beam  was  irradiating  some  of  the  matrix  rather  than 
irradiating  only  the  silicide  particle*  In  an  attempt  to  remove  this 
factor,  the  data  obtained  from  particle  analysis  (ZAP  corrected  energy 
dispersive)  has  been  examined  in  more  detail.  In  all  of  the  analyps, 
small  but  measurable  quantities  of  Al.  Sn  and  Nb  were  always  ^tected.  It 
was  assumed  that  the  "presence"  of  Al  was  due  to  slight  irradiation  of  the 
matrix  and  that  analyses  which  sho»^  the  lowest  level  of  Al  bad  a 
coBffiosltton  nearest  to  the  actual  silicide  composition.  The  Al  content 
was  therefore  plotted  against  Tl,  Zr.  Si,  Sn  and  Mb  and  the  line  was 
extrapolated  to  zero  Al  content.  Figures  6,  7,  8  and  9. 
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This  indicates  a  composition  of  31.79AtXSl.  40.52At»Ti.  26.79AtXZr. 
O.SAtXSn.  (The  correlation  coefficient  for  Nb  against  A1  suggested  no 
relationship).  Whether  there  is  a  genuine  difference  in  composition 
between  these  silicides  is  not  clear.  It  is  possible  that  there  is  no 
basic  .ifference  between  them,  but  that  they  sinply  represent  the 
composition  range  of  the  nominal  (TiZr)xSi  field,  where  x  may  vary  between 
1.67  and  3.  Silicide  compositions  have  been  determined  by  the  authors  in 
IMI  834  type  alleys  heat  treated  in  phase  fields  containing  silicide.  No 
difference  in  silicide  composition  was  detected  over  the  toiverature  range 
990*0  to  1160*C.  This  temperature  range  covered  the  silicide  solvus 
temperature  for  IMI  834  (990«C)  and  a  similar  alloy  containing  O.SwtX 
silicon  (1160®C).  From  this  work,  a  schematic  Ti-Si  phase  diagram  for  IMI 
834  type  alloys  was  constructed  -  Figure  10. 
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The  Influence  of  Silicon  and  Silicides  on  Properties 
in  IHl  834,  mechanical  properties  are  optimist  at  a  silicon  content  of 
0.35trtJ  l.e.  significant  strengthening  is  achieved  and  creep  performance 
is  at  maximum.  In  Ti-1l00  the  chosen  level  of  Si  is  0.45X.  However,  this 
level  of  silicon  cannot  be  retained  in  solution  during  ageing  or  during 
service  exposure  at  temperatures  up  to  around  600®C.  The  major 
microstructural  change  that  occurs  is  that  beta  transforms  to  alpha  plus 
fine  silicide.  In  addition,  some  silicide  is  precipitated  on  dislocations 
within  the  alpha  phase.  Although  some  silicon  comes  out  of  solution 
during  ageing  or  exposure,  creep  performance  generally  Improves. 

(However,  there  is  a  complicating  factor  in  that  a  small  degree  of 
ordering  also  occurs,  which  may  improve  creep  performance). 

The  influence  of  ageing  temperature  on  creep  performance  is  also 
interesting.  Work  by  the  authors  has  shown  that  In  IMi  834,  creep 
performance  at  temperatures  below -vSSS'C  is  superior  if  ageing  is  carried 
out  at  low  temperature  e.g.  625®C  where  little  silicon  is  lost  from 
solution.  At  creep  test  temperature  above~565"'C,  higher  ageing 
temperatures  (e.g.  700®C)  are  beneficial,  may  suggest  a  change  in 
the  rate  controlling  creep  mechanism  away  from  solute  drag. 
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The  influences  of  silicon  and  silicides  on  tensile  properties  after 
exposure  are  somewhat  more  complicated.  The  major  influence  is  that 
tensile  ductility  is  reduced,  particularly  if  the  oxidised  surface  is 
retained.  Figure  11  shows  how  silicon  affects  room  temperature  tensile 
ductility  of  IMl  834  before  and  after  exposure,  over  a  silicon  range  of  0 
to  0.5wt%.  There  is  a  progressive  loss  of  ductility  as  silicon  content  is 
increased  and  transmission  electron  microscopy  at  INI  Ti  has  revealed:- 

-  less  dislocation  mobility  because  of  fine  heterogenous  silicide 
precipitation  5. 

-  void  formation  induced  when  planar  slip  bands  intersect  silicide 
particles  0. 


The  latter  effect  is  also  influenced  by  the  alpha  stabiliser  content  and 
its  influence  on  ordering  and  hence  on  planar  slip.  If  aluminium  content 
is  reduced  to  a  level  where  more  cross  slip  is  possible,  then  no  effect  of 
silicon  (silicides)  on  ductility  is  seen  after  exposure.  Although  silicon 
does  influence  exposed  ductility,  it  has  no  apparent  influence  on  surface 
oxidation  during  exposure  or  on  the  degree  to  which  this  oxidised  layer 
(  0(-case)  behaves  under  tensile  loading. 
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Figure  12  illustrates  the  surface  crack  initiation  which  occurs  in  exposed 
materials  when  tensile  tested.  This  is  an  example  of  an  alloy  containing 
zero  silicon  content  and  is  typical  of  alloys  containing  up  to  O.SwtXSi. 
Any  reduction  in  ductility  (as  assessed  by  a  post  creep,  surface  retained 
tensile  test),  appears  to  be  due  to  a  small  reduction  in  matrix 
"toughness".  During  tensile  testing  of  exposed  specimens  the  oc-case 
cracks  and  alloys  containing  high  silicon  content  are  less  able  to  sustain 
such  cracks  when  yielding  occurs.  However,  if  tensile  tests  of  exposed 
specimens  are  carried  out  above  ^150°C.  no  effect  of  oc-case  is  seen. 
A^er  exposure  at  higher  temperature  e.g.<v700°C.  the  alloys  tend  to 
soften  and  become  tougher.  There  is  therefore  little  further  loss  in 
ductility  after  such  exposure  despite  the  increasing  alpha  case  thickness. 

In  alloys  where  solution  treatment  has  been  carried  out  in  the  alpha  plus 
beta  plus  silicide  phase  field,  free  silicides  typically  of  up  to<w  Sipm 
diameter,  can  be  present.  No  influence  of  these  silicides  on  mechanical 
properties  has  been  seen.  In  tensile  or  fatigue  testing  of  typical 
silicon  containing  alloys,  fracture  is  initiated  from  planar  slip  bands  in 
either  the  primary  alpha  or  acicular  alpha  phases.  (The  authors  have  shown 
that  this  mechanism  also  occurs  in  Ti  6A1  4V.)  Because  silicide  particles 
appear  to  play  no  part  in  fracture  initiation,  they  have  no  measurable 
influence  on  properties  such  as  tensile  or  fatigue  performance. 

Conclusions 

1.  On  a  percentage  basis,  silicon  is  the  most  effective  addition  to 
titanium  for  high  temperature  strength  and  creep  resistance. 

2.  Because  of  the  low  solubility  of  silicon  in  alpha  titanium, 
properties  are  influenced  both  by  silicon  in  solution  and  by 
silicides  in  near-alpha  alloys. 

3.  In  near-alpha  alloys  where  zirconium  is  present,  the  composition  of 
the  silicide  is  based  on  (TiZr)xSi.  The  present  work  indicates  that 
X  may  vary  from  between  1.67  and  3. 

4.  The  larger  silicides  appear  to  have  a  composition  close  to 
(TiZrljSl. 
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Abstract 

The  tensile  ductilities  of  three  near-a  titanium  alloys  (Ti-1100,  Ti-6242S  and 
IHI-834)  were  measured  after  thermal  exposures  at  temperatures  between  450  and 
760* C.  For  0  processed  microstructures,  all  alloys  exhibited  a  minimum  in 
ductility  of  approximately  1%  elongation  after  aging  at  600*C.  a/0  processed 
IMI-834  displayed  higher  ductilities  in  both  the  as-processed  and  thermally 
exposed  conditions.  Transmission  electron  microscopy  (TEM)  combined  with  energy 
dispersive  x-ray  (EDX)  spectroscopy  was  used  to  determine  the  presence  of 
silicldes  and  02-  Sllicides  were  observed  in  unexposed  Tl-llOO  and  IHI-834 
alloys,  while  aging  at  650*C  for  8  hours  was  required  to  precipitate  sllicides 
in  the  T1-6242S  alloy.  Weak  diffuse  scattering  due  to  02  was  observed  in  all 
alloys  following  0  processing;  with  strong  discreet  02  reflections  only  visible 
after  agings  of  24  hours  at  600*C.  Solvus  temperatures  for  02  and  silicldes 
were  determined  by  reversion  experiments.  These  results  show  that  02  precipi¬ 
tates  significantly  decrease  the  ductility  in  titanium  alloys,  and  this  effect 
is  further  exacerbated  by  the  precipitation  of  silicldes. 


Introduction 

Titanium  alloys  designed  for  elevated  temperature  usage  have  long  been  known 
to  experience  microstructural  "Instabilities”  which  can  lead  to  a  reduction  in 
ductility  [1).  This  loss  of  ductility  has  been  attributed  to  precipitation  of 
coherent  02  (e.g.  1,2],  sllicides  {e.g.  3-5]  or  a  coid>ination  of  both  [6]. 
Recent  efforts  to  stretch  the  operational  limits  of  titanium  include  low  stress 
applications  at  temperatures  in  excess  of  550* C  [7] .  Such  applications  require 
an  Improved  understanding  of  the  effects  of  thersMl  exposure  on  microstructure 
and  ductility.  This  study  examines  the  influence  of  thermal  exposure  in  the 
temperature  regime  of  450  to  760*C,  on  mlcrostructure  and  tensile  ductility  of 
Tl-llOO,  T1-6242S,  and  IMI-834. 
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Materials 


The  Tl-llOO  alloy  was  obtained  from  Timet  Corp,  as  ^-forged  19. OS  ■■  square 
rods.  The  T1-6242S  and  the  IMI-834  alloys  were  obtained  from  KHI  Corp,  and  IMI 
LTD,  respectively.  These  two  alloys  were  procured  In  the  a/fi  annealed 
condition  In  the  form  of  15.875  mm  dla.  rods.  Table  I  shows  the  ^-transus 
temperatures  and  compositions  of  these  materials  as  provided  by  the  manufactur¬ 
ers  for  these  particular  heats  of  material. 


Table  I  0  Transus  and  Composition  (wt.t)  of  Alloys 


Alloy 

^-Transus 

A1 

Sn 

Zr 

Mo 

SI 

Nb 

C 

Fe 

0 

T16242S 

996*  C 

5.7 

1.9 

3.7 

1.9 

.09 

.02 

.03 

.11 

Ti-1100 

1014* C 

5.9 

2.6 

4.0 

0.4 

.42 

.02 

.02 

.08 

IMI -834 

1045*  C 

5.8 

4.0 

3.5 

0.5 

.34 

.71 

.06 

.02 

.12 

Heat  treatments  to  produce  0  and  a/0  mlcrostructures  are  shown  In  Table  II. 
Plastic  elongations  to  fracture  at  room  temperature  for  these  solution 
treatments  are  also  listed  In  the  Table.  Figures  la-c  show  the  three 
^•processed  mlcrostructures  which  consist  of  colonies  of  aligned  a  plates 
within  prior  0  grains.  Figure  Id  shows  the  a/0  processed  IHI-834  alloy, 
consisting  of  equlaxed  primary  a  grains  in  a  transformed  0  matrix. 


Table  II  Heat-Treatments  &  Room  Temperature  Ductilities  for  Alloys 


Alloy 

Solution  Treatawnt 
Temperature  &  Tine 

Cooling 

Kate 

Post-solution 
Heat -treatment 

Elong. 

(R.T.) 

0  Tl-llOO 

1070* C  for  1  hr 

0.5-0. 7* C/s 

NONE 

9.4t 

0  T1-6242S 

1070* C  for  1  hr 

0.5-0. 7* C/s 

NONE 

10.0% 

0  IMI-834 

1070* C  for  1  hr 

0.5-0. 7* C/s 

700*C/2hr/alr 
cool  (10*C/o) 

5.0% 

a/0  IMI-834 

1020* C  for  2  hr 

OIL  QDEMCH 

700*C/2hr/alr 
cool  (10*C/s) 

12.0% 

Samples  for  tensile  tests  were  aged  for  300,  1000  and  2000  hours  at  tempara- 
tures  In  the  range  of  450*  t  T  t  760*C  and  air  cooled  (AC)  prior  to  machining. 
Samples  exposed  for  shorter  times  to  Investigate  precipitation  kinetics  via 
TEM,  were  water  quenched  (WQ)  from  the  ^-processing  temperature,  or  oil 
quenched  (OQ)  from  the  a/0  processing  temperature  to  minimise  precipitation 
during  cooling. 
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Figure  1  •  Mlcrostxwcureli  of  unexpoaed  alloys,  (a)  p  Tl-llOO,  (b)  fi  T1-6242S, 


(c)  p  (plus  2hr  ac  700*C)  IMI834,  (d)  ol/P  (plus  2hr  at  700‘C)  IMt834. 

Hfishantaal  Tpa.tlng 

Room  tenperature  tensile  tests  were  conducted  to  detenslne  the  ductilities 
(plastic  elongations  at  fracture)  before  and  following  thensal  exposure.  These 
tests  were  conducted  according  to  ASTM,  E*8  standards  using  an  Instron  screw 
machine  with  a  25. 4  am  extensoaeter  at  a  strain  rate  of  c»8.3  x  10'*/s.  Saaple 
geometry  was  a  uniform-gauge  test  section  type  of  6.40  h  diameter  x  31.75  b 
gauge  length. 

El8g.tton  HiiSMJCPpy 

TEM  was  performed  using  a  JBOL  2000FX  microscope,  a  Catan  low  background  double 
tilt  stage  and  a  UNK  AHIOOOO  analyser.  Specimens  were  cut  0.2310.05  am  dilck 
using  a  low  speed  saw,  and  punched  into  3aa  disks.  Blectropollaliing  was 
performed  using  10%  perchloric,  90%  methanol  at  -40*C  and  10  volts,  oj  (TijM) 
precipitates  were  identified  by  electron  diffraction,  and  dark-fiald 
microscopy.  Sllicide  precipitates  (Ti,Zr)5(Sl,Sn))  were  identified  by  both  SDK 
analysis  and  electron  diffraction.  Imaging  of  silicidas,  especially  whan  only 
a  few  where  present ,  required  that  the  specimen  be  tilted  to  an  orientation  in 
which  the  silicidas  wore  strongly  diffracting. 


lontllft.  I«It8 

Figure  2  shows  the  room  tesq>erature  plastic  elongation  at  fracture  versus 
exposure  temperature  for  the  three  alloys  thermally  exposed  for  300,  1000  and 
2000  hr.  Thermal  exposure  to  teq>eraCuras  in  the  range  of  450  to  300* C  for 
300  hr  for  the  ^-processed  microstructures  yields  mlnlMl  losses  of  ductility. 
More  obvious  for  these  same  microstructures  is  die  minimus  in  ductility 
observed  after  600* C  exposures  (Figures  2a>e).  This  behavior  is  not  soon  in 
Figure  2d  for  a/P  INI-834.  It  must  be  noted  however  diat  compared  to  the 
"unaxposad*  o/^  condition  (Tsble  II) ,  thermal  exposure  ee  temperatures  between 
500-600*0  reduces  the  duetlltty  3-6%  for  this  mierostructura . 

W 


Flgura  2.  Aoom  taapcMtut*  plMtie  alongatlon  at  fcaetura  varaua  axposura  { 
taaparatura  for  fi  procaasad;  (a)Tt-llOO,  (b)Tl>6242S,  (c)IMI>834,  | 

and  (d)  a/fi  proeaaaad  IlfI-834.  Tlaa  at  taaparatura  is  raprasantad  j 
by:  Q  for  300  hr,  4  for  1000  hr,  and  ■  for  2000  hr.  j 


Diffraction  pattama  in  Tl*1100  and  Ti>6242S  aftar  contr<tl  cooling  ashibitad 
vaak  and  diffusa  oj  rsflscttona  (Pigura  3a).  Vatar  ipisaching  frea  tha  fi 
procaating  tsavaratura  significantly  raducad  tha  tntansity  of  tha  raflac* 
tions.  Idsntical  raaults  wars  Asarvad  for  tha  I)II*834  alloy  following  oil 
quenching  fron  tha  a/fi  processing  tanparatura.  The  affect  of  tbs  2  hr  at  700*C 
heat  traatnonta  parfonsd  on  Ilfl>834  was  aost  pronounced  on  tha  priaary  a 
grains  in  tha  «/^  procaasad  aatarial  (Figure  3b),  while  the  intensity  and 
sharpness  of  tha  raflactloos  for  a  lathes  was  also  affected  (Figure  3c). 
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Figure  3.  [Olll]  o-Ti  electron  diffraction  patterns  froa:  (a)  platelet  in  fi 
procaasad/control  cooled  Ti-1100;  (b)  priaary  a  and  (e)  transforaad 
o  grains,  in  a/fi  processed  (plus  700*C  for  2  hours)  IIfI-834. 


Precipitation  of  silicldes  was  obsarvad  in  both  water  quanehad  and  control 
cooled  aaaplas  of  Ti>1100  (Figure  4a).  Ho  silicidas  ware  obsarvad  in  fi 
processed  water  quenched  saaplas  of  Ti>6242S  or  Iia-834.  Likawiaa  control 
cooled  saaplas  of  tha  Ti*8242S  alloy  did  not  aahibit  ailieidas.  Silicidas  were 
also  obsarvad  aftar  tha  2  hour  at  700*C  post  processing  heat  traataant  in  the 
fi  and  a/fi  procaasad  I)a*834  alloy  (Figure  4b).  Ho  silieidaa  ware  obsarvad  in 
saaplas  froa  tha  IMI-834  alloy  Aat  ware  only  a/fi  procaasad  and  oil  quanehad. 
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Figure  4.  Mleroacruccurea  In  ■uaMcpnaed*  tibmlnn  all^rs.  (a)  mtar  quenehad 
Tl-llOO  alloy,  (b)  a/fi  proeaaaad  plus  700*C  for  2  hr  IMI-S34  alley. 


In  ordar  Co  daearalasd  tha  solvua  caaparaturas  for  oj  slllcldaa  for  the 
four  conditions  listed  In  Table  II,  saaplas  ware  given  long  tarn  agings  (aSOO 
hrs)  at  600*  C  and  760*  C  to  produce  a  hl^  densities  of  oj  and  sillcldaa. 
Subsequent  series  of  one  hour  heat  treatnents  at  teaparatures  believed  to  be 
close  to  the  solvus  were  parfomad  at  20  or  30*  C  Intervals  followed  by  water 
quenching.  TEN  exaalnation  of  these  saaplas  detemlned  idilch  one  hour  heat 
treataant  dissolved  tha  oj,  or  slllcides  back  Into  solution.  The  results  of 
this  part  of  the  study  are  suanarlsad  In  Table  III. 

Table  III  Effect  Coaposltlon  on  03  and  Slllclde  Solvus  Teaperatures 
I _ Alloy  _  02  solvus  slllclde  solvus  | 


Alloy 

P  proc.  Tl-llOO 
P  proc.  Ti-6242S 
P  proc.  IHI-834 
a/p  proc.  IHI-834 


740110* C _ 

715115*C _ 

74515* C _ 

795115* C  (prlaary  o) 
735115*C  (transforaad  o) 


slllclde  solvus 

1030110*C _ 

945115*  C _ 

990110* C _ 

990110* C 


TEH  saaples  obtained  froa  tha  grip  ends  of  tensile  saaplas  exposed  for  2000 
hours  were  used  to  deteralna  tha  effect  of  taaperature  on  alcrostructure .  Tha 
results  shown  here  are  for  the  Tl-llOO  alloy,  but  are  representative  for  ell 
four  conditions.  Figures  5a-c,  show  the  [Olll]  o-Tl  sone  axis  obtained  froa 
P  processed  and  control  cooled  Tl-llOO  aged  for  2000  hours  at  450  ,  600  and 
760* C.  In  tha  saaple  aged  at  450* C  the  02  reflections  are  week  and  diffuse. 
At  600* C  (ainlaal  ductility)  the  reflections  becoaw  sharp  and  exhibit  their 
aaxlauBi  Intensity.  Saaples  aged  at  760* C  exhibit  ainlaal  02  reflections. 

The  extent  of  slllclde  precipitation  In  P  processed  and  control  cooled  Tl-llOO 
aged  for  2000  hours  Is  shewn  in  figures  6a-c.  Saaples  aged  at  450* C  contain 
slllcides  that  are  generally  O.lsa  In  dlaaatar  (Figure  6a).  The  density  of 
slllcides  and  their  size  is  observed  to  Increase  when  sasiples  are  theraally 
exposed  to  600*C  (Figure  6b).  In  tha  760*C  condition,  tha  allicldas  continue 
to  coarsen,  idille  their  density  decreases  (Figure  6c). 


~ 


Pigur«  5.  A«etroci  dlf fraetloa  of  dM  (Olll]  sono  Tl-llOO,  "tbonally 

•i^od-  for  2000  hMtn  ot:  U)  4S(rc.  (b>  600*C,  (c)  760*0. 


crostructur«a  In  Tl'llOO,  ■tfaarMlly  axposad*  for  2000  houra  at; 
(a)  450*0.  (b)  600*0,  and  (c>  760*0. 

In  addition  to  TEM  exanlnatlon  of  the  aaaplea  that  ware  given  long  tlae 
expoauraa  (for  aecbanlcal  tearing) ,  aaaiplna  were  alao  eranlned  at  aborter  tinea 
to  underatand  the  klnetlca  of  precipitation.  Tbeae  aanplea  were  either  P 
proceaaed  and  water  quenched  or,  for  the  IIII*834  a/p  proceaaed  condition,  oil 
quenched  prior  to  expoaure.  At  least  30  houra  In  the  teaperatute  reglna  of 
550*  to  650*0  was  required  to  produce  nodorately  Intense  and  discreet  oj 
reflections  In  the  p  processed  nicrostructures .  For  the  a/P  processed  INI -834 
alloy  Intense  oi  reflections  wore  observed  In  the  prlnary  a  grains  after  only 
1  hr  at  750*0.  For  all  the  conditions  It  was  found  that  slltclde  precipitation 
occurred  rapidly  near  700*0  with  maerous  sllteldes  present  after  only  several 
hours  of  aging.  The  results  of  these  observations  along  with  observations  of 
the  saaples  that  were  themally  exposed  for  the  long  tinea  are  sunnarlxed  In 
Figure  7  for  P  processed  alcrostructures. 

tMnewaliira  (  Cl  IkmemSse  I C} 
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Figure  7.  Precipitation  curves  for  (a)  the  fonatlon  of  c»|.  and  (b)  slllcldas 
In  p  procesaod  Tl-llOO  ( - ).  T1-6242S  ( . ).  and  lMl-834  ( . ). 
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Comparing  the  three  allays  In  the  fi  processed  cottdltlon,  the  effect  of 
Increasing  aluminum  equivalent  [2] ,  has  the  anticipated  effect  on  the  stability 
of  02  [8] .  The  alloy  with  the  hipest  aluminum  equivalent  (IHI-834)  exhibited 
the  highest  02  solvus,  while  the  alloy  with  the  lowest  aluminum  equivalent 
(T1-6242S)  exhibited  the  lowest  02  solvus.  However  these  differences  were  not 
extreme  and  in  fact  detailed  TEH  analysis  after  short  term  exposures  at 
Intermediate  temperatures  revealed  no  major  differences  In  Che  kinetics  of  02 
formation.  In  the  a/fi  processed  IHI-834  alloy,  a  marked  Increase  was  observed 
In  the  propensity  of  02  formation  In  Che  prlsMry  a  grains.  Similarly,  the 
Influence  of  silicon  followed  anticipated  trends  [8-11]  with  the  alloy  having 
the  highest  silicon  content  (Tl-llOO)  possessing  the  highest  slllcide  solvus 
and  that  with  the  lowest  silicon  content  (Ti-6242S)  exhibiting  the  lowest 
slllcide  solvus.  In  contrast  to  the  results  on  1x2  formation,  however,  Che 
kinetics  of  slllcide  formation  were  strongly  alloy  dependent.  Thus  for  the  *es 
P  processed*  condition,  slllcldes  were  formed  upon  control  cooling  in  Tl-llOO, 
but  not  IHI-834  or  T1-6242S. 

The  formation  of  02  and  slllcide  precipitates  combine  to  have  a  dramatic  effect 
on  tensile  ductilities  of  all  three  alloys.  The  effect  of  thermal  exposure  Is 
most  pronounced  at  temperatures  which  correspond  to  the  formation  of  02.  The 
formation  of  02  leads  Co  planar  deformation  characteristics  and  thus  reduced 
tensile  ductilities.  This  effect  Is  particularly  pronounced  In  the  fi  processed 
condition  due  to  the  larger  slip  length  present  In  the  colony  mlcrostructure 
[12].  Although  the  presence  of  02  Is  critical  to  this  decrease  In  ductility, 
slllcldes  also  play  a  role.  Exposures  at  temperatures  above  the  02  solvus 
result  In  no  decrease  of  ductility  and  In  some  cases  Increases  of  ductility. 
However,  In  Che  fi  processed  mlcrostructures,  the  ductility  minimum  appears  to 
be  most  pronounced  In  the  alloys  containing  high  silicon  contents.  Moreover, 
previous  Investigations  [5],  have  shown  that  when  Che  silicon  content  of 
T1-6242S  Is  reduced  Co  0.04w/o,  no  appreciable  Influence  of  thermal  exposure 
on  tensile  ductility  Is  observed.  Thus  it  appears  that  Che  major  factors 
influencing  Che  reduction  In  tensile  ductility  are  increased  strain  localiza¬ 
tion  due  Co  Che  presence  of  precipitates  and  a  reduced  critical  void 
nucleaClon  strain  due  to  Che  presence  of  slllcldes  at  the  a/p  lath  boundaries. 

The  ductility  minimum  observed  between  SSO-600*C  in  the  p  processed  mlcrostruc- 
Cures  Is  quite  significant,  with  ductilities  In  the  range  of  1  to  2%.  In 
contrast,  the  tensile  ductilities  over  this  temperature  regime  in  a/p  IMI-834 
are  fairly  constant  In  the  range  of  6  to  8%  (compered  to  a  12%  for  the  as  a/P 
solution  treated  condition) .  Thus  although  the  presence  of  02  In  Che  P 
mleroscructures  appears  to  lead  to  Increased  strain  localization,  the  refined 
a/p  microsCrucCure  tends  Co  limit  Che  slip  length  and  thus  leads  to  Increased 
ductilities.  This  mlcrostructure,  end  potentially  others  such  as  those 
produced  by  p  forging  [13],  offers  the  best  potential  for  extending  Che  use  of 
titanium  alloys  to  temperatures  In  excess  of  550* C  In  eppllcations  where 
tensile  ductility  Is  Important. 

SjOMCt 

Long  Cera  thermal  exposure  In  the  temperature  regime  of  550  to  600* C  can  lead 
to  a  significant  reduction  In  the  tensile  ductilities  of  P  processed  T1-6242S, 
Ti-1100  and  IMI-834.  The  decrease  in  ductility  is  primarily  attributed  to 
Increase  strain  localization  due  Co  the  formation  of  coherent  02  preclplCeCas , 
however,  the  presence  of  slllcldes  further  compounds  this  effect.  The  time- 
temperature  response  of  both  02  slllcide  formation  has  been  detemlnad  for 
these  three  alloys  which  should  be  helpful  In  selscting  both  heat  treacments 
and  application  tenperacuro  llmlcatlons.  Means  such  as  a/P  processing,  which 
mitigate  the  Influence  of  these  preclpicates  on  tensile  ductility  have  been 
identified. 
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Abstract 


To  investigate  the  influence  of  the  tvo  nost  often  used  nicrostructures  for 
elevated  tenperature  Ti  alloys  on  a  variety  of  engineering  properties,  the 
latest  of  these  conventional  near  alpha  type  alloys  -  Ti-1100  -  vas  solution 
heat  treated  to  achieve  bi-aodal  and  laaellar  aicrostructures .  Heat  treataent 
below  the  H-transus  teaperature  led  to  lower  rooa  and  elevated  teaperature 
strength,  higher  ductility,  and  i^>roved  high  cycle  fatigue  strength  at  rooa 
and  elevated  teaperatures;  super-transus  heat  treataents  iaproved  low  cycle 
fatigue  and  fatigue  crack  growth  behavior  as  well  as  fracture  toughness  and 
creep  rupture  strength. 
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Introduction 


At  the  upper  use  temperature  end  of  conventional  ingot  metallurgy  tvo  new  Ti 
alloys  were  announced  in  the  eighties  (1),  the  most  recent  being  Ti-1100. 

This  near-alpha  type  alloy  developed  by  Timet,  Henderson,  HV  is  aimed  at 
pushing  the  maximum  application  temperature  close  to  600  °C  (2) .  Contrary  to 
the  latest  British  near-alpha  alloy  IHI  834,  where  a  primary  alpha  /  trans¬ 
formed  beta,  l.e.,  a  bl-modal  microstructure,  is  recommended  (3),  Ti-1100  ir, 
suggested  to  be  used  in  a  fully  lamellar  alpha-fbeta  structure.  This  micro- 
structure  is  generated  by  forging  in  the  beta-phase  field  with  subsequent  air 
cool  (4) . 

In  an  attempt  to  evaluate  the  potential  of  Ti-1100,  a  program  was  initiated 
where  the  alloy  was  processed  to  a  wide  range  of  microstructures  through  sub- 
and  super-transus  heat  treatments.  Extensive  thermomechanical  treatments  were 
applied  to  evaluate  the  strength  potential  of  this  alloy  as  well  as  its 
behavior  at  elevated  temperatures  (S).  The  present  study  will  focus  on  now 
the  two  most  typical  microstructures  for  elevated  temperature  Ti  alloys  - 
bi-modal  and  lamellar  -  influence  a  wide  range  of  engineering  properties  of 
Ti-1100,  including  strength,  ductility,  high-  and  low-cycle  fatigue,  fracture 
toughness,  fatigue  crack  growth  and  creep. 


Experimental 

The  alloy  was  supplied  by  Timet,  Henderson,  NV,  USA  as  206  nm  bar  material 
which  bad  been  given  a  final  forge  at  980  °C  then  air-cooled  to  room  tempera¬ 
ture  (RT)  without  any  further  beat  treatment.  Tbe  nominal  chemical  compo¬ 
sition  of  TI-1100  is  Ti-6Al-4Zr-2.75Sn-0.4Ho-0.45Si-0.070i-0.02Fe  (4);  the 
S-transus  temperature  (T«)  was  determined  by  optical  microscopy  and  dilato- 
metry  to  be  1020  ±  5  °C. 

Solution-beat  treatments  (SHT)  were  carried  out  for  20  minutes  at  980  °C  (40 
°C  below  the  8  transus)  and  1060  (40  ”0  above  the  8  transns),  then  water 

quenched  (HQ) .  Aging  for  4  hours  at  600  °C  was  chosen  after  the  aging  res¬ 
ponse  had  been  evaluated  by  hardness  measurements. 

The  microstructure  of  the  alloys  was  investigated  by  optical  and  transmission 
electron  microscopy. 

Tensile  tests  were  performed  at  RT  and  600  "C  on  cylindrical  specimens  with  a 
gauge  length  of  30  mm  and  a  diameter  of  6  mm  at  a  strain  rate  of  5.6  x  10** 
s-‘.  Strain  gages  were  used  to  determine  tbe  0.2%  yield  strength  (YS). 

Two  fracture  toughness  test  for  each  condition  were  performed  on  fatigue 
pre-cracked  compact  tension  specimens  (H  °  25  nm;  B  =  12.5  am)  according  to 
ASTM  specifications. 

Load  controlled  low  cycle  fatigue  tests  were  performed  on  cylindrical  speci¬ 
mens  in  tension  mode  (R  =  0)  at  RT  and  600  *C  by  employing  triangular  wave¬ 
form  at  a  frequency  of  0.3  Hz. 

High  cycle  fatigue  tests  were  performed  at  RT  and  at  400  *C  on  a  resonance 
machine  in  push-pull  mode  (R  =  -1).  Cylindrical,  smooth,  hour-glass  shaped, 
electrolytically  polished  specimens  with  a  minimum  diameter  of  4  nm  were 
tested  at  a  frequency  of  100  t  10  Hz  in  laboratory  air. 

Fatigue  crack  growth  tests  were  performed  on  a  closed  loop  serv<Aydraulic 
testing  machine  at  RT  and  600  "C  in  laboratory  air  with  a  frequency  of  50  Hz 
at  an  R-ratlo  of  0.1.  Compact  tension  specimens  (H  «  25  am;  B  »  12.5  am)  were 
used;  the  crack  growth  was  monitored  optically  aad  by  DC  potamtial  drop 
technique. 

Creep  tests  were  performed  at  600  °C  in  laboratory  air  oa  cyliadrical  speci¬ 
mens  with  a  gauge  length  of  50  am  and  a  diameter  of  5  am.  Comstaat  tensile 
loads  were  applied  while  creep  strain  was  continuously  monitored. 
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The  as-received  Mterial  (AR)  reveals  an  equiaxed  structure  vith  an  a  qrain 
size  of  about  15  to  20  m  (Figure  la).  The  equiaxed  structure  allowed  the 
generation  of  both  laswllar  and  bi-aodal  aicrostructures  slaply  by  heat 
treatuent.  SHT  for  20  ninutes  at  980  plus  quench  led  to  a  bi-uodal  uicro- 
structure  with  a  priuary  a  voluae  fraction  of  about  40  %  in  a  transforued  a/S 
Mtrix  (Figure  lb).  SHT  at  1060  °C  in  the  8  phase  field  led  to  a  aartensitlc- 
ly  transforaed  8  structure  after  quenching  vith  8  grain  sizes  exceeding  1  aa 
(Figure  Ic) .  In  the  following  these  two  alcrostructures  will  ]>e  referred  to 
as  bi-aodal  and  laaellar. 


Figure  1:  Optical  aicrographs  of  as-received  aaterial  (a),  SHT  at  960°C  (b) 
and  1060OC  (c) 
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Figure  2:  Aging  behavior  at  600*C  after  SIT  at  980  aad  1060'C,  tha  quenebed 
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Hardness 

The  age-hardening  behavior  was  characterized  by  hardness  Measureaents  after 
aging  at  600  ”0.  Figure  2  shows  that  for  both  SHT  tenperatures  the  hardness 
first  increased  slightly  before  it  then  Moderately  dropped  after  5  to  10 
hours  of  aging. 

The  hardness  tests  confiraed  that  -  contrary  to  INI  634  (6)  -  Ti-lIOO  is  not 
a  strong  age-hardenable  alloy.  Therefore,  a  stabilization  of  4  hours  at  600 
'’C  was  chosen  for  all  speciaens  being  subjected  to  further  aechanical 
testing. 

Tensile  Properties 

The  results  of  the  tensile  properties  are  given  in  Table  1.  Coapared  to  the 
AR  Material ,  both  the  yield  (YS)  and  ultiaate  tensile  strengths  (UTS)  in¬ 
creased  after  SHT,  Quenching  and  aging,  whereas  the  elongation  values  de¬ 
creased.  The  laaellar  structure  showed  the  highest  strength  values  but  also 
the  lowest  ductility.  At  600  °C  this  trend  was  Maintained,  of  course  at  lower 
strength  and  higher  ductility  values. 


Table  1  -  Tensile  properties  and  fracture  toughness  at  RT  and  600°C  of  as-re- 
reived  aaterial  and  after  SHT  40^0  below  and  above  Tt,  quenched  and 
aged  4h  600**C 


Test  at 

SHT 

Structure 

•  YS,  HPa 

UTS.  HPa 

El,  % 

Kic,  HPa  a»  » 

20®C 

AR 

equiaxed 

902 

965 

11,9 

- 

980®C 

bi-aodal 

989 

1070 

9.0 

37*  /  — 

1060®C 

laaellar 

1065 

H7I 

6.2 

49.6  /  55* 

dOO^C 

980°C 

bi-aodal 

553 

701 

22.7 

- 

1060®C 

laaellar 

622 

794 

17.1 

- 

(*not  valid  according  to  ASTN  specification) 


The  strengths  of  the  8-treated  aaterial  with  a  aartensitic  quenched  aicro- 
structure  are  higher  than  for  the  bi-aodal  structure.  The  large  prior  8-grain 
size  and  thus  the  increased  slip  length  is  priaarily  responsible  for  the 
lover  ductility  of  this  structure  in  addition  to  a  reduced  work-hardening 
capability  of  the  higher  strength  S-transforaed  aaterial. 

Fracture  Toughness 

The  fracture  toughness  results  are  also  given  in  Table  1.  The  Halted  data 
generated  at  RT  Indicates  that  the  laaellar  aicrostructure  has  a  higher 
fracture  toughness  than  the  bi-aodal  structure. 

These  observations  are  consistent  with  results  found  for  other  Ti  alloys, 
where  "finer"  aicrostructures  show  lower  toughness  than  "coarser”  ones  (7) . 
The  iaproved  toughness  of  laaellar  structures  is  related  to  increased  energy 
absorption  as  a  result  of  crack  deviation,  crack  bifurcation  and  a  aore 
tortuous  crack  path  coapared  to  equiaxed-type  structures. 

-Cycle  Fatigue  Properties 
The  results  of  the  high-cycle  fatigue  (HCF)  tests  at  RT  and  400  °C  are 
plotted  as  S-N  curves  in  Figure  3.  For  both  teaperatures  the  bi-aodal  struc¬ 
ture  shows  superior  fatigue  strength  which  is  aore  pronounced  at  400  °C, 
there  at  lower  stress  levels. 
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Fatigue  strength  Is  largely  controlled  by  the  resistance  of  an  alloy  to 
nucleate  cracks.  Therefore,  coarse  nicrostructures  which  usually  contain 
origins  for  a  potentially  large  slip  length,  like  laaellar  packet  size,  prior 
t-grain  size,  or  grain-boundary  a.  tend  to  fora  cracks  early  at  these  locat¬ 
ions,  thus  reducing  fatigue  strength.  Contrary,  reducing  the  slip  length  of 
transforaed  t  structures,  due  to  the  presence  of  priaary  a  as  is  the  case  in 
bi-aodal  structures,  can  Increase  the  fatigue  strength  (8).  In  the  present 
investigation,  the  slip-length  reduction  in  the  bi-aodal  structure  is  signi¬ 
ficantly  increasing  the  fatigue  strength  since  it  aust  also  coapensate  for 
the  lover  yield  strength  of  this  structure  coapared  to  the  laaellar  aaterial. 
(As  a  rule  of  thuab,  fatigue  strength  is  closely  related  to  yield  strength  if 
alcrostructure  is  constant). 

Low-Cvcle  Fatigue 

KT  and  600  "C  low-cycle  fatigue  (LCF)  results  generated  for  the  two  aicro- 
structnres  are  plotted  in  Figure  4.  At  RT  the  ni-aodal  structure  is  slightly 
superior  over  the  laaellar  structure  while  at  600  ‘’C  the  ranking  changes  and 
the  laaellar  structure  shows  iaproved  fatigue  life. 

Contrary  to  HCF,  LCF  is  doainated  by  crack  propagation  since  at  the  anch 
higher  stress  levels  cracks  nucleate  early.  Therefore,  speciaen  life  is 
doainated  by  crack  propagation.  Coarser  structures  are  usually  superior  since 
crack  closure  effects,  crack  branching  and  bifurcation  effectively  reduce 
propagation  rates,  especially  when  the  R  ratio  is  low  as  is  the  case  in  the 
present  investigation.  At  high  teaperatures  the  laaellar  structure  has  the 
extra  benlfit  of  being  aore  creep  resistant.  Therefore  its  iaproved  behavior 
at  600  “C  can  partly  be  attributed  to  the  creep  portion  during  LCF. 

Fatigue  Crack  Growth 

The  results  of  the  fatigue  crack  propagation  testa  are  plotted  in  Figure  5. 

In  the  threshold  area  the  propagation  rates  are  higher  at  RT  than  at  600  <*C. 
There  is,  however,  a  cross  over  at  interaediate  delta  K  values  so  that  for 
high  stress  intensities  propagation  rates  are  faster  at  600  *C  coapared  to 
RT.  For  the  entire  test  range  the  laaellar  structure  shows  iaproved  fatigue 
crack  growth  resistance  both  at  RT  and  600  "C. 

Since  life  during  LCF  is  priaarily  doainated  by  crack  propagation  the  aicro- 
structural  influences  observed  there  should  be  even  aore  pronounced  in  a  pure 
fatigue  crack  propagaticm  test.  This  is  confined  by  the  results  in  Figure  6. 
Furtheraore,  the  laaellar  structure  leads  to  a  anch  coarser  fatigued  fracture 
surface  than  the  bi-aodal  structure,  nerefore,  the  energy  needed  to  generate 
this  larger  surface  is  higher;  additlmially,  on  a  aicroscale  the  effective 
stress  intensity  is  lover  due  to  the  aore  strongly  Inclined  fracture  planes  - 
both  are  arguaents  for  the  reduced  crack  propagation  rates  of  the  coarser 
laaellar  structure  (9) .  The  sharp  drop  in  elevated  taaveratnre  fatigue  crack 
propagation  behavior  at  low  growth  rates  is  very  likely  a  result  of  increased 
crack  closure  effects,  aainly  due  to  higher  plasticity  (10)  and  oxide 
build-up  (11) . 

Creep  Behavior 

The  results  of  the  creep  tests  at  600  "C  are  shown  in  Fig.  6.  The  tines  to 
0.1%  creep  strain  as  well  as  stress-rupture  are  plotted  versus  the  initially 
applied  stresses.  The  iaflueace  of  8BT  on  creep  reveals  a  superiority  of  the 
super-transus  versus  the  sub-transus  aicrostructure.  The  differaace  is  aore 
pronounced  at  0.1%  strain  and  particularly  at  high  stresses  than  at  final 
fracture,  where  the  two  conditions  coae  closer  together. 

Creep  behavior  is  usually  superior  for  coarser  structures  since  defomatioa 
occurs  predoainantly  at  grain  or  phase  boundaries  which  have  a  higher  density 
in  finer  structures,  thus  raising  the  propensity  for  creep.  This  arguaant  ran 
explain  why  the  laaellar  structure  is  aore  creep  resistant  than  the  finer 
bi-aodal  structure.  This  is  in  agreaaeat  with  investigations  on  a  near-a 
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alloy  where  the  steady-state  creep  rate  was  auch  lower  after  a  super-transus 
heat  treataent  (12) . 


Table  2  -  Evaluation  of  bl-aodal  and  laaellar  aicrostructures  on  the 
aechanical  behavior  of  Ti-1100 


bi-aodal  laaellar 


Yield  and  ultiaate  tensile  strength 

RT 

- 

+ 

600  °C 

- 

+ 

Tensile  ductility 

RT 

+ 

- 

600  “C 

+ 

- 

Fracture  toughness 

RT 

- 

High  cycle  fatigue  strength 

RT 

+ 

- 

400  ®C 

■f 

- 

Iiow  cycle  fatigue  streagth 

RT 

+ 

- 

600  oc 

- 

+ 

Fatigue  crack  propagation  resistance 

RT 

- 

+ 

600  °C 

- 

+ 

Creep  behavior 

600  “C 

* 

•f 

Figure  6:  0.1%  creep  strain  and  stress  rupture  at  M0*’C  alter  SIT  at  9S0  and 
1060*C,  gnencbed  and  aged  for  4h  600*C 


Suaaarr  and  (a»clnsloas 

An  attaapt  was  aade  to  evaluate  the  influence  of  the  two  preferred  aicro- 
structures  of  near-alpha  titaniua  alloys  -  hi-aodal  sad  laaellar  -  for  a 
range  of  aerospace-relevant  aechanical  properties,  looa  and  elevated  teapera- 
ture  tests  perforaed  on  Tl-llOO  revealed  that  laaellar  structures  prove  to  he 
superior  in  teras  of  yield  and  tensile  strengths,  fracture  toaghaess,  fatigue 
crack  growth  and  creep  resistance,  while  finer  hi-aeial  stmctnres  yield 
superior  ductility  and  high-cycle  fatigae  streagth.  For  low  cycle  fatigue 
tests  hi-aodal  structures  show  slightly  laproved  life  at  rooa  teaperature 
while  laaellar  stmctnres  are  superior  at  elevated  teaperature  (Tahle  3). 
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CORRELAITQN  BETWEEN  MICROSTmCTURB  AND  CREEP  BEHAVIOR  OP  THE 


HIGH-TEMPERATURE  TI-ALLQY IMI 834 


C.  Andres,  A.  Gyskr.  snd  G.  LQ^crtng 

Ttefanleal  Universtly  Hambuig-Haifauig 
EissendorferStr.  42 
2100  Hsnibtixg  90.  Gennany 

Abstract 

Tlie  creep  and  tensile  properties  at  eOO^’C  of  the  near  a  Tl-alloy  JW  834  wOh  lameBar  and 
bt-modal  mieraotructures  (eqidsaed  primaiy  a  In  a  lamrilar  matrtO  were  studied.  Tbe 
eflects  (rf  vailatloas  In  coaUng  rate  fixnn  die  recqwtalMiallon  temperature  (90  to 
4000^*  C/min)  and  In  volume  ftactkm  ot  prlmaiy  a  for  M-modal  structures  (4  to  40  %)  on 
the  creep  behavliH- were  of  main  Interest 

The  results  showed  that  Bie  creep  resManee  of  aB  mlcroatiucturcs  mriraard  with  tncrcas- 
ing  cooling  rate,  passed  through  a  manmum  and  then  decreased  drasUcalty.  While  the  In¬ 
crease  In  creep  resistance  can  be  described  with  the  observed  decreasing  a  lamellae  stees 
with  Increasing  cording  rates,  the  siabaequent  decrease  Is  thought  to  result  foam  Increasing 
contributions  of  tnterfoce  slldUng.  a  l^pridieMs  wfaidb  Is  suppoiM  by  the  observed  change 
In  oilentatlan  rUflierences  between  aryaoent  a-lamdae  (nudeation  and  ^owOi  vs. 
martensitic  transfonnatlaii).  Increasing  volume  foactlans  of  prtmaiy  a  resulted  m  decreas¬ 
ing  creep  resistance,  regardleas  of  cooling  rate. 

iBtreducaco 

The  high  tenqierature  Tt-aDoy  IMI  834  was  developed  for  appUcatfons  as  disks  and  Msdrs 
In  the  high  pressure  part  of  compressors  tar  advanced  ^  turbine  entfnes.  The  main 
requirementa  therefore  are  ogdmttatlons  irffotlgiie  and  creep  properties  at  Intended  service 
temperatures  of  around  OOCPC.  For  maximum  fotigue  strni^  die  mleroatructure  would 
have  to  oonaiat  at  a  One  eqidsned  (a  >  f9  structure,  while  a  creep  resMance  would 
requite  a  lamellar  nnerostmeture.  The  aBcy  110  834  waa  deslgnwl  to  rqdlmfoe  diese 
oppoaing  requirements  by  ad|U8ltog  the  aSay  compostttan  and  the  processing  route  to 
result  In  a  fine  bl-inodal  mlctostructure  consisting  of  about  15  val.%  equiaxed  pAnary  a 
within  a  fine  grained  matrlK  of  tranafonned  p  (1). 

The  creep  resiatanoe  of  near  a  Tl-alloyB,  such  aa  IMI  634,  depsnda,  beMdea  for  sxampir  on 
phase  morphology.  ^Msedtmmslcns,  snd  degree  of  ade^»aideim»atronrtr  on  die  cooimg 
rate  wtthwhldi  these  slkys  are  cooted  from  the  ivnysraBlmtlrii  temperature  through  die  p 
to  a  tranagitmatloa  retfme.  Wtth  tnrreastng  cook^  rate  the  crsqi  rrmrtanre  uormaBy 
incraaaea,  pasara  through  a  iiiaeliiiuiu  and  then  draslloallf  decreaaea  (2-Q.  IfcsswM.  a 
saUMhetary  expkmatkxi  for  dds  behartor  Btin  aeema  to  be  ndaMag  eo  for. 

The  purpoee  of  dw  preterit  toreedgatton  therefore  waa  to  oombtfoule  to  die  ftodier  under- 
etandliM  <ddK  elfoct  of  cooling  rate  on  microetructuie  and  m  turn  on  dw  creep  bdwvtor  of 
TI-aBoyB. 
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the  IMI 834  alloy  had  the  fidloadng  compoeltlon:  TI-5.aAI-4Sn'3.5Zr-0.5Mo-0.7NI>-0.3SSi- 
0.06C  (wt94.  Blanks  fx  hot  nlltng  (45  x  45  z  35  mm)  were  heat  treated  In  die  p  phase  lidd 
(Ih  1080%/AC)  to  start  with  a  defined  lamellar  mlcroatnicture.  aubsequenfiy  cross-rolled 
In  multtide  passes  at  1020^  C  (defMmatkm  degree  q  -  -1.6)  ftdloacd  by  air  cooUng  lAQ- 
The  microstructurea  were  oontrdled  by  reoystalUzatkm  treatments  of  apedmen  blanks  for 
mechanical  testing  (7  x  7  x  60  mm)  under  argon  atmo^here  aixl  by  controlling  the  cooling 
rate  t*  through  the  p  to  a  tranafixmatloa  regime,  lamellar  structures  were  obtained  by  a  p 
treatment  of  Ih  1080%,  and  various  bl-modal  structures  by  (a  19  treatments:  2h  1027% 
(-4vc4.%  pnmary  o).^  1010%  (-lSvoL%  pflmary  a),  arxl  8h900%  (-40vol.% 
ixlmary  a).  The  cooling  rates  were  varied  betaacn  90  and  4000^  C/mln,  with  for  exanqde 
air  cooling  (AO  resulttng  in  300^C/min  and  water  quenching  (WQ)  in  4000PC/min 
average  cool^  rates.  Some  of  the  recrystalltaed  blanks  were  addlhonal^  heat  treated  for 
2h  at  830^  C/AC.  The  final  aging  treatment  for  all  iqxyimm  blanks  ams  2h  700^  C/AC. 

Tienalle  and  creep  apedmens  (gage  dlmenaiana:  3  mm  diameter,  15  mm  length)  were  tested 
In  air  at  600°  C.  The  initial  tensile  strain  rate  was  8xlO'^'V  The  creep  tests  were 
performed  under  constant  load  (irrihal  stress  o  >  210  MPa)  arxl  the  plaatlc  creep  strain  ana 
determined  fay  LVDT  up  to  100  h  testing  time. 

For  compartoon  purposes  a  few  tensile  arxl  creep  tests  were  also  canted  out  on  a  TI-6A1-4V 
alloy  hi  air  at  480°  C.  This  ahoy  was  tested  In  a  lamellar  condition  (recrystallizatian: 
Ih  1050%,  t:  AC.  Wg,  i«e-hardenlr«:  24b  S00%/AO. 

Pertinent  examples  of  the  various  microotructures  are  alxnvn  m  Flga  1  and  2  by  U^t 
mlcrograpbs  (U^  arxl  In  Flga.  3  and  4  by  transmlsaloii  cleciroo  imorographs  (im).  Reciy- 
stalUxation  oflMl  834  in  the  p  phase  add  (Ih  1080%)  arxl  subsequent  air  cooling  lesuMed 


(4WQ,LM  d)MQ,pa)BilKdlJi 

Figure  1  -  IMI  834,  lamrilar  microstructuras:  a)  and  b)  Mow  oooMng  (AO. 
and  (Q  feat  coolhig  (WQI. 
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in  n  WmeiiM-  ftittcture  (fig,  la),  wflh  laige  colofdea  rnnrtatiin  of  aHpwirt  a  hanrilae  tMdttt 
about  1  |im)  i*neti  aB  oahtOwl  the  aame  cryotalkyphtc  octentatlcn<faiie  to  the  nucieaaon 
aiidgRiiittipraoeaa.aacanbeaeeata]rtbepoiaftae«lb^aienipi9h91|.  IblmlbfTm 
(fig.  3a).  Fbat  foobwg  (WQI  producad  a  maitenaltte  atnactan  ntth  atailar  oolaagr  aloM  but 
mudi  teer  a  plMbdits  (fig  Ic)  frtMch  rewaled  atrang  ottmbdlnn  dMtaenoaa  bctaeen 
nej^dwbjg  plabdebi  due  to  die  diftiatwibaa  touMdonnaltaB  fwifiiaa,  aa  ataoan  tap  dm 
poiulBad  mtorotoajih  (Fig.  14  and  tap  TBfk  mg.  34*  ttoo  eaitofles  of  dw  ht-iaodal 
mlcwattuctHwaare  AowntoWg  3.  Duetothepraoenoeof  prtmaipadieiatarpgtatotoK 
waa  draaticaUp  reduced  aa  compared  to  die  p  beat  treatod  atnicton  iooaBfMR  nge.  la  and 
2),  reaulting  therefere  in  reduced  ooloiqr  aiae  and  a  lamrHae  kngdi.  dUboi^  not  ahom 
here  in  detail,  the  ariddi  of  lamrilaft  decwaaed  vldi  toewaalqg  peiniaty  a  content 
Puitbennore,  It  ahould  be  noted  diat  alav  ooobng  ntea  produced  aoneirtiat  bim**^  P<tanaiy 
a  rohune  ftacUona  aa  compared  to  teat  coottog  eg.  8  to  (AC)  againat  4  to  (WQ)  ter  a 
reayatalllfatlon  teeabnent  of  ah  1087%. 


a)  Op  »  IS  VQl.to.  AC  ti)  40  wLtoi,  AC 

Figure  2-  IM834,tal-ra)dalinicroatructureB(LII). 
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Intennedlate  beat  treatmente  (2b  SXfiCi  betawen  fBciyataJtoUoo  and  age  banWnim  wm 
tntnated  te  reduce  eaqpactad  tflfcreocea  m  the  ninaber  at  mobile  diriacallona  Vkm  aa.  Cut 
oooledl  and  tir  M-okmU  atmctaraa  to  balanoe  aHoybig  akaaent  dAnnoea  bebiatB  rnaaqr 
a  and  ttie  lamellar  matna.  Pbr  110834  audi  a  tuatmmt  naMber  torreaand  Oie  aim  cf  • 
lameBap  nor  diBqpd  tbeir  riyatoMupaiitUr  ortnataflen  lelatiniiahli  to  a  topMcaot  wagr 
(conqweyna3aaadb,3canad>.c^t!ieafllciileatoatocreaaedali^d^r.lloiia.aw.  tar  ttie 
St-free  Tl-88l-4y  aBoy  a  lamwaneed  coataentog  of  tha  « lamrlar  w^i  wwa  nhaaraid  na  a 
ieaubcfaietiilmHailbililieattrewbncnt(coinpareFlp.4aandk4canddl.  nhebaw^r  due 


T1ieteBaaetauperttaaat600PCefliC884i)rtwD<MtarBntcoaltotm*aaaiaanatoaaitoadto 
Ibbie  I  (AO  and  IbUe  11  fffgi.  AB  of  tbeae  lanpeillea  were  htgbu  to  toat  cooled  (WQI  to 
comparlaoo  to  atoar  cooled  (AC)  conrttftnna.  diue  te  Qw  obaeiaed  udauabuctural  relinrment 
For  the  o^-Taiuea  of  tbe  lamellar  cnndMon  were  835  and  508  MFa  to  toQ  told 

AC,  iea|MX,Utoly.  Fuitbennore.  impiored  ptopertiea  awre  obeeimd  to  bt-anndal  to  com- 
pMiwi  to  MBHiHr  mucomOi  wnco  wtm  copocw^r  pranDUROw  iDr  w  wtom  ooomi  oqd* 
dtoom  natleq.  Tha  totennrdtoto  anne^  tieatoaBt  Bh88BffC|  deeanaaed  alpilnanUr 
the  Ok*  and  UTS  aahiaa  of  baaelar  and  U-modal  adwaalntotana.  IMa  la  atown  to 
lanOto  atmctiiraa  witti  tarn  dMnaot  ODoitog  rataa  to  TUAi  B  to  no 884  aito  to  IWUe  IV 
totVOAHV. 
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rate,  paaaed  a  aiatonwan  at  about  aoo^c/toto,  and  Oen  daciaaaad  draatba^y, 

atmflar  to  an  mleroatiuctuiea.  to  aecordance  wBb  Stoature  raaulla,  the  baneflar  candSlan 
— haiitml  die  MOieat  craep  reatotanoe,  laBaidieaaoroooltaKnae,  diBoand  ctoaahr  tor  tbe  bi- 
modal  oondttlooiM  tt?laar  aoiiine  tototontf  prtMiv  «  Ob  lOBTOcTwSe  mto  la- 
cteaatod  nrtoiaiy  •  oontoot  a  atopBoant  loaa  to  oraan  raatatance  waa  obaawad.  Tbe  tanbtod 


TkUel  nil  834.  THMilePrapeittea  at  aOQ^  of  Slow  Coaled  (Aa 
Lamdlar  and  Bt-liodal  menMtiuetuRa 
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Figure  5  -  IMI 834,  effect  of  coaling  rate  on  creep  strain  after  lOCXi  of  lamellar  and  fat-modal 
microstructures  (Op:  volume  ftaction  (rf primary  a-phaae). 
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Figure  6-  IMI  834,  effect  of  oocdmg  rate  on  creep  strain  after  lOUi  of  lamdlar  and  fai-modal 
(Op  3  lSv(d.4(4  ndcrostructuies  wtftmut  and  wtOi  intennedlMe  smuaMng  of 
2H  830®C. 


osoneMat  rtmte 


Figure  7  -  Tl-ftAl-4V.  oAct  of  enniftig  rate  on  creep  strain  after  IMIl  of  tamrftar 
mtcroatructureainBioutaiidwIttiintecoiedlateannealBigofaiiaaoftC. 
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of  the  four  mlcrastructures  for  example  at  300^  C/min  was  folty  lamellar  (creep  strain 
0.20  %).  U-modal  with  4  %  a-  (0.25  %).  bl-modal  with  15  %  Op  (0.39  9^.  and  bt-modal  wttfa 
40%  Op  (0.47  96). 

Tlie  effects  of  an  intennediate  heat  treatment  (2h  63CPCl  on  the  creep  properties  for  the 
lamellar  and  one  bt-modal  condition  (15  %  ptlmaiy  o)  of  no  834  are  shewn  in  Fig.  6,  to¬ 
gether  with  the  results  without  ffiis  treatment  IMthin  aqietlniental  error,  no  varialfon  in 
creep  resistanoe  was  observed  for  the  lamellar  condition  adOi  and  wtttiout  intermediate  beat 
treatment  and  also  not  for  the  fast  cooled  Id-modal  microstructuie.  However,  intermediate 
heat  treated  bt-modal  structures  egchildted  an  increasing  creep  resistance  with  decreasing 
cording  rate  as  oonqrared  to  the  referenoe  curve  (Fig.  Q.  For  exanqde,  at  a  ooahng  rate  of 
2O0PC/nan  the  creep  strain  aas  reduced  from  about  0.596  to  0.396  by  tiie  intennediate 
heat  treatment 

Ihe  creep  results  of  the  tomellar  conditions  eff  T1-6A1-4V  at  AStfi  C  and  a  atieas  ot  200  MPa 
are  summailaed  In  Ffg.  7,  oonqratlng  mlcrostiuctures  without  axtd  with  an  Intermediate 
heat  treatment  (2h  830^.  In  a  quaUtahve  way,  the  effect  of  cooling  rate  cn  creep  resist¬ 
ance  waa  almilar  as  for  lia  834,  ahowiry  a  decrease  in  creep  reatstance  with  increasing 
coaling  rate.  However,  the  intermediate  heat  treatment  reaulted  in  a  different  behavior  as 
ocanpared  to  IMI 834.  A  algniflcant  loss  in  creep  resistance  waa  found  for  the  alow  cooled 
structure  (0.296  plastic  strain  without  and  0.58%  plastic  stram  wlUi  intermediate 
treatment),  while  an  increase  in  creep  reMstance  was  obaerved  for  the  fost  cooled  structure 
(0.9  %  plastic  strain  without  and  0.75  %  plastic  strain  with  intermediate  heat  treatment. 

PlacusslnH 

The  results  of  this  investigation  have  shown  that  vanatfons  in  ndcrostnicture  can  have 
pronounced  elfecta  on  the  creep  resistance  and  alao  cm  the  hl^-tempcrature  tensile  pro¬ 
perties  of  nfl  834.  the  most  puEdtng  resutt,  wfaicb  is  already  wdl  documented  In  the  Ute- 
rature  (2-4),  aeons  to  be  the  strong  depeixfcncy  of  die  creep  reatatanoe  cn  the  coding  rate 
with  wfaidi  the  different  microstructures  Qamellar,  b(-modal)  are  coded  through  the  p  to  a 
transformatton  regicn.  It  is  known  that  as  a  result  of  increasing  coding  rates  die  width  of 
the  g-lameUac  decreases  In  lameDar  as  weB  as  in  the  lawmiar  matrix  of  bt-modal 
mtcrostructures  (Figs.  1  and  3)  (3,4).  The  chserved  increase  in  yield  stress  and  tensile  dim- 
tiUfy  with  Increaaltig  oooUng  rate  (ccnqiaie  Ttfoks  1  and  2)  can  be  oqdatned  therefore  by 
dlls  decreasing  wlddi  of  the  a-lameDae.  the  higher  yield  stresses  for  bi-modal  as  conqaued 
to  lamellar  mtcrostructurea  (Ihblea  1  and  2).  regardless  of  oooUng  rate,  are  a  consequence 
of  the  inonounoed  refining  of  the  p-^ain  sixe  and  lamellae  width  of  die  bi-modal 
imcrostructures  in  oomporison  to  the  p-annealed  lamellar  structures  (compare  Figa.  1 
and  2). 

Aasuming  a  didocadon  oontrdled  creep  medianism  for  near  a-aUcys,  tt  would  be  expected 
that  the  creep  reaManoe  alao  anuld  conUnuouafy  mcnaae  with  IncTeaalng  coding  rate  due 
to  the  decreasing  o-lamellae  width,  stanllar  as  observed  for  the  yidd  stress,  ttaetc  exists 
ageement  In  the  llleiatoie  (e.g.  2}  that  this  explatna  die  observed  inareadng  creep  re¬ 
sistanoe  wttfa  locreadiig  coding  rate  in  the  very  fow  to  medium  coding  rate  nfme  (FV* 
However,  the  observed  maximum  In  creep  reatdanoe  and  subsequert  ikrastic  decrease  wttfa 
fiulher  tncieaaing  oodtng  rates  (Fig.  Q  suggests  diet  odier  coding  rate  depsident 
mlcrostnictuial  parameters  must  be  considered. 

Ihree  such  poaaibly  oontrlbudng  paiameten  were  oonddered  to  dw  pneott  tnveadgMlan. 
Fmfc  Additions  of  atUoan  to  IMI  834,  as  bi  most  advanced  tat^-temperetinc  tl-allaya,  were 
found  not  to  be  reeponsible  for  die  coding  rale  depwidency  of  die  creep  lyldsncr,  alnoe 
also  the  Si-free  Ti-8M-4V  alloy  cediffilted  quattatlr^  a  dnffar  km  in  creep  icaMance  with 
itirrraelng  oooUng  rate  (Fig.  7).  It  should  be  noted,  however,  dutt  Sl-oonlalnlng  adlaya  oer- 
talnl)y  win  have  Improved  creep  leaManoes  ae  ooi^aured  to  thooe  wtthout  SI.  as  has  been 
weB  documented  tn  (he  Itteiatuie  (eff  9.  Seoood;  Incraaaing  dlalnratlnn  rtaiieltiBe  as  a 
result  of  tnereaaing  coding  lateo  co^  dso  be  reepraidbir  for  die  dmvaefrig  creep 
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reatotanee.  However,  tte  lesutta  at  intermedlale  aimwilHig  treatmenta  (Sth  830^.  which 
aboukl  have  removed  moat  at  the  mobde  dtalnrattopa.  did  not  tapreac  die  creep  icmetanoe 
at  the  tun  cooled  lameBar  and  U-modal  mteroetructurea  (Rf.  6).  The  ttdrd  cooling  rate 
dependent  tector  waa  the  obaerved  ddfeienoe  m  cryataQoignphic  oftentatton  rriatlonahip 
between  ne|ghboftng  o-lamdlae:  Slow  ooahng  ratea  leauMed  in  the  dtfftiWnn  controlled 
growth  at  U'lanieBae  which  cAlNted  the  aaine  ertmtatlnn  wtthin  a  partlmilar  ooknqr  (Ftp. 
lb  and  34,  while  hat  cooling  ratea  (WQ  leauUed  in  a  maitmaltlr  tranaCacmatian  widi 
orientatioa  dMfcreneea  between  neighboring  a-hundlae  IRga  Id  and  34-  An  eShct  on  the 
creep  bdiavler  could  be  enviaaged  if  one  aaanmea  that  in  addgieat  to  dialocatlon  controlled 
creep,  InterlKe  ahding  plrya  a  rale  in  creep  drfannation.  Such  a  creep  proceaa  ad^  be 
eaaler  fcr  boundariea  between  lamdiae  hav^  ciyatalloyaphir  oelentatinn  dSIwencea  <64. 
due  to  nwitenadlc  tranafcrmatkm  by  hat  co4h^.  Some  poaMre  mdlcatlnne  fcr  anch  an 
aaaunqitlon  that  Interhee  eliding  dominatea  fcr  hat  cooled  nncraatiuctuiea  nd^  be  drawn 
from  the  aUght  improvement  In  creep  rraletanrr  fcr  the  fcat  cooled  lamrUar  atructuic  (WQt 
of  Tl-aAl-4V  wdfa  Intermediate  aimealtng  (Rg.  7)  deaptte  tte  pronounced  ooaraening  at  die 
a-laxndlae  wlddi  (Rga.  4c  and  d|.  For  a  dtrincatlon  controlled  mrchaniam  audi  coaraentag 
would  reduce  the  creep  reaiatanoe,  aa  obaerved  fcr  the  akav  cooled  condition  in  Rg.  7  (AO, 
addle  fcr  aa  intethoe  aiwtit^  dominated  mochaidwn  die  reverae  eSwt  would  be  caperted 
becauae  of  the  deereaatng  volume  fractiaa  of^  boundariea  aa  a  remit  at  the  coaiaening 
proceaa.  That  no  audilmpiuvement  waa  obaeived  fcr  die  no  834  Bd^  be  wfplalnwlly  die 
fcct  diat  m  dda  aUogr  die  intenneaete  aimoaltnig  (hd  not  ooaraen  the  o-lameaae  (Rga.  3b 
and  d)  becauae  at  die  preaence  at  the  aflloidiWL  Hcarevcr,  to  prowe  die  intetfcce  aUdhig 
hypodieata  unequivocally  more  eapetimental  week  haa  to  be  done. 

The  Improved  creep  reaiatance  of  the  akavly  coded  bt-modal  ndcroatruetuiea  widi  an  mter- 
medtate  annealing  (Rg.  4  la  thought  to  reault  from  a  more  unifonn  dteMbudon  of  c»-atald- 
Itdng  aBoymg  demente  (fcr  example  AQ  between  c^  and  the  temrBar  matrix  and  a 
caacomttant  mcreaae  in  age-hardening  through  woe  the  MI  834  alky  ie  intended  to 
be  uaed  In  «-«ni»ivrirji  appBcatton  wtdi  a  bi-modU  mlcroatnicture.  auch  an  mteiwicdtate 
Iw— liiiMit  miiM  tic  Owmrahly  appteiii  to  Impwwe  the  creep  ivaiatancr  IPlg.  «  widi 
aaty  a  modente  loaa  in  tenalle  yidd  atieas  (ThIdeR  becauae  no  extenalve  coaraentag  at 
temellaf  waa  obaerved  (Rg.  3). 


The  audion  would  like  to  acknowledge  the  aupport  of  diia  inveatigdion  by  the  Deuteebe 
FOrachungegemeinadiafl. 
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iftciwiwiyy  myf  BIB  fBi|iitraBMni  bi  bib  not  BBOBOBot  |Bt  BnpnBB  ib^bbb  fBflBCBfli  wBipK  Diit  mu 
maimain  high  temperature  capabllily.  Large  M^ily  conyleK  ahaped  atraanial  coanpcnenia  of  |al 
enginea  like  awnpaeaaor  caae  and  dUhaar  offer  aignifleant  wai^  and  coat  aaviitga  if  node  from 
titanittm  caalinga  htatead  of  die  tr  iUkmai  Mgjh-alicigldi  aleda  or  niAeltaae  anperaHoya.  Caat  Ti- 
6-2-4-2  afloy  in  the  HIP  and  agad  .  ndMon  waa  analimad  far  creep  and  high  tempemtare  low  cyde 
fitignefariiaenptoahoiil7B)*h  EiPn.  Thetrldeaaalebllltyinlheoliaaniiidcwepbehaelor.aiidin 
the  high  temperature  low  cirde  hiligiic  propeitiea  is  rdated  h>  the  mieroainictnie  and  fracture 
behavior.  A  heat-treat  modifleetion  ia  anggeated  to  improve  Oeae  pnipettiea  by  refining  the 
nfoostmctiire. 


htmAneHnw 

The  increaaingjy  demanding  requirements  of  reduced  weight  and  coaL  and  higher  tempemtare  creep 
and  low  cyde  fatigiie  capability  of  components  in  modem  aircraft  |et  engines  are  met  eidier  by 
devdoping  new  aOoye  or  by  Improving  die  properdea  of  existing  aHoya  with  modifleaWona  in 
chembtry,  heat  treatment  or  proceeelng.  Modification  of  existing  alhtya  ia  nibatantially  less  coedy 
than  devdoping  new  alloys. 


Due  to  lower  density,  dtaidum  alloya  are  an  atiiacdve  allemadve  to  die  heavier  nickel  bate 
aupeialloya  and  atauchnal  iteinleeeateala  provided  diey  CBII  BIBBl  tllB  tBHipBtBhBB  VB^uIiCDIBMB 
of  |el  cnglneB.  PoraiBMngiBigBBtniclBiBicoBBpoBBnliltetaiWnBCBBBB  wdhouBtafBaBBrnBtihBpB 
foraiing  tedaidlogy  eg.  cBBting  and  powdar  malaBBigp  (P/M)  otter  ooBt  advant^gt  over  madduad 
wipt^lB  pioductB  CI)vCompBfBd  10  ioiglogB  hovrever,  cBBltaigi  art  piDiiB  Id  kdemM  panels  and  die 
nucTOBtrucciiiB  tB  ganBOi^r  moia  vanaoN#  bmbi^  craa  lo  wnafanoea  ui  bwioiiicbooii  ma  wiuBn  ma 
same  part  and  coarser  ibitt  refinement  by  tagiiigii  absent  Hw  reauitant  propardea  would  dierefeee 
be  lower  and  have  larger  acattrr  dian  slmBar  wrunght  componenta.  Although  advances  in  investment 
casting  and  hot  teatadc  peeasing  (HIPing)  have  provided  peilial  sohiUona  to  dwse  ptoMama, 
limtted  data  and  experience  with  dterdum  cast  p«.a  hee  led  to  die  use  of  'casting  facton'  fai  the 
design  of  airframe  and  |el-engiiie  componenb  TMa  panaHwa  die  wei^  benefits  of  tHanhan 
alloya.  To  gain  fuller  advantage  of  cast  dtanlamdloya  and  help  dfardnata  die  use  of  casdiigtetort, 
a  better  undefetendlng  of  mlcroatfuchire  ~  property  ralationehtya  bocomaa  even  more  Impoftent  (4), 

nMm'Kt 
SdviiBv  oM  tBohMisfly 
HSwIkyfJtfiew  mdtCwim 
ItuMkHrah.M^AManriellSMMar,  1493 


The  high  dynamic  stresses  and  hi^  temperatures  eitoounlered  in  modem  Jet  engines  necessitate 
characterization  of  both  creep  and  fat^ue  properties  of  materials.  It  is  %»dl  established  that  these 
are  interactive,  alloy-tpedfic  properties  and  are  affected  by  composltioit,  irUcrostructure  and 
processing.  Generally,  creep  improvement  reduces  low  cyde  feUgne  capabOily  and  vice  versa  (5). 


The  neaiHilpha  TI-6Al-2Sit-4Zr-2Mo  alloy  (11-6242)  was  originally  introduced  in  the  United  Slates 
in  dte  mid  1960's  in  wrou^  form  for  use  up  to  about  783*K(950D(5).  Subsequently,  improvements  in 
creep  of  this  and  similar  titanium  alloys  were  found  by  addition  of  Si  up  to  supersaturalion  level 
(67).  In  Ti-6242  the  optimum  Si  content  is  0.1%  (wt  pet).  In  foe  wrought  form,  fob  aUpy  is  wdl 
understood  and  numerous  articles  are  availtbte  on  foe  behavior  of  various  microstructures.  Forfoe 
cast  fomv  however,  very  little  is  known  and  no  qwlematic  underslanding  has  been  devdoped.  The 
inherent  stringency  of  the  cast  mkrostructure  Hmils  foe  possibility  of  oblainiitg  bi-modal 
microstructures  and  primarily  consisis  of  alpha  platdett.  However,  ttte  potential  exists  for 
improving  properties  ty  modtfying  ttie  dpha  pbte  structure. 


Allison  Gas  TtnWnes  has  aeieeted  cast  TI-6242  for  the  compressor  case  aiKl  dUhiaer  of  ttie  new  T406, 
GMA  2100  and  GkfA  3007  engines.  IMs  work  was  performed  to  evaluate  die  effect  of  heat  treat 
modltteatlon  OH  creeps  and  LCP  at  75yK(900*P),  with  the  objective  of  fanproving  creep  properties  and 
at  least  mainlaining  foe  7S5*K  (Oexm  LCF  properties. 


typical  composition  and  foe  two  heat  trrstmenis,  oondittona  A  and  B,  are  given  in  Tables  I  and  n, 
respectively.  Test  pieces  for  tensile,  creep,  and  LCP  for  condition  A  were  seettoned  hom  a  rnmpwssor 
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Table  0.  iiaitllEMMaiLfBc£BdtttantAttiU 


HIP 


Conditlan  A 
(Fast  oooO 


tt72nC(14aim/5llr 
•100  MPa 
(lASIal) 


ArgmfeacDQl 

•04MPh(Bpa0 


ofAsncaiam/Bhr 
Argssfmcsei 
•  OAMPatlSpaO 


ConMionB 
(Stew  cool) 


iiTncnoam/shr 
•  lOOMFa 
OASksi) 


12276rK  0790^/1  lu 
ArgM  fen  cool 

•aiMFa(15pd9 


mjYniS0V>72hr 
At  gas  fen  cool 
•aikffafupso 


case  of  die  AUson  T406  er^hte  OngBrs  1).  For  condition  inligraify  cast  feat  cosipewts  from  a  sfenflar 
size  casting  were  usod. 

TenaOe  tests  wart  conducted  per  ASTM  standard  BB.  Constant  load  crasp  tests  at  varloaa  stieta- 
temperature  combinations  were  stopped  after  mote  than  1000  horns  if  no  ftBure  occurred,  and  the 
smooth  bar  LCF  testa  wars  conducted  on  a  caasputer  contwBad  sanrohydranlte  test  system  at  7SS*K 
(900*P),  Re  ■  0  and  at  20  cpm  uteng  triangular  wavu  form.  Light  and  SBM  ndcroaoopy  was  used  to 
aitelyut  mlGiostruetHins  and  fractara  SHifeoas. 
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Hgoel.  ConywMPf  cm«  ot  the  ABiicnTiOt  engine. 


Typicri  mfcwmruchirM  <or  the  two  fnHy  heat  trerted  onwWfwrt  ihowa  te  P>g»»e  2.  ContttaiA 
CPIguKt  2a  md  2b)  hat  iwiMRMM  trarlaitit  of  dfla  plaid,  tfte  aiplMi  ooloiiy  rize  it  incgnlar  and  the 


abed 
Plgiire2.  MIcroatnicture  of  Odt  'n-b242  fee  the  two  heat  trnatmnd;  (a)  and  (b)  taat  cool,  condWoo  A. 
doifiig  Ida  •  311*K  (lOim/iidn,  (d  and  (A)  dow  oocd,  oondMhm  B,  oaoiiitg  Ida  •  27l>-275nc  (2^- 

Mm/mki. 

gniii  bomdaip  alpha  la  undalfy  iMCk  and  coditaioiit*  Soaaa  attaa  oonaial  of  baahdtdand  alpha* 
X-tajra  did  not  icvaal  aiqr  hdamal  poid  hi  Aa  leal  piaoaa.  Hit  coaHng  late  from  tohilion  anneal 
tempemtuia  it  dbout  311*K  (lOO^/mfri  (Ar  fat  Cm  cool  d  04  MRi  [dO  pdB  and  it  Mnned  M  frM  cool, 
"niafritydar  tiniclufaaf  Odicpndlilpnliaiiaufraf  thadUfcaflnl  tacilontlatt  and  ttpid  cooMin  from 
the  near  beta  loldion  amwal  tempentmav  to  ttd  faianncItM  h—  it  anraOafala  for  d***™*^"  of 
alpha  tIabflIaBa.  AMhomh  not  addled  here;  diaaBlnBq«ia  It  well  andmood  la  aiabttd  alpha. 

vQc  coniuoott  9^  iM  wpM  if  MKwff  wMn  wy  mw  ttsMiMf  Of  siinnvwvf 

afructuie  (Hgtma  3c  and  3d).  Iba  conllnnoaa  gialn  boundaty  al^  and  te  dpha  pfaMt  in  die 
coloidd  appear  llnac  dwn  fat  condllien  A.  Gantfdfylhaooloapddwdniotacooalalentbiitinaonw 
catd  die  alpha  colony  araa  dlaipa  at  lhapiloe  beta  tpalBa.  Aptiiw  no  pwotl^  wd  found.  Flamaoe 
oooBnowldiBowhipAr(Md0.1  MFh(lSpiOBB«eaooolbi|idaaf  dbottt27D-27S*K(2SdirB)/inin 
andlaimidattbaaCBetTfcacatlltMbaithBdaeoMildiimmieHdaoaiidmotenwIieiiitilniehne. 
inf  H0wf>  tiWnnn  m  Boiwpwn  n  pmw  fn^Opn  nnwiof  wnwwBW  ot  a^nf  fnsnHn  ■nn  wOTfo 
die  alpha  pladt. 

OmrandiTi  landia  piopafdtt  fcw  dw  two  condfrhint  tea  tnnmwriaad  In  Table  m.  OandWanB 
mainlifriad  tfrenidt  leorii  «qHl«at«t  la  dw  frat  CBOlad  oandMIan  A,  BM  die  dncdMy  at  bedi  team 
lampamhmanddllwnCdOnBlihMlfrr.  MdrdMiaiplacnidMafrBlefbmladieBMiMaofdie 
fMfei  bamdaiy  alpha  at  wedat  fte  aderiar  al^  IWt  it  tMdtarla  dia  AicdH^  dHtaMacm  faond 


msmi 

n 

» 


UTSUPtOaO  S6M04CI 

OMYSMTadHi)  MUCM» 

D(«)  • 

RAM)  M 


ms  041)  6BBIOOB 

MBAOsn  sas4<7» 

17  W 

22  40 


in  aoine  alpha-beta  alloya  artMic  the  tMiewacea  Mte  atlribuied  to  dte  enlargement  of 
mkroatnictural  unit  and  the  grata  hounilaiy  a^ha  (Mu  Hla  Inlf  wiallog  to  note;  that  in  oflver  alloya 
slower  cooling  rate  had  redaoed  dacBtty  0,Mh,  llosaeeer,  the  strnctares  in  Bieae  studies  were  bi- 
inodal.LeiacleiilaraawdlaaoqaiB«d. In onrcaaetM only haraeateaciciilw phase.  Bcantfienbe 
oonduded  diat  leBncment  of  Ae  adeolnr  dplia  maspheiogjr  is  bcnefidal  in  fanproving  dnclBiqr. 


Qggi 

Overall,  creep  reatstanoe  of  condHIon  g  Is  lemarfcaMy  better  dian  oosididosi  A  for  die  aame  test 
parametew  (ffigure  3).  Time  to  reach  0i2%  deep  stmia  foe  die  two  oondhiona  are  oomposnd  In  TtUe 
IV.  Rir  eMier  oomHdoo  no  sped  mm  failed  before  leecblng  OM  creeps  hi  condMion  A.  a  cieep 


HgnreS*  Comparisonof  Cray  behnvier  forcniidldona  AesidBattrvoatreea/temperatnrecosMiidcsia. 
Stow  cDo^flomiltbni  Ms  mndi  more  owepieeieianh 


IMelV. 


St4nC/10SMPa(XIBn>/t4AlaO  20  1217 

a0irK/I903MniO>fF/21Afcd>  447  KOr 

*  test  stopped  after  KBS  hr  at  aMM  Md  oeep  sbahi. 


latchetllng  effect  wee  bbeeeved  dnetog  staady^etata  creap  vdwm  die  daformadort  ocenrrad  In  small 
Inleriiimeni  Inciemento  mdl  it  randwd  latdaiy  stage  (ngme  4).  TMe  phenomenon  wee  letn^ 
present  in  eondWan&  Thehrpreeeivetfflnenceincreepbdwvtorcenbeinitoiialbiedbstatnmofthe 
twonfoaetmctorta. 
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Rgiiici.  Cwtp-wtdit>lmieattitttc<mcoo|,ceiidMoi>A.far>«pedmenlMtBd>tyB8*K/3a6< 

MI^(960*P/474laL) 

have  a  nMiwiiii  acep  tiniii  when  te  Aiwar  femace  cool  (flowing  Ar  gu>  gave  the  beat  cnep 
propertiea  ai  oonyaieJ  to  tfw  fleter  ak  cool  or  water  quench  ratca  (11).  Thto  wa«  attribcted,  to  part, 
to  oMxpholQgieal  diangca.  SfanOariy,  In  TMMS  (12)  flaer  alpha  platelet  width  Iwpeoeed  creep 
reeiatanoe  by  netrietlng  Ahiiwn—  aovewen  wHMa  alpha  platee.  The  alpha-hela  boundaries 
provided  a  eiiWIfiint  heerirr  to  aiibelenctun  woeenent  ttna  cowflntng  cnep  to  alpha  platelets.  In 
eifeeb  UndUag  of  dip  withia  alpha  provided  ehocter  nean  pafli  for  defaenadoa  with  the  finer 
atructnn— stniiiar  to  condWoa  9  in  oar  can  hence  better  cnep  nalatance.  Coarser  alpha 
plateieti  condition  A— arould  provide  a  larger  area  far  dialoniionmoivenient  and  hence  lower  creep 
reaistanoe. 


Chw  explanation  for  (he  laldietting  efleci  seen  in  condition  A  nay  be  due  to  die  large  vaiiafaility  in 
the  platdet  sin.  When  cnep  deforsnation  coiwentrated  within  the  a^pha  plaleleis,  as  discussed 
above,  encounten  a  bMTter  to  dtslocatloM  notion  such  as  an  dpha  colony  interface  or  coam  gntn 
boundary  alpha,  detectable  rnacnxmep  would  stop  for  a  few  hours  tin  enough  energy  becomes 
avaflsbie  for  ovenBoming  die  barrier,  or  for  cronhrg  over  to  a  isvorab^  oriented  ad|scent  colony.  At 
diat  instance  a  (nmp  in  creep  strsin  is  notioBd.  TMs  also  cxplaina  die  larger  scatter  fai  creep  obsnved 
for  condition  A.  IMfonnity  of  alpha  morphology  could  explain  the  near  absence  of  such  steps  in 
condition  B. 


A  change  fai  the  apparent  aedvadon  ane^pr  (slope  of  In  e  VS  1/T  plot)  indicam  dUhmid  opending 
creep  medianistns  (13).  In  our  study,  the  sl^  is  essentially  die  same  for  die  range  of  test 
wmpenmirei  M  91#  wi  ii  ■  owoiv  cunoBOKi  mifjii^fiivnBaiBnnoi  vauiiBiiBiic>  abihm^^ 


the  exact  meehaniam  can  oufy  be  charactcfiaed  by  mnamiiaiM  alectron  wtaoacopy,  fbOowtiig  tte 
above  diacnasion,  pcriiapa  dialocalioa  gUdc  la  die  madianifm  here. 

LowCvdeBrtlfiie 

The  amoodi  bar  LCF  crack  toWadon  Ufe  ior  condMon  B  la  bcUer  than  coadilion  A  at  7S5*K  (900*F) 
(Hgitre  6).  The  mean  atreaa  at  half-lUe  (ra/2)  la  abo  Mghcr  (ngnre  7),  but  better  LCF  Ufe  for 
condition  B  indicatea  Biat  far  d>e  aame  ‘g  redo  (Rg  -  0),  the  mean  ilreaa  cfieda  are  more  pronounced 
for  condUloo  A,  or  that  condition  B  baa  better  lima  eapabdl^. 


cvcuca  TO  CMCK  mnuTaM 


Hgincd.  Oenpariaon  of  amoodt  bar  lorrcydefollpae  at  738^000*1')  for  comUtiane  A  and  & 


JBM  lMJLmy|liy  Of  OOnORwH 

n  mode  (ngnre  ia).  Tha  crada  p 
ahown  In  npare  flh  Rw  oandMlBa 
orinin  la  at  a  aobaaifHe  dnafor  of  I 


iBalBiai 


MhlAaaia 

hfTX.  The 


IBTWtelfa 


FIfiiielL  Sra^AactacnpteofLCP^pacinMiftHieclattQMitnkinnceaffliTSiWMiiCKxendc 
MtlallMi  and  (b)  pniMiittan  aloBg  a^iiM  to  oondiiloii  A;  ie)  MibmrfMe  crack  inillMion 

and  Cd)  Mi^  magnUoalkm  of  the  <M%to  wMdi  was  to  a  dnHer  of  Moond  phaw  parddec. 

boundaiy  a^pha  wMdi  waa  pnaeni  to  a  few  pitor  btoa  (tato  boundafica.  Craeka  abo  inMaled  to 
nvono^  oncMM  Mn^e  coionKi  aKi  pnpilfnBCi  tcntm  tnt  piMn  vj  iiiKnis  wnttm^  now 

in  Figure  9  ttoa  toe  eradUng  ta  tomato  to  90  deg  Id  toe  plafdeta  ntofl  tt  readiea  fte  adjacent  colony 
•Ml  inmyt  QBivcQonp  oicwBy  nciWDif  nc  vranM^  ot  niBcracK  pMii* 
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At  total 
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idaltoaia.  H||bm  10  ia  a  Qrpical  SOd  fncto^tdli  of  dda  noda.  The  aarparior  LCP  Wc  of 
a  laanlt  of  die  flnar.  alwto  atoha —101101000  aa  It  pwaldaa  waletoMa  to  muMni 


AandB. 


TTk  amhow  wish  to  ttmOc  Am«oa  G—  TWtfcn  DlrWoi^  Cwwl  Motew  CcgnwHWi.  far  j 
VI  paooin  int  p^Mf.  wcvaoMiiviid^ptniCMionui^pvniCfliponHMmju^POfWMUVMpoi^iv 
tiipplyii«  Ok  OMtk^  niMi  te  Ilk  Mnte  Gngr  te  coavakv  the  dM,  iM  Ml  Mi 
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ON  CRAOC  MECHANISM  CP  Tt-6.  SAl-3.  SMo-1.  5Zr-0.  3SSi  ALLOY 
UNI^  FAHOUE-CREEP-^NVIRONMENT  IKIERACnON' 
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TIm  clMvafB  fwctuw  at  TVS.  SAVS.  SZVO.  3S1  aBogr  aim  tkm  kia*  of  aV 

ciuwrncmnat  *» 

viraniiMiit  inttmctkm  at  S20C.  K  M  ArokI  am  Sa  riwyap  ftaonn  was  not  tailr  niaaiS 
to  iha  tatt  at  crtap  void  inUatfagt  bat  dao  eoatraiM  bf  te  tiaap  attain  aecaaariattaa  at 
cnck-tipdariiiclMkltbMandbjratnaaabNaatctaek'l^  Thatift  iha daavafi ftaatan o< 
TValloy  waa  affected  ebantbaMaadbr  bp  the  cfMe  eaU  fadUaffan  atrabi  and  die  paiamaiar 
Vac  at  critic  vcU  graerdi. 


O  Prefcawf  at  Httabda  Seteaaaaad  llii|hiirtn»  Miadieaiatiii  ^tyeachaical  UMvenhy 
•  Kaoaivad M. S.  Patae  aiabcwa Putawaa 
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InseiMRli  ftM  riMinm  frarfnra  nf  T1  ■Biiji  iwthf  ftiHpw  rrMp  ■nrtmnmnnr  tnwfirrtnn  k 
unialljr  ■■ocUtid  wtih  hyirmwi  fai  aUof  or  wlih  cuqnwi  atomi  tai  ivlroaBMPt  dtf- 
fniactowaidetaek-iiptU.  Ib  lM7B.E.Pa««ll«taL(S>l  wplriiirt  that  tMi  phwyiMiica 
WM  nIaMd  to  ptaiiie  tonin  aiw limnn  at  etaek-K^  but  lliqr  had  ao  aapuliiimJ  praoC. 
The  autfaflta  did  CMlilMaWaaaptotHiHiaBiIttobdlwaafMBaMUnotfirtBt  a  battle  toc- 
ptatnartfin  ot  the  ahtww  imnUomd  phaMaaiaoa.  TMa  papto  ahaiid  the  faHpna-ntaep  life  at 
Itarae  ateoatructotaa  of  Tl-6. 5A1-3.  SMo-L  SZr-0.  SSi  altar  andv  tadgBa-cmp-aiivitQa- 
aaant  imtataettoa  at  5201C  and  patttBiiaitr  atndtad  rlnairaim  traeun «— <*■»»««  ndng  SEM 
abaatvadao,  eiaefc-tip  atma  analjpiit  aadmaaaBieaaentad  oaap  atnlD  accanailaHeo  during 
hold  tbm. 

Idalariat  and  EnpaatoiaBt  Procednie 


ExpariaBMital  nMlarialB  liwaan  for  tliia  atndf  ouna  fnaa  tta  dkcal  tegiagt  at  ttaaa  atd- 
ciaatrattmaa  (Ftp.  1)  arideh  wma  obtrinid  tgr  naiianrinnal,  maav^  and  0  datUng.  Tlw 
chanaiealaaaapaaMaHwanaaBa,  AW.  •S.MaS.42.2irl.<6.SI&2t,FaO.  0066, 

C0.001S,N0.007.HO.O00Saad1lbal.  Dlieal  faiglv  laon  d^pta  aaaMdfaaHnaaad  aa 
Mtam,  950t:/Ui  Wr  eoal+590'C/Wi  air  anal. 


BmUm  cmp  Irtwctfoa  tm  tt  S20t;  wowtodotiMlinaiwpwntiM  ww,  lantHiidi- 
aal  mwica-WMlaa  cydic  rtw,  aw  latio  R^O.  It  imiuMin  f«4. 76X10~1bt  hold 
ttBM  3  mia  at  aMadunm  load. 


Rtwlt  and  DtirWfW 
hitinn  Ul.M>ii«nMliiM  mad  BiHana-Ctw  LMa 


iMifM-ctMpiifeNf.  ee4lfc«r¥Wc<i<pliMdMii1b«iMtw««wtlrMeiawlwaM»clMMiei 
ttadenqr.  llw  GeWMdMiMMdwUiflMiDenaiingof  W  (cnv*  l,S>Fi|.2b).  HaMww, 

th*  Ce-W  curve  of  dnptac  UnKOm  «birioarif  dtttmiit  ftoB  that  of  aqoiinil  nd  ta»- 
katweuve  etfucuue.  h  could  be  eeea  from  Fig.  2b  that  tbcre  wae  an  obvloui  Uualag-pcint 
on  the  curve  2.  At  left  od  the  tuiBlag-pcInt,  Ccdecnaiadiloorljr  with  the  bwnaiingadMri 
at  lightt  £e  deenaMd  lapldljr  with  dw  hrmaUm  cd  Nf.  It  wae  very  taMwoMing  tfwt  Me 

middle  bnlgiiigca  the  curve  cdng.  2k  wae  comipaadiag  to  the  luniBt-paiBt.  TheCecdthe 
tuming-paliit  wm  eqinal  to  0. It  waa  Ihr  hiih«  thaa  0. 07K  ot  aqubutad.  aln  Mghar 
than  0.  llK  of  badnwtwMw  anuctoia.  TUi  maane  that  under  Ihagaa-aoep  fuMncthai. 

creep  atraia  emimnletien  Ce  to  taai  dutiag  hold  time  had  aa  active  toStct  ca  fatjgni  rreep 
lifeNf. 


DMocaiicB  aiarpbalagr  ia  toeae  blade  of  adereatmetnree  to  be  fatigm  mir  iB> 

teraction  waa  ahowa  la  Fig.  S.  Itodir  toewr  qrdic  atreaa  condMcBt  dblocatien  bwide  gciBto> 
ty  orgraia  waa  anaaged  in  a  plarar  fena  (Fig.  3a).  And  with  the  of  ainae  die 

iSakicatian  waa  pOed^  goiddy  in  eqniaiiad  alruciute  (Fig.  3b>.  Hie  rtMiiratlnn  pilad-op 
waa  tower  to  duplwt  atrocture  barauaa  dip  oooid  oorv  between  a-plataeCng.  3e).  TUe 
might  be  relative  to  having  a  gtaatorcraap  attain  accauiulathaibulBpleacaituctare.  Forbaa- 
ketwaave  atrocture,  dMoratfcw  pOad-np  aeeioaely  exiaiad  uadar  any  cycUc  atram  mwiaiieii 


RK-S 


(a)  rlMocartoii  aiaqilialacsr  inrida  aqainad  giate  aadar  kaw  MaM| 

(b)  dMotaHoaa»ot|<iala|yladMBaqaiBMdtBk»aB<atM|h 

<e)  iHdinijikBa  aaiiiiiimy  at  tuslKt  mmmm  vulm  Mgh  cycBc  iBawt 
(4)  djrtncatfait  aairtfaiiiiy  vt  badwtawanw  ■tiacbiia  ante  anjr  cardie  atraa 


Ractogragh  d  Thtaa  Itflcroatractawi 


Fig.  3  was  tbe  ftacaunqiha  of  lliraa  aatoonractawa  ante  MMOg  taUgaa-ctaap  inttcactim. 
It  wassean  that  the  iutarwaaviag  d  fuigaa  MrktiDai  and  ctasp  voids  oecatad  on  tba  fiao- 
tarasartacadaqatoadsttactara  (Plg.da>i  ObyteastaagaasttlatlcBaandsaeoBdary  csacfcs 
but  almost  no  ctasp  voids  or  riamrags  fsabm  oeeand  on  dw  Itactara  satfaos  d  daiilsK 
stractara  (Fig.  4).  On  dw  fraenno  aatfaoo  d  baabstwmvi  sinictaio  dwca  wars  dasvags 
plateaasaadfatigaasttialiena.  wbat  k  nwio  langwiaad.  gasp  voids  waro  not  only  nwa  and 
daapar  than  that  d  aqniaiad  aid  badttnasBvu  sttneonot  but  also  wan  not  eamoGtad  aaeh 
oChar  (Flg.4c>.  ItisovidintttBtdMgrantodiaiaHMIag'gaatlygtoMBdivpiMa.  yntb 
cnck  propagation  towatd  Anal  fcnefo  dsna,  Mgna  aWditna  in  aqniaad  straetum  wan 
diwppsatad  and  than  won  only  saanWir  amt  iliipg  voids  at  dbnpItB  on  dtslactnnaiir- 
faea.  In  lbs  bashstwonva  atraettna  snap  vsdda  tn*  op  and  oonMcaad  aneb  ndiot,  but 
eiaavBga  livMcaHona  bscama  obacars  gtadaily.  In  tba  daptac  mittoatnictun.  with  cnGfc 


cisnvagsisatnw  wasgiBnabaionadMnkntdpnpngatfBnaBntCWg.S).  Hit  nrtdint  that 


dds  phanamanon  can' t  ba 
toward  emck-dp  baaenaa  b 


bpdwt 


Thalowar  dw 


fialga*-«M4>N(artlMtt«MvtlMnt*4rfetaekpR«attf^  dw tettr iha Him oThydra- 
dittuiiiw.  wMeii  dtoM  tMOlt  in  t1iirriMlB»  ct  MHte  taebm,  tm  Ibe  ocpeil- 
meatal  remlti  wen  not  Uko  thh. 


i 


innifoniMil  Iran  0. 125  of  eqiiiaxad  atractim,  0. 115  of  4i^kx  to  0. 08  of  bMkotwMv*. 
It  Aowa  Out  bnketWMve  atrnctun  hoo  the  higheet  rate  of  oeep  void  IntOattin.  TUa  ooo* 
chuiaa  can  be  proved  by  a  nnmbar  of  mtdetgrown  creep  voida  in  Flg4e. 

According  to  the  ndnote-nuehanlca  theory  .  Qu  prooeaa  at  craap  voida  growth  ia  controlled 
by  Vae»^  •  exp(l.  SRa)  paramatai  of  crtOe  void  growth. 

Ra»a^oii 

o«— (oi.+<%,+ob)/8 

<fc— 1/V^  •  /  (^-ot,)*+<4V^)*+(ow-oy)*+8(t^+ii+4) 
^2.17  (piaiu  aiiahi  alMa) 

~'0.67  (plane  aiieaaalaia) 

Aa  mentioned  above.  In  the  aoiu  of  atrong  fatlgna  neap  Intwaetion,  thaCeofdnplexatnio- 
tiireIa0.5H»  haafatweave  o.  llX  andeqoIaxBd  0. 07H*  Thtrafore,  The.Vaeof  eqnlaned 
atnicture  ia  far  lower  than  that  of  diqilax  and  baakatweave.  TUa  nunifeata  that  in  aqoiaxtd 
atmcture  the  creep  voMc  initiating  it  ditficutt,  once  voida  are  iniOalad,  they  grow  rapidly 
becanaa  of  amaHar  V«e.  Per  baabatwaawatrqeture,  due  to  greater  Vac  aaep  voida  Initlatim 
la  eaey  ,  but  voida  grow  dlfficulOy.  Therefore,  aeriooe  danupa  fcmud  In  graloe  raanlla  in 
obvioua  deavapi  fraetate.  Ouptan  atinctuie  haa  Ou  advantapu  of  boOi  eqniand  and  baa- 
ketweave  nricroatraetaie,  creep  veUi  naiOur  initiale  anally  nor  grow  rapid^.  Haaioe,  only 
a  few  creep  voida  are  found  in  crack  prapagatian  aoau,  denvage  imBcatinn  are  not  obvioua. 
It  foUowa  that  the  daavaga  fracture  of  TI-8. 5A1-S.  5Mo>l.  SZr-0. 3Si  alloy  under  fatigne- 
creep  Interaction  ia  efamiltaneonely  affecud  by  the  atre»  ataie  at  crack-t^  ,  the  creep  attain 
accumulation  l«  during  tenaile  hold  thru  and  du  value  of  the  criUe  void  initiating  attain. 
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THBBMODYNAMICS  AIDED  DESIGN  OF  HIGH  TEHPEBATDRE  TITANIOM  ALLOYS 


(  Tl-Al-Sn-Zr-Hb-Si  SYSTEM) 


R.  Onodera.  S.  Makazaia.  K.  Ohno,  T.  Yaaagata  and  M.  Yaiazaki 

*Haterials  Design  Division,  National  Beseareh  Institute  for  Metals. 
Nakaieguro  2-3-12,  Meguro-lu,  Tokyo  153. 


Abstract 


In  order  to  construct  a  design  aethod  for  type  high  teaparature 

titaniua  alloys,  theraodynaaic  analyses  of  a  and  phases  in  the  Ti-Al- 
Sn-2r-Nb  systea  sere  perforaed  by  aeans  of  the  tao-sublattice  aodel.  As  the 
nezt  step,  five  Ti-AI-Sn-Zr-Nb-Si  alloys  sere  designed  by  this  theraodynaaic 
calculation  to  have  the  optiaua  voluae  fraction  oT  «  2  ^^'*2  ’  G- 1'' 

0.2  at  823K)  proposed  in  the  previous  report.  Effects  of  heat  treataents  on 
creep  properties  sere  exaained  by  using  these  designed  alloys. 


Introduction 


The  use  of  the  ordered  phase  (TijAl)  to  strengthen  the  a  phase 

titaniua  is  one  of  the  possible  approaches  to  developing  net  high  teapera- 
ture  titaniua  alloys. 

The  authors'  group  exaained  the  effects  of  voluae  fraction  of  the 

phase  on  creep  and  tensile  properties  of  <>'^<>2  ^TPe  titaniua  alloys  using 

ten  Ti-Al-Sn-Zr  alloys  designed  by  the  theraodynaaic  calculations  [1.2]. 
Froa  these  results,  the  Va^  range  of  0.1— 0.2  (at  3231}  las  proposed  as  the 

best  design  condition  for  this  type  of  alloys.  Nb  and  Si  are  also  potential 
additives  because  Nb  is  knovn  to  iaprove  ductility  in  the  02  phase  [3]  and 

Si  is  effective  for  iaproving  creep  resistance  [4].  Then,  in  the  present 
investigation,  a  prograa  vas  set  up  to  construct  a  design  aethod  for 

type  Ti-Al-Sn-Zr-Nb-Si  alloys. 

For  that  purpose,  a  theraodynaaic  analysis  of  the  a  and  02  phases  in 

the  Ti-Al-Sn-Zr-Nb  systea  vas  perforaed  by  aeans  of  the  tvo-sublattlce  aodel 
[5].  As  the  next  step,  five  Ti-Al-Sn-Zr-Nb  alloys  (CT-79,  83— Si),  which 
have  of  0. 1  or  0.  2  (proposed  design  condition  [2]).  were  designed  by 

the  theraodynaaic  calculations.  In  order  to  iaprove  creep  resistance.  Si 
vas  added  to  soae  of  the  designed  alloys.  The  target  of  this  study  is  to 
exaaine  the  effects  of  aicrostructure  on  the  creep  properties  in  these 
designed  alloys. 


TUontum  *93 
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Description  of  the  theriodymale  propertlei  of  the  a.  «nd  a  passes 

2 

The  free  enerfies  of  the  a  phases  in  the  Ti-Al-Sn-Zr-Vb  systea  were 
represented  by  the  regular  solution  lodel  as 

G  -XX  °G,“  +  RTXX,  ln(X,)  +  I  A,,X,X, - (1) 

ill  j  i  1  .  j  ij  i  j 


there  °g|*  is  the  Gibbs  energy  of  the  a  phase  of  pure  eleaent  i.  X^  and 
Ay  are  the  atoi  fraction  and  the  interaction  paraneter  for  i-j  binary  sys- 
tea,  respectively. 

The  free  energy  of  the  phase  tas  represented  by  the  tto  sublattice 
nodel[S].  The  phase  in  the  Ti-rich  corner  of  the  binary  Ti-AI  systea 
tas  treated  as  (Tl) j(Ti. Al).  Nandy  et  al. [S]  has  reported  that  Zr  and  Hb 
occupy  Ti  sites  in  the  phase.  Sn  tas  assuaed  to  occupy  Al  sites  since 
Ti  and  Sn  could  fora  the  coapound  Ti^Sn  of  DOj^  structure.  The  binary 

phase  aodeta  could  thus  be  extended  to  the  present  aodel 
(Ti.Zr.Nb)j(Tl.Al.Sn)  tith  Gibbs  energy  expression, 


G®2  ,  j.  IvjYjGjy  +  SETS  (^Yjln'Yj)  +  S(*Y,ln*Yj) 


there  ‘Yj  is  the  site  fraction  of  the  coaponent  i  in  the  subiattices.  Gy. 
and  L.  ..||  are  the  Gibbs  energy  of  the  pure  coapound  i^j  and  the  interaction 

paraaeter,  respectively.  A  coaaa  separates  the  eleaents  on  the  saae  sublat¬ 
tice  thereas  a  colon  separates  the  eleaents  on  different  sublattices.  The 
unknotn  paraaeters  j  (i*Ti,  Al.  Sn)  (Table  I) 

tere  optiaized  by  using  a^/a  and  a^/fi  phase  boundaries  in  the  Ti-Al-lb 

systea  reported  by  Banerjee  et  al  [7].  and  Andreev  [8].  Other  paraaeters 
(Table  I)  tere  evaluated  in  previous  reports  [1,  9^11].  The  calcalated 
phase  boundaries  at  117SI  in  the  Ti-Al-Rb  systea  is  coapared  to  the  ex- 
periaental  data  reported  by  Banerjee  et  al.  and  Andreev  in  Fig. 1.  The 
agreeaent  is  very  satisfactory,  and  this  supports  the  present  theraodynaaic 
analysis  and  the  evaluated  paraaeters. 


Besults  and  Discussion 


Design  of  a+a^  type  Ti-Al-Sn-Zr-Bb-Sl  alloys 

In  the  present  study,  the  solid  solution  strengthening  of  the  a  phase 
sas  estiaated  by  the  Eq. (9). 

dDE*  -  U  <0-X^,  +  IT.Il'Xj^  ♦  *  **‘*Zr  *  *  **’*Hb-  - 


3N 


Table  I  Theraodynaaic  paraaeters  (J/aoI)  for  the  a  and  phases  in 
a  Tl-Al-Sn-Zr-Hb  systea. 


Interaction  paraaeters 


References 


*Ti.Al 

•  -111629 

+  S8.49-T 

[1] 

^Ti.Sn 

•  -67780 

[9]  laufaan  and  Bernstein 

*Ti.Zr 

>  7600 

[10]  laufaan 

“  ^Ti.Mb 

>  10200 

[11]  Murray 

phase  A^, 

•  11700 

[10]  laufaan 

^Al.Zr 

*  -76670 

[1] 

*Al,llb 

>  -213360 

+  67.  78-T 

[10]  laufaan 

*Sn,  Zr 

«  -SS970 

[1] 

*Zr.llb 

>  28960 

[10]  laufaan  and  Bernstein 

Gibbs  energies  of  pure  coapounds 


“2 

phase 


Ti  ;A1 

+  “O®  -104030  +  25.82«T 

[1] 

Ti:Al 

♦  “6®j  -104030  +  25.82'T 

[1] 

Ti:Sn 

w 

Zr:Tl  * 

,0-a  o.o  0-  A  0(> 

3  *  3  Gj^  +  G 

“sn 

Zr;Al 

-  3°g5 
Zr 

♦  ®g“  -79800 

[1] 

Zr:Sn 

*  '*®Sn 

[1] 

Mb:?! 

t  *’0®j  +  217160 

Present 

sorh 

Rb:Al 

♦  K 

Present 

sork 

Interaction  paraaeters 


4l,Zr:Tl 

"  4l.Zr:Al  “  4i.Ir:Sn  * 

[1] 

4l.llb:TI 

•  4l.  16:41  ■  4l.»b:Sn  * 

Present 

fork 

4r.llb:Tl 

•  4r.llb:Al  ■  4r.«b:Sn  '  *®*»® 

Present 

fork 

4i:T1.A1 

*  4r:Tl,Al  '  4b:Tl,Al 

« 

-11920  ♦  45.03-T  -  2.  248- (T/10)* 

[1] 

4l:Tl.Sn 

■  4r:Tl,Sn  ‘  4b:Ti.Sa  ’  ”®®® 

[1] 

4l:Al,Sn 

■  4r:Al,Sn  *  4b:Al.Sn  ’  **’® 

[1] 

m 


Nb/at% 

Figure  1  -  A  calculated  iaotherul  section  (11731)  of  a  Tl-Al-lb  aystea. 
Mlcrostructure  observations: 

□  (tfj  :  after  Banerjee  et  al.  [7], 

0(a  ^),0(a  2  Andreev  [8]. 

vbere  is  tbe  atonic  fraction  of  the  elenent  i  in  the  a  phase.  Eq. (3) 

vas  obtained  froa  the  vorks  of  Sasano  and  linnrs  [12]  on  the  solid  solution 
strengthening  of  the.  a-titanioa.  In  the  previous  reports  [13],  the  present 

authors  aade  it  clear  that  the  paraaeter  dDE  *  could  estinate  very  tell  the 
solid  solution  strengthening  of  the  a  phase  in  nulticonponent  titsniua  al¬ 
loys. 

Five  Ti-Al-Sn-Zr-Rb  alloys  (Table  B),  which  had  the  optinun  TOj  of 
0.1  or  0.2  at  1231  and  varioua  valaea  of  dDE*",  tore  designed  by  the  above 
tberaodynaaic  calculationa.  Designed  values  for  Ta^  and  dDE*"  (at  8231)  are 

shovn  in  Table  B.  In  the  present  study.  Si  was  added  in  order  to  iaprove 
creep  resistance.  These  alloys  were  are  nelted  as  2kg  double  nelt  ingots. 
After  forging  to  30nn  diaaeter,  they  tere  rolled  to  14aa  diaaeter  at  12731 
vhieh  is  10  to  801  below  the  /S-tranana  of  the  alloys.  All  speeiaens  were 

Table  B  Cheaical  eoaposltions  (wtX)  and  calculated  TSj  and  dDE*"  (at  8231) 
of  designed  alloys. 


Alloy 

Al 

Sn 

Zr 

Mb 

Mo 

Si 

0 

T1 

’*"2 

dDE*" 

CT-79 

8.1 

2.8 

8.9 

0.13 

bal. 

0.14 

1.88 

GT-88 

8.9 

2.8 

7.3 

1.8 

- 

0. 17 

0. 10 

bal. 

0.13 

1.04 

OT-89 

8.3 

4.7 

4.2 

0.4 

0.81 

0.27 

0.10 

bal. 

0.12 

1.  88 

GT-90 

4.3 

9.2 

8.4 

1.8 

- 

0.21 

0.11 

bal. 

0.  20 

1.87 

GT-91 

8.9 

4.3 

8.0 

1.8 

0.19 

0.12 

bal. 

0.19 

1.78 

or  solution  treated  for  Ih  and  eater  Quenched  and  need  at  Sftl  for 
48h. 

Creep  teats  eere  performed  at  S23I  with  a  stress  of  274liPa  uslni  creep 
specimens  with  gate  length  and  diameter  of  SOmm  and  Imm,  respectively. 
Strains  were  continuously  monitored  by  an  eitensiometer.  Microstrnctares 
of  thin  foiis  vere  esamined  in  a  Hitachi  H-TOO  tramsmiaaion  electron  micro¬ 
scope.  Chemical  composltiona  of  the  primary  a  and  the  prior  phases  in 
the  solution  treated  GT-8t  ailoy  mere  analyzed  by  X-ray  microanalyzer  at  15 
kV  of  accelerating  voltage. 


Mlerostructurea  of  destined  alloya 

The  $  and  a*$  treated  materials  ahomed  fine  acicular  martensite, 
and  the  eQuiazed  microatructure  consisting  of  the  primary  a  phase  and  the 
prior  phase,  respectively.  The  formation  of  ar  j  phase  in  each  specimen 

sas  ezamined  in  TEH.  In  all  specimens,  teak  reflections  mere  observed  in 
the  setected  area  diffraction  pattern  (SADP)  and  the  fine  precipitates 
■ere  confirmed  in  the  dark  field  image  as  shotn  in  Pig.  2.  (a)  and  (b). 


Creep  properties  of  desitned  alloys 

Creep  properties  for  treated  and  treated  materials  are  shotn 

in  Table  HI.  The  effects  of  Mb  and  Si  additions  can  be  seen  in  the  dif¬ 
ference  of  creep  strength  betteen  the  alloys  GT-Tt  and  GT-18.  there  the  GT- 
55  alloy  tat  obtained  by  additions  of  Hb  and  Si  to  the  GT-T9  alloy.  The  GT- 
55  alloy  thoted  longer  rapture  life,  the  smaller  minimtm  creep  rate,  and  the 
longer  time  to  0. 5H  creep  strain  than  the  the  GT-T9  alloy.  Tbit  comparison 
suggests  that  the  additions  of  lb  and  Si  are  effective  to  improve  the  creep 
strength  of  a+Sj  type  titanium  alloys.  The  effect  of  Ta^  can  be  seen  in 

the  difference  of  creep  strength  among  the  alloys  GT-90  and  91  containing 


Figure  2  -  A  dark  field  alerofrsph  of  the  af/9  treated  GT-II  alloy  taken 
tith  (122)  a  2  reflection  shoving  fine  Aj  precipitates 

(a)  and  a  selected  area  diffraction  pattern  ((b).n[}ll]a). 


n» 


Va^  of  about  0.1  and  the  alloya  GT-79.  01.  and  09  eontaininc  Ta^  of  about 

0.  f  aa  aeen  in  Table  ■.  The  alalMa  creep  ratea  of  the  alloya  6T-fO  and  91 
are  analler  than  thoae  of  the  alloya  GT-T9.  00,  and  09.  The  cane  tendency 
waa  obcerved  for  the  rapture  life  and  the  tine  to  0.  SI  creep  atrain. 

Hoiever,  thla  Va^  dependency  la  not  aeen  clearly  in  the  tinea  to  creep 

atraina  0. 11  and  0.21.  k  poanible  eaplanatioa  for  thla  ia  that  the  deaigned 
anount  of  the  phace  have  not  fully  precipitated  durint  the  agint  treat- 

nent  of  40h  at  0231.  Further  preeipitationa  of  the  phaae  during  creep 

defornations  nay  result  in  the  Va^  dependency  of  the  long  tine  creep 

strength. 

The  effect  of  dDE  ^  can  be  aeen  in  the  differences  of  the  nininan  creep 
rate,  the  rupture  life  and  the  tine  to  0.  $1  creep  strain  anong  $  treated 

alloys  having  the  aaae  Ta^  values.  The  GT-00  alloy  (dDE**  •!. 030)  showed 
higher  creep  strength  than  the  GT-09  alloy  (dDE^ >1.002)  for  the  calculated 
Va2  of  about  0.1.  For  Va^  of  about  0.2,  the  GT~91  alloy  (dDB^>l.T$0) 

shoved  the  higher  creep  strength  than  the  GT-90  alloy  (dDE* >1. OTO). 

For  alloys  GT-T9.  00.  and  91.  the  creep  strength  of  the  $  treated  al¬ 
loy  is  higher  than  that  of  the  treated  alloy.  On  the  contrary,  in 

cases  of  alloys  GT-09  and  90.  the  treated  alloy  shows  higher  creep 

strength  than  the  fi  treated  alloy. 

The  partition  of  each  alloying  elenent  to  the  prinary  a  and  the  prior 
fi  phases  at  the  a*fi  solution  treatnent  seena  to  affect  the  fomation  of 
a  2  precipitates  during  the  aging  treatnent.  To  confiri  this  effect,  cheai- 

cat  conpositions  of  the  prinary  a  and  the  prior  $  phases  were  analyzed  by 
X-ray  nieroanalyzer  for  the  treated  GT-09  alloy  (Table  IV).  The  csl- 


Table  ID  Creep  properties  of  designed  alloys  at  0231  with  a  stress  of 
274liPa. 


Alloy 

Heat 

Treatnent 

Tine  to  creep  ntrain  /b 
0. 1  0. 2  0. 0 

■in.  creep 
rate  (X/a) 

Inptnre 
life  (h) 

Total 
*1.  (1) 

GT-71 

fi  S.T. 

4.9 

10.0 

37.9 

4.0il0"* 

000 

33.9 

S.T.O 

2.0 

9.0 

10.0 

0.  Iil0~* 

399 

47.3 

GT-00 

»  S.T. 

1.9 

0.9 

30.0 

1.  3il0"* 

1300 

13.9 

S.T.** 

1.4 

9.9 

22.9 

4.  Olio’* 

009 

30.4 

OT-09 

S.T. 

3.2 

10.0 

99.9 

2.  Olio’* 

U9 

10.3 

S.T.** 

14.0 

09.0 

112.0 

1.  Olio’* 

1100 

22.9 

GT-IO 

»  S.T. 

3.0 

9.2 

47.9 

1.  IllO’* 

1497 

23.7 

S.T.** 

4.  9 

21.9 

91.0 

7.0il0’^ 

2300 

32.0 

CT-91 

fi  S.T. 

3.2 

19.9 

103.0 

0.  OilO’* 

3140 

23.9 

S.T.* 

0.7 

9.9 

47.9 

7.0110’’' 

2990 

39.9 

319 


•: 12731,  •*:12f3( 


Table  IV  Cheaieal  eoapoaitioas  (etO  of  the  priaary  a  and  the  prior  fi 
phaaea.  and  ealcniated  Ta^  at  >2SI  in  the  eolation 

treated  GT-tl  alloy. 


Phase 

Al 

Sn 

Zr 

lb 

Mo 

Si 

T1 

♦♦ 

*2 

a 

1.1 

4.2 

s.s 

O.S 

0.2 

0.2 

bal. 

0.  If 

0.12 

0 

S.  2 

4.S 

4.1 

0.0 

0.0 

O.S 

bal. 

0. 10 

a:Calculated  Ta^  in  each  pahae  at  8ZII. 

aatTAj  calculated  froa  average  alloy  coapoaltiona  at  82H. 


culated  Vctj  The  priaary  a  phaae  is  aach  larger  than  that  ob¬ 

tained  froa  the  average  alloy  coapoaltiona.  This  seeas  to  be  aainly  dne  to 
the  enrlchaent  of  A1  In  the  priaary  a  phase.  Snch  large  aaoant  of  a  ^ 

precipitatea  seea  to  be  effective  for  laproving  the  creep  strength. 

On  the  other  hand,  the  average  grain  aize  of  the  treated  alloy 

is  far  snaller  than  that  of  the  fi  treated  alloy  as  shotn  in  Pig.  2.  (a)  and 
(b),  vhich  seen  to  result  In  the  decrease  in  the  creep  strength.  The  ob¬ 
served  differences  of  the  creep  strength  betaeen  these  tvo  heat  treataents 
seea  to  be  appeared  as  the  reaalts  of  the  coapetltloa  of  these  factors. 


In  order  To  constract  a  design  nethod  for  type  high  tenperatare 

titanlua  alloys,  a  thernodynaaic  analysis  of  a  and  Sj  phases  In  a  Ti-Al-lb 

systea  vas  perforaed  by  aeans  of  the  tso  ssblattice  nodel.  As  the  neit 
step,  effects  of  the  aicrostrsctare  on  creep  properties  sere  eiaaiaed  by 
using  five  Tl-AI-Sn-Zr-lb-Si  alloys,  ahich  vers  designed  to  have  TOj  of  0.1 

or  0.2  (foraerly  proposed  design  condition)  based  on  the  above  thernodynaaic 
calculations.  The  aain  results  obtained  are  as  follovs: 

(1)  Theraodynaaic  cslcnlstions  sith  evslssted  parsaeters  vere  able  to 

reproduce  ezperiaeatally  deterained  a/Cj  and  phase  bosndarles  in  a 

Ti-Al-lb  systea. 

(2)  An  iaproveaeat  in  the  creep  strength  dne  to  additions  of  lb  and  Si 
vas  confiraed  in  creep  tests  of  treated  alloys. 

(})  Por  alloys  GT-TI.  IS.  sad  01,  the  creep  strength  of  the  treated 
alloy  vas  higher  than  that  of  the  treated  alloy.  On  the  contrary,  the 
opposite  tendency  ass  observed  for  alloys  GT-IO  and  SO.  It  vas  saggested 
that  the  anount  of  Sj  precipitates  la  the  priaary  a  phase  soald  increase 

due  to  the  solution  treataent.  resulting  la  the  increase  in  the  creep 
strength.  On  the  other  hand,  the  snaller  grain  vise  of  treated  alloy 

vas  considered  to  result  in  the  decrease  in  the  creep  strength.  Observed 
differences  of  the  creep  strength  betveea  the  tvo  heat  treataents  seeaed  to 
be  appeared  as  the  ressits  of  the  conpetition  of  these  factors. 
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THE  IdECHANICAL  PROPERTIES  OF  TERNARY  AND  QUATERNARY 
TiaNbAl-BASEO  TITANIUM  ALUMINIDE  ALLOYS 

R.  G.  Rowe 

General  Electric  Ckirporate  Reaeareb  and  Devdopment, 
Sdumectady,  NY  12309 

Abstract 

Ordered  orthoiiiombie  TijNbAl-baaed  titanium  aluminide  alleys  have  been 
found  to  have  hi|^ber  qtedfic  strength  and  fracture  toughness  with  no  loss  in 
creep  resistanoe  relative  to  state  of  the  art  TisAl-baaed  alloys.  Theqpedfic 
strength  of  some  TisNhAl-baaed  (O  phase)  alloys  was  a  factor  of  two  greater 
than  onnparable  TisAl-baae  (03)  alkys ,  and  the  0-phase  alloys  also  had 
fracture  toughnesses  a  factor  of  two  h^^ier.  Quaternary  addition  of  vanadium 
produced  a  room  temperature  tensile  ekmgation  of  18.8%.  These  vanadium- 
modified  0-phase  alloys  had  hi^m-  strength,  better  creep  resistance  and 
greater  ductility  than  state  of  the  art  super-alpha  titanium  alloys. 

IntoatiMtioB 

The  low  density  and  hi|^  strength  of  titanium  aluminide  alloys  has  made 
them  attractive  for  elevated  temperature  aircraft  and  aerospace  applicationa. 
Althoui^  the  TisAl-based  titanixim  aluminide  Ti-24Al-llNb  has  sufficient 
room  tempwature  firacture  toughness  for  engineering  trials,  hif^ier  fracture 
tou^mess  and  creep  resistance  have  been  needed  to  stimulate  wider  scale 
replacement  of  superalloys  by  titanium  ahiminide  alloys  [1,  2].  Hii^unr 
specific  strength  and  creep  resistaxioe  titanium  aliuninides  have  been 
develtqped,  but  at  the  expense  of  room  temperature  fracture  toughness  [2-4].  It 
was  found  that  the  recently  identified  ternary  ordered  orthorhombic  Ti3NbAl  O 
phase  have  both  hitter  specific  strength  and  hi^er  room  temperature 
fracture  toughness  than  TisAl-based  alloys  [6-7]. 

The  crystal  structures  of  the  TisAl  (ag)  and  TigNbAl  (0)  phases  are  similar  [8, 
9].  The  ordered  orthorhombic  TiaNhAl  structure  has  a  Cmem  qnnmetry  and 
is  onty  a  sli^t  distortion  of  the  D019  structure .  It  differs  in  that  one  of  the 
titanium  subsites  in  the  D019  structure  is  prefarentiaHy  occupied  by  Nb  in 
Ti2NbAl  and  randomly  oocufded  by  Nb  and  Ti  in  TisAl  [8-10].  A  distinct 
TijNbAl  phase  fidd  has  been  established  near  26  at.%  A1  with  Nb  content 
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Figure  1.  Specific  3deld  strength  of  Ti-22Al-27Nb  and  Ti-24.6A1- 
23.4Nb  relative  to  other  titanium  aluminide  alleys  and  IN718. 

ranging  firom  approximately  16  to  30  at.%  Nb  [11].  Lower  almninum  allpya  like 
Ti-22Al-27Nb  have  been  shown  to  lie  in  a  two  phase  O  'f  Po  phase  field  [6]. 

MnrhAnifjil  Property  Compariime;  The  q)eeific  yield  Strength  (ratio  of  yield 
strength  to  density)  of  several  titanium  aluminide  allpys  and  the  high 
strength  wrou^t  superallqy  1N718  are  shown  in  Figure  l.[2, 4,  6, 12, 13],  It 
can  be  seen  that  the  ordered  orthorhombic  titanium  ahiminidee  such  as  Ti- 
22Al-27Nb  and  Ti-24.6Al-2S.4Nb  have  a  ccoaiderable  strmgth  advantage  over 
nickel-baae  superalloya  and  other  titanium  ahiminidee  firom  room 
temperature  to  660*C.  The  tensile  strength  of  Ti-22Al-27Nb  was  1290  BfflPa  at 
660*C.  Tensile  curves  of  Ti-22Al-27Nb  are  shown  in  Figure  2.  Ti-22Al-27Nb 
had  good  tensile  elongation  between  room  tmnperature  and  660*C. 

In  the  direct  aged  condition,  oorreqxmding  to  the  data  in  Figures  1  and  2,  Ti- 
22Al-27Nb  had  a  microstructure  fine  Widmanstatten  O+fio  transformation 
structure  with  a  low  volume  firaction  prior  0  phase  [6],  Ti-24.6Al-2S.4Nb  also 
had  a  two  phase  O-ffio  microstrueture,  but  with  a  vny  low  volume  firaction  of  fio 
phase.  It  was  not  as  strong  as  Ti-22Al-27Nb,  but  it  had  conqiarable  room 
temperature  tensile  elongation.  Cheater  dislocation  homogeneity  more  of  non- 
basal  slip  activity  has  been  observed  in  Ti2NbAl  than  in  TisAl  [14].  This  may 
account  for  the  ductility  of  the  nearty  sin^  O  phase  allpy  Ti-24.6Al-23.4Nb  at 
room  temperature. 


m 


Figure  2.  Engineering  stress  vs  engineering  plastic  strain  curves 
forTi-22AI-27Nb. 


Figure  3  is  a  compares  the  creep  lifetime,  room  temperature  tensile  elongation 
and  fracture  tou^mess  for  several  titanium  aluminide  allpys  [15].  It  shows 
the  trade-off  between  creep  resistance  and  low  temperature  ductility  and 
fracture  tou^duiess  for  these  allqjrs.  The  allogrs,  Ti-24Al-17Nb-lMo,  Ti-25A1- 
lONb-dV-lMo  and  Ti-25Al-8Nb-2Ta-2Mo  all  had  0.2%  creq;>  lifetimes  of  from  3 
to  4  hrs  at  660*C/315  MPa.  Their  fracture  tmighniwsm  were  low,  ranging  from 
14  to  19  MPa'/m;  lower  than  that  of  Ti-24Al-llNb  which  was  25  to  27  MPaVm. 
Beta  heat  treated  Ti-24.6Ai-23.4Nb  which  consisted  of  the  ordered  orthorhombic 
O  phase,  also  fit  into  the  first  group,  but  represented  a  large  improvement  in 
0.2%  creep  lifetime  relative  to  the  TisAl-based  aOpys.  Its  ductility  at  room 
temperature  was  1.3%. 

The  higgler  fracture  toughness  allciys  Ti-24Al-17Nb-0.6Mo  and  Ti-22Al-27Nb 
made  up  a  second  group.  The  fracture  toughness  of  Ti-24Al-17Nb-0.5Mo  was 
26  MPaVm,  but  its  0.2%  creep  lifetime  of  was  onty  1.3  hrs;  less  than  that  of  the 
first  group  of  alloys.  It  sacrificed  creep  resistance  fw  hi^er  fracture 
toughness.  Ti-22AI-27Nb  in  the  as  heat  treated  and  heat  treated  plus  aged 
condition  [5, 6]  had  firacture  toighnessws  of  from  26  to  31  MPa/m,  respectively, 
but  creep  lifetimes  as  hig^  or  hifd^er  than  that  of  the  creep  resistant  alloys  Ti- 
24Al-17Nb-lMo,  Ti-26Al-10Nb-SV-lMo  and  'n-26Al-8Nb-2Ta-2Mo.  The  0.2% 
creep  lifetima  of  Ti-22Al-27Nb  at  660*C,  815  MPa  was  4  hn  dirsct  aged  and  6 
hrs  after  additioaal  aging  for  100  hrs  at  760*C.  His  ternary  ordwed 
orthorhombie  TigNbAl-basad  alloys  thwrMbre  addsved  an  increase  in  fracture 
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Figure  3.  Cumparison  of  the  time  to  0.2%  creep  atrain  at  650°C,  315  MPa 
(interpolated  for  the  samples  identified  by  an  asterisk),  total  tensile  elongation 
and  fracture  toui^ess  of  titanimn  aluminide  allpys. 

toughness  and  strength  without  the  sacrifice  in  creq>  resistance  diaracteristic 
of  hig^  fi«cture  tougduiess  TisAl-based  alloys. 

Effect  of  AUoy  Additions:  The  effect  of  quaternary  vanadium 

additions  to  Ti2NbAl-ba8ed  alloys  was  also  studied.  Vanadium  additions 
produced  a  slight  increase  in  the  volume  fraction  of  phase  for  a  given 
aluminum  content,  but  there  was  evidence  of  vanadium  alloying  in  both  the  5o 
and  O  phases.  Ti*23.6Al>22.9Nb>1.0V,  which  was  heat  treated  at  1200*C/2  hrs 
900*’C/600  hrs  and  water  quenched,  had  approodmately  60  v/o  ordered 
orthorhombic  laths  in  a  5o  ordered  beta  matrix.  Hie  vanadium  contents  of  the 
3o  and  O  phases  were  approximately  1.3  at.%  and  0.7  at.%,  respectively. 

Large  increases  in  the  room  temperature  ductility  were  produced  by 
quaternary  vanadium  additions.  Table  1  shows  tensile  {srtqierties  of  ternary 
and  vanadiiun-substituted  quaternary  TisNbAl-baaed  allqys.  Romn 
temperature  tests  were  conducted  in  air;  660*C  tests  were  in  vacuum.  The 
strain  rate  was  7xl0*^/sec. 

Addition  of  6  at.%  V  to  a  Ti*22Al>26Nb  base  alloy  increased  the  room 
temperature  tensile  ductility  from  3.6%  to  IB.8%  for  direct  aged  The 

microstructure  of  direct  aged  Ti<21.5Al'20Nb^  consisted  of  a  WUhnanstatten 


Table  1.  Tenaile  properties  of  Ti>Al>Nb  and  Ti*Al-Nb-V  alloys. 


Alloy  and 

Heat 

Treatment 

TTST 

TEB4P 

CO 

0.2%  YS 
(MPa) 

UTS 

(MPa) 

%E1 

@ 

Failure 

Ti-21.9Al-24.lNb 

R.T. 

1267 

1360 

S£7 

816*C/4hr 

660 

1049 

1177 

13.48 

Ti-21.6Al-20Nb-5V 

R.T. 

900 

1161 

18.8 

816“C/24hr+760*C/100br 

660 

684 

772 

16.6 

Ti-21.6Al-20Nb-6V 

R.T. 

760 

943 

12.6 

1076*C+816*C/24hr+ 

760*C/100hr 

660 

682 

763 

14.9 

Ti-22Al-23Nb-lV 

816*C/24hr+760"C/100hr 

R.T. 

1092 

1308 

8.8 

transformation  structure  of  O  laths  in  a  Po  matrix  with  some  prior  phase  and 
allotriomorphic  grain  boundary  phase.  Figure  4.  Its  strength  at  room 
temperature  and  GSO’C  was  lower  than  that  of  the  ternary  base  alk^  Ti>21.9Al- 
24.  INb  by  26  to  36%,  indicating  that  ductility  gains  were  at  the  ejqpense  of 
strength.  The  tensile  strength  of  Ti-2l.6AI>20Nb-6V’  was  as  high  or  higher 
than  that  of  of  Ti*26Al'-10Nb>SV*lMo  or  Ti'24Al-17Nb>lMo  at  room  temperature 
and  660*C,  however  [2-4]. 

Addition  of  1  at.%  vanadium  also  had  an  effect.  The  8.8%  room  temperature 
tensile  elongation  of  Ti-23.6Al-22.9Nb-lV  was  hif^wr  than  that  the  t«mary 
base  alloy  Ti-21.9Al-24.lNb.  Its  room  temperature  tenaile  strength  was  1308 
MPa,  ciom  to  that  of  the  base  alley  whidi  was  1360  BiPa. 

The  room  and  elevated  ten^oratuie  tensile  propwties  die  super-al]^ 
titaniiutt  alloys  IMI834  and  Ti-1100  [18, 17]  are  tabulated  in  Table  2.  Ti-21.6A1- 
20Nb-5V  had  nearly  twice  the  room  temperature  elongation  of  both  of  these 
alloys,  was  drongar  at  room  temperature,  and  was  nearly  twice  as  strong  at 

seox. 

The  fracture  tou^mess  of  a  vanadium-modified  TisNbAl-base  alloy,  Ti-21.5A1- 
20Nb-5V,  was  determined  using  fatigue  precradced  bend  samples.  Two  tests 
gave  Kic  values  of  29.8  and  30.8  MP«/m  (an  average  of  30.1  MP»/m).  This 
fracture  tou^ness  was  comparable  to  values  obtained  for  the  hi^  fracture 
toughness  alloy  Ti-22Al-27Nb. 

The  effect  of  vanadium  on  creep  properties  is  shown  in  Table  3.  The  0.2%  creep 
lifetime  for  Ti-23.6Al-22.9Nb-lV  at  860*0  and  316  MPa  was  2.1  hours  cmnpared 
to  6.1  hrs  for  Ti-24Al-23.3Nb.  The  alloy  Ti-23.6Al-28.9Nb-lV  had  a  lower 
volume  fraction  of  0  phase  than  Ti-24Al-23.3Nb,  and  the  deference  in  creep 
behavior  may  be  partly  due  to  the  relative  pnperties  of  0  and  po  phases.  Ihe 
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Table  2.  Tensile  properties  of  super-alpha  titanium  allpys. 


TEST 

TEMP  0.2%  YS 
CO  (MPa) 


UTS 

(MPa) 


%Elong 

Fail 


SAMPLE 

NUMBER 


1MI834,  1046*C+700*C 
IMI834,  1046*C+700*C 

Ti-1100, 590‘C  Direct  Aged 
Ti-1100, 590‘C  Direct  Aged 


Table  3.  Creep  properties  of  ternary  and  quaternary  Ti2NbAl-based 
alleys  at  SSO'C,  315  MPa. 


Heat  Treatment 

0.2% 

1% 

Ti-24Al-23.3Nb 

1160O816C 

6.1 

91.7 

Ti-23.6Al-22.9Nb-lV 

1076C+816C+760C 

2.10 

39.10 

creep  resistance  of  Ti-23.6Al-22.9Nb-lV  was  greater  than  that  of  Ti-24Al-17Nb- 
O.SMo  which  had  a  0.2%  creep  lifetime  of  1.3  hrs  under  the  same  conditions. 


10  frm 

Figure  4.  The  microstructure  of  Ti-21.5Al-20Nb-6V  after  extrusion  and  a 
heat  treatment  of  816'’C/24  hr  *  760*0/100  hr. 
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The  ordered  orthorhombic  alleys  based  on  the  titanixun  aluminide  Ti2NbAl 
represent  a  new  class  of  titanium  aluminide  allosrs  which  have  hi^er 
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strength  and  higher  fracture  toughness  than  current  TisAl-base  alloys.  Their 
most  distinct  characteristic  was  high  specific  strength  relative  to  other 
titanium  aluminide  and  nickel-base  superalloys,  but  allosdng  with  vanadium 
produced  alloys  with  as  much  as  18.8%  room  temperature  tensile  elongation. 
Tensile  elongation  of  this  magnitude  is  usually  associated  with  disordered 
titanium  alloys  rather  tnan  titanium  aluminides.  The  flexibility  that  is 
associated  with  the  breadth  of  properties  available  in  these  alloys  suggest  that 
many  aircraft  engine  applications  may  be  possible  with  slight  modifications  of 
composition  or  processing  to  tailor  the  properties  for  each  application. 
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Abstract 

Titanium  aluminides  show  great  promise  for  gas  turbine  mgine  structural  s^rplicalions  due  to 
their  high  specific  strength  at  elevated  temperature.  The  current  interest  to  use  these  materifte 
at  elevated  temperature  over  a  long  period  of  time  has  drawn  attention  to  the  time  dependent 
sustained  load  behavior.  This  investigation  deals  with  the  creep  crack  growth  beha^r  of  a 
model  TijAl  Intennetallic  Ti-24AI-1  INb.  Creep  crack  growth  tests  were  conducted  over  the 
temperature  range  of  6S0-800*C.  Side-grooved  compact  tension  specimens  were  used  to 
enhance  a  plane  strain  concfition  along  tfte  intended  crack  plane.  Sustdbted  load  tests  were 
conducted  both  in  laboratory  air  and  In  an  inert  environment  of  a  vacuum  of  10*  torr.  The 
influence  of  environment  and  temperature  on  crack  growth  behavior  Is  studied  by  analyzing 
the  experimental  data  in  the  form  of  K  vs  da/dt.  The  failure  mode  in  air  was  observed  to  be 
transgranular  at  all  temperatures  except  at  800°C,  where  the  fracture  appears  to  change 
partially  to  Intergranular.  However,  the  mure  mode  of  specimens  tested  in  vacuum  appeared 
intergranular,  at  all  temperature. 


Introduction 

There  is  an  ever  inaeasing  demand  from  aerospace  industry  for  alloys  possessing  low 
densities  and  elevated  temperature  high  strengths.  Recent  advances  in  proceteing  technology 
have  led  to  the  emergence  of  a  series  of  high  temperature  intennetailic  compounds.  In 
particular,  alloys  based  on  the  a^3ha-2  Intermetallic  Tl^  exttibit  some  attractive  properties  and 
show  promise  as  candidate  material  for  structural  components  of  advanced  drcrafl  and 
hypervelocity  vehicles.  However,  intelligent  use  of  these  materials  requires  the  ability  to 
predict  the  life  of  components  under  service  conditions.  A  previous  study  has  shown  that  their 
deformation  and  failure  modes  are  very  sensitive  to  environment  under  monotonic  loading  (1). 
Very  little  Information  is  available  on  the  elevated  femperature  crack  growth  characteristics  of 
titanium  aluminide  and  its  sensitivity  to  environment  Since  these  intermetaUcs  are  potential 
candidates  for  high  temperature  stnrctural  components  of  aircraft  which  wtt  be  exposed  to 
elevated  temperature  over  a  long  period  of  time,  it  is  important  to  understand  the  cr^  crack 
growth  behavior  of  these  materials. 

Conventionally,  CCQ  behavior  is  sturtied  by  conducting  sustaftted  toad  tests  on  piecracked 
specimens,  e.g;  compact  tension  (CT)  single  edge  notch  (SEN),  etc.  Several  studies  have 
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identified  a  number  of  parameters  such  as  the  Hnear  eiastic  stress  intensity  factor,  K,  the  non- 
iinear  elastic  parameter.  J*  integral,  the  C*  energy  integral,  reference  stress,  etc  (2-7). 
Of  these  K  has  been  successfully  used  as  a  correlating  parameter  for  sustained  load,  thermal 
and  fatigue  crack  growth  of  Inconel  718  and  Rene  N4  by  several  investigators  (2-7).  This 
investigaiion  was  conducted  to  determine  the  effects  of  environment  and  temperature  on  CCG 
rate  of  a  representative  alpha-2  base  titanium  aluminide,  Ti-24AI-1 1  Nb.  Detaled  fractographic 
analysis  was  performed  to  correlate  the  observed  creep  crack  growth  rates  with  the 
mechanisms  of  failure. 

Experimental 

The  material  used  in  this  investigation  was  the  alpha-2  base  intermetallic  FijAl  afloyed  with 
niobium;  Ti-24AI-1 1  Nb  (atomic  percent).  The  material  was  obtained  in  the  form  of  1 .14  cm 
thick  cross-rolled  plate.  The  pime  was  given  a  two-step  heat  treatment  consisting  of  a  beta 
solution  at  1 1 49*C  (21 0(7‘F)  for  one  hour  in  vacuum,  foRowed  by  forced  cooling  «vith  argon  and 
a  760*^  (1400*F)  age  for  one  hour  In  vacuum.  This  produced  a  two-phase  basketweave, 
Widmanstatten  morphology  with  no  preferred  orientation  (8). 

The  laboratory  air  aack  growth  rate  data  were  generated  from  standard  CT  specimens  having 
a  nomfoal  width  W  of  40  mm;  a  thickness  B  of  10  mm;  mini-compact  tension  specknens 
(B>5mm,  W«24.4mm)  were  used  for  all  vacuum  tests.  A  selected  number  of  tests  were 
conducted  In  laboratory  air  with  mini-compact  tension  specimen  also  to  comptfe  the  data 
obtained  from  standard  CT.  No  measurable  (ffferenoe  was  noticed  in  these  tests.  All 
specimens  were  side-grooved  nearfy  25%  of  thickness  to  enhance  a  plane  strain  condttion  (9) 
along  the  intended  crack  plane.  Figure  1  shows  the  dimensions  of  a  side-grooved  mini¬ 
compact  tension  specimen. 


Figur*  1  -  8ld»<3reovad  Sub-Compact  Tanaian  Spadman. 


Creep  crack  growth  tests  were  conducted  both  in  laboratory  air  and  vacuum  over  a 
temperature  range  of  650-800°C.  The  tests  in  laboratory  air  were  conducted  on  a  separate 
ArchweM  creep  name  using  a  two  zone  box  furnace  to  hrat  ttie  specknen.  The  furnace  was 
specially  desired  with  viewing  ports  for  oftfcal  crack  measurements.  Crack  lengths  were 
recorded  at  uniform  time  intervals  using  a  low-magnificalion  travelfog  microscope.  The 
vacuum  tests  were  conducted  in  a  CENTORR  furnace  which  was  incorporated  into  an 
ArchweM  creep  frame.  Typical  vacuum  during  test  was  of  the  order  of  1(7*  torr.  The  crack 
length  was  calculatad  from  the  compfianoe  recorded  periodically  Airing  the  test  Comptance 
was  obtatoed  from  dispiaoement  data  using  a  water  cooled  (MTS)  extensomeler  mounted  on 
the  specimen  using  specid  notches  to  hoM  the  extensometer  in  pteoe  during  imloadkig  and 
loadl^  of  the  specimen.  The  crack  lengths  and  compliaioes  obtained  from  air  and  vacMum 
tests  were  then  converted  to  da/dt-vs-K  plots  (where  a  is  the  crack  length,  and  t  denotes  time). 
K,  calculated  from  linear  elastic  fracture  mechanics,  appears  to  be  the  most  suitable  parameter 
(2-7).  The  data  were  all  reduced  and  piotted  with  the  itid  of  a  computer  using  K-calculation. 
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The  fracture  surface  of  the  specimens  tested  were  examined  opticaliy.  In  most  cases  detailed 
fractographic  analysis  were  followed  by  scanning  electron  microscope  (SEM)  observations. 


Results  and  Discussion 

The  creep  crack  growth  behavior  of  Ti-24AI-1 1  Nb  in  laboratory  air  is  shown  in  Fig.  2. 


Figur*  2  •  CrMp  Crack  Giowth  Balwvtor  of  Ti-24M'1fNb  in  Laboratory  Air. 


The  higher  CCG  rate  with  increasing  temperature  is  obvious  with  the  difference  in  CCG  rate 
being  more  pronounced  at  the  ttighest  temperature.  Nearfy  an  order  of  magnitude  increase 
in  crack  growth  occurs  at  800*  as  compwed  with  crack  growth  rates  at  700*C.  At  the  lower 
temperature  of  650*C,  the  CCG  behavior  becomes  very  sensitive  to  K  value.  It  was  very 
difficult  to  obtain  CCG  data  at  this  temperalure  due  to  such  high  sensitivity  of  K.  A  very  high 
stress  intensity  levei  (approachteg  fracture  toughness  K,  J  was  required  to  obtain  CCG  data 
at  this  temperature.  This  may  be  due  to  very  limited  sensitivity  of  this  material  to 
environmental  aacMng  at  this  ternperature,  as  wen  strong  contrkrution  from  local  creep  leadkig 
to  the  blunting  of  the  crack  t^.  WHh  an  increase  in  temperature,  the  environmental 
contribution  is  enhanced  which  apparently  leads  to  CCG  acceleration.  The  higher  CCG  rates 
at  SOO'C  are  likely  due  to  such  environmental  contribution. 

The  increased  sensitivity  of  K  with  negligtoie  environmental  influence  (as  shown  in  Fig.  2  for 
650°C)  is  also  quite  evident  from  results  obtained  from  tests  conducted  in  vacuum,  Figure  3. 
The  CCG  plots  at  all  temperatwes  in  the  range  of  650*C-800*C  show  very  high  slopes,  again 
Indicating  nigh  degree  of  sensitiveness  of  crack  growth  to  K.  The  temperature  deperidenca 
of  CCG  in  vacuum  is  quite  obvious  from  Fig.  3. 
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Rgur*  3  •  CrMp  Cnck  Qiowth  Bahavior  of  Ti'24AI-1 1  Nb  in  Vacuum. 


It  was  surprising  to  find  higher  CCO  rates  at  800°C  in  vacuum  as  compared  with  CCQ  rates 
obtained  ftom  laboratory  air  test.  This  is  in  contrast  with  results  oblairied  from  most  metalHc 
materials  (3,4),  where  an  environment  such  as  laboratory  air  is  known  to  accelerate  the  crack 
growth.  Figure  4  comperes  the  CCQ  behavior  obtained  in  laboratory  air  with  that  observed 
in  vacuum  at  650”C. 


Ftourc  4  -  Creep  Crw*  awMh  Bcliwlw  of  Ti-aOi-IINb  In  Uborwory  Ak  ind  VWSMB  W  •>0^ 


Appaf6nttyihein(fcjenc8  0f  labor^ofvalratescydsnegMplie.  Slmlarretuils  wars  obtained 
from  tests  conducted  at  700*C  and  750*C  as  shown  Inl^.  2  &  3.  However,  the  CCO  rate 
in  vacuum  is  noted  to  be  higher  than  that  in  labomtory  ah'  at  800*  C,  5. 


Hgura  5  •  C>Mp  Crack  GratMh  Bahtvior  oi 'n-24AI-1  INb  in  Ufaoraloiy  Air  and  Vacuum  at  score. 


it  is  suggested  that  this  diflerence  in  CCQ  arises  from  significant  crack  branching  observed 
with  tests  conducted  in  laboratory  air.  Apparently  the  crack  branching  is  the  result  of  diffusion 
of  embrittling  species  first  into  the  grain  boundaries  and  then  into  the  grain  itself.  The  iaiter 
israsponstotefortransgranularsitocracks.  Such  secondary  cracking  is  expected  to  retanf  the 
growth  of  the  mten  crack,  as  wilt  be  discussed  further. 

Detailed  analyses  of  fracture  surfaces  were  conducted  to  understand  the  mechanisms  of  crack 
growth  process  in  this  material.  Figure  6  (a-d)  shows  a  series  of  fractographs  which  represent 
the  fracture  surface  of  specimens  tested  at  650, 700, 750,  and  800*C  in  laboratory  ak.  The 
failure  mode  appears  to  be  transgranular  at  al  tenipwaiures  except  at  800*C,  where  the 
fracture  appears  to  be  mixed  mode,  in  general  (from  650-750*0}  the  talure  is  ctearage  fike 
andcrystawgraphie.  in  contrast  to  toe  fracture  surface  features  obtained  In  laboratory  ak,  the 
failure  mode  of  specimens  tested  In  vacuum  at  all  temperatures  (650-800*0)  appear 
intergranular.  This  is  shown  In  the  series  of  photographs  in  Fig.  7  (a-d). 

This  unusual  behavior  in  fracture  cannot  be  easly  explained.  The  Wanium  akiminide  has  a 
basketweave  structure  with  random  (fistribution  of  a-ptates  within  parent  beta  grate  o  colonies. 
The  a  is  known  to  segregate  around  prior  beta  boundary  and  is  staUbed  by  oxygen. 
Previous  study  has  shown  a  case  to  develop  ring  crackkn  under  load  when  expoM  to 
laboratory  ak(1).  The  cracking  initiates  at  toe  intorseciionora/a  plate  teterfacewlto  surface. 
During  creep  crack  growth  toe  sknultaneous  interaction  of  tempeiature  and  envIroiHnent  with 
the  local  state  of  stress  at  the  crack  fip  toads  to  a  eemptex  crack  growth  mechanism,  tesome 
cases,  depending  on  stress,  tomperkure  and  state  of  environment  toe  independent  rote  of 
temperature  and  environment  sets  >a>  competing  mechanisms  and  toe  failure  occurs  under  toe 
dominant  effecL  In  other  instances,  the  combined  effect  of  temperature  and  environment 
results  In  synergism  leading  to  accelerated  crack  growth.  Qeneraly,  the  eitualion  in  service 
condWon  Is  mote  complex  and  toe  effects  of  temperature  and  environment  on  the  creep  crack 
growth  process  is  not  dearly  underteood.  Some  speculations  ate  presented  In  toe  IgW  of  toe 
experimental  observations.  It  Is  suggested  toat  toe  transgranular  taHures  of  specimens  tested 
at  650,  700  and  750*C  ki  laboratory  ak  resuRs  from  toe  extensive  cracking  of  this  malarlsi. 
Ti-24Al-l1Nb  Is  toiown  to  develop  extensive  cracking  when  exposed  to  elevated  temperalure 


under  sustained  load  In  laboraioty  air.  In  the  laboratory  air,  the  avaflabOty  of  the  excess 
embritllingspedes  at  the  crack  tip  aHeiB  the  local  state  of  stress.  It  is  speculated  that  in  the 
laboratory  air,  the  kinetics  of  embrittlement  leading  to  the  cracking  of  the  surroundbig  area  near 
the  crack  tip  is  faster  than  the  of  crack  advance  under  the  K  level  used.  The  environmental 
influence  leads  to  extensive  cracking  around  the  crack  tip  setttog  up  multiple  crack  advance 
sites.  Thus,  the  crack  growth  process  is  altered  and  the  crack  advance  occurs  at  the  site  with 
the  highest  stress  concentration.  This  process  continues  all  along  the  whole  cradr  front  and 
the  failure  becomes  transgranuiar  in  laboratory  air.  In  contrast,  in  vacuum  at  a  pressure  of  10^ 
torr,  the  limited  avaiktole  amount  of  embrittllti  species  are  sucked  in  by  the  preferential  sites 
along  in  the  grain  boundary.  Hence  the  embrittlement  occurs  only  alottg  the  grain  boundary. 
Thus,  in  vacuum  the  crack  advances  along  the  grain  boundary  leading  to  inte^ranular  failura. 

At  800*0  the  failure  mechanism  In  laboratory  air  also  changes  from  transgranuiar  to  ntixed 
mode.  This  is  believed  to  be  tire  result  of  increased  activity  of  grain  boundary  sliding.  The 
creep  failure  at  this  temperature  was  found  to  be  mainly  g^  boundary  slidtog?'’  As 
discussed  earlier,  several  mechanisms  are  operative  under  aH  the  test  condttions.  At  800°C, 
it  is  speculated  that  the  increased  contrtxjtion  from  grain  boundary  slidtog  changes  the  faBure 
mechanism  to  be  mixed  mode  as  compared  to  transgranuiar  at  750*,  700*  and  650*0. 
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4 -  CRACK  GROWTH  DIRECTION 


Figura  7  -  Fractura  SurfMe  of  teedmoiw  TmM  at  a)  6S0*C,  b)  700*C, 
c)  780%;  and  d)  800^  Vacuum. 
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MVESTiQAIION  OF  THE  EITECTS  OF  HEAT  TREATMENT 
ON  THE  MKMOffmUCTURE  AND  MKHANICAL  BEHAVIOR 
OF  FORGED  1V24AI-11Nb 
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The  aMacts  of  haat  traalmartt  on  tha  microBtnjclura  and  tnachanical  bahavkx  of  aj-*-  P  foigad 
ri-24AI-l  1  Nb  (oompoaiiiana  quotad  in  atomic  %  uniaaa  atatad  odtenwisa)  produced  by  powdar 
metallurgy  (PM)  are  reported  in  thia  pt^.  Thiainciudaa  a  atudy  of  tha  affecta  of  cooling  rata 
and  agirig  on  microatnictural  evolution  and  atabOty.  Faat  cooing  from  tha  p  phaaa  field  ia 
shown  to  promote  tha  formation  of  aubgraina.  Thaaa  aubgrafna  ate  annealed  out  during 
subeequent  haat  treatment  in  the  phase  field  which  aiao  raautts  in  the  nucteation  of 
cracks  and  grain  boundary  a,  allotrtomotpha  at  prior  ^  grain  boundaries.  Stow  coofing  from 
the  p  phase  field  hillowed  by  aging  fr)  the  a^-t-p  phase  field  is  shown  to  result  in  tha  formation 
of  a  relativefy  stable  Widmanstauen  microstnicture  and  a  good  balance  of  compressive  and 
tensile  properties. 


Introduction 

Since  the  original  development  of  the  Ti-asAi-l  INb  alloy  by  Blackburn  et  al.  (1^,  there  have 
been  fritanatve  efforts  to  characterize  the  microstructure/  substructura  (3-^  and  the 
mechanical  bahaMior  (1,2,6-16)  of  this  alloy.  The  microsiructurat  studies  have  indteated  the 
potential  for  the  formation  of  the  ordered  phase  based  on  the  T^AI  (00,,  crystal  atrucluie) 
(6,7),  the  ordered  6,  structure  based  on  the  UNbAI  (B2  ctitM  structure)  (6,7),  an 
orthorhombic  phase  with  frie  space  group  Cmcm  (1^,  and  an  wtype  phase  with  a  B8, 
structure  (17).  The  mforostruclural  evolution  that  occurs  in  Ti-24Al-llNb  during  thermal 
exposure  can  therefore  be  very  complex,  and  ns  Influenoe  on  mechanicai  behavior  is  not  fuNy 
understood.  The  resuhs  of  a  systematic  investigation  of  the  effscis  of  annesfing  on  the 
microstructuralevotutlon  and  merrfianlcat  behavior  of  s,4  6  forged  Ti-gsAI-l  INb  are  presented 
in  this  paper.  Terwite  and  compressive  properties  are  related  to  microstiuctural  parameters 
such  as  lath  size,  prior  6  grain  size,  and  6  volume  fraction.  The  eflscts  of  deformation  on 
microaacking  are  also  discussed  for  fracture  under  monotonic  loading  oondWons. 

Expertmantal  Proeadures 

The  material  used  in  this  investigation  was  supplied  by  the  Alcoa  Research  Laboratory,  PA, 

in  the  form  of  a  bUM.  Rvras  produced  by  d^  forging  cfTI-gSAI-IINb  powder  In  the  a,4  6 

phase  field  Into  a  pancake  shape  (apprmdrnalely  260  mm  in  rfiamater  and  12.3  mm  in 
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phase  Held  into  a  pancake  shape  (approximately  260  mm  in  diameter  and  12.3  mm  in 
thickness).  The  bWet  was  subseque^  annealed  at  1093*C  for  0.S  h,  followed  by  a  tan  air 
cod.  This  resulted  in  the  Widmanstatten  microstructure  with  aligned  packets  of  ~3  pm  wide 
elongated  a,  platelets  (Figure  1).  The  as-received  (AR)  material  consisted  of  13.4  wt  %  At, 
22.1  wt.  %  Nb,  0.07S  wt.  %  0. 0.017  wt  %  C,  0.0042  wt  %  H,  0.0078  wt  %  N  and  a  balance 
of  Ti.  The  alloy  had  a  0.2%  offset  yield  stress  of  464  MPa,  an  ultimate  tensile  stress  of  583 
MPa,  a  total  strain  to  taRurs  of  3.9%,  and  a  fracture  toughness  of  23.4  MPav'm  at 
room-temperature  in  the  AR  condtion.  The  effects  of  heat  treatment  on  microstructure  were 
investigated  using  cubic  metallographic  samplee  that  ware  encapsulated  in  evacuated  (-10'* 
Ton)  capsules  prior  to  annealing.  The  heal  treatment  schedules  were  designed  to  invesUgale 
the  fdlowing: 

(1)  The  effect  of  anrrealing  in  the  ft  phase  field 

(2)  The  effect  d  coding  rate  after  antietriing  in  the  p  phase  fidd 

(3)  Theeftact  d  aging  in  the  phase  field  aftw  annealing  in  the  p  field. 
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Rgure  1  -  Microstructure  of  as-received  Ti-24AI-11Nb  (eg-r-p  forged  and  annealed  at 
1093*0/0.5  h/FAC). 


The  metallographic  samples  were  given  a  final  surface  polish  on  a  1  pm  diamorKl  wheel,  arxi 
etched  in  Krdl's  sdution  for  approximately  10  s  prior  to  examindion  by  optical  artd  scanning 
electron  microscopy.  Quantitative  estimates  of  the  lath  sizes  and  the  prior  p  grain  sizes  were 
also  obtained  usitig  linear  intercept  techniques  (18),  and  phase  analyses  of  microstructural 
constituents  were  conducted  using  x-ray  diffraction  techniques.  The  compression  and  tension 
tests  were  carried  out  at  a  strain  rated  5x10*$'.  The  compression  tests  were  perfomwd  on 
6.35  X  6.35  X  6.35  mm’  specimens  at  25,  540,  650  and  760*C,  and  the  tension  tests  were 
conducted  at  room-temperature  on  srtKxrlh  cylindrical  specimens.  After  testing,  longitudinal 
sections  parallel  to  the  stress  (loading)  axis  d  the  deformed  compression  and  gage  sections 
d  the  tensile  specimens  were  examiried  by  optical  microscopy  to  investigate  the  incidence 
d  cracking  during  deformation  at  room-ternperature. 

Results  and  Dtacusslons 

(a)  Microstructure 

The  microstructural  features  in  'n-24At-l1Nb  are  simitar  to  those  reported  previously  for 
conventional  p  titanium  alloys  (21).  However,  some  unique  microstructural  charadsrWics 
were  observed,  as  discussed  In  fois  section.  Anneafing  d  the  alloy  In  the  eg-rp  phase  field 
at  815  and  982*C  did  nd  result  In  significant  coarsening  d  the  laths,  and  the  average  lath 
width  was  approximately  3  pm  before  and  after  annealing.  This  is  shown  In  Figure  2  and 
Tablel.  The  alignment  d  the  «2  colonies  observed  In  the  as-received  material  was  maintained 
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Figures-  Microstructure  of  TI-24AI-11Nb  annealed  in  the  #  nhasa  fMd  fat 
815‘’C/5.5h/ACand(b)982*C/4h/AC. 

after  annealing  in  the  aj+  phase  (ieid,  and  there  was  no  evidence  of  phase  decomposition 
at  the  aj+ p  interfaces.  However,  x-ray  diffraction  revealed  the  existence  of  the  orthorhombic 
phase  (16)  after  annealing  in  the  «2+  P  phase  field  at  temperatures  between  815  and  1093*C. 

Cooling  rate  had  a  significant  effect  on  microstructure  after  annealing  in  the  p  phase  field 
(Figure  3  arrd  Table  I).  With  the  exception  of  fan  air  cooling,  fast  cooling  from  the  p  phase 
field  followed  by  air  cooling  (AC)  or  water  quenching  in  a  quartz  capsule  (WQ)  resulted  in  the 
formation  of  subgrains  within  large  (700-1000  i»m)  prior  p  grains,  as  shown  in  F|^.  3a  and  3c 
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Eflects  of  fast  cooling  from  the  p  phase  fieid  on  mtoroatruolurs.  (a.l:4 
1200*C/0.S  h/WQ  and  (c,d)  1200*C/0.5  h/AC. 
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TABLE  I.  -  EFFECT  OF  HEAT  TREATMENT  ON  MICROSTRUCTURAL  PARAMETERS 


H«at 

Prior  FOrain 

«2  1-4^ 
Mcih(iim) 

Pioponianaf 

Treatment 

SU»  (^tm) 

OMnc 

1200*C/0.5  h/WO 

786 

386 

- 

- 

l200‘C/0.5  h/WQ  *  7fiO*C/8h/AC 

014 

.. 

~ 

- 

1200*C/0.5  h/WQ  *■  et5‘C/8  h/AC 

913 

- 

- 

- 

t200*C/0.S  h/FAC 

986 

t200*C/0.S  h/FAC  +  760*0/8  h/AC 

081 

- 

iaOO‘C/O.S  h/FAC  +  81S’C/8  h/AC 

701 

- 

- 

- 

1200*0/0.5  h/AC 

1020 

370 

- 

- 

1200*C/0.S  h/AC  +  760*C/8  h/AC 

006 

- 

3^ 

16 

1200-C/0.5h/AC  +  815*C/8h/AC 

018 

- 

3.8 

16 

1200*0/0.5  h/FC 

606 

- 

- 

1200*C/D.S  h/FC  -f  780*0/8  h/AC 

521 

.. 

3.6 

22 

1200*0/0.5  h/AC  t  8t5*C/8  h/AC 

- 

- 

- 

At.reoaii«d  (1083*0/0.5  h/FAC) 

- 

3.3 

26 

815*C/5.F  h/AC 

2.6 

18 

982*C/4  h/AC 

- 

- 

3.3 

21 

WQ  >  waMrquanch 
FAC  •  fan  air  cool 
AC  >  aircool 

FC  -  himaca  cool 


TABLE  II.  -  EFFECT  OF  HEAT  TREATMENT  ON  MICROSTRUCTURE 
AND  MECHANICAL  PROPERTIES 


Heat 

Traalmanl/ 

Condition 

Proportion 

of 

8  Ptiaie 

(») 

Tanaila  Propartn  (2S*C) 

02%0(laal 

Compraaatva 

YWd 

Strm 

(MPa) 

(28*0 

02%O«ial 

Comptmlw 

YWdStrangth 

(MPa) 

PratfcM 

Tantto 

YM6 

S8«StM 

(MPa) 

ToW 

SMki 

to 

Fakm 

(%) 

02% 

OtM 

YWd 

SMW 

(MFil 

UlkTMta 

Tanrta 

arm 

(MP») 

S40*C 

080*0 

780*0 

A»f>0BiwBd  (1083*0/0.5 
h/FACj 

26 

3S 

464 

503 

888 

580 

16 

B 

820 

448 

453 

B 

585 

te 

-« 

_« 

902 

800 

486 

454 

840 

508 

E2&!DE3I^IH 

22 

2.1 

m 

B 

880 

454 

430 

371 

574 

81S-C/M  h/AC 

18 

_w 

_» 

340 

877 

437 

438 

380 

887 

082*0/4  h/AC 

21 

JM 

388 

882 

C!l 

408 

338 

878 

Tho  sub^irains  are  iTKxe  dearly  vWble  in  the  mlerottruclur*  oi  llw  wsitr  quMctMd  tampte 
(Figure  4i),  md  th^  an  presumed  to  term  as  a  result  ol  strain  acoommodadon  due  to 
dislocation  bnaracllons  that  occur  during  fast  cooMng  fRxn  the  p  phase  Md.  It  is  Important 
to  note  that  the  sub(^alns  were  observed  consisted  in  walsr-quenched  and  air-oooled 
samples,  i.e.,  they  were  not  due  to  etching  efiscts. 

Very  Iftw  adcular  a,  laths  were  obsaned  at  the  boundaries  of  the  prior  p  grains  (Figs.  3b  and 
3d)  which  appear  to  have  a  well  dellnad  orisntadon  relaMonaNp  wMh  the  prior  p  grah 
boundaries,  and  are  arranged  in  approodmalely  paralM  strips  In  the  vicinily  of  iha  prior  p  grain 
boundaries.  In  general,  however,  the  effects  of  cooing  rata  ware  sfenlar  to  those  obeanred 
in  conventional  a-t-p  titanium  aloys  (21),  with  the  lath  sizas  within  the  transformed  p  grains 
increasing  with  decreasing  cooing  rata  from  the  p  phase  fWd.  Furnace  cooing  from  the  p 
phase  Md  rasuHad  in  foe  formation  of  an  inhomogeneous  VWdmansUtlBn  microstructure 
(Figure  4). 

Anneaing  in  foe  «t+p  phase  Md  sAsr  fast  cooing  from  foe  p  phase  Md  rasuNsd  in  soma 
Inlarselingmicrostruclural  features.  Water  quarrching  from  foe  p  phase  Mdfoiowsd  by  aging 
in  the  Sj-t-p  phase  Md  was  found  to  promote  foe  formation  of  creeks  within  the 
aiottionwiphs  that  are  formed  along  prior  p  grain  boundaries.  TMa  Is  shown  in  Figures  using 
scanning  atodron  micrographs.  Anriiiainglnthe«,-t-p  phase  Md  after  fast  cooing  from  foe 


Figure  4  -  inhomogeneous  WMmanstllen  micraeinjclure  formed  attar  fomaoe  cooing 
from  the  p  phase  Md  (1200*0/0.5  h/FQ. 


Figures-  Cracks  formed  attar  annaaing  at  1200*0/03  h/WO  >  780*0/8  h/AC. 
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p  phase  field  atoo  promoted  significant  ooaiswiing  of  the  «,  Mh  wkttw  (Rgs.  3  and  Q  in  the 
resulting  WMmanstittsn  nficroetructuies,  and  the  a,  lath  widths  wore  oomparsfale  to  thoea 
observed  in  the  ae^eoeived  material  (Table  I).  Prolong  anneaing  In  the  Og+fi  field  at  eso*C 
promoted  the  deoomposifion  the  microstructures  produced  after  fast  oooilng  from  file  ft 
phasefleld.  FHnaliy.  In  this  section,  It  Is  Important  to  stress  that  the  mictostructurse  produced 
by  fast  cooling  from  theft  field  and  aging  in  the  ej-i- ft  field  are  clearly  unstable.  In  contrast, 
the  Wldmanstftlten  microstmctures  produced  ty  furnace  cooing  from  the  ft  field  and 
annealing  in  the  ag+ft  field  remain  stable  during  thermal  exposure  in  the  a,-t-ft  field,  the 
Widmanstittenrtficrostructure  produced  by  such  treatment  does  not  decompose  significnntty 
even  alter  exposure  at  660*C  for  24  h  in  vacuum  (lO*  Torr)  which  promotes  rapid 
decomposition  of  materW  that  was  fan  air-cooied  from  1200*C. 


Rgure  6  -  Microsfructures  produced  after  armeMng  at  (lO  1200*0/0.5  h/AC  +  760*0/8 
h/AO  and  (b)  1200*0/05  h/AO  +  815*0/8  h/AO. 


(b)  Compreealon 

The  room- and  eievated4emperature  compression  data  are  presented  in  Table  II.  The  alloys 
retained  attractive  elevated-temperature  strengths  up  to  780*0.  There  was  a  drop  of  4050 
MPa  in  the  strength  of  the  as-received  material  upon  anneaing,  and  a  dlllsrenoe  of 
approximately  ISO  MPa  was  obsenred  between  the  room-  and  elevated-  temperature 
compression  strengths.  With  the  exception  of  the  anomalousty  high  compression  strength 
obtained  at  760*0  tor  material  mneafed  at  1200*0/05  h/AC  815*0/6  h/AC,  the 
compression  strengths  were  simitcr  tor  al  the  dMersnt  microetructures  tested  at  temperatures 
between  540  and  780*0.  It  is  Important  to  note  that  there  was  very  nUe  (s0.0t5  wt%) 
interstitial  oxygen  pick-up  during  teMfrig  at  alawalsd  tMnpeiabrss  In  air,  and  that  the  reasons 
tor  the  anoniaiously  high  oomprsselve  yWd  sireilgit  obWned  at  780*0  after  anneahig  at 
1200*0/05  h/AC  +  815*0/8  h/AC  are  unclear  at  prsesnt 

(c)  Tension 

The  room-temoerature  tsnala  Dtooemas  an  otaaanad  fri  Tahia  it.  The  attractive  total  iimln 
to  failure  of  35%  in  the  asrsoalved  mMsrlal  was  loet  afiar  moat  of  the  heat  treatments. 
However,  a  total  strain  to  fahaa  of  2.1%  (1.4%  pMlo  sftafn)  was  lalalnad  after  anrreaftng  at 
1200*0/05  h/FC  *  760*0/8  h/AC.  This  hsot  mabhonk  unM  6ia  others  shown  in  Table 
II,  resulted  in  improved  tsnale  atrsngftie  («„  -  621  MPs  and  UTS  •  666  MPa).  The  tanale 
strength,  o,  of  the  Ti-24Ai-llfto  can  be  satimaisd  by  treadng  the  two-phase  matorial  as  a 
composite  consisting  of  a,  and  ft  phases.  The  yWd  strength  la  thus  gfran  by: 
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where  subscripts  a  and  fi  denote  Sj  and  fi  phase*,  and  f  is  the  voiunte  fracdon.  No  attempt 
was  made  to  modei  the  effect  of  miaostructure  since  no  Hali-Petch  data  are  avalabie  tor 
modeiing  the  effect  of  grain  size  on  the  properties  of  the  ^  phases.  Single  phase 
strength  values  were  obtained  from  Ref.  ^  which  j^ves  -  540  MPa  and 
at  room  temperature.  Note  that  the  single  phase  alloys  in  Ref.  0>)  fracture 
the  0.2%  offset  yield  stress.  The  predictions  obtained  by  substttulion  at  the  above  single¬ 
phase  strength  values  Into  Equation  (1)  are  presented  In  Table  II.  The  predtaled  tensiie  yield 
stresses  were  generally  within  ±15%  the  measured  tensto  strengths  in  the  as-received 
material,  and  in  the  material  that  was  annealed  al  1200*C  prior  to  anneaing  in  the  ej-t-p 
phase  field.  However,  significant  differences  were  observed  between  the  predteled  and 
measured  tensile  strengths  of  the  material  that  was  annealed  soMy  in  the  ■j'*'  P  pluae  field 
(Table  0-  The  loss  of  strength  may  be  due  to  substructural  changes  and  the  possible 
formation  of  brittle  third  phases  such  as  the  orthorhombic  phase  (16)  that  was  detected  by 
x-ray  diffraction  after  annealing  at  temperatures  between  815  and  1083*C. 


ConduskMia 

1.  Annealingoftheae-reeeivedmatorialsolelylnthe«,r-pphaaefieldat815and9e2*C 
promotes  the  degradation  of  sirengfli  and  ductMy  allhough  the  e,  laths  In  the 
Widmanstatten  microstructure  do  not  coarsen  during  such  exposure. 

2.  Fast  oooHng  from  the  p  phase  field  promotes  the  formation  of  subgrains  wfthin  the 
prior  p  grains  and  are  annealad  out  during  further  thermal  exposure  at  780*C  and 
815*C. 

3.  Anneaing  In  the  eg-r-p  phase  field  after  quenching  from  the  p  phase  Wald  promotes  the 
formation  of  cracks  al  prior  p  grain  boundaries. 

4.  Prolonged  annealing  In  the  s2-'’Pplis*sMd  after  fast  ooofing  from  the  p  phase  field 
promotes  the  formation  of  grain  bounrtory  a,  aftofrtornorphs  and  slgntficant 
decomposillon  of  microstruclure.  However,  a  rsIS^ely  stable  WIdmansIftllsn 
microsfructure  with  a  good  balance  of  mechanical  properties  is  obiMned  by  furnace 
cooling  from  the  p  phase  field  and  anneaing  in  the  Sfr-p  phase  field  at  780*C. 
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MICROSTRUCrURE/ PROPERTY  RELATIONSHIPS  FOR.  THE  ALPHA-2  TITANIUM 


ALUMINIDB  ALLOY  Ti-24.SAl-12.SNb-l.SMo 


BIMarquaifb 

(SAinnft  Engines 
1  Neurnmn  Way.  M89 
Cincinnati.  (XI  4S21S-6301 


AhBmnt 

The  alpha-2  titanium  aluminities  offer  a  significant  near  term  opportunity  for  propulsion 
enhancement  at  teaaonable  cost  and  risk  levels.  WithatempestturoaiMntageinexcessar  ICKfC 
over  most  conventional  titanium  alloys,  cmsideraUe  potential  for  gas  turbine  engine  wei^t 
reduction  exists.  Recently,  much  work  has  focused  on  evaluating  the  intenelationships  betw^ 
processing,  microstructuie,  and  medianical  properties  for  the  a^&r2  titanium  aluminide  alloys. 

A4>ha-2  titanium  aluminide  material  (rf  the  composition  Ti-24.SAl-12.SNb-l.SMo  (aiompetccm) 
was  produced  as  a  46  cm  diameter  tr^  VAR  mgoL  During  primary  processing,  the  bukt  was 
reduced  to  a  diameter  of  approximately  IS  cm  with  enouidt  work  below  the  bma  transus 
ternpecBtuteloiefjiBtheniicrosiructuie.  nvemictosmictuial  conditions  were  produced  from  the 
billet  material  t^r  forging  pancakes  at  a  3:1  upset  ratio.  One  of  the  material  conditions  was  beta 
forged  while  the  other  four  were  alpha-2  itiusoeta  forged  followed  by  subsequem  heat  treatments 
which  produced  ptimaiy  alpha-2  vrdumeftactioos  of  approximately  0,2, 7  and  12  percent  The 
betafoigingwasquenchedinasaltbaihheldatSlS^umiedialelyaflerforgingwinletheoiher 
material  coirations  were  solutian  heat  treated  prior  to  salt  (pKadui^  to  81S^  All  of  die  material 
conditions  were  aged  at  for  8  hours  prior  to  mechanical  testing. 

Tensile,  creep,  and  foacture  toughness  tests  were  conducted.  The  strongest  correlation  between 
solution  heat  treatment  teoqieratuie  and  mechanical  properties  was  found  for  the  minimum  creep 
rate.  The  minimum  creep  rate  increases  as  the  solum  heat  treatment  tenqreratnre  is  decreased. 
There  is  a  similar  but  less  consistent  trend  for  the  percent  ptittra^  cre^  to  increase  as  the 
solution  heat  treatment  temperature  is  deoeased.  Yield  siren^  ultimate  strength,  and  foacture 
toughness  did  not  show  a  strong  correlation  widi  solution  heat  treatment  temperatnte.  However, 
the  bett  forged  material  condition  had  a  low  yield  strength  and  fracture  toughness  at  room 
temperature  while  its  balance  of  elevaied  temperature  streni^  and  toughness  exceeded  that  of  tire 
other  material  conditions.  The  beta  beat  treated  condition  possesses  a  good  balance  rrf  cteqr 
resistanoe,  strength,  and  tooghnen  but  has  poor  tensile  ductility. 


IngprtilfilOTl 

Alpha-2  titanium  aluminide  alloys  oCfer  a  rigtfficattt  near  term  opponuttiQf  for  gas  turbine  engine 
weight  reduction  at  reasonable  cost  and  risk  levels.  These  alloys  provide  a  temperature 
advana^  in  mteess  of  100*C  over  most  conventional  titanium  alloys  and  a  density  reduction  of 
qiproxinuudy  40%  con^ared  to  most  hH-baaed  t^enlloys.  For  over  thhty  years,  it  has  been 
understood  tlw  nioWam  additions  impart  a  modest  mount  of  ductility  to  m  odieiwise  hritile 
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conqxMind  [1].  Studies  of  alloying  effects  have  continued  into  recent  years  [2.3]  and  potential 
engineering  compositions  have  been  identified.  Currendy,  much  research  is  focused  on  die 
understanding  of  processing  /  mictostructure  /  property  relationships  for  alpha-2  titanium 
aluminide  alleys.  The  wtxk  reported  here  was  focused  on  the  interrelationships  between 
processiM.  microstructure,  and  key  mechanical  properties  for  the  alloy  Ti-24.SAl-12.5Nb- 
I.SM0.  lliie  selection  o(  this  cooqiosition  was  bas^  piimatily  on  oxidation  resistance  which  is 
stqierior  to  alloys  such  as  Ti-25Al-l(M4b-3V-lMo  [4]  and  mechanical  properties  which  transcend 
those  of  alloys  such  as  Ti-24A1-1  INb. 


Rxnerimeiual  Pmrwhim 

The  Ti-24.SAl-12.SNb-l.SMo  material  was  produced  as  a  4S  cm  diameter  triple  vacuum-arc- 
remelted  820  kg  ingot.  During  primary  processing,  the  billet  was  reduced  to  a  diameter  of 
^iproximately  IS  cm.  During  the  final  portion  of  primary  processing,  the  billet  was  worked  in 
the  alpha-2  plus  beta  phase  field  to  promice  a  rdined  mkrostiucture.  The  billet  was  sectioned 
into  4.S  cm  lengdis  which  were  thro  forged  at  a  3:1  upset  ratio  to  produce  pancake  shaped 
forgings  which  were  approximately  13  cm  dtick.  The  nrst  of  five  microstnictural  conditions 
was  produced  by  bea  forging  at  1 120°C  and  immediately  quenching  the  material  in  a  salt  bath 
held81S‘<:.  The  forging  was  held  in  the  salt  bath  for  30  minutes  and  then  air  cooled.  Additional 
pancake  forgings  were  produced  by  alphar2  plus  beta  processing  at  1040°C  ftdlowed  by  air 
cooling. 

To  determine  heat  treatments  for  the  final  four  microstnictural  conditions,  an  approach  curve  to 
the  beta  transus  tenqieiature  was  constructed.  The  approach  curve  specimens  were  1  cm  cubes 
which  were  encmsidated  in  «|uartz  and  beat  treated  for  four  hours  at  tenqieratnres  whidi  ranged 
from  99S  to  1 105^.  Rdlowmg  beat  treatment,  the  specimens  were  water  quenched,  sectiowd, 
mounted,  and  pdished.  Inage  analysis  was  then  conducted  with  an  SEM  using  back  scattered 
electron  images  to  determine  the  volume  foaction  of  phases.  Based  on  the  qiproach  curve 
results,  heat  treatments  1120, 106S,  1065  and  1045°C  for  one  hour  were  sdei^  to  produce 
the  four  remaining  microstructural  conditions.  After  each  of  these  solution  treatmems,  the 
material  was  quenched  to  81S°C  in  a  salt  batii  and  held  for  30  minntes  prior  to  air  cooling.  All 
five  of  the  microstructural  conditions  were  aped  at  705*^  for  8  boors  prior  to  the  machiimg  of 
mechanical  test  qiecimens.  Each  of  the  matenal  conditions  is  identified  in  Table  1. 


TaUe  1  Definition  of  Material  Conditions 


Material 

Condition 

Forging 

T^. 

Upset 

Ratio 

Solution  Heat 
Treat  Tenm. 
TO 

Cooling 

Aging  Temp. 
&Time 
(%/hrs) 

Volume 
Fract  Primary 
A^2(%) 

A 

1120 

3:1 

815%  Salt 

705/8 

0 

B 

1040 

3:1 

1120 

815%  Salt 

705/8 

0 

C 

1040 

3:1 

1085 

815%  Salt 

705/8 

2 

D 

1040 

3:1 

1065 

815%  Salt 

705/8 

7 

E 

1040 

3:1 

1045 

815%  Salt 

705/8 

12 

Round  tensile  and  crero  specimens  with  a  6.3S  mm  gage  diameter  were  machined  and  tested  in 
accordance  with  ASTM  standards.  These  8.23  cm  long  qwchnenswidi  a  gage  leagdi  of  3.2  cm 
were  each  machined  such  that  the  loading  direction  was  tangential  10  the  dicumteence  of  die 
forging.  Chevron  notched  conqiact  tension  qieciment  were  also  machined  for  fracture 
toughness  testing.  The  fracture  toughness  specimens  measured  approxunately  1.2S  by  3.2  bv 
3.2  cm  and  were  fatigue  pre-cracked  prior  to  testing.  Toughness  lestt  were  conducted  with 
radial  and  tangential  crack  propagation  arections. 


M 


Results  and  PucuMioti 


The  measured  chemical  conqiosition  of  dre  ingot  material  was  Ti-23.SAl-13.lNb-l.37Mo  (atom 
percent).  The  intostitial  analysis  (tf  the  ingot  material  indicated  approximately  680  ppm  oxygen, 
46  ppm  nitrogen.  67  ppm  hydrogen,  and  230  ppm  carbon  by  wei^L  In  addition,  the  chenucai 
analysis  revealed  700  ppm  1%  by  weight 

The  results  of  the  approach  curve  study  are  presented  in  Hgim  la  along  with  curves  for  11-64, 
IMI 829  and  IMI 8M  as  determined  by  Neal  [S].  The  results  indicate  that  the  approach  curve  for 
Ti-24.SAl-12.SNb-l.SMo  is  very  shidlow  in  conqtari^  to  the  ocher  titanium  alloys,  and  the 
beta  transus  temperature  forll-^.SAl-12.SNb-l.SMo  is  estimated  to  be  approximately  llOS*^. 
Due  to  the  shallw  qiproach  curve  for  Ti-24.SAl-12JNb-l.SMo,  the  volume  fraction  of  primary 
alpha-2  can  be  closely  controlled.  The  selected  heat  treatment  lempeiatuies  of  1 120, 108S,  106S 
and  104S'‘C  were  projected  to  yield  primary  alpha-2  volume  fractions  of  ajqtroximately  0, 2, 7 
and  12  percent,  reqjtectively,  as  indicated  previously  in  TiMe  1. 

The  mictostructures  of  Ae  heat  treated  are  shown  in  Figure  Ib-t  The  beta  forged 

material  is  shown  in  Pjgure  lb  and  is  identified  as  cooditioB  A  in  Tame  1.  Tw  material  has  large 
pancake-sluqied  prior  beta  grains  wiA  a  fine  transforraed  lath  structure.  Small  recrystalliaed 
prior  beta  gmins  are  also  found  around  the  periphery  of  the  pancal^ihiyed  grains.  Thebett 
heat  treated  material,  oondition  B,  has  an  avenge  prior  beta  grain  sim  of  approximately  1  mm 
wiA  a  very  fine  tratutibrined  lath  structure  as  shown  in  Figim  Ic.  The  microsttuctnre  of  the 
material  udiich  was  heat  treated  at  108S°C,  oondition  C,  is  drown  in  Hgures  Id  and  le.  The 
mkrosnucture  of  material  oondition  C  varied  sigtuficaitiy.  The  nuciostructure  shown  in  Figure 
Id  is  tyesenative  of  the  material  near  the  dtcutnfereoce  of  the  forging  while  the  mictuaiructute 
shown  in  Hgnre  le  is  representative  of  the  material  near  the  center  of  are  forgiag.  Ahhooghtire 
volume  fiaction  of  prin^  alpha-2  is  roughly  constant  throudioat  tins  for^g,  tire  transformed 
lath  stracoue  is  nndiooerser  near  Aecircumfeienoe  of  the  forgfatg  than  near  tire  center.  This 
large  variation  of  latii  si»  was  unique  to  tire  tensile  speciment  for  nuuerid  conditioa  C  The 
variation  of  lath  size  wiA  leqiect  to  tensile  test  tempeiature  is  deaciibed  wi A  tire  tensile  tes 
results.  The  creqi  and fincnueioi^Aness  specimens  of  nreierialoooditian  Cootmaned  a  fine  huh 
suuctuie  as  shosm  m  Hguie  le.  The  nticrosuuctute  of  tire  material  whidi  was  heat  treated  at 
106S°C,  conditioa  D,  has  a  Ugher  vohnne  fraction  of  primary  ahAa-2  than  material  conditioo  C 
and  a  fine  laA  size  throughout  Material  conditioo  D  is  shown  m  Figure  If.  The  microstroctnre 
of  the  mnretial  which  was  heat  treated  at  1045°C,  con&ioo  E,  also  hu  a  fine  laA  size  throughout 
tire  forgitig  but  whh  the  Unrest  vohaire  fnretkm  of  primary  al^phn-2  as  shown  m  Rgure  Ig. 

It  is  undear  why  tire  laA  size  wu  variable  A  Aetnaietidwfaiefa  was  heat  treated  at  108SXL  The 
tensile  ipecimeat  for  each  of  the  three  material  comfitions  whkfa  were  heat  heated  bdow  the  beta 
tcansus  tempetature  were  taken  from  the  same  fraghv.  Yet,  only  the  material  oondhkn  wfaxA 
wu  heat  timued  at  1083%  dhpbqfed  the  variable  Idh  dze  from  the  center  of  the  forg^  to  tire 
circumference.  No  vatiatioa  m  chemical  oonmositioa  was  detected  by  enerpy  Aqretsive 
spectroscopy  between  tire  areas  whh  coarse  and  m  loA  sizes.  Due  to  tire  bi-axial  stress  state 
which  devmtm  near  tire  edge  of  the  forging,  H  ia  evidem  that  higher  attain  levels  were  achieved 
at  tire  edge  ofthe  forging  than  at  the  osmer.  bis  possible  that  tiw  could  kad  to  lecrystaUizatioa 
of  the  bttt  pains  near  the  edge  of  the  forging  and  tnoovery  near  the  oeaMr  of  tire  Ita^hig  during 
sotution  heat  treatment  If  dm  ooeure,  there  could  be  more  imcieadandlhBBMr  the  center  or 
the  forging  which  would  result  A  a  ftrer  laA  tine  A  tint  area.  However,  based  on  the  same 
logic,  tne  beta  beat  treated  meteriel  would  be  expected  lo  be  fuHy  recrystaHized  end.  tirerefore, 
have  fewer  audeaiioH  i^ni  ewlecowaelaA  line. 

The  temUe  properties  for  endi  of  tire  mictoihnctntii  conAdotw  me  listed  A  Thble  2.  Theroom 
retiqierAiire  test  rpef'hnencemefronanamtirecenArof  AelAwng  end,  neAe  met  tenreemture 
weiAcieaied,AewecfanenewcrenhnilnBdftiiinbwdonewliehwerepwgwidvnlyAreerA 
thedreumferenoe.  ftir  tire  1083  and  1063%  heat  neattaeot  oooditiotu  (mareiM  coiKfiootu  C  md 
D),e  630%  test  speGAMn  was  also  tafcm  from  the  censer  of  lire  forging.  TlMtefoR,oireoftire 
630%  tensife  teit  apechnens  wm  oAen  from  tire  outer  edge  and  tire  odier  from  neir  tire  center  of 
lire  forging  for  nintra  eomMlAns  C  and  D. 
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Hgnel  (a)  A|ipnMchcnrv«ifiorTl-64,IMI829,IMIt34[S]aiidTI*245AI-12JNb-lJMo. 
Optical  nrioograplia  of  the  materid  which  waa  (b)  beta  fined  md  (c)  beta  heat 
tented.  Optical  miceMiiphs  of  the  (4edfeaad(e)oeaier  of  me  tagfaif  which  was 
beat  treated  at  1085%  and  the  edpe  of  the  finfhip  which  were  beat  treated  at  (f) 
1068%  and  (8)  1045%. 
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595 

• 

- 

• 

379 

17.7 

0.0034 

0.19 

. 

B 

24 

1035 

1089 

0.5 

• 

« 

• 

17.1# 

H 

425 

896 

1040 

3.1 

. 

- 

• 

• 

H 

540 

791 

968 

8.4 

448 

114 

0.0013 

0.09 

75.9 

n 

650 

741 

920 

5.0 

172 

33 

0.0029 

0.12 

. 

n 

595 

. 

- 

379 

14.1 

0.0038 

0.21 

- 

C 

24 

792 

972 

3.1 

- 

. 

* 

18.8* 

H 

425 

595 

896 

21.8 

- 

- 

- 

• 

- 

n 

540 

467 

729 

16.2 

414 

95 

0.0014 

0.10 

65.5 

M 

650 

442 

620 

10.6 

172 

10.9 

0.0038 

0.22 

. 

n 

650 

680 

833 

6.8 

- 

• 

- 

- 

H 

595 

- 

- 

276 

34 

0.0021 

0.14 

- 

D 

24 

1051 

1158 

1.2 

. 

• 

• 

16.6* 

n 

425 

865 

1087 

14.9 

• 

• 

N 

540 

782 

958 

11.2 

414 

40 

0.0017 

0.15 

55.2 

650 

673 

842 

6.8 

172 

8.8 

0.0054 

0.28 

• 

II 

650 

776 

987 

3.9 

- 

• 

. 

. 

** 

595 

- 

w 

• 

276 

19.4 

0.0027 

0.18 

. 

£ 

24 

956 

1096 

2.5 

. 

• 

. 

19.0* 

n 

425 

739 

992 

18.0 

• 

• 

. 

• 

• 

H 

540 

713 

921 

10.6 

414 

22 

0.0021 

0.18 

78.5 

•  II 

650 

714 

871 

5.2 

172 

7.5 

0.0065 

0.28 

• 

H 

595 

• 

- 

- 

276 

12.9 

0.0041 

0.24 

- 

*  Since  most  of  the  cieqi  tests  woe  disooatinoed  after  qipnndmately  100  hours  of  testing,  the 
iqwfted  minimum  cie^  rates  ate  the  average  creq>  tales  betsueen  80  and  100  houistrf  testing. 
These  do  not  lepicsem  true  steady  state  creep  rates.  The  percent  primary  creq>  was  estimated 
wite  the  use  of  the  minimum  creep  rate. 

#  These  values  represent  valid  measurements. 


The  yield  strengths  of  the  five  material  conditions  do  not  correlate  well  with  solution  heat 
treatment  temperature.  The  strongest  material  con^dons  were  B.  the  beta  heat  treated  condition, 
and  D,  the  condition  which  was  heat  treated  at  106S°C  to  produce  7  peioem  primary  alpha-2.  It 
is  not  evident  that  die  vtdume  fiaction  of  primaty  alpha-2  or  sdudoo  heat  treatment  temperature 
have  a  sigi^icant  effect  on  yidd  strength  as  long  as  a  coraistett  lath  sire  is  produced.  However, 
beta  forgmg  did  reduce  the  room  temperature  yield  strength.  At  the  high^  test  tenqreiatures, 
540  and  the  yidd  strengths  were  dgbtfy  grouped  within  a  range  of  qiproximately  100 
MPa  exegn  for  matew  conditioo  C  whidi  contain  the  coarse  lath  structure  near  the  edge  of  the 
foi^g.  uidi  sire  has  a  very  signiBcant  effect  on  yield  strength.  For  maieiid  conditian  C.  die 
6S(K  yidd  strength  of  the  sneciiiien  widi  a  large  lath  size  wu  appradmately  240  MPa  lower 
dun  the  spechnen  widi  a  small  lath  size. 

Much  like  die  yield  strength  results,  the  ultimate  tensile  strength  does  not  correlate  wdl  with 
solutioo  heat  treatment  tenmeiature  and  volume  fiaction  primary  al^pha-2.  The  highest  uMmaie 
tensile  strength  was  that  of  material  condition  D  which  contained  7  perooit  primuy  alpha-1 

a  .WfliBBMw.  in  rtia  nhimMe  MBitto  ttaHiglh  fwwn  the  edge  m  Out  caittar  of 

the  forging  as  rerealed  by  the  650V  test  resahs  for  matnial  conditions  C  and  D.  Even  for 


material  conditioa  D,  which  had  little  difference  in  lath  size  from  the  center  to  the  edge  of  the 
forging,  the  center  of  the  forging  was  145  MPa  stronger  than  the  edge  of  the  forging.  For 
material  condition  C,  the  ultimate  tensile  stiengA  was  approximstdy  210  MPa  higher  at  the 
center  of  the  finging  than  at  the  edge  of  the  forging  where  the  ladi  stnicture  was  coarse.  The 
lowest  ultimaie  strength  was  associi^  with  marerial  condition  C  even  for  those  test  specimois 
which  oonttuned  a  fine  lath  structure. 

Plastic  elongation  is  significantly  reduced  1^  beta  solution  hw  treatment.  This_  is  generally 
attributed  to  nonuniform  flow  behavior  which  is  plastically^  anisotropic  over  the  dimensions  of 
die  prior  beta  grain  size.  This  resets  in  strain  inooriqiatibilities  at  prior  beta  grain  boundaries  [6]. 
The  beta  heat  treated  material,  condition  B,  had  only  0.5  percent  plastic  elongation  at  room 
temperature  and  3.1  percent  plastic  elongation  at  425*^.  The  plastic  elongadon  at  room 
temperature  for  material  condition  D  was  only  1.2,  but  each  of  the  other  material  conditions.  A, 
C,  and  E,  had  2.5  percent  plastic  elongation  or  more  at  room  temperature.  The  plastic  elongation 
peaked  at  over  14  percent  at  425°C  for  all  but  the  beta  heat  treated  nuiterial.  The  plastic 
elongation  peaked  at  540°C  for  the  beta  heat  treated  material.  For  all  of  the  material  conditions, 
the  idastic  elongation  decreased  as  the  test  tempoature  was  increased  above  540°C 

The  tensile  properties  of  Ti-24.5Al-12.5Nb-l.5Mo  forgings  compare  favorably  to  forgings  of 
the  alpha-2  titanium  aiuminide  alloy  'n-25Al-10Nb-3V-lMo  [7-9]  although  the  strength  of 
material  condition  C  is  below  most  repotted  values  for  Ti-25AI-10Nb-3V-lMo.  Rolled  material 
can  often  be  processed  to  achieve  higher  stmgth  levels  than  alpha-2  fmgings  [9,10].  When 
sheet  material  is  tolled  to  achieve  higha  stren^  levels,  the  ductili^  may  be  reduced  to  levels  oi 
1  percent  or  less  [9].  However,  sheet  material  can  generally  be  processed  to  achieve  a  good 
balance  between  strength  and  ductili^  while  the  creep  resistance  may  be  somewhat  lower  than 
that  associated  with  most  forged  conditions. 

The  creep  properties  for  each  of  the  material  conditions  are  listed  in  TaUe  2.  TaUe  2  includes 
data  for  the  time  to  0.2  percent  strain,  the  minimum  creep  rate,  and  the  percoit  primary  creep. 
Since  many  of  the  creep  spmmens  were  unloaded  shortly  after  100  hours  of  testing,  the 
mininruitn  creep  rate  is  an  estimate  based  on  the  slope  of  the  strain  versus  time  curve  over  the 
range  of  80  to  100  hours.  These  results  do  not  represent  the  steady  state  creqi  rates  ndiich 
wo5d  be  lower  than  the  minimum  creep  rates  rqiort^  here.  Furthermore,  the  data  rqported  for 
percent  primary  creep  are  under  estimates  since  tiiey  were  generated  with  the  use  of  minimum 
creep  rate  rather  than  steady  state  creep  rate.  Fm  relative  comparison  of  the  microstructural 
conditions,  the  available  data  for  trumnaim  creqi  rates  and  percent  primary  creq>  are  useful 

Each  of  the  creep  specimens  was  evaluated  metallogrqihically.  Unlike  the  tensile  test  qiecimens, 
the  latii  structure  which  transformed  upon  cooling  firm  the  sttiution  heat  treatment  temperature 
was  fine  and  unifotm  for  each  of  the  muerial  conditions.  The  minimum  creqi  rate  correlates  well 
with  solution  heat  treatment  temperature  and  nncrostructure.  ^di  higher  stdution  tenperatures 
and  mictostructures  which  contain  smaller  volume  fractions  of  primary  alpha-2,  the  minimum 
creqi  rate  is  redu^  as  shown  in  Figure  2.  This  result  is  siinilar  to  that  found  for  conventional 
titanium  alloys  [11].  The  amount  of  primary  creep  also  seems  to  correlate  well  with 
nucrostructute  although  die  trend  is  not  quite  as  coosistent  as  for  the  miniinum  creqi  rate.  The 
percent  primary  creqi  incrased  or  remamed  the  same  as  the  solution  heat  treatment  temperature 
wasdeoeased.  This  trend  is  not  always  found  forconventional  titanium  alloys  [11].  Sinceboth 
the  minimum  creep  rate  and  the  percent  primary  creep  correlated  well  with  the  mkrostructural 
condition,  the  time  to  0.2  percent  strain  also  oonelated  well  with  nticrostructuie. 

The  most  creep  resistant  microttttuctutes  were  those  which  were  beta  forged  or  beta  heat  treated. 
This  n^t  is  consistent  with  studies  conducted  on  the  Tl-TSAl-lONb-SV-lMo  alloy  [12-14]  and 
forconventional  titanium  alloys  [11].  Since  the  beta  forged  condition  it  moie  ductile  than  the 
beta  heat  treated  condition,  ben  foi^g  offers  a  belter  balance  between  creep  resistance  and 
ductility.  Fbr  qiplications  where  bett  for^g  is  not  practical,  beat  treatment  below  the  beta 
transus  temperature  may  result  in  the  best  batanoe  between  ducti%  and  creep  tesistanoe. 

The  fracture  toughness  properties  are  reported  in  Table  1.  The  fracture  toughness  qiedmens 
were  all  evaluated  metaUopqiliically  and  die  lath  structure  was  fine  and  mifoimin  eaiA  case. 
The  room  temperature  fracture  tougmess  test  results  range  from  15  MFavm  to  19  MPaVm.  No 

sn 


Microstructunil  Condition 


Rgure  2  The  mmimum  creep  rate  as  a  function  of  miciDstructure  under  650“C  / 172  MPa  test 
conditions.  A  strong  cmrelation  exists  between  minimum  creep  rate  aiid  the  solution 
heat  treatment  temperature. 

consistent  correlation  between  room  temperature  fracture  toughness  and  solution  heat  treatment 
temperature  or  volume  fiactionpriin!^a4^-2  was  evident  Mattiial  condition  D  whidi  had  an 
intermediate  volume  fraction  of  primary  alpha-2,  7  percent,  had  one  of  the  lower  fracture 
toughness  values.  The  beta  forged  material  had  die  lowest  room  temperature  fracture  toughness 
and  was  the  only  room  temperature  value  which  was  not  a  valid  Kfc  measurement  Much  (rf  the 
variation  between  die  room  temperature  fracture  tou^iness  values  may  be  attributed  to  statistical 

SC&ttCT. 

The  540®C  fracture  toughness  test  results  were  spread  over  a  large  range  from  55.2  to  91.3 
MPaVirt  However,  none  of  the  elevated  temperature  test  results  were  vaUd  m^wtremrnts 
since  they  did  not  meet  the  criterion;  B,a  >  2.5(Kic  +  0.2%YS)2.  Based  on  the  average 
strength  of  the  material  at  540^0,  the  1.25  cm  thick  qiecimen  would  only  produce  valid  Kj^ 
nicpiietncnts  up  ro  toughness  levels  of  ai:^ximately  55  MPa-vIm.  Nevertheless,  the  results 
indicate  tbm  there  is  a  dramatic  increase  in  nacture  toughness  widi  increasing  test  tenqierature. 
OthCT  stupes  indicate  thu  die  increase  in  fracture  toughness  widi  increasing  temperature  for 
alpha-2  titanium  aluminide  alloys  with  a  teuuned,  ductile  beta  phase  can  be  attributed  to  a 
rigmficant  increase  in  die  tearing  modulus  with  increasing  temperature  [15].  The  Kg  values 
indicate  that  the  beta  forged  condition,  which  had  the  lowest  room  temperature  nacture 
toughness,  has  the  highest  540°C  fracture  toughness  of  91.3  MPaVm.  As  indicated  by  the 
*****^?™  ^  ****  **811118  for  maieiial  conditioas  B,  C,  D,  and  £,  diere  was  no  apparent 

relationshqi  between  the  540^  fracture  toughness  and  the  stdution  heat  treatment  temperature  or 
volume  fraction  primary  alpha-2. 


Smtanarv  and  CnnclmitiBa 


The  miciostructore  /  property  rebokmahips  for  Ti-24.5Al-12.5Nb-l.5Mo  forgings  oAen  parallel 
diM  for  conventional  alpha  titanium  alk^  The  cieqr  properties  showed  a  strong  condatioa  to 
solution  heat  treatment  temperature  or  volume  fraction  primary  ah^-2  winte  most  odim 
properties  did  not  The  beta  forged  condition  did  not  have  Ugh  fracture  touriiness  at  room 
tenqietitute  as  it  would  for  alpha  titanium  alloys.  Seveialcoodusions  can  be  made  with  regnd 
to  the  balance  of  properties  for  the  material  conditioM  which  were  amdied  in  ihi«  p«y«n 

1)  The  beta  forged  material  condition  has  a  good  balance  of  ductility,  elevated  tempetature 
strength,  creep  resisiaaoe,  and  devaied  tengwratme  fracture  toughness  but  has  lelativdy  low 
room  tenqieratme  strength  and  fracture  toughness. 

2)  The  beta  heat  treated  maieiial  has  good  strength  and  creep  resitianoe  widi  avenge  fracture 
toughness  but  poor  dnctilhy. 
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3)  Material  which  is  processed  and  heat  treated  below  the  beta  transits  tenqterature  has  a  good 
balance  of  strength,  ductility,  and  firactuie  toughness  but,  as  the  heat  treatment  len^ierttiiie  is 
lowered  and  the  volume  fhu^tion  of  primary  alpha-2  is  increased,  the  creep  resistance 
decreases. 

In  addition  to  the  inqjroving  our  understanding  of  the  relationships  between  mictostructuie  and 
mechanical  {oopetties,  it  is  apparent  that  an  improved  understanding  of  the  telatkmshqis  between 
processing,  heat  treatment,  and  mictostructute  must  be  developed.  The  variable  lath  size  which 
was  produced  in  material  condition  C  had  a  significant  effect  on  pttqrerties.  For  practical 
purposes,  this  type  of  inicrostructural  variation  must  be  controlled.  Further  studies  of  the  effects 
of  processing  temperature,  strain  rate,  and  strain  level  and  their  associated  effects  on 
recrystallization,  recovery,  and  final  heat  treated  microstructures  will  be  imperative  fm  the 
successful  iqiplication  of  alpha-2  titanium  aluminide  alloys. 
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Abstnct 

The  dqiendence  of  room-temperature  tensile  properties  upon  nucrostructure  was  investipted 
in  the  intermMallic  Ti-25Al-10Nb-3V-lMo.  A  wide  qtectium  of  nuctostmctures  was  obtained 
by  varying  the  cooling  rate  after  solutionizing  treatment  in  the  pph^  field.  Thestrengdi  was 
found  to  uicrease  monotonkally  with  increasing  cooling  rate.  It  is  proposed  that  strengA  is 
controlled  by  Pk  Phase  strengthening  and  boundary  stren^mening  in  P-solutionized 

nucrostructuies.  The  ductility  was  observM  to  go  through  a  maxinHina,  at  a  cooling  rate  of 
LSK/s.  It  is  believed  that  two  distinct  mechanisms  control  defbrmatioo  and  fiuhire  in  tUsal^, 
one  acting  at  low  ou  volunoe  fractions,  and  the  other  at  high  02  volume  fraction.  In  addition, 
micrcMtnretural  stal^ty  was  studied;  it  was  found  diat  ^solutionized  microstructures  were 
staUc,  wiA  reflect  to  room-temperature  tensile  properties,  for  all  cooling  rates  up  to  LS**!^ 


The  focus  of  diis  woric  vras  to  examine  die  effecu  of  microstructure  on  toom-tenqxoature 
tensile  properties  of  the  titanium  aluminide  alloy, 'n-2SAl-10Nb-3V-lMo  (aL%).  In  particular, 
the  role  of  02  phase  volume  fraction,  size  and  arrangement  (e.|.,  basketweave  or  colony)  in 
room  temperature  tensile  behavior  has  been  investiga^  In  addition,  microstructural  staUlity 
has  been  addressed  examining  the  effect  of  a  stabuizingAtging  treatment  on  room  temperature 
tensile  properties. 


Experimental  Procedure 


The  material  used  in  this  investigation  is  the  sim-a2  titanium  aluminide  intenaetattk,  Ti- 
2SAl-10Nb-3V-lMo  (atomic  percent,  nominal),  the  material  was  provided  by  UTC-Pratt  A 
Whitney,  in  the  form  of  a  for^  pancake,  widi  dtickneu  of  •>35  mm  (1.4  in.)  and  dianaeler  of 
-350  mm  (13.8  in.).  Thermomechanical  processing  of  the  materia)  at  UTC  involved  forging 
above  the  ^-transus  and  subsequent  slow  cooling. 

Blanks  approximately  10  mm  (0.4  in.)  square  and  35  mm  (1.4  in.)  long  were  cut  from  the  as- 
received  pannke,  with  their  long  axis  peqjiaidicular  so  the  two  flat  suiftces  of  the  pancake.  The 
blanks  were  then  solutionized  in  air  in  the  ^{diase  field,  at  115(PC,  for  one  hour  md  cooled  at 
seven  different  rates,  toptoduce  various  p-solutionized  nticrostructarcs.  This  B-sdutionizing 
sequence  is  dqiicted  in  ngure  la.  Coding  rates  were  determined  by  placing  a  tnetmocoaide  in 
the  centa' da  blank,  and  recording  tenqieratmeAime  data.  The  seven  microsiructutes  obtained 
by  ^solutionizing  treatment  are  herein  designated  "A-S"  nticrosttnctures  and  are  shown  in 
Hgures  2a  throat  3^ 

Tensile  specimens  were  machined  from  "A-S"  blanks.  Stabilizing  and  aging  treatments  were 
then  performed  on  one  set  of  machined  tensile  specimens.  The  choice  d  the  stabilizingftiging 
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sequence,  used  in  this  work  to  study  nticrostnictural  stability,  was  made  based  on  an 
investigation  of  high-temperature  tensile  properties  actually  underway  (Hgure  lb).  Six  "A-S" 
mkrostructures  were  given  the  stidnlizin^a^g  treatment,  in  vacuum  (10^  Toir)  to  minimize 
oxidation.  These  mkrostructuies  are  herein  dragnated  "S/A"  miciostructuies. 


Figure  1  -  Heat-treatment  sequences:  (a)  Solutionizing  sequence ;  (b)  Solutionizing+Stabilizing/ 
Aging  Sequence. 

Threaded-end,  axi-symmelric  tensile  qiedmens  were  used.  The  quantity  (tf  maieriid  remov^ 
from  the  blanks  during  machining  was  sufficient  to  eliminate  the  oxygen-onicbed  r^ion.  Mor 
to  testing,  the  gage  sections  were  longitudinally  pdidied  with  600  grit  paper  and  then 
electropolidied  to  ensure  that  no  circumferential  machining  marks  remained.  Room  tetnpeiature 
tensile  tests  were  conducted  at  a  cross-head  speed  of  0.5  nun/imin  (0.02  iiL/min.),  using  an 
Instron  machine. 

After  tensile  testing,  examinatioo  of  die  fracture  surfaces  was  perfcnned  using  scanning 
electron  microsct^y.  Some  fractured  qiecimens  were  longhudinally  sectioaed,  pmisbed  and 
etched.  Scanning  electron  microscopy  was  dien  used  to  examine  die  fracture  surface  profiles,  as 
well  as  the  internal  cracksA'oids  network  which  developed  below  the  fisacture  surfaces. 

Results  and  Discussion 


MicreainictTO 

A  simple  heat-treatment  sequence  was  selected  in  an  atte^  to  limit  the  nuiriber  of  features 
varying  in  the  microstructure.  Thus,  the  material  was  solutionized  in  the  single  ^-phase  field 
and  the  02  precipitate  volume  fraction,  size  and  arrangement  were  varied  by  changing  die  rate  of 
cooling  from  the  solutionizing  tenqierature.  Resulting  ”A-S”  microstnictures  coir^ondmg  to 
the  seven  sdectedcoofing  rates  are  shown  in  Rgutes  2a  diroa^2g.  The  Pphmretinnedinthe 
microstnictore  after  the  different  heat  treatments  is  herein  designated  retained-^  phase,  pjt. 
Ind^  (landing  on  the  heat-treatment  ^uence,  the  P  idiase  has  been  observed  to  remam 
disoidered  or  to  order  to  the  B2  {diase  whidi,  under  certain  particiilw  conditions,  decomposes 
into  products  such  as  tu',  to"  and  2H-type  phases.  Thus,  m  sinqilicity,  the  phase  mixture  is 
called  Pr,  though  it  could  contain  some  of  the  afoiementk»ed  phasn. 

The ''A-S,2:r  miciostnictnte  (Hgure  2a)  exhibited  very  limited,  non-unifecm,  pecqniation  of 
fine  02  precipitates  within  the  ptior-P  grains.  The  02  phase  precipitated  essentially  at  prior-P 
grain  bounduies.  In  additioii,  subgriun  boundaries  present  in  prior-P  grains  were ‘'decorated” 
with  fine  02  precipitates  (Figure  2^. 

Fbr  cooling  rates  ranging  from  7.5  to  0.5”C^,  microstroctnres  exhibited  extensive  O2 
prec^dtatkm  tnroo|riiottt  prior-P  grains  in  the  form  of  Ck  ladis  amnged  in  basketweave  (Figure 
^2e).  The 02lamwidth increased monomnicallywiui decreasing oooliiv rues.  Intiie’A- 
S,7.5”  microstnicture  ^guie  2b),  small  regiont  depleted  with  02  were  observed,  showiag  that 
the  Obprei^tation  was  still  not  uniform  at  this  coMing  rate.  Above  7.5*Cyb,  two  distinct  siaes 

Wf  ip»<raiiat«  that  tlii«  might  he  the  result  <rf  two  different  precipitation  medianiims  uJdna  place 
during  cooling.  Additional  work  is  underway  to  provide  a  better  understanding  oc  the 
precipitation  mechanisms.  Predpiiatioa  of  O2  phase  at  ptter-B  grain  boundaries  eras  also 
observed  in  all  microstnictures.  For  cooling  rates  smaller  (han  4*<^  02  colonies  precipitated 


from  prior-P  grain  boundaries,  towards  the  inside  of  die  grains.  Hie  size  of  both  the  ccdonies, 
and  02  laths  within  them,  increased  with  decreasing  cooling  rates.  Finally,  although  no 
quantitative  measurements  have  been  made,  the  02  volume  fraction  appeal  to  increase 
monoionically  with  decreasing  cooling  rates,  in  the  range  7.5  to  O.S°C/s. 


Figure  2  •  Microsinictiiies;  (a)  ''A-S,25'' ;  (b)  ”A-S,7.5' ;  (c)  "A-S.r ;  (d)  'A-S.U’ ; 
(e)  "A^.0.5"  ;  (f)  "A-S.O.r ;  (g)  "A-SAOl" ;  (h)  "S/A^5" ;  0)  "S/A,7.3". 


The  "A-SjO.1"  end  "A-S,O.Or  microstroctutes  (Figures  2f  and  2g)  coneqioiided  to  a 
change  in  die  02  phase  arrangement  Thus,  in  die  "A-SAFndcrosintctare,  the  012  laths  were 
now  arranged,  m  the  most  part,  in  packets  in  the  middle  of  prior-P  grafais  and  in  cokmies  at 
prior-P  grain  boundvies  ^gure  20-  The  packet-type  02  laths  wen  sligbdy  thidcer  dian  the 

tasloetweave-type  02  laths  in  the  "A-SX).3"  microiirncture.  but  the  ooloiiy-nrpe  012  l*lto  1*1**^ 

P  grain  boundiuies  were  very  coarse,  and  the  colonies  extended  well  isoide  the  priori  grrins. 
The  ”A-SAOr  miciottructura  exhibited  venr  thick  Oh  laths  arian^  in  coloaies,  each  prior-P 
grain  containing  only  a  few  large  colonies.  tidckregionsofhiMaae  were  obsnved  between 
ch  laths.  The  02  phase  volume  fraction  was  roughly  unchangerfeetween  the  "A-SfiJ"  and  "A- 
S.t).r  mkrostnicturet,  te..  -S2%,  but  was  sli^y  smaller  in  te  ”A-S,O.Or  mictoetiucture. 
i.e..  -76%. 

Six  "S/A”  microstroctutes  comqponding  to  cooling  rates,  25,  7.S,  1.5,  03,  0.1  and 
0.01'’C/s  wen  niected.  No  substantial  differences  wen  noticed  between  die  "A-S" 
microsinKtures  a^  "S/A"  ndcrostroetures  for  all  oooUng  lases  im  to  13*CA.  However,  die 
’’S/AJS”  and  "S/A.7.S"  ndctostroctuns.  diown  in  mures  2h  and  2i.  underwent  some 
transforaiadons  during  the  stahUixing/ligiiig  sequence.  Iliis  is  not  suiptising  cnuideriag  dra 
high  instability  of  the  saturated  Pk  phue  aftn  cooling  at  25  and  7.5*C/t.  The  ”S/A,2S" 
nwxostructunexidUted  large  equkxedpndpitaRs.  X-ray  dUBtacdonsnalytis  showed  dwt  baft 
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02  uid  orthorhombic  phases  were  present  in  these  microstmctures  as  a  result  of  the 
stabUizing^ging  treatments. 

Mechanical  behavior 

Hgure  3  shows  the  0.2%  yield  stress,  fracture  stress,  elongation  and  reduction  of  area,  vs. 
cooling  rate,  for  both  ‘‘A-S”  a^  "S/A”  microstiiicbaes. 
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Strength  of  "A-S"  samples  increased  monotonically  with  increasing  cooling  rales.  Webdkve 
that  both  size  and  volunK  fraction  of  07  laths  are  reqxmsible  for  ncfa  trends.  Hence,  die  On 
constituent  is  expeciied  10  be  the  strongest  phase,  and  as  its  volume  fraction  increases,  m.,  as  the 
02  volume  fraction  decreases,  the  stRi|gdi  of  the  alloy  is  expected  to  increase  as  well  Admilar 
property  has  been  observed  with  the  disordered  B  pliase  in  conveatkmal  (a-vp)  titanium  alloys. 
Moreover,  boundary  strengthening  of  die  two  pnare  mixtace  (0^  4^)  is  also  expected  to  be  a 
dominam  factor  in  these  microatructurea.  Decreasing  02  lath  d&taess  is  etqyecaed  to  incietae 
the  boundaiy  strengthening  effect,  and  dnis  the  strengdi  of  die  materiaL  ShnUar  behavior  has 
been  repo^  earlim  in  conventional  (a-v^)  dianium  alloys  and  wu  attributed  to  boundary 
stiengdiiming  (1).  The  volume  fraction  of  pg  did,  indeed,  deiaeaaenibatantiaBy  with  deewauing 
cooling  rates,  from  25*C/t  to  h,  however,  typemed  to  remain  eaaentimy  constant  from 

0.3  to  0.1'’Cys  and  increased  noticeably  from  0.1  re  0.01*Cfe.  In  addition,  the  ou  lath  widdi 
increased  signifkandy  with  decreasiag  cooling  rates,  save  the  "A-S,03*  and  ’A-SAl* 
miciostnictures  where  the  increase  was  less  pronouaced.  Thus,  it  is  oropoaed  that,  from  7.3  to 
0.3**C/s,  the  combination  of  (04  -i^)  boundary  strengtheniag  and  pg  phase  strengdiening  is 
responsible  for  the  strength  depoidence  of  the  alloy  upon  cooling  rate. 

From  7.3  to  23*’C/s,  the  fracture  stress  dropped  dnunadodly  (l^gure  3b)  and,  at  2S*C/t,  no 
yield  stress  wu  observed  (Figure  3a).  It  is  beoeved  that  thb  is  due  to  die  fimt  duR,  at  a  croas- 
head  speed  of  0.3  mn^,  the  *A-S,23”  sample  fractured  in  Mode  I  brittle  manner,  well  before 


reaching  macroacopic  yielding.  From  aOl  re  0.1”C/i,  the  Og  nth  anaaiement  remained 
unchanged.  TheBgphiM  volume  fractioR  decreased  notfeeably  and  the  Oj  lam  width  decreased 
diamaticaily.  Thus,  in  that  case,  it  it  suggested  mat  boundary  strenpheMng  fe  the  factor 
controlling  the  increase  in  strength,  counteracting  the  n^Bdve  effiM  due  re  deeia^Rg  Pg  phaae 
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votume  fraction.  From  0.1  to  O.S^C/s,  the  02  lath  arrangement  changed  from  colony  to 
basketweave.  The  ^  phase  voiume  fr^oo  remained  nearly  iinchan|cd.  but  the  O2  lath  Width 
decreased  slightly  within  prior-p  grains,  aial  significantly  at  pncr  P-grain  boundaries. 
However,  the  yield  strength  did  not  sharoly  increase.  Thus,  it  is  believ^  that  the  cu  lath 
anangement  does  not  have  a  significant  influent  on  the  yield  strength  behavior  of  these  alk^ 
and  tiat  the  slight  increase  in  strength  is  mainly  due  to  stiengihening  resulting  from  the  decte^ 
in  fu  lath  widm,  eqiecially  widiin  colonies  at  prior-B  grain  boundaries.  Sumlar  results  were 
found  by  Ward  era/.  (2). 

For  "S/A”  miciosinictures.  the  strength  were  similar  to  that  of  ’A-S”  miciosinictures  for 
cooling  rates  up  to  LS^C/s  (Figures  3a  and  3b).  However,  for  the  "S/A.2S*  and  ''S/A.7.S* 
miciostructures,  the  microstructural  decomposition  which  has  taken  place  during  t^ 
sabilizing/aging  treatment  resulted  in  Iowct  strength.  Thus,  for  cooling  rates  up  to  \S*‘Ch,  the 
microstnicttinl  features  controlling  sttengdi  are  proposed  to  be  similar  to  that  of  ’A-S” 
microstructutes. 

Figures  3c  and  3d  show  ductility,  Le.,  elongation  and  reduction  of  area,  of  "A-S"  and  ’S/A" 
imcrostructures  vs.  cooling  rates. 

Ductility  of  "A-S”  microstructures  exhibited  a  maximum  at  about  15”CA.  In  addition,  none 
of  the  tensile  tpecimens  exhibited  necking  before  fracture.  Thus,  even  after  plastic 
elongatioii,frachiie  remained  faritde  in  nature.  Invesiigatioo  of  fracture  surfoces,  fracture  amfoce 
profues  and  cradcr/voids  network  bdow  fractmc  surnces  was  used  to  provide  dues  for  a  better 
understanding  of  the  mechanisms  causing  such  trends.  Fracture  surfam  of  "A-S*  sainples  ate 
shown  in  Figure  4  and  microipaphs  of  togitudinal  sections  are  shown  in  Figure  5.  The  *A- 
S.IS”  samples  exhibited  mix^  intermnular  and  transgranular  fracture  (Figure  4a). 
Transgranular  fracture  wre  made  up  m  cleavage-like  facets.  Fine  shallow  dknples  were 
noticeable  on  some  of  the  facets,  as  well  at  some  tearing  on  die  steps  joimng  the  facets.  Voids 
of  different  subs  were  observed  scattered  throughout  the  nricrot true ture,  relow  the  fracture 
surface  (Rgue  Sa).  A  limiled  number  of  voids  was  occatianally  seen  imeisectiiig  the  fracture 
surface.  Ine  fraemte  profile  was  very  straight  but  contained  many  siqit.  "A-S.TS”  samples 
also  fractured  in  a  mixed  interpanularAransgrainjIar  mode.  Transgranular  fiamte  was  made  iq> 
of  large  quasi-cleava^  facets  covered  with  shallow  vaU^s  and  plateaus.  Void  coocentration 
decrereed.  but  void  tire  just  below  the  fracture  surface  increased.  A  significand^  higber  number 
of  voids  was  now  seen  intersecting  the  fracture  surface.  The  fraemre  prom  was  virtually 
unchanged. 


"A-S.!^”  saiiq>tes  exhibited  qmte  different  firactme  features.  A  mixed  inteixranular  and 
iransgmiiular  fracture  was  itiil  observed,  but  unlike  in  *A-S,2S‘'  and  "A-S.T.S"  sanqdes,  the 
grain  boundiry  surfaces  exhibited  evidence  of  significant  tearing.  The  tnnsgranular  fiacture 
surfree  was  not  freeted,  but  at  higher  magnifications,  it  appeared  rather  coiii|dex  (Rgnre  4b). 
The  02  ^****°p*’***^*™*ff*“^  could  eaaly  be  obseni^  indicating  ttat  die  fracmre  scale 
was  that  of  individual  02  laths,  which  Med  tw  cleavage-like  fracture.  Large  tear  titles  am 
observed  in  the  Pk  phase,  bounding  the  02  lems.  A  rdadvely  hi^  nucrooKk  concentration 
was  observed  below  the  fracture  smfree,  but  no  voids  seemed  to  be  present.  The  fracture  path 
was  very  tortuous,  often  dunging  directian  as  the  long  axis  of  intersected  1X2  ladu  dunged 
direction.  In  "A-SAS”  samples,  the  fracture  was  transgramtlar,  widi  fracture  sutfree  feaimes 
identical  to  those  of  die  "A-S,!  .5*  sample,  save  die  fracture  scale,  which  was  larger  due  to  the 
larger  02  laths  size  (Figure  4c).  In  die  vicinity  of  prior-P  jpain  boundaries,  adiere  1x2  had 
piedpiuted  in  colonies,  the  fracture  surface  a^ieared  difwrent  Here,  large  facets  were 
observed,  extending  across  colonies,  each  of  these  macrofaceu  bdng  coaqiosed  of  a  series  of 
miciofacets,  cone^onding  to  die  clnved  individual  ^  laths  oriented  identically  (ngure  4c). 
Tear  ridges  were  present,  bounding  the  microfacets.  Tnis  observatioo  leads  us  to  believe  dim 
colonies  bdttve  as  units  during  fracture,  hficrociacks  were  observed  bdow  the  fracture  surface, 
many  of  them  at  interaectkxtt  between  02  laths  (Figure  Sb).  IMdging  of  the  Pu  phase  and  crack- 
dp  biundng  by  the  P^  phase  were  also  observed.  The  nucrocracfc  concentration  was 
substantially  smaller  than  in  the  *'A-S,13‘'  specimens.  The  fracture  profile  was  observed,  in 
many  places,  to  follow  qiectfic  paths,  at  ^jeciiic  an^  with  the  inicasnMd  02  Mis,  ie.,  almost 
perpendicular  to  die  O2  lath  long  axis.  It  was  not  as  tortuous  as  in  die  *A-S,13*sunples. 


Hgure  5  -  Ixxigitudlnal  aectkns  of  "A-S”  fractured  samples;  (a)  "A-S,25” ;  (b)  "A-S,0.5” ; 
(b)  'A-SAl"  ;  (d)  "A.S,0A1". 

At  slow  cooli^  rates,  i«.,  0.1”Cyi,  the  sanqiles  failed  by  iran^raaular  fracture.  The  fracture 
was  faceted  and  ootuafawd,  for  the  moat  pan,  macrofaceu  and  adcrafiwett  shnilar  to  duae 
aforememioaed,  but  dadr  siie  was  sigitfeamly  larger  due  to  lasger  0^  oahMqp  wd  Cktadt  sues. 
The  microcncic  coneentiatioa  briow  dw  fracture  suttee  deemued  flubeamaBy  (ngnre  Sc). 
Mkrocracfci  were  chnqashailailyotteied  with  respect  to  te  osienMdtm  of  die  02  udit.  In 
addition,  them  was  evidence  of  extedve  ciBck-iip  Uuwhtg  bv  the  k  phase  and  btMlM  of  the 
P2  iduue  (Rfure  Sc).  When  a  small  packet  of  similarly  omnied  o^  was  crosaed  by  a 
crack,  the  entire  pedcet  was  crossed  and  the  crack  was  stopped  at  eadi  end  bw  the  Pn  phase 
(Figure  Sc).  Hnally,  the  ''A-S,O.Or  specimens  exhibited  nacture  fruuares  sunilar  to  those 
oMorved  in  ”A-S,(X  1”  samples,  except  the  scale  which  was  much  lacger  due  to  die  shw  of  O2 
colonies  and  02  laths  (Figure  4d).  The  concentration  of  microcradcs  below  the  fracture  suifhce 
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was  veiy  small.  Hie  fiactute  path  followed  a  constant  direction  throud  each  colony  of  012 
almost  petpendicular  to  the  laite  (Hgure  Sd).  And.  when  the  pam  direction  was  foi^  to 
change  wim  remect  to  the  aligned  04  laths,  a  step-like  path  was  then  observed,  where  the  02 
laths  were  stiU  b^g  crossed  with  the  same  an^  but  where  a  st^  was  taken  at  the  Ot/Pk 
interface,  or  in  die  Pn  phase,  to  compensate  for  the  change  in  direction  (R^ure  Sd). 

The  ductility  behavior  of  "S/A*  miciosmictiires  vs.  moling  rales  was  similar  to  that  of  "A-S" 
microstructares.  as  shown  in  Rgures  3c  and  3d.  All  microstnictiiies  also  failed  in  a  brittle 
manner,  Le..  no  ned^  was  obimed.  The  fracture  surfaces  trf  “S/A“  samples  were  sinoilar  to 
those  ci  "A-S”  samples  for  all  cooling  rates  vp  to  l.S”Cys.  Thus,  it  is  believed  that  "A-S" 
microstmcturBS  are  stable  with  reflect  to  tensile  bdiavior  for  all  coo^  rates  19  to  15°CX 

At  low  02  volume  fiacdons,  in  "A-S”  microstructures.  it  is  belieim  that  failure  occurs  by 
cleanige-likB  fiactuie  througiiout  the  Pn  matrix  (I^uie  4a).  The  failure  mechanism  appears  to 
be  dierefore  nucka^  contndled.  Ve^  coarse  sl^  bands  containing  a  high  concentration  of 
dislocations,  extrading  throughout  prior-p  grains  have  been  r^ort^  by  Go^  et  al.  (3)  in 
sindlarmicrostnictuies.  Haioe,  it  is  believed  mat  dislocations  widunslipbands  pile  up  at  prior-P 
giain  boundaries  or  sl^pbandintersectioos.  producing  ve^h^  strain  concentrations.  Qacks 
are  then  intiiaiiwit  at  prior-P  grain  boundaries  or  widun  prnr-p  grains;  inteigianular  fracture  or 
slipb^  deoohesion  results.  Banajeeetdf.  (4)  have  proposed  mat  die  inhomogeneous  slip  and 
arrangement  of  dislocatioiis  within  slipbands  resulted  from  a  {110)<110>  elastic  instability  as 
well  as  a  modulated  m  structure.  TEM  investigations  of  the  *A-S,2S''  and  ''A-S.7.5” 
microstructuies  have  reveided  similar  miciostiuctutal  features.  The  origin  of  the  voids  obeyed 
throughout  the  *A-S^”  and  ‘‘A-S.7.3''  microstrnctures  is  unclear  (Rguie  Sa).  They  ought  be 
related  to  die  presence  of  c»-type  precipitates,  although  no  prcofr  have  been  found.  However, 
they  do  not  appear  to  take  part  in  the  Mure  process.  As  the  02  votume  fraction  increases,  i.e., 
from  25  to  iS'Cli,  a  finite  ductility  is  observed  (Figures  3c  and  3d).  Gogia  et  al.  (3)  have 
actually  leponed  a  lefrnement  of  slip  in  the  pg  matrix  when  the  ou  contem  is  increased.  They 
observed  mat  as  die  0(2  volume  fraction  increases,  dislocation  oensity.  and  therefore  strain 
concentration,  within  each  sKpband  decreases.  Thus,  as  the  02  volume  fraction  increases,  the 
ductility  is  ei^ecled  to  inctease.  The  slip  refinement  ought  only  result  indirecd^  from  increasing 
02  volume  friKXions.  It  mi^  indeed,  result  from  a  reduction  m  the  decomposition,  into  on-type 
products,  of  die  satuiated-Pg  matrix,  which  in  turn  would  be  due  to  increasing  04  volume 
nactioiL 

At  high  ot2  volume  fractions,  in  "A-S"  microstructutes,  the  Oy  laths  fracture  in  a  cleavagB-like 
mode  a^  the  Pk  matrix  fractum  in  a  ductile  mode,  as  shown  mHgures  4b  through  4d.  Oack 
tfo  btunting  by  die  Pg  phase  and  bridging  of  the  pg  phase  observed  bdow  the  fracture  surface 
snow  that  die  Pg  phase  acts  as  a  barrm  to  crack_pr(magttioo  (Figures  Sb  through  5d).  Similar 
observations  have  been  made  by  Chan  (5.6).  The  limted  nunwer  of  slip  system  in  the  O2 
structure  is  believed  to  be  responsibie  for  cnudt  nucleation,  most  probtiUy  at  iniersectiens 
between  slip  planes  or  between  a  slip  plane  and  the  0(2/8.  interfile.  The  shear  stren  level 
required  to  nucleate  such  cracks  depends  on  the  0C2  lath  duress,  hence,  as  ou  lath  thickness 
decreases,  the  slqi  length  decreases,  and  thus  the  strain  concentration  ahead  of  dislocation 
pileiqis  decreases,  prohimting  thereafter  crack  nucleatkm  at  low  stresses.  As  a  crack  is  initiated 
widun  an  O2  lath  or  at  the  ot^^  interface,  it  propagates  through  the  02  lath  until  it  meets  the  Pg 
phase.  There,  the  UgUy  ductile  pg  phase  is  able  to  sustain  die  strain  concentration  developed  at 
the  bead  of  the  ctacic  tip  and  slows  down  or  stops  the  propagation  of  the  crack.  Oackgrowtbor 
crack  linkage  between  02  ladis  depends  dien  on  dw  amount  of  Pg  phase  presem  between  Oh  laths 
and  on  the  arrangement  of  02  ladu.  However,  in  cokmy-like  nticroaiiuctatet,  Le.,  "A-SX).r 
and  "A-S,O.Or  nricrostnictutes,  cracks  are  expected  to  easily  propagate  within  a  colony, 
throughout  the  entire  oolony  beMuse  the  cryttallographic  orientation  widiin  each  ot^  lath  is 
belief  to  be  identical  from  lath  to  lath.  And,  the  "soft"  cleavage  slip  planes  are  sinnlarly 
oriented  between  O2  Itths,  leading  to  dislocation  pileops,  and  strain  concentrations,  in  the  lanK 
plane  (Figure  5c  and  Sd).  Clack  nucleation  dm  of  die  crack  tip  in  an  adjacent  012  hdi  is 
therefore  eased.  The  effieacv  of  the  p.  phase  as  a  toughening  phase  is  thus  expected  to  be 
limited  in  this  case.  The  smaU  ductility  min  results  from  these  ndcroaBuctaes  is  monght  to  be 
due  primarily  to  the  toughening  action  of  the  Pg  phase  loeaKd  between  ifistinct  colonies. 

As  the  GooUng  rate  increases,  frfom  0.5  to  1  ou  lad»  prec^taie  in  a  baahreweave 

manner  and  the  £  phase  cm  now  efiiciendy  act  u  a  thictiie  phase  between  02 1**1>*-  Indeed,  02 

laths  oe  now  oriented  in  a  random  manner.  The  "soft"  cleavage  sl^  planes  of  individual  02 
laths  do  not  lie  on  the  same  plane  mymore,  and  microcracks  within  cU  laths,  even  though  they 
are  stiO  observed  having  the  same  orienmioo  vridi  respect  to  the  02  lam  long  axis,  are  landomly 
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oriented  (Hgim  Sb).  Thus,  a  cnck  initiated  in  an  Oj  lath  most  change  direction  in  the  Pn  phase 
in  Older  to  unk  up  with  another  latii  microcrack  or  to  grow  further  in  another  02  lath.  As 
suc^.  die  Biphue  is  now  more  energy  absorbing.  This  results  in  the  convtduted  fiacmre  pn^le 
observed  in  ngure  5b.  Therefore,  as  die  cooling  rate  increases,  the  volume  fraction  increases 
and  the  ductility  is  ej^ected  10  inoease.  It  is  w^  noting  that  many  microcracks  were  observed 
nucleating  at  the  intersection  between  02  ladu,  Hguie  Sb.  Tms  is  draught  to  be  due  to  a 
probable  disoontinnity  in  the  &  phase  at  these  points.  Hence,  when  the 
between  laths  to  absorb  the  large  strains  developed  ahead  of  slip  bands  at  aVo^ 
interfaces,  microcrack  nucleation  can  result  This  seems  to  be  the  only  drawback  of  the 
basketweave  anangernent 

At  high  02  volume  firactions,  the  foilure  meduuiism  is  dierefoie  believed  to  be  propagation- 
cormoOed,  to  a  Inge  extent  in  btsketweavohke  mnostnictates  and  to  a  limited  extent  in  colony- 
like  microstnictuies. 

Thus,  the  dnctility  increases  widi  increasiira  volume  fractions  in  die  low  0^  volume 
frac^  rann  and  with  decreasing  02  volume  fractions  in  die  high  Ok  volume  fraction  ran^ 
becnise  of  the  oocuRenoe  of  diese  two  distinct  fodnre  mechanisms.  A  tfectility  maximum  results 
at  about  1.5”C/s. 

Conclusion 

The  02  volume  fraction,  size  and  arrangement  were  varied  in  P-solutiooized  microstructures 
by  changmg  the  cooling  rate.  The  room  temperamre  deformation  and  fracture  mechanisms  were 
il^tmw^gsnvlMsfaniainnrf  the  shove.  Conclusions  are 

as  follows: 

1.  Strength  is  found  to  be  controlled  tw02  volume  fraction  and  02  ^'^t^lhrooghPn  phase 
strengdiening  and  (0C2+Ba)  bonnduy  strengthening.  The  02  lath  arrangement  does  not 
spnear  to  oomributesignuMBitly  to  die  strengdiening  mechanisms. 

2.  mlure  is  believed  to  occur  two  difforrat  mechanisms:  at  low  02  volume  fraction, 

deavage-like  failure  of  the  k  matrix  by  siqiband  decohesioo  and  intergranular  failure  is 
bdieved  to  take  place;  at  012  vtdume  fractions,  Oh  lath  cleavage-like  failure  and  ductile 

liiikage  of  die  cleaved  cracks  through  die  k  phase  is  thought  to  occur.  A  ductility  maximum 


results  at  about  l.S”C/s.  Moreover,  at  high  Ok  volume  fractions,  the  02 arrangement  is 
fiwndeosignificant^aflectdieeflfectiveiiesswkmaiougheningphase. 

3.  The  ndcrostructure  oonespontfing  to  die  "P-smutionizing  -t-  l.S*C/s  cooling  rate*  heat 
treatment  gives  the  best  cornbination  of  tensile  propcriies.  It  contains  a  large  volume  fraction 
of  fine  a2liuhs  ananged  hi  badeetweave. 

4.  R^arding  the  effects  of  the  stabiliring^iging  treatment,  P-solutiomzed  tmcrostroctures  are 
foi^  to  be  stable  with  lemect  so  room  temperature  tensile  properties  for  all  cooling  rates  iqi 
tol.5«Cfr. 


We  appiechtte  support  of  diis  work  by  the  Alcoa  Otnter  for  Engineered  Materials 
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Abstract 

The  paper  covers  struoture  and  neehanioal  propsrtiss  of  TiAl- 
based  alloys  depending  on  the  prooess  of  obtaining  the  nate- 
rial,  dsfozMtion  and  thexaal  treatnsnt  conditions .  The  sub¬ 
ject  of  inquiry  was  the  alloy  of  atoiohionetrieal  eosqposition 
Tl-50  at.  %  Al,  as  well  as  the  alloys  eharaoterissd  by  ssvsral- 
peroent  deviation  fron  stolohloMtry  in  aluaihlun.  The  basic 
types  of  structures  have  been  revealed,  ediieh  oan  be  observed 
in  these  alloys.  An  analysis  of  these  structures  has  been  car¬ 
ried  out  and  the  aethods  of  their  formation  have  been  deter¬ 
mined. 

At  present  liAl-based  alloys  are  considered  as  advanced  heat- 
resistant  materials.  The  principal  problem  to  be  solved  to 
provide  wide  use  of  those  alloys  is  overcoming  of  brittleness 
at  room  temperatures  and  laqprovement  in  ductility.  A  great  num¬ 
ber  of  works  has  been  devoted  to  investigation  of  the  said  al¬ 
loys,  a  wide  range  of  problems  has  been  considered  starting 
from  the  physical  nature  of  ductility  and  up  to  the  speoific 
prooess  conditions  for  production  of  rsal  artiolss.  Recently 
a  number  of  fundamental  reviews  of  this  theme  D~4J  testifying, 
among  other  things,  to  the  fact  that  optimisation  of  structure 
has  a  certain  reserve  for  Improving  ductility. 

The  present  paper  is  a  res\tlt  of  work  carried  out  for  the  last 
few  yeajrs  in  the  All-Russia  Institute  of  Lic^t  Alloys  aimed  at 
revealing  interoonneotion  of  structure  and  mechanical  proper¬ 
ties  in  TiAl-based  alloys. 

The  purpose  of  this  work  is  an  Inquiry  into  struoture  and  me- 
ohanioal  properties  of  TiAl-based  alloys  depending  on  the  pro¬ 
cess  of  production  of  the  source  material,  conditions  of  v  ? 
suooessivo  deformation  and  heat  treatment. 


The  materials  for  inquiry  were  alloys  Tl-46,  48,  50  and  54  at. 
%  A1  produoed  by  casting  at  orystalllaation  rate  -1  dagree/sec 


and  by  tha  method  of  powder  metallurgy  (orystalllzatlon  zmte 
being ''103  degree/aee)  with  the  auooeaalTe  hot  Isostatlc  pres- 
alng  (ooB^aotlng).  Deformation  has  been  carried  out  by  the  me¬ 
thods  of  isothermal  forging  and  ooiq>aotlng  under  isothermal 
and  nonisothermal  conditions  within  the  range  of  temperatures 
from  950  to  1350  °C. 

An  analysis  of  a  great  number  of  observed  struetiures  has  made 
it  possible  to  distinguish  three  main  types  of  struotures  out 
of  their  variety,  which  are  desorlbed  further  as  the  lamellar 
structure  (type  I),  the  recrystallized  structure  (type  II)  emd 
the  mixed  structure  (type  III)  (see  Pig.  1a,  b,  c). 


Figure  1  -  TlAl  alloy  miorostruetures  of  various  types: 

a)  type  I  -  lamellar  struotures 

b)  type  II  -  reerystalllzed  struotiire  (deformed 
ingot); 

c)  type  III  -  mixed  structure  (extruded  compact). 

Further  we  shall  consider  idiat  these  struotures  are,  how  they 
can  be  obtained,  what  factors  exert  effect  on  their  parameters 
and  idiat  level  of  mechanical  properties  they  provide. 

The  first  type  or  the  Ismellar  structure  is  a  oomplete  twin¬ 
ning  along  one  of  the  planes  {III}  of  3^ -phase  plate,  at  boun¬ 
daries  of  fftiich  thin  interlayers  of  0( --phase  are  located  (see 
Fig.  2a). 

The  lamellar  structure  is  formed  in  ingots  crystallised  at  a 
rate  of  ~  1  degree/seo  and  in  the  t^oess  of  heat  treahaent  at 
a  heat  temperature  exoeedlngoi>h(+^  transformation  tmaperature. 

Depending  on  the  crystallisation  and  cooling  rates  the  thick¬ 
ness  of  f'  plates  •nA<^2  interlayers  undergo  changes  within  a 
wide  range  (from  tenth  fractions  of  a  miorometer  up  to  several 
mioroBeters). 

An  inquiry  into  alloys  of  various  composition  as  to  A1  (from 
46  up  to  54  at.  %)  wows  that  the  ingot  struoture  oonsists  of 
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two  ^ruotural  oonatituents  deaorlbed  eoawaiatlonally  as 
and  /2  (^ae  Fig.  la),  f  2  opnstituant  la  tha  laaallar  struo- 
ture  (sea  Fig.  2a}  wbaraaa  J*  oonstltuani  is  grains  ot  ^  - 
phase  wltii  separata  twins  and  staoki^  faults  and  Ok  2  partie- 
les  looatad  along  the  boundaries  of  ^grains  (see  Fig.  2b). 


Figure  2  -  Ti-50  at.  %  A1  ingot  strueturet 
a)  j^2  9^1  field. 

The  data  obtained  as  a  result  of  the  aioro-Z-ray  speetronetry 
analysis  showed  that  %\  fields  oontaln  auoh  aaount  of  aluBl> 
nlum,  irtiloh  is  by  4*5  %  hle^er  than  that  ocmtained  in  #2  fi¬ 
elds.  It  allows  us  to  propose  that  foxsation  of  of  liq^d 
takes  plaoe,  ediereas  formation  of  ^2  1*  *  result  ot  Ck-^f 
transforaation. 

In  aeo<»rdaaoe  with  Tl-41  state  diagram  [  1 3  a  fields 

quantltatiwe  relation  is  changed  wltliin  a  wide  ran^  in  oase 
of  ohange  in  oontent  of  aluainium  from  46  us  to  54  at.  %,  For 
example,  in  Ti-46  at.  %  A1  alloy  100  H  of  Jo  preaemt 
idiereas  in  Tl-54  at.  %  41  alloy  -  100  %  of  r«.  The  preaenoe 
of  one  struoturml  ooostltuent  mily  1a  those  alloys  prowldas 
for  an  intensiTe  growth  of  J2  «1  grains  rei^eotiTely  and 
ensures,  in  the  long  run  larger  else  of  primary  grains  (300- 
500/1  m)  as  compared  with  the  alloys  of  the  intermediate  oompo- 
sition  Ti-48-50  at.  %  41  (200-300 /am). 

The  second  type  or  reoxystallised  struoture  (see  Fig.  1b)  con¬ 
sisting  of  recrystallized  grains  of  Z  ^hase  and  0(  2-’P^ee 
precipitates  of  different  morphology.  !&ie  type  of  struoture 
is  formed  as  a  result  of  the  process  of  reorystallisation  at 
hot  deformation  and  coavaoting  in  7  *^z  fl*ll*  Ospendlng  on 
the  conditions  of  deformation  and  neat  treatment,  the  size  of 
grains  of  ^>phase,  as  well  as  the  size  and  morphology  of  2'* 
particles  ohange. 

The  conditions  of  ingot  deformation  (teaqperature,  degree,  num¬ 
ber  of  steps)  for  obtaining  oompietely  reorystallisad  struo- 
ture  are  different  dspendl^  on  ^e  alloy  oompoaition.  The 
greater  Tolume  ot  f  j  oonstituent  in  the  alloy  the  hli^er  its 
tendenoy  to  reorystallisation.  For  Tl-50  at.  %  41  alloy  of 


stolohloaetrle  ooapositlon  the  reerystalllsed  struoture  oha- 
raoterlsed  by  the  grains  of  5M»  in  sise  oan  be  formed  by 
meaaa  of  tiro-step  isotheraal  forging  at  a  taiq>erature  of 
1000  "C  nlth  total  degree  of  deformation  ‘«'150  A  fine-grain 
struoture  In  this  ease  Is  charaoterlstlo  of  the  struoture  for¬ 
med  under  the  dynamlo  reerystalllsatlon  conditions.  The  main 
oonstltuent  is  equlazed  grains  of  3^ -phase  with  low  density  of 
defeots  Inside  eMoh  (X2*>phase  preolpitates  of  equlaxed  shape 
are  present  (see  Fig.  3a).  , 


Figure  3  -  Recrystalllsed  (a,  b,  c)  and  mixed  (d) 
struoture  of  11-46  at.  %  A1  alloyt 
a)  after  an  Ingot  deformation  at  tempe¬ 
rature  of  1000  *C;  b)  after  powder  hot 
Isostatlo  pressing  at  temperature  of 
1200  °C}  o)  after  oompaot  extrusion  at 
temperature  of  950  d)  after  oompaot 
extrusion  at  temperature  of  1350  *0. 

Another  method  of  formation  of  reorystalllsod  struoture  of  ^ 
alloys  Is  powder  hot  Isostatlo  pressing.  The  structure  of  Ti- 
50  at.  %  A1  alloy  obtained  by  this  method  at  a  temperature  of 
1200  "C  is  more  coarse-grained  and  hotsroganeous  as  oogpared 
with  that  formed  after  defoxmatlcm  of  the  Ingot.  In  the  struo¬ 
ture  one  oan  distinguish  fields  with  fine  grains  (medivmi 
size  of  the  grains/*  5  jms)  and  with  muoh  coarser  grains 
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In  a  7:3  ratio.  The  data  of  mlcro-X-ray  spectral  ana¬ 
lysis  has  proved  that  the  fine-grained  fields  contain  less  alu¬ 
minium  in  comparison  with  the  ooarse-grained  fields.  It  is  evi¬ 
dent  that  the  structure  inhomogeneity  of  the  oompaot  is  oondi- 
tioned  by  the  hereditary  influence  of  the  powder  particle 
structure  inhomogeneity  of  idiioh  in  its  turn  is  determined  by 
different  aluminium  content  of  powder  particles. 

The  large,  as  compared  with  the  ingot,  nimber  of  particles  of 
metastable  gib  well  as  the  variety  of  their  morpho¬ 

logy  (disks,  plates,  globules,  etc.)  draw  attention  (see  Fig. 

3br. 

It  should  be  noted  that  deformation  of  the  compacted  material 
with  the  successive  heat  treatment  within  a  wide  range  of  con¬ 
ditions  made  it  possible  to  get  a  set  of  reorystalllsed  struc¬ 
tures  characterized  by  different  sizes  of  3^  grains  and  0(  2  - 
phase  particles.  One  of  such  methods  of  obtaining  recrystal- 
llzed  structure  is  extrusion  of  a  coapacted  billet  in  *0(9  “ 
field  under  isothermal  conditions  at  much  lower  ten^erattures 
than  that  of  0( -»■  3^  transformation  (-950  ®C).  The  structure 
formed  by  this  method  is  oharacterlzed  by  smaller  grain  size 
(''3/im}  and  In^roved  homogeneity  as  con^ared  with  the  compac¬ 
ted  material.  In  ^-pbaae  grains  one  can  observe  nonuniform 
density  of  defects,  very  small  of  9-phase  precipitates  (0.01- 
0.1 /am).  The  structure  includes  strong  work  hardened  regions 
with  high  density  of  0<  2''Particles  in  idileh  reorystalll cation 
was  not  f\illy  completed  (see  Fig.  3o).  These  fields  are  very 
stable  and  can  not  be  practically  eliminated  by  annealing  at 
a  temperature  up  to  1350  ^C.  Thus,  completely  reorystallized 
structure  cannot  be  formed  by  this  method. 

The  third  type  of  the  mixed  structure  consisting  of  the  fields 
characterized  the  reorystallized  grains  and  lamellar  fields. 
This  type  of  structure  is  fozved  as  a  result  of  reorystalli- 
zstion  taking  place  in  the  upper  part  and  0(  -fields. 

It  has  been  formed  during  extrusion  of  ooavaoted  billets  under 
nonlsothermal  conditions  at  the  temperature  of  1350  ^C.  The 
struotiure  of  the  extruded  bar  in  longitudinal  section  presented 
in  Fig.  I0  consists  of  the  altemati^  layers  of  transfozmed 
coarse  grains  of  75-100 /im  size  azid  fine  reorystallized  grains 
of  10-20 /im  size  in  ^  a  3>2  ratio.  The  layers  are  located  in 
the  direction  perpendicular  to  the  direction  of  deforming  ten¬ 
sion  and  are  spread  lengthwise  to  a  distance  considerably  ex¬ 
ceeding  their  transverse  size. 

Origin  of  the  layers  characterised  by  different  structure  is 
conaeoted  on  the  one  band  with  the  inherited  influence  of  che¬ 
mical  inhomogeneity  of  the  ooaqpaoted  material,  on  the  other 
hand  it  is  determined  by  the  fact  that  the  bar  structure  is 
formed  within  two-phase  01+3^ -field. 

An  electron  niorosoope  examination  proved  that  the  lamellar 
miorostruotitre  is  analogous  to  that  observed  in  the  alloys 
after  casting  and  is  distinguished  only  by  a  greater  dispsrsi- 
vity  both  of  the  twins  and  the  interlayers  ofO( 2-phase  (tenth 
fractions  of  miorometer).  The  fine-mined  oonatltuent  is  pre¬ 
sented  by  reorystallised  grains  with  a  negligible  number  of 
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0(2'*pliase  preoipltatee  located  along  their  boundaries  (see 
Pig.  3d). 

Tensile  mechanical  properties  of  the  alloys  containing  various 
amount  of  A1  under  different  strootural  conditions  were  Inves¬ 
tigated  In  the  present  work.  There  has  been  studied  the  effect 
of  annealing  temperature  (20-1400  and  test  tempera t\ire 
(20-900  <*C)  on  the  strength  and  plastlelty  eharacterlatles  of 
3^-alloys.  Long-tam  strength  (Gioo)  ot  the  alloy  within  the 
range  of  t«q>eratures  of  600-900  «C  was  studied.  It  should  be 
noted  that  because  of  low  plasticity  we  failed  to  obtain  the 
trust-worthy  data  on  tensile  mechanical  properties  of  Tl-54  at. 
%  A1  alloys  at  the  temperature  of  20  ^C. 

An  analysis  of  mechanical  properties  of  pure  lamellar  struc¬ 
ture  (type  I)  of  TI-46  at.  %  A1  alloy  and  the  mixed  type  having 
various  3^1  :  ratio  has  shown  that  negligible  changes 

of  A1  content  In  the  alloy  exert  great  effect  upon  mechanical 
properties.  Por  exaiqple,  2  %  reduction  la  A1  content,  as  eoxq>a- 
red  with  the  stoichiometric  oolvositlon  and  20-30  %  reduction 
In  the  volume  fraction  of  ^  ocst  structure  results  In 
Increase  of  UTS  b3N20^  kg/nm2  and  Bl.  by  0.2-0. 3  %  Tl-48  at. 

%  A1  alloy  with  $2  structural  constituents  ration  as  1:9 
and  0(  2~phase  content  equal  to  6-8  %  (see  Pig.  4a)  has  tiwtH nnnw 
level  of  strength  and  plasticity  characteristics  In  the  cast 
state. 


Poxmatlon  of  the  homogeneous  fine-grained  structure  of  type  II 
(see  Pig.  1b)  at  the  teiq>erature  of  1000  "C  makes  It  possible 
to  Improve  strength  oharaoterlettos  considerably  and  plasti¬ 
city  characteristics  to  someihat  lesser  degree  at  the  room 
tewerature  (for  exBBqple,  for  Tl-90  at.  %  A1  alloy  UTS-98  kg/ 
mm^,  Bl.aO.8  %  (see  Pig.  4b).  These  properties  are  ensured  by 
formation  of  the  homogeneous  reorystalllsed  structure  charac¬ 
terized  by  an  average  size  of  grains  from  2  to  3/tm. 


Hovewer,  the  thesis  ooadendlng  that  refining  of  the  grains 
leads  to  liiq>rovenent  of  meohanioal  properties  should  hot  be 
considered  as  a  general  one  which  may  be  applied  to  all  the 
struetural  conditions.  Por  ezaagple,  the  fine-grained  structure 
obtained  by  means  of  Isotheraal  defozMtion  at  the  teaq^ezature 
of  950  Is  characterized  by  almost  zero  elongation  at  a  room 
teavezature.  Meohazd.oal  properties  of  the  compacted  material 
are  also  someirtist  poorer  as  ooapared  with  the  oast  material. 


Thus,  not  only  the  ^pe  of  a  structure  (In  the  present  ease  It 
Is  reozystalllzed  one)  Is  of  la^ortanoe,  but  also  the  slse  of 
the  grains  and  the  degree  of  their  perfection.  Bar  extruded  at 
the  temperature  of  950  *0  have  areas  of  nenroorystalllsed 
structure  with  hi  A  density  of  defects,  wUdh  are  oentraa  of 
brittle  rupture.  The  properties  d^end  alao  on  the  oharaoter 
of  the  reorystalllsed  gralna  bouadarles  (special  boundaries  or 
boundaries  of  general  ^e)  1 5J.  Reduotlon  of  a  portion  of  spe- 
olal  bouadarles  leads  to  growth  of  plasticity  that  la  Ita  turn 
dreads  on  a  defor  -  -  - 


itlon  tauerature.  At  elevation  of  defoma- 
tlon  temperature  a  portion  of  these  boundaries  baeones  smaller. 
Tto  gniM  also  ex^s  great  offMt  oa^the  eold  brlttleaeas 
threshold  of  ^-alloys.  Reduotlon  of  the  grain  slse  by  an 
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ordor  of  magnitude  leads  to  lowering  of  the  oold  brittleness 
threshold  by  100  °0.  The  lowest  threshold  (600  *C)  has  been 
obtained  on  the  struoture  of  type  II  oharaoterlsed  by  the 
grain  else  of  2-3  ft  m. 


Figure  4  -  Meohanloal  tensile  properties  of 

alloys  In  various  struct\ural  states: 
a)  an  ingot  (type  I);  b)  an  Ingot 
after  deformation  at  temperature  of 
1000  (type  II);  o)  a  compact 
after  extrusion  at  teiqperature  of 
1350  ®C  (type  III), 

The  mixed  struoture  (type  III)  (see  Fig.  4o)  formed  during  ex¬ 
trusion  of  a  compact  In  J'  -field  has  the  best  set  of  pro¬ 
perties  registered  during  the  work  (UTSb54  kg/nm^,  Bl.«1.5  %)• 
The  beet  set  of  properties  (first  of  all  of  plasticity  proper¬ 
ties)  of  this  state  as  oompared  with  others  Is  conditioned  by 
particularities  of  the  mixed  structure,  In  which  the  layers 
with  transformed  coarse  grains  alternate  with  fine  recrystal- 
11  zed  grains. 

Ho  single  state  of  the  Investigation  proves  that  heat  treat¬ 
ment  by  means  of  annealing  sanples  at  the  temperature  of  600- 
1400  "C  eliminates  oold  brittleness.  Within  the  temperature 
range  of  1200-1400  "C,  at  idiloh  sharp  Increase  of  grains  size 
takes  place,  the  strength  and  ductility  oharaoterlstios  of  ^  - 
alloys  are  decreased. 

At  all  the  Investigated  structural  states  -alloys  have  hlgh- 
temperature  strength:  for  example,  at  the  temperature  of  600 
and  700  *C  o^oO  (type  I-,  mixed  (type  III)  and 
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r«ox7|tallis«4  (type  II)  atatas  la  70,  66,  42  cud  48,  38,  31 
kg/tmr  raapaotively.  If  the  aiaa  of  the  atruetural  oonatitu- 
anta  baoomaa  aaallar,  it  leada  naturally  to  raduotion  of  hl^- 
taaiperatura  atrangth,  nererthalaaa  it  ia  atill  auffieiantly 
hi^. 


It  ahould  be  noted  that  idian  taating  the  aaaplea ^pr.tha 
Btraaa-ruptura  atrangth  it  ma  aatabliahad  that  ^  value 
waa  oonaidarably  hi^ar  than  UIS  at  thia  taaperatunV  Ihia  ano 
■aly  la  a  oonoaquanoe  of  high  aanaitiTlty  of  maohanloal  proper 
tlea  of  ^-alloya  to  the  apeed  of  loading. 
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Abstract 

The  relationships  between  creep  behavior  and  micnietiiicmie  in  the  y-t-  02  alloy,  Ti- 
48A1-1V-0.2C  (at%),  have  been  investigated.  In  view  of  the  importance  of  miciDttnictiBe  in 
creep  bduvior,  a  systematic  approach  to  the  control  of  tmcrostnicotnl  morphologies  and  cq 
vcdim  fraction  has  been  conducted.  Wy  ow-ftiiiy 

parameters,  the  infloeace  of  stdutiootenmeraBae.  cooling  rate,  and  iBCoadaryhemieaiiBeni  OB 
volume  fraction  and  morplKdogy  of  02  has  been  determined.  MicroatrucOiial  morphologies 
ranged  from  fully  lamellar  (Uy  +  02)),  to  duplex,  to  equiaxed  y  plus  grain  bonnduy 
point  02  at  the  lowest  volume  fraction  of  oq.  Creep  stwEes  were  petfiHmed  under  cosstant 
load  at  81S  ’’C  in  air  for  initial  stresses  ranging  from  SO  to  200  MPa.  Mkiottructniil 
morphology  was  shown  to  have  a  significant  influence  on  Clean  beharnor,  with  the  fully 
lamellar  morphology  giving  the  lowest  minimnm  creep  rates.  Overall  cre^  reaiiiance  is 
influenced  by  volume  fraction  of  02  as  well  as  itt  morphology.  Power  law  behavior  is 
observed  with  a  stress  exponent  of  9  in  the  frilly  lamellar  mictosttuctare  and  a  range  of  2.5  to  4 
for  all  other  mictostructuies. 

Introductloii 

Htninm  alutinnides,  spedflcally  y  (JiAl)  baaed  alloya,  are  tff  interest  became  of  their 
excellent  high  tempetitnie  siren^  oxidato  lesistaaoe  and  low  dens^.  DevdopoHm  of 
single  phase  y  alloys  has  been  harqieted  bf  low  room  temperaiute  dnctiliqr  and  ftacane 
UN^puiM  However,  alloys  baaed  on  the  two-phaae  y-i- 02  (TisAl)  mioofinicnR  (43-48  acft 
Al)  have  offered  consideridite  improvement  in  anjnentteanpcraHBepwpertiea  while  lehdning 
utefnl  strength  and  creep  resistattce  at  elevated  tempeimures.  Numerm  stndiet  have  been 
pertbnned  in  recent  yean  to  underKanddefrnauioameGbanismi  in  y-i-aahlioytinanaaeBBpt 
to  improve  properties  doough  ternary  and  quaternary  aDoy  addhkms  and  through  oonttol  rf 
microstmcture.  Mudi  of  diis  activity  has  ben  luimnniaedreoeDiW  by  Khn^. 

Considentde  research  has  bm  devond  to  creep  delbcmnnoa  in  TiAl  baaed  sBoys  and 
has  shown  that  in  y  and  y-t- 02  alloys,  in  dm  tempetanne  range  of  SSCMSCPC,  power  law  cre^ 
predominaies^.  These  and  otfaer  studies  hive  shown  that  creep  lesisiance  in  y*  ou  aBoys 
dependt  significandy  on  microattocttnal  iBoiph(do|y>AU.  In  general,  strength  pmrileb  te 
dqiendence  of  creep  resisanoe  on  micronructnre.  Cren  rerisaioe  increases  wim  tawnaaitm 
amoonu  of  the  lamellar,  Hy*  oq),  morphtdogy.  Fully  lamellar  micwsnuctnres  exhSm 
snhatandal  improvements  over  dq^ndcroitwcuBtswt^cctMidBnifaaeiea  of  Ygiiim  and 


sbp.  However,  few  definitive  studies  have  been  petfonned  which  sepmte  the  rotes  of  the 
numerous  microstructural  variables,  including  grain/colony  siae,  02  vohnne  fracttea,  and 
morphology  in  detennining  strengdi,  creq>  resistance,  1^  amnent  lenapcntnie  duciilily. 

The  objective  of  IK  present  lesoBCfa  has  been  to  devdop  a  bcM  quantification  of  the 
influence  of  microstructural  moephotegy  on  creep  resistance  in  y-t-cQ  alloys.  Theapptoadi 
has  been  to  develop,  through  carefully  controll^  processing  routes,  a  weU-defined  set  of 
microstnictuies  whm  OQ  volume  fiaction  and  nxxphology  ate  varied  indepeadendy  and  where 
grain  size  was  controlled,  as  well  The  alloy,  Ti-48Al-lV-(X2C,lMt  been  used  for  this  study. 

Experimental 

Material  was  obtained  from  Timet  in  the  form  of  a  hot  iaosiatic  pressed  1 10  kg  castu^ 
widi  a  nominal  cooqioation  of  Ti-48AI-lV-0.2C-0.14  (ai%).  The  ingot  was  sectioned  nsmg 
wireEDMandforgedindtetempemiirerangeof  1107-1 177  "C  with  a  reduction  of  180%  tme 
strain . 

The  alnlity  to  control  morphology  in  y>  02  alloys  was  evaluated  by  using  aeveial 
different  multistiv  heat  tretument  pathways  which  are  aaumarized  in  Table  I.  Control 
paramters  indnded  tenmerature,  time  at  temperature,  and  coiding  rate  from  tenreeiature. 
Cooling  rates  of  l*Cys  and  lower  were  coireoiled  within  the  furnace  ly  a  linear  tamp  nom  heat 
treatment  tempera^  to  teonperatuies  below  900  Volume  fracthm  of  cq  were  deiernaned 

by  examining  ptdished  specrmeas  in  an  SEM  using  back  scattered  electron  (BfS)  i«"«g*«g. 
where  a  and  02  phaaes  brighter  than  T  regions  because  of  their  Ugher  avenge  aio» 

number.  Because  of  the  Bmitations  on  resolntion  of  the  unagearndysia  system  uaed,  it  was  not 
always  possible  to  resolve  individual  02  {dateleis  in  the  L(y  02)  structure.  Therefore, 
apparent  vtdume  fractions  of  02  are  iqwrted  when  lamellar  morphotogies  are  psesent 

TaUe  I  Heat  TreatoMBts  Parameters 
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creep  ly  machines  whh  lever  ante  witha  2*1  ratio.  Spad^  haadag  was 

the  gage  lei^  Qeq>  spedmens  had  a  gagebni^of  aHTOjOi^^ 
diainettrof6.35iian.  An  avetaghig  mechanical  estensoiaeier  was anaehed  to  grooves inihB 


An  eflhetive  gage  l^di  at  1.05  gage  thameter  was  used  to  calcalate  creep 


stninfinn  measured  diipboement  WiA  this  syitem  and  qwdmeacoofigBnikm.  min  could 
be  detenohied  adth  a  resdution  of  1.S2  X  l(Hi. 

Retnlts  and  DiiciMrion 

Microatnicture  DevdoiNBeat 

The  rale  of  solution  teoqterature  on  microsmicture  was  examined  by  sototiooiiing 
within  the  a+Yiduae  field,  or.  in  the  case  ci the  fhUy  hundlar  micmeBucture.  above  the  a 
tiansus.  Several  mkrastnictures  were  devdoped  using  a  sin^  step  heat  treatment  and  are 
shown  in  Fig.  1.  When  the  volume  finctioa  of  apntbced  at  the  soliniao  tempennnre  was 
significantly  leas  than  or  greater  than  S0%.  accelerated  gtaia  growth  of  the  n^toriqr  phase 
occurred  and  an  inhomogmmsdisitibutioo  of  the  minoriqf  phase  resulted. 


Fig.  1.  Miciostructutesof'n-48Al-lV-0.2C  produced  by  die  following  sin|^ 
step  sohitkm  treatments:  a)  fomd  + 1  lOCFCB  hta/CR»0 J*Cyh. 
b)  forged  +  1300  ”C/24  brV  01-1.0  *C/t.  c)  As  Oast  + 1400  *Cy 
lhrA3l-0.2<X:A. 


The  influence  of  coding  rate  from  die  sdution  treatment  temperature  ms  expkaed  by 
first  homogenizing  the  structure  within  the a-i-YPhoKfidd for  24 hours.  Sdutkmi 
were  conducted  at  1300 'C  where  the  equOibrinm  voinnw  freetfon  Of  a  was  I 
50%.inanatiBinpttohoniogeafatctheiniPOsirucwe.  Ocdiu  me  from  this  r  ‘ 
tem^ature  was  varied  from  0.01  *Gfb  to  li)  "Oil  sad  the  mal  spparsnt  og ' 
varied  from  5%  at  the  slowest  coding  tale  to  rypraatimsiB^  20%  at  a  cooBngiufo  of  ljO*Cyi 
(Fig.  2).  For  the  slower  coding  rates,  eg  was  piMsray  present  at  aylwedpsiiiffci  Inrawdat 
Y 1^  bonnitey  triple  pdnts.  At  higto  cooi^  ram,  and,  conwpcndingly,  m  h^her  og 
cooieatt.thedevelopnieatofadrylexmictusentoBieoccnoed.  Hor  the  duplex  adesoiiiteane. 
a  transition  from  lamdlar  r^ioos  at  grahi  beandary  pdMs  »  a  convendonal  twb-fhase 
mtcrasirticture  of  y  grains  and  lainmar  refloat  occiitied  as  dm  cooUng  rate  (and  hence  og 
voluum  ftacdon)  increased. 

The  find  pathway  involved  a  two  ai»  heat  aeatment  AniahialaofaMionaeaBnsatat 
1300  *C  for  24  hoon  was  used  to  honwgenins  the  nduosunctnee.  This  teat  foOcwed  by  a 
secondsty  heat  WsBiif  nr  within  dma-t-Yfogicnio  ccnmel  dm  final  yohaneftactlencf  eg  upon 
finalcoottni  “ 


the  final  uparent  vdume  fracdon  of  og  varied  from  5%  at  a  secondary  heat  treatment  of  1200 
"C.  to  33%  after  a  127S*C  secondary  heat  tieaaneni.  ThemkrostnicnBesproduoedbyihetwo- 
stqi  heat  treatmem  ate  shown  in  Fig.  3. 

It  is  interesting  to  note  that  dm  final  morphologies  and  apparent  vdume  frnctians  of  cq 
after  secondary  heat  treatments  are  rignificandymfiomoed  by  prior  heat  aeatment  hitaoiy.  The 
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micioiinictuns  in  Fig.  4  were  ^ven  the  ume  secoodaiy  beat  treatmem  of  12S0  *C  for  16 
honn.  The  differences  in  the  final  micioiinicnires  are  the  result  of  the  variaiioa  in  moipholofy, 
which  was  fanoght  about  by  the  variatioo  in  cooling  me  fiom  soiutioo  treatment  tempemure, 
prior  to  the  secoodaiy  heat  treamenL 

It  is  clear  that  careful  contidentdon  of  thennal  processing  history  is  needed  when 
attempting  to  vaiy  the  morphology  the  near-y  alloys,  while  mamtaining  a  homogeneous 
inicrosmicnire.  In  aihfition,  it  hat  alto  been  shown  that  with  proper  heat  treatment  it  is  possible 
to  significantly  vaiy  the  morphology  of  this  two  phMe  mtaoslnicture  and  at  the  same  tune 
maintain  a  rajuhmy  constant  y  grain  Specifically,  it  has  been  riwwn  that  sq  volume 
fraction  can  be  controlled  without  sacrificing  mkrostnictural  homogeneity  \>y  oonaoIttBg 
cooling  tale  fiom  sohitkm  temperature.  TheuseofsecoiidatyheMtreatinemswitMnthen-t-y 
phase  field  hu  been  shown  to  be  beneficial  in  producing  high  voinme  fraction  latndlar 
microstnictnres. 


Fig.  2.  Vatimhmofmfcrasanciureln’IVdSAHV-OJCwidicoolingiaiefioma 
hoinogeniTjtinn  aohalon  treatment  of  1300  *Cy  24  lus. 
a)  CR-0.01  •Cfr  b)  01-0.1  *011  c)  01-1.0  •Cfr. 


fig.  3.  KfieroiirocttmjROtlKedbyaialnliauaMMMMt)fl300*C/24ln/ 
GRpOJ  *Qli  teUotred^  a  aooondn  hem  MMum  of :  lOKBS 
I6lnfdU10^9li.bn2»^16hnfClt-1.0*OKc|t»3*CU 
tea/ 01-10*01 


nti  4. 


wcort«tyliMmwmia»«i230*Cyi6hw/C»-IjP*C^>)  I3Q0*Cy 
24|fa76M>jQS*Qk.  fe)1300«024bRyaii4U*C^  01306*0 
24ha7CSPlJO*Oh. 


McMplHlqiy  hu  a  iimqf  Mtawe  ai  As  OMB  tc 
ilKmataHf.  ««Brtemoaate«d«015*CiiO  IJOl^ 
obmved  in  dw  I 


oQMn***«  i.«wH|wmoii  of  wit 
tnicnaltaciam  (1.7  X 10*  r>  and  3^  x^r*. 
cfaanfe  in  colony  dae  bu  a  ndHimal  infloence  on' 


Mkmnani  coBiNdtocMW  Mribi  «  TMIAI-1V4)l2C 

(ObSm  "C^*. 

«fa|id-i- 130OX3r27ta/(aMjO*G«-»>  127S*ai6ln/ 
CMljOV9k*.a>tnri<<>  l300«C9r3«  In/ CK^IjO'C^-^  130*0 
OS  kny  CRp1.0  f)  Omi  4-  140  *0  1  kriOMU  *Qk. 

*9H0Mtt  U0<OtkiB/CML2*Ck. 


FiBilMr  ludies  lie  needed, 

however,  to  lepme  the  comhined  rales  of  oi  morphology  and  02  volume  6actioa  on  creep 
lesistaiioe  and  to  confina  the  valiitt^  of  these  aaanapdau. 


This  woA  also  shows  that  the  processmg  route  does  not  nniiiudy  dictate  the  creep 
lesistaiice  of  r-*-  02  alloys.  Similar  creq>  rates  were  obtained  in  siniilar  microstructutes. 
produced  by  different  heat  treatment  pathways.  This  was  observed  in  the  triple  point  02 
mictostructure  that  wu  produced  by  both  a  sin^  step  heat  tteaimeiit  and  by  controlling  the 
cooling  rate  from  solution  temperature  (Fig.  Sa  A  Sb).  This  conclusion  is  also  supported  by 
comparison  of  the  creep  behavior  of  siinilar  duplex  mictoeBnctutes  produced  by  eidier  a  sinile 
step  heat  tieatmem  or  a  two  stage  heat  treatment  eng.  Sc  A  Sd). 

Conclusions 

1.  Mictosttucturemorplwlogy  is  dqtendem  on  solution  temperature  and  coding  rate  from 
aiiminii  tempetattire  in  near-yTiAL 

2.  Mkrosancturestion^y  influences  the  cneepstrengihofTl-dSAl-lV-OJlC,  with  the  fully 
lamellar  microstniemre  having  dw  highest  creep  strength. 

3.  Near-y  allow  with  siinilariniciostnictures,  but  with  tfatGereat  heat  trea&nent  histories, 
exhihit  sitiular  creep  behavior. 

4.  Minitnum  creep  rates  do  not  depend  strong  on  T-Vtun  sire  or  colony  tixe  for  the  test 
miwtittniif  wmJnyM  here. 

5.  Asignifleandy  higher  stress  exnonenris  observed  at  815  °C  for  the  fully  lamellar 
fnirwnMmrtim  (iwO)  than  far  Ae  tuher  niiomstnrJnrea  tested  (im2S-5\. 

Acknowledgments 


References 

Y-W  Kim.  Intennetallic  Conqwund  Alkm  Baaed  on  Gamma-Titanium  Aluminide 
(TIAl).  Jounul  of  Kfctals;  July,  1989,  j».  24*30. 

Y*W.  Khn.  NSgh  Temperature  Ordered  utetinetallic  Alloys  IV,  eiL,  J.O.  Stkgler,  LA. 
Johnson,  and  D.P.  Pow  (Pittsburgh,  PA:  MRS,  1991),  on.  777*794. 


,  Pow  (Pittsburgh,  PA: 

3.  M.  J.  Blackburn,  MPi  Sinith,  Rescirch  to  Conduct  an  Emloratory  Expctimental  and 
Analytical  Investigatioo  of  AUoys;  November  1980;  AFWAL-‘nt*8(>417S. 

4.  Pi^  Martin.  DA  Carter,  RJ4.  Aikin  Sr.,  Pmr  Srii  Inr  Cenf  nn  and  Bracmre 

Mrt»i«U  «id  .Stmciuna.  B.  Wilihire  and  R.W.  Evans,  eds..  InstitMe  of 
Metals.  Loodan.  205-275,  1990. 

5.  PX,  Martin,  M.G.  Mendiratta,  HA.  Upsitt,  Met  Trus.  A,  14A,  2170  (October 
1983). 

6.  T.  Takahashi  and  R  Oikawa,  Mtamtnictiirv/Prnp^  Bri«tinMhipa  in  ritanium 
AlnmhAte.  Md  Alloys,  ed.  Y-W  Kim/RJL  Bovg  IWli  g7JP5. 

7.  T.Takahashi.RNagai,H.<Bkawa,  Mat  ScL  and  Bag.,  A128.195*m  (1990). 

8.  S.  Mitatt  S.  Tsuyama,  K.  Miiudtawa.  Mtc.rn«tr»f.tiire/PrwpMre  in 

niMtimii  AIh^hAm  «w«t  Allfwn  mA.  Y-W.  Kfan/n-R.  Bower  <TMS-  1991V.  297-311. 

9.  W.E.  Dowling,  B.D.  Wotdi,  J£.  Alflaon,  J.W.  Jones,  Mt«».tnM!t«myprBp^ 
BrittoBdiiMlii  Tliwiimii  Aluminides  and  AUovs.  ed.  Y-W.  Kim/RR.  Bover  fIMS. 
1991),  123*133. 

10.  W£.  Dowling  Jr.,  BJ3.  Worth,  W.T.  Donloo,  JJS.  AlHson.  tUs  proceedingt 

11.  JRA]lison.W.  Cho.  J.W.  Jones,  W.T.  Donloo,  Orem  Behavior  of  TI-6242:  Urn 

Effect  of  Microstmeture  and  Silicoo.  .citb  WnHe  th— imn.  tA. 

Laoombe.P.;'Moot.R.:BAaim,0.;  1988;Outties,Rtaiice;  19887 

12.  W.T.^Doiid^  WR^ato^^^ 

13.  MSMmtaBBatfSAt^Kfl.^iater.  ^  15  (loS^- 


italand 


IN 


! 

i 


Miotirtnictiirc  and  Mcduakal  Propcrtlca  of  Scfiractory  Metal 
Modified  TM8  ai«Ai-2  at«Nb-2  at%Cr 


P.  L.  Martin  and  C.  G.  Rhodea 

RockweU  Inieniatiattal  Sdenoe  Ceider 
1049  Gunino  Doe  Rioa 
Thousand  Oaks,  CA  91360 


Ahamet 

A  vacuum  are  lemelted  ingot  <d  an  alloy  baaed  on  the  hi|ii  dnctifity  oompoaition  Ti-48  at%  Al-2 
at%  Nb-2  at4P  Cr  containing  1  at%  Mo  has  been  diatactefized  fbllowing  isodicniial  forging. 
Thennal-mechanical  processing  included  two  stages  of  woridng  with  intermediate 
reoysudUzatkin/homogeaizatkmlreainieats.  The  mkroslnicture  it  each  stage  was  documented 
by  crystallographic  texture  measurements,  optical  metallogiaphy  and  analytical  electron 
microacopy.  The  phase  distribntion  and  morphology  after  dm  first  working  operation  were  a 
function  of  the  tempcrannc  of  die  recrysalHation  treatment  Afine-giaineddi^lcxstiocoaewas 
choicn  as  the  starAigmicrostruennu  for  die  second  isotiietinalfotgfaig.  This  resulted  in  a  fine 
equiaxed  microstructure  without  the  ‘banding’  associated  widi  chemical  inhomogeneities  in 
single-stage  forged  near-yalloys.  Two  microetnictnralcomHrions,  fine  equiaxed  and  a 
‘duplex’  mixture  of  (P+Y)+transfonned  a  lamellar  cofonies,  were  developed  for  room 
tuupertsure  tensile  property  mcasureiwenti. 

lotiQdufSion 


Potential  anilications  for  light,  stiff,  strong  and  oxidation  resiatant  alloys  in  advanced 
aeroqiaoe  systems  are  numerous.  The  ordered  oongxnmd  baaed  on  the  composition  TiAl  has 
often  been  proposed  for  engineering  structures  whm  service  temperatures  extend  to  85(PC 
However,  the  binary  compound  has  been  plagued  by  limited  room  tenyerature  ductility.  Mote 
recendy,  the  improved  room  temperature  ductility  of  Ct  containing  near-y  conposMons  widi 
optimi^niictoitructures  has  been  insttumemil  in  tacreawng  the  interest  in  alloys  baaed  on  HAl 
[1-3].  Odier  work  htt  demonstrated  die  strengdieaing  and  taaprovedaddadoneffocts  of  tenary 
Mo  additions  [4,^.  The  intent  of  tUs  study  wu  to  detennfae  whedier  Mo  addWoiM  have  a 
similar  eflbct  in  compoehioHs  known  to  have  good  room  tempaafeductflity.su^  as  H-4gAI- 
20r-2Nb  (aO  compoetdoos  in  atomic  petcatt).  ^rfoetiiiore,dncginmrinnheeswhiiionofthe 
ndcrosttnctnie  (|^  morphology  and  vohtme  ftactiot  aa  well  aa  cqpaiallogiivUe  taanne) 
thtough  the  thenwomechaaical  pHiT'esiliig  atapa  cotdd  lead  fb  an  tasderwaudhtg  of  the  aaoaaaa^r 
steps  to  attain  a  homo^neous  fino-gniaM  mfatinie  of  te  ooutitaeaaa  ia  this  tod  other  neary 
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Vacuum  arc  itmelting  prodnoed  an  approxunaieiy  10kg  ingot  of  die  oompositioo  shown  in 
TaUeL  The  analyses  were  conducted  fay  itemdier  for  the  ingot  and  by  a  second  vendor  for  die 
foiging.  The  agreement  in  the  two  analyses  is  eticdlent  considering  die  variability  usually  noted 
in  A1  content  determined  by  wet  diendstry.  The  oxygen  content  (qipnndmately  700  wppm)  is 
on  the  low  end  of  standard  commercial  pracdoe. 

Table  L  Chemical  conqioritions  meanied  from  the  ingot  and  forging  ^ "  two  different 
sources  (atomic  percem  for  an  ekmemt,  faalanoe  Ti). 


Locatifla 

Ingot; 

ftl 

lib 

Ct 

Mb 

Eb 

Si 

£ 

£ 

U. 

U 

Top 

4«.7 

2.0 

2.4 

0.9 

- 

- 

.049 

.166 

.038 

.104 

Bottom 

48.0 

2.0 

2.0 

0.9 

- 

- 

.091 

.193 

.018 

.132 

Forgiflg 

48.8 

2.0 

2.1 

0.9 

.030 

.049 

.130 

.173 

.033 

.108 

A  right  cylinder  of  the  cast  ingot  wu  isotheimally  iqiset  forged  73%  at  1150^  and  a 
(constant)  attain  rate  ot  1.6x10*3  sec*l.  The  height  ate  dns  forging  step  was  tqtproatiinalely 
4.Scm.  A  chord  of  the  fot|hig«a**ectianed  for  metaUognvhic  examination  and  heat  treatment 
Following  thia.  the  mnainder  of  the  pancake  was  gncn  an  anaeal  at  130W  for  1  hour  prior  to 
forgiag  62%  at  1100^  with  die  same  initial  attain  me.  The  final  dddoaeas  was  apprordmaidy 
1.6CIII. 


hficrosttoctnial  chatadBrimian  udiiaed  stndtad  optical  metrilagnpby  and  analytical  electtan 
ndcrosoopy.  Backicitttred  dectroo  images  (BHI)  were  used  far  the  bulk  of  the  st^  since  they 
ooiivqrbodicitcBticalandttiosiiliologicalhrfomiadoo.  TBM  spechnens  were  made  by  twin-jet 
electropolishing  and  foils  exannned  on  a  FMI^  CM30  at  300KV.  QystaQogiapldc  textates 
using  Cm  Kg  ladiation  were  detetmined  from  die  ndd^planefollowittg  die  fint  and  second  fasj^ag 
openthnsu  well  as  on  material  teaysianieed  after  tte  second  woridng  step.  Roomiemperaiare 
tensile  tests  were  done  on  a  fine  eqidaxed  and  a  tkapiexiiiicioalnictuie.  Bnttonhead  specintens 
with  a  gage  kngdi  of  2Smm  and  a  dameter  of  K5mm  were  lensfle  teand  at  room  lempenttane  at  a 
(oonstanO  atirin  tale  of  3x10*3  aer  3. 


Following  the  forging  ppendona,  the  ndcrosttvctiBes  aiiaiaable  throogh  heat  lasatttieM  were 
critically  evshiaied.  The  flm  forgiag  crrsted  a  fine  mixturs  of  dynaoBically  itcrystaPiaad  gnrins 
anddefamiedlaititfarpacItataoCci'tTtHgBte  1.  AaerieaofU^MrtampenMreieciyandfiaaiifln 
ttMttBciMs  wdv  cviduttsd  is  ss  sfibrt  to  Imobo^boIis  osd  ic^bio  tkift  ssocSBsprioc  to  tfio  sooosd 
Ottohosf  St  130(yCippows4toolBHrAoboiicoBBpwii^isbsn>scssrilwwiiyisd 
IIM  gnus  BSOa  ngsre  2  IDOWI  W  snctsre  nBB(  SSCSSCiWiM  SItOVQM  OvB  S  pOiMSOB 
SOrfilOS  Ssd  ittSSSR^tBS  dlS  OStt^OUD  OQBBpOB^dOO  SBliSStf  SB  SB  tfiS  BSiilonB  SrixSBRB 

ofphases.  Forging  of  dtjaattnctara  at  a  tower  teiBpami»a(llOOWC)wu  easily  acoompliahed. 
Hgme  3  shows  the  fine  eqiiiaxed  giatos  and  Ae  hbaanoe  of  deformed  tamellar  cotontoa  after  dw 
second  working. 


Rgatl.  Optical mitiogniph from nridpUne  RgmeZ  Folidied lectioa BEI dwwing 

of  llie  pancake  following  fimfiMijiig:  73%  oiaierialinHginelfbBowingieeqritBmaiion 

llSCTXl  fori  how  at  1300^ 

Heat  treatnitm  following  the  find  ftegini 
was  done  at  varkmi  teinpeatnns  in  the  tt*Y 
phase  field  to  change  the  vobBiefiaciion  and 
moiphology  of  the  constitaeat  phues. 

Reciyatallizatkm  at  lemperatutei  low  in  die 
a-fY  phase  field  is  known  to  result  in  nan- 
onifann  grain  growdi  doe  to  chemical 
inhomogeneities  remaining  from  die  casting 
[6].  This  wu  obacrved  to  be  the  case 
frrilowing  recrystallization  for  1  hoto'  U 
120(fC  after  die  flat  fosi^opendon  bat  not 
as  obvious  afker  the  secand  as  sheww  in 
Rgure  d.  Treatments  at  suecesaivdjr  tdgher 
leuiperatures  resulted  in  increased  volume 
fractions  of  a  at  the  expense  of  y.  Two 
microstructares,  based  on  heat  treatments 
below  the  1333*^  a  trsnsas,  were  selected  for 

mechanical  testing.  The  first,  shown  in  PlgmeS.  Poilhed section BBI following 
Figure  5  (a),  was  attained  after  I  hour  at  seooiidfoeg|iig(fi2%aillOtFQ;theslsidnf 
123<«:.  and  was  characterized  by  a  fine  microsowture  prior » this  workiiig  operation 
equiaxedmixnneofot24TfP.  FigarB5(b)is  is  shown  in  Figure  2. 

a  low  aaignificatkm'reM  bright  Add  image  of  this  laeneiieamient  fallowed  by  sMbihaalinn  for  g 
hours  at  930%  showing  a  (daricer)  9  info  with  etpriaxedTaeighlion.  Sehcied  area  etoctroo 
dififoetion  showed  die  p  to  beoidered  with  the  B2  CsG  stmcliHe,  wUle  enesgy  diipeisive  x^ 
snai^  showedittobeenridiedfoOraiidMa  Thesecoiidmlcrostrnctiae.sliowninFigBcefi 
(a)  foOowing  1  how  at  1330%  shows  the  doplex  seierostiiieiaR  ooasiating  of  eqniazed  T  with  P 
in  the  boundaries  and  transformed  a  lamellar  coloeies  (abansiiag  pfoies  of  CQ  and  yhaving  the 
well-known  dose-packed  plsneAUrection  oriemadoo  relatioorirtp).  Figure  6  (b)  dmws  a  TEM 
bright  field  image  of  an  equiaxed  y  grain  and  two  nei|hboriag  lamellar  cokmies  after 
stsMliiarion. 


Fitiire4.  FoliiliedaeciioaBEI  of  die  aOoyieciyttidiiedtt  1200^  tel  hour  showing:  (a) 
beodiiig  after  the  fint  teging  and  (b)  no  bendiog  after  die  second  woiidiig  ofientkn. 


(«)  (b) 

HgoeeS.  ReqysttIKaii(iHatl25(rCftirlhonranditabiHaaionat950PCfcr8hDBtsaftB'die 
second  forging  showing  0^  and  P  phases;  (a)  Ptdisbed  secdon  BEI  and  (b)  TEM  bright  fidd. 


X-nQT  p(de  fignies  were  collected  for  die  Yphase  following  each  forging  siq>  and  after  final 
recrynaliiaaikiri  far  both  die  y  and  the  eta.  Two  disdnedydifforem  fiber  texoaea  were  seen  for 
the  Yphase:  both  (202)  and  (200)  poles  ahowed  peaks  in  the  forging  plane.  Tieae  snengdiened 
slig^  fiom  appraxiiiialriy  2.0  dmes  imdou  ate  die  first  wori^  to  ^nmedasiely  2.7  tfanes 
random  ate  die  second.  Figaie  7  shows  these  pole  flgnree  for  die  texmre  aaaiaed  ^er 
lecrysialBsadon  fori  hour  at  1310*C  RecqntaUatteinciesseddieaeiextnRiiiaiiliiiniftghdy 
to  2.8  and  2.9  dmes  random  for  the  (202)  and  (200),  reqiecdveiy. 


m 


Figuie6.  ReciystaIIizationatl330°CfQr  lhouraiidstatiiIizuk»at9S0°Cfor8hoiinaAerdK 
second  forging  showing  equiaxed yand  transfonned  a  lamellar cdonies;  (a)  Polished  section 

BQ  and  (b)  lEM  bright  field. 


(202)  POLE 


(200)  POLE 


Room  tempenumeleiirikpropaties  are  listed  in  Tabic  n.  There  is  litdedifibrenoemeidier 
die  yidd  stren^  or  the  plastic  ekngatiao  between  die  two  miciaainetiires.  The  stress-stiain 
curves  for  eadi  qncimea  showed  a  diaip  deviadon  fiam  dasdc  extension  and  a  Rfion  of  neaify 
zero  walk  hatdeaiasreniiiiisced  of  LOdendongation.  The^ffierenceianhimalBatreagdi  was 
due  to  the  different  woric  hardening  rates  after  this  extensioo  with  the  dqdex  microstructuie 
showing  fester  hatdcning  than  die  fine  cqniaxedniicwsiiiicfe. 

TaUe  n.  Room  tempeiattne  tetwik  pwpenies  of  TI-48At-2Mi-2&-lMo  following  the 
second  forging  and  two  diffieremrecryitslliTarion  treatments. 


HcitTicaiiiitut 
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1.2 

1.1 

1330°Cyi-»9S0°Cy8 

Duplex 

498 

5ti0 

1.1 

1.4 

Hracturepadis  were  examined  to  evaluate  die  rale  of  mkrooinicniR  on  the  creek  padi.  Hgnre 
8  diowsitpreaentadveloogittKlinal  sections  ofdie  gage  section  in  reymsediere  crack  bandies 
werefound.  In  each  case  die  tensile  axis  is  horizontaL  The  eqoiaxed  microatnictHre  shows 
extensive  crack  bifincationwidi  die  creek  path  primarily  throng  they,  Hgnre  8  (aX  Therewas 
little  evidence  of  dick  bridging  by  the  P;  however  die  cracks  did  appear  to  avoid  s^ioas  with 
significant  concentrations  of  second  pham  The  duplex  microstnictureexlnbiied  less  secondaqr 
cracking;  when  present,  it  was  pebretrOy  perpendicular  to  fee  stress  axis,  Hgnre  8  (bX  Oacking 

■llnitwj  rrmrlr  |i»in|Mg«t«nii  aWig  bniindtuirs  TrCOIMlaiJ' rT*»*™g  *"1*"* 

puSii— wilMirflfnnlni«t«if 


^  ^  w 

FifDVB  I.  MilhtdlOrtlOBftBIftOlllftHiiy  IBCtiOMtrf 

mnpcmnmbowtas  Moondvy  cfick  pidHp  (iO  ^^ocIbibb  fHSijfiydUiBd  flt  ISSO^Qfllv. 
49S0^GAkn.  flri  (b)  ipecimBa  nc^nnataed  at  1330^lir.49^ 


Homogeneity  in  cheaibiiy  and  inicnMmKtim  are  metaUaigical  foab  that  m  often 
achieve.  In  the  caae  of  y  alloys,  the  combination  at  peiiiectic  solidification  and  insofficient 
mechanical  woric  can  lead  ID  gross  inhoningenrJties  in  bodt.  as  has  been  identified  in  the  Mientine 
[6].  Mechanisms  to  overoome  this  include  long  time  thennal  treatments  in  the  singfe  phase  a 
region  and/or  cominnadons  of  this  with  recrystallization  fcdlowing  worUiig.  Dynamic 
reciystallization.  as  occurs  in  iaodiennal  forging,  is  a  very  cfileetive  mMhod  for  attaining 
homogeneity.  Given  the  large  scale  ofdiemical  segregation  that  arises  flom  casting,  si^iesi^ 
isothermal  forging  to  strains  of  1.1  to  1.3  may  not  be  sufficient  to  totally  homogenke  the 
microstructure  as  shown  in  Figure  1.  Static  recrystalliatinn,  eqtccially  hi^  in  the  avy  phase 
field  following  isothennal  forgmg,  can  result  in  uniform  microstnictntcs  prior  to  a  second 
working  operation  as  shown  in  Hgnte  2.  Thk  extra  hornogeniaationimist  be  done  at  typsopriaie 
temperatures  in  order  to  avoid  the ‘banding*  or  inhomogeneous  giain  growth  shown  in  Ryue  4 
(a),  nns  figure  cooyares  the  low  temperattBerectystallimtinn  behavior  after  the  fira  and  second 
forging  operations  and  it  provides  a  grqthic  illustration  of  die  benefits  of  muh^iie  working  with 
intermediate  anneals.  The  window  for  potential  lectystaWiation  is  enlarged  when  daancal 
homogeneity  has  been  attained,  as  evidenced  Ity  the  luifatm  disttibiaion  of  a  and  P  shown  in 
Hguie  4  (b). 

The  ctystallogeqdiic  textures  oftheymeasuied  in  tins  peqgtam  ate  somewhat  different  from 
those  in  the  literaoue  for  binary  Ti-S0st%Al  [7,8].  In  these  studies,  the  audioet  used  the  Zener- 
Hcdkimoa  parameter,  Z,  to  describe  die  variation  of  the  (202)  fiber  texture  during  iaodiermal 
compression.  At  low  values  of  Z,  characteristic  of  low  strain  rates  and  high  temperatures,  a 
stronger  texture  was  developed  since  grain  boundary  ‘bul^g’  could  accommodate  the 
deformation  without  nucleating  new  grains.  Higher  stridn  rates  or  lower  temperatures  led  to 
more  peofiise  nudeation  of  new  gtains  along  strrin  concennations  leading  to  a  weaker  textaea 
The  value  of  Z  in  the  presem  study  was  calculated  to  be  on  die  low  end  of  the  range  studied  by 
FiikutomietaL  [7,8],  yet  die  (202)  fiber  rextutedevdopedwu  not  strong.  Oneestylanationfor 
this  is  die  effect  of  strain  sinoe  the  dual  forging  operation  divided  the  strain  into  two  coanponerts 
each  of  which  was  smalier  than  die  strain  rqnried  by  Fukutonti.  AUwo^  the  overall  strain, 
•«2.3,  in  the  present  study  was  larger  dian  tte  individual  compersiion  ssains  in  the  J^anese 
work,  the  intermediate  anneal  could  have  lessened  the  effect  of  the  first  forgiiig  strain.  An 
alternative  hypodiesis  is  based  on  differences  in  microstructine  since  the  aBoy  in  this  stn^  was 
cootyosed  of  dnee  phases  during  deformation;  7, 01  and  p.  Dynannc  recrystallixation  (or  grain 
‘bulging’)  could  be  very  diffetem  in  nnltiphase  alloys  where  extensive  graia  growth  b  more 
difficult  If  a  relatively  hard  phase,  such  u  a,  b  introduced  into  die  inicrosiructnR,diensnun 
localization  in  the  imme^ate  vicinity  could  lead  to  more  grain  iwdeation  and  a  wcnirer  lew  tint.  In 
addition,  no  mention  of  a  (200)  fiber  texture  contyonem  was  made  in  fob  prior  work.  ¥fider 
variations  in  forgbg  oonditioos,  as  quantified  by  Z,  would  be  required  to  coaapletely  undenamd 
these  differences. 

TensUe  deformation  of  the  two  mbrostructures  shown  in  Figures  S  and  6  kd  to  qitite  similar 
properties.  The  strength  values  are  signiflcamly  higher  titan  dioee  fora  sfanBarcoiiqiositionOn 
the  forged  conation)  widwut  the  Me  modificato  [3].  hblflrely  danMownddactasaaolkl 
solution  strengthener  in  adtKtion  to  potentially  moditying  the  microsttuctine  through  stahiHiing  a 
significant  volume  fraction  of  ordered  p.  Care  must  be  used  in  comparing  compositions,  in  that 
strengdi  values  are  strong  functions  of  the  nticrostnictural  scale  as  wdl  as  the  processing  route. 
For  instance,  extrusion  seems  to  lead  to  higher  values  of  the  yidd  saess  cotnpared  to  forging 
[3,4].  For  the  current  study  a  plausible,  but  unsubetantiat^,  exptanation  for  the  lade  of 
microstiuctuial  effect  on  yield  and  ihicdlity  would  be  that  the  mbroriinctnial  unit  important  to 


loom  tenvetatuiedeConnatioa  was  die  same  in  both  caws.  Note  diat  die  Tgiain  size  is  the  same 
for  both  heat  tieatmeiits  in  Hgure  8.  slip  in  die  equiazedYSninsconlnds  die  onset  of  flow, 
then  rimilar  yield  stresses  would  be  fon^  in  eadi  case.  By  die  same  token,  if  fractoR  is 
controlled  by  desvafe  crack  inidaiion  in  the  Yphase  (or  icfions  of  attlomemiedYgmins).diea 
similar  dnctUides  for  these  two  mkrostmctnies  ndght  be  ezpected.  The  (flfiinnmoe  hi  worit 
hatdeniiig  ndght  be  associatnd  with  die  volume  fiactioo  of  lamdlir  colonies  where  die  lamdlae 
have  a  hitler  hardening  rate  dian  die  equiaxed  grains  leadmg  to  the  higher  UTS  valne  fbnnd  at 
comparaUe  ductility.  These  observations  need  to  be  confirmed  by  additional  testing  befaie  these 
hypodieses  can  be  verified. 

Conclusions 

The  following  conclusions  can  be  drawn  fiom  diis  study: 

1.  Microstructural  and  chemical  homogeneity  are  increased  by  multiple  working  opcratioiH 
especially  when  recrystalliation  is  conducted  at  devatedtenmemnaes  between  and  after  die 
fixging  stqis. 

2.  Mnhqile  forging  operations  do  not  produce  strong  crystallogrqihie  textures  in  mulii-phaae 
near-yaUoys  in  contrast  to  simpler  binary  alloyt.  Weak  (202)  and  (200)  fiber  textures  ate 
observed  in  die  Yidiase. 

3.  Rneequiaxed  and  dtmlexmiaostnictuies  produce  similar  (moderate)  strengdu  and  ductilitiet 
in  T-48Al-2Nb-20r'lMo.  The  crack  pub  it  trantgranular  unless  lamdlar  cokmiet  are 
suitably  oriented  to  allow  craddng  along  the  lath  boondaries. 

Admowtedftnentt 

The  metallographic  expertise  of  Mr.  Bob  Spurliag  and  Mr.  Mike  Calabrese  is  grstefuUy 
acknowledged.  Texturemeasuremaitsof  Dr.  Mike  James  ate  also  acknoudedged.  TUsworit 
was  qwnsoted  by  the  Rockwell  International  Sdence  Center  Independent  Research  and 
Development  program. 


References 

1.  S.-C  Huang  and  EL.  Hall.  MeuOl.  Trms.,  22A>  (1991).  2619. 

2.  S.-C  Huang.  U.S.  Patent  4.879,092;  Nbv.7, 1989. 

3.  S.-C  Huang.  D.W.  McKee,  D.S.  Sidh  and  J.C  Chesnutt.  in  ImermetalHc  Compoondt  - 
Structure  nnd  Medisiiicnl  Pronerties.  ed.  O.  laimL  Ian—  Inw.  of  Meialx.  1991,  363. 

4.  T.  Msedx.  H-  Anndx.  M.  QIndx  nd  Y.  Shidn.  in  Imemief  llic  Cnmpomida  -  Siractme  mnA 

M«-hiitii<r«iProHigtiea.ed.0.1ziimLJsnnaliiiL  of  Metals.  1991. 463. 

5.  T.Maeda.MOkadaandY.Shids.MHigh.Temnetatiii«OHieiedIaierititnaMir  Alln».  IV 

eds.  L.A.  Johnson.  DJ*.  Pope  and  J.O.  Sietgler,  MRS  Volume  213, 1991, 555. 

6.  JJ>.  Bryant  and  SX.  Semiatin,  Sciipu  Metall.,  2^  (1991),  449. 

7.  H.  Plikmnmi.  S.  Takani.  K.  Aolri.  H-  Meddnn  and  T.  Kairiio.  in  Imermetanie  . 

.Stmetiitw  .tiH  M^rhiiiriesl  Pmptrtfas  O  hurni  lapan  Int  rfStoal.  1091  MO 

8.  RFukutami.S.Takagi,K.Aoki.M.Nobuki.H.  Mocking  and  T.Kamyo.Ser(pMlfoMU.. 

22.  (1991).  1681. 
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Abstract 

Deformation  processing  strengthening  of  metal-metal  matrix  composites  has 
been  well  studied  in  the  binary  Cu-X  alloys  (where  X  s  a  bcc  transition  metal). 
Recent  studies  of  deformation  processed  1^-Cu,  Ti-Mo,  and  Ti-Y  show  that  the 
characteristic  nanofilamentary  microstructure  of  deformation  processed 
materials  can  be  produced  in  an  hep  titanium  matrix,  and  some  of  the  resulting 
alloys  possess  increased  strengths  and  good  ductility. 


T>wl»w*W  ^ 
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In-situ  processing  consists  of  heavily  deforming  a  two-phase  alloy  of 
mutually  immiscible  elements  to  produce  composite  sheet  or  wire.  The  process 
can  produce  microstructures  with  nanometer-scale  phases  that  impart 
exceptionally  hi|d>  strengtfis  and  good  ductility  to  the  deformed  alloys,  llany 
such  alloys  have  been  studied  in  the  Cu-X  systems  (where  X  s  bcc  metals  such 
as  V,  Nb,  Ta,  Cr,  Mo,  W.  or  Fe)  (1-6).  In  the  well-studied  Cu(fce)-M  vol.  % 
Nb(bcc)  system  (Figs,  la-b),  severe  deformation  by  swaging  and  drawing 
reduces  Nb  filament  phase  thicknesses  firom  1  to  5  pm  (as-cast)  to  7  to  30  nm 
(after  deformation).  Cu-20Nb  ultimate  tensile  strength  (UTS)  exceed  2000  MPa 
for  material  deformed  to  a  true  strain  of  =  12,  where  if  =  ln(Aoriyi\nl/Afini»l). 
Such  deformations  represent  more  than  an  800-fold  reduction  m  diameter. 
Debate  continues  on  the  mechanism(s)  which  account  for  the  very  high 
strengths  of  the  Cu-X  alloys  (7-12),  but  discussion  centers  around  the  role  of  tte 
nanofilamentary  X  structure  in  impeding  propagation  and  motion  of 
dislocations  in  both  the  Cu  and  X  phases. 


Figure  la  --  Ultimate  ten^e  strength 
as  a  function  of  deformation  strain  (t)) 
forCu-20Nb(12). 


Figure  lb  -  Conical  scan  dsmamic 
dark  field  TEM  micrograph  of 
deformation  processed  Cu-20Nb 
shown  in  transverse  section.  Dark 
phase  is  Cu;  the  li^t  phase  is  Nb. 


Deformation  ProcMSed  Titanium!  namUHato  fWaiM 

In  an  attempt  to  produce  hep  matrix  in-situ  composite  alloys,  candidate 
binary  phase  diagrams  were  sou|^t  ediere  the  constitoent  tmtaUic  elements  or 
intermetallic  compounds  were  mutually  immiscible  at  the  temperature  of 
deformation  and  had  roughly  similar  mechanical  properties.  Three 
combinations  of  metals  meeting  these  criteria  were  H-Cu  (ediere  the  second 
phase  is  tetragonal  TigCu),  Ti-Mo  (where  Mo  is  hoc),  and  Tl-Y  (where  Y  is  hq>). 


It  was  hoped  that  investigation  of  the  defonnatim  processing  bdiavior  of  sudi 
second  phases  in  an  hep  ^  matrix  might  provide  insights  into  the  fundament^ 
mechanism(s)  operating-  in  in*aitu  composite  alloys.  In  addition,  if 
deformation  processing  proved  to  be  a  successful  strengAwiing  method  in  this 
system,  a  potentially  useful  low  density,  hi|^  strength  idloy  mi^t  result 


Hi|^  purity  Ti  alloys  ct  the  compositions  shown  below  were  arc-melted  into 
fingers  and  consumaUy  drop  cast  into  a  drilled  copper  mold: 


Ti-S  v(ri.%  Cu 
Ti-15  vol.%  Cu 


'n-20vol.»Y 

Ti-60vol.«Y 


The  high  purity  Ti  alloys  with  Mo  shown  below  were  produced  by  powdw 
processing  with  Cfp  and  HIP  at  temperatures  below  695‘C  (the  eutectoid 
temperature): 


Ti-5  vol.%  Mo 


Ti-15  vol.%  Mo 


The  resulting  ingots  of  these  six  alloys  had  diameters  ranging  from  17  mm  to 
31  mm  and  were  placed  in  evacuated  steel  cans  for  hot  working  (660*  to  860‘C) 
by  extrusion  and/or  swaging.  T^  specimens  could  not  be  hot  worked  to 
diameters  smaller  than  about  2.5  mm,  since  smsller  spedmens  do  not  retain 
their  furnace  heat  during  hot  work.  Tlie  protective  steel  jadwts  must  also  be 
removed  at  this  sise,  since  they  are  difficult  to  machiiM  away  at  smaller 
diameters.  Deformation  continue  to  smaller  diameters  by  swaging  at  romn 
temperature  with  periodic  stress  relief  anneals  in  vacuum  at  615*C  for  20 
minutes  after  each  20%  reduction  in  area.  These  anneals  are  necessary  to 
avoid  cracking  since,  unlike  Co,  H  does  not  undergo  dynanrie  recovery 
recrystallisation  at  romn  temperature.  Cold  swaging  in  this  manner  contmned 
to  final  diameters  as  small  as  0.4  mm- 


lL£tt 

The  as-cast  Ti-5Cu  and  Ti- 
ISCu  nricrostructures  show 
imnrisdble  a-Ti  and  H2CU 
phases.  Deformation 
produced  some  elongation 
of  the  microstructure  along 
the  rod  axis  but  foiled  to 
produce  the  long, 
nanometer-scale  filaments 
characteristic  of  highly 
deformed  Cu-X  alloys.  The 
increase  in  ultimate  tensile 
strength  (UTS)  with 
increasing  deformation  (ti) 
shown  in  Fig.  2  was  much 
less  than  that  seen  in  Cu-X 
alloys. 
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Figure  2  -  Ultimate  tensile 
strength  as  a  function  of 
deformation  strain  (t))  for  Ti-5Cu 
and  Tl-16Cu. 
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The  Ti-5Cu  ductility  decreaeed  steadily  as  t)  increased,  and  approadied 
zero  at  hij^  values,  preventing  deformation  beyond  t)  a  8.4.  The  ductility  of 
the  Ti-15Cu  was  even  more  limited;  cold  work  was  essentially  impossible  with 
the  Ti-15Cu  alloy,  which  is  60  vol.  %  TigCu,  and  deformation  ended  when  the 
specimen  diameter  became  too  small  at  >  4.2  to  permit  further  hot  woi4. 

ZLMfi 

The  disparity  in  melting  Umperatures  of  tlmse  two  elemorts  (1660*C  for  Ti  and 
2610*C  for  Mo)  thwarted  efforts  to  deformation  process  the  Ti>6Mo  and  Ti-16Mo 
alloys  at  elevated  temperatures.  Hot  working  temperatures  fi>r  Ti  (650*  to  800*0 
are  effectively  cold  working  temperatures  for  Mo.  The  as-HIFd  alloys  were 
extruded  at  800*C  and  subsequently  swaged  at  650*C.  SEM  micrographs  of  the 
microstructure  (Figs.  3a  and  3b)  show  that  most  of  the  deformaticm  occurred  in 
the  Ti  with  the  Mo  particles  showing  limited  elongation  into  the  desired 
filamentary  structure.  The  solubility  of  Ti  in  the  bcc  Mo  is  evident  in  Fig.  3b  as 
the  lighter  gray  zones  surrounding  each  Mo  particle.  Only  when  the 
specimens  were  swaged  at  room  temperature  (where  titeir  strengths  are  more 
nearly  equal)  did  the  Mo  begin  to  elongate  into  the  characteristic  filaments  of  a 
deformation  processed  alloy  (Fig.  3c).  (Consequently,  the  average  phase 
spadngs  measured  in  the  Ti-Mo  afioys  remained  large,  never  dropping  below  5 
pm  even  at  the  hi^^st  t)  values,  and  the  increase  in  strength  with  increasing  q 
was  low  (Fig.  3d). 

These  results  suggest  that  a  deformation  processed  'H-Mo  alloy  would  have 
to  be  produced  entirely  by  cold  work  with  stress  relief  anneals  performed  at 
fi^uent  intervals,  a  time  consuming  procure  fbr  hi|^  q  values. 


Figure  3a  -  Back-scattered  electron 
SEM  micrograph  of  as-HIFd  ll-lSMo. 


(650*0  to  q  «  4.6.  Note  areas  of 'H- 
Mo  solid  sdution  surrounding  Mo 
clusters. 
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Figure  3c  -  Back>scattered  electron 
SEM  micrograph  of  Ti-15Mo  in 
longitudinal  section  after  hot 
working  to  T)  s  4.6  and  cold  woridng 
to  T]  a  8.0. 

Ti-Y 


Figure  3d  --  Ultimate  tensile 
strength  as  a  function  of 
deformation  strain  (ii)  for  Ti-5Mo 
and  Ti-15Mo. 


The  as-cast  Ti-20Y  and  Ti-50Y  alloys  display  the  dendritic  microstructure 
typical  of  two  immiscible  metals  (Fig.  4a).  Eieformation  produces  elongated 
filaments  (Figs.  4b-e}  parallel  to  the  rod  axis.  At  the  hij^est  ri  values  attained, 
average  phase  thiclmess  decreased  to  about  100  nm  (Figs.  4d).  These 
deformations  approximately  tripled  the  UTS  of  both  alloys  (Fig.  5),  roughly 
matching  the  strengthening  seen  in  Ure  Cu-20Nb  alloy  for  similar  i)  values 
(Fig.  la). 


Figure  4a  -  SEM  back-scattered 
electron  micrograph  of  as-cast  Ti- 
50Y  etched  with  triflic  add.  The 
dark  phase  is  Ti,  and  tAe  lii^t 
phase  is  Y.  Mean  fi«e  distance 
between  phases  in  the  spednum  is 
2.09  pm. 


Figure  4b  -  Transverse  seetitm 
back-scattered  electron  SEM 
micrograph  of  Ti-SOY  extruded  at 
860’C.  to  Ti  ■  2.8.  Dark  phase  is  TI; 
lildit  phase  Y.  Mean  ftw'distance 
between  phases  is  890  nm. 
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electron  micrograph  of  a  triflic 

acid  etched  longitudinal  section  of  Figure  4d  -  TEM  bright  field 

Ti-60Y  extruded  at  860*  C.  to  n  =  micrograph  of  Ti-50Y  in  transverse 

2.8.  section  extruded  at  860*C.  to  T)  s  2.8 


The  tensile  ductility  of 
the  Ti-20Y  samples  ranged 
between  40%  to  50%  reduction 
in  area  and  showed  no 
meaningful  correlation  with 
T]  values.  Tensile  ductility  of 
the  Ti-60Y  was  lower, 
ranging  from  30%  to  35%  for 
low  Ti  values  down  to  20%  for 
the  higdtw  T)  samples.  The 
role  of  Y  content  in 
determining  ductility  and 
UTS  was  unfortunately 
obscured  by  unintended  hi|^ 
oxygen  levels  in  the  Ti-60Y 
alloy.  Gas  fusion  analyses  of 
bo^  alloys  show  that  the  Ti- 
20Y  alloy  interstitial  content 
was  fairiy  low  throughout  the 
experiment,  but  the  Ti-50Y 
ingot  had  a  higher  initial 
oxygen  content,  and  picked 
up  additional  oxygen  during 
deformation  processing  And 
vacuum  annealing: 


and  hot  swaged  at  725’C  to  i]  =  4.7. 
Mean  fiee  distance  between  phases 
in  this  specimen  is  145  nm. 


Miiriutioa,  t| 


Figure  5  -  Ultimate  tensile 
strragth  for  'R-20Y  and  TR-SOY  as  a 
function  of  deformation  strain  (t)). 
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Table  I  Gas  Fusion  Analyses  for  Ti-SOY  and  'n-20Y 


Alloy 

(11) 

Oxygen 
(wt  in  ppm) 

Nitrogen 
(wt  in  ppm) 

Hydrogen 
(wtin  ppm) 

fl-50Y 

T1  =  0 

2100 

110 

37 

•n=4.8 

2100 

110 

48 

ti  =  6.6 

3000 

100 

110 

Ti-20Y 

11  =  0 

480 

46 

77 

11  =  7.6 

seo 

280 

41 

Preliminary  x-ray  texture  analysis  of  a  Ti-20Y  specimen  deformed  to  t)  s  7.6 
shows  a  very  heavily  textured  structure,  but  further  work  is  needed  to 
accurately  characterize  the  preferred  orientation. 

Conclusions  and  Future  Work 

'Diis  preliminary  study  has  demonstrated  that: 

1.  Ti-5Cu  and  Ti-lSCu  do  not  readily  form  elongated  filaments  of  Ti2Cu 
and  lack  sufficient  ductility  to  permit  large  deformations  at  room 
temperature.  Increases  in  UTS  obtained  by  deformation  processing  were 
small. 

2.  Ti-5Mo  and  Ti-lSMo  do  not  co-deform  well  at  elevated  temperatures 
due  to  their  dissimilar  strengths.  This  requires  deformation  processing 
at  room  temperature,  a  slow  procedure  since  frequent  vacuum  stress- 
relief  anneals  are  necessary.  These  experiments  never  produced 
sufficiently  fine  microstructures  to  impart  significant  in-situ 
strenghtening. 

3.  Ti-20Y  and  Ti-SOY  can  be  deformation  processed  to  true  strains  of  7.6 
and  6.6,  respectively,  to  produce  nanofilamentary  microstructures.  This 
deformation  processing  results  in  UTS  increases  similar  to  those  seen  in 
the  well-studied  Cu-20Nb  alloy  for  equivalent  true  strains.  The  Ti-Y 
specimens  retained  good  ductility  even  at  their  highest  q  values. 

The  Cu-X  alloys  exhibit  their  greatest  strength  at  high  deformation  levels 
(q  s  10  to  13).  It  remains  to  be  seen  if  the  Ti-Y  alloys  can  be  worked  to  such  high 
strains,  and  if  so,  whether  high  tensile  strengths  will  result  Experiments  are 
underway  to  deformation  process  a  large  diameter  starting  ingot  of  low-oxygen 
Ti-20Y  alloy.  This  study  will  include  a  pure  Ti  control  sample  deformed  in  the 
same  manner  and  to  the  same  q  values  as  the  Ti-20Y  alloy.  It  is  hoped  that 
such  data  will  help  discriminate  strengthening  effects  caused  by  work 
hardening  in  single-phase  material  from  the  effect  of  the  nanofilamentary 
microstructures  of  the  two-phase  alloys.  These  specimens  will  also  provide 
material  for  more  complete  x-ray  texture  characterization  of  preferred 
orientation. 


4)S 


The  authors  are  grateful  to  J.  D.  Verhoeven,  F.  A.  Schmidt,  F.  C.  Laabs,  L. 
L.  Jones,  L.  P.  Lincoln,  L.  K  Reed,  and  J.  T.  Wheelock,  all  of  Ames  Laboratory, 
for  their  valuable  discussions  and  for  preparing  the  materials  used  in  this 
study.  This  work  was  performed  at  Ames  Laboratory,  operated  for  the  U.  S. 
Department  of  Energy  by  Iowa  State  University  under  contract  no.  W-740S- 
ENG-82  with  additional  financial  support  from  General  Electric  Aircraft  and 
the  Engineering  Research  Institute  of  Iowa  State  University. 


References 

1.  J.  Bevk,  J.P.  Harbison,  and  J.L.  Bell,  Journal  of  Applied  Physics.  49  (12) 
(1978)6031-6038. 

2.  J.D.  Verhoeven.  et  al..  Journal  of  Metals  38  (9)  (1986)  20-24. 

3.  J.D.  Verhoeven,  et  al..  Journal  of  Materials  Engineering  12  (2)  (1990)  127- 
139. 

4.  VfA.  Spitzig  and  P.D.  Krotz,  Acta  Metallurcica  36  (7)  (1988)  1709-1715. 

5.  J.D.  Verhoeven,  et  al..  Materials  &  Manufacturing  Processes  4  (2)  (1989) 
197-209. 

6.  J.D.  Verhoeven,  et  al..  Journal  of  Materials  Science  24  ( 1989)  1015-1020. 

7.  P.D.  Funkenbusch  and  T.H.  Courtney,  Acta  Metallureica.  33  (5)  (1985)  913- 
922. 

8.  L.S.  Chumbley,  et  al..  Materials  Science  &  Engineering-  A117  (1989)  59-65. 

9.  C.L.  Trybus,  et  al.,  Ultramicroscopv  30  (1989)  315-320. 

10.  P.D.  Funkenbusch  and  T.H.  Courtney,  Scripta  Metallureica  23  (1989)  1719- 
1724. 

11.  W.A.  Spitzig,  et  al.,  -Smuta  Metallureica  et  Materialia  24  (1990)  1171-1174. 

12.  W.A.  Spitzig,  et  al..  Materials  Research  Society  Symposium  Proceedings 
20  (1988)  45-50. 


EZFBCT  OP  anrcEH  aansirr  oh  mjchusiruliuke  jmd  fropehties 


CP  BEIA-(^  (Ti-3]U-8V-6Cr-4fo-4Zr)  nWESBgHt  CASrUIBS 


J.  R.  Hood*,  0.  P.  Barbls**,  and  D.  Eplcn*** 

*IMI  Utanim  Ocnvany 
1000  Harren  Avanua 
Miles,  Ohio  44446 

**Sharon  Steel  Corporation 

Sharon,  Pennsylvania  16146 
(formerly  with  8MI  Titaniun  Convany) 

***tlie  Ohiversity  of  Dayton 
Graduate  Materials  Phffi  nearing 
Dayton.  Ohio  4S469 

Abstract 

the  microstructure  and  mechanical  properties  of  inyastaent  cast  Beta-C?* 
titanium  were  evaluated  as  a  function  of  oxygen  content,  section  thickness 
and  heat  treatment.  Oxygen  levels  varied  frcm  .092%  to  .215%  by  weight.  Hot 
isostatically  pressed  md  solution  treated  castings  were  aged  utilising 
several  heat  treatments  to  arrive  at  the  desired  strength  range  of  ISO  to  180 
ksi  (1034  to  1241  MPa)  tdiile  possessing  a  vsiif com  ndcrcetructure  and  moderate 
ductility.  Tensile  and  hardness  results  showed  the  material  to  be  dependent 
on  both  oxygen  content  and  casting  section  thickness.  Strength  increased 
approximately  20  ksi  (138  MPa)  with  an  increase  in  oxygen  of  0.12  wt%. 
Strength  also  increased  about  7  ksi  (48  MPa)  upon  decreasitig  section  sixe 
from  1.5  inch  (38  ma)  to  0.5  indi  (13  mn)  primarily  due  to  a  refinaraant  in 
grain  site.  Ductility  was  slightly  rshiesd  at  tbs  hifhar  strength  levels  in 
both  cases. 


Introduction 

Beta  titanivm  alloys,  such  as  Beta-<^  (Ti-3Al-8V-6Cr-4lo-4Zr)  have  raachsd 
production  status  as  investment  castings  very  hi^  strength-to-dinsity 
ratios  and  good  fatigue  strength.'^'  Bsta-C^  has  dl^layad  good  oastability, 
ease  of  heat  trsatmant  and  d^  hardening  cfaaractmristics  "hi^  allow  ^ 
alloy  to  be  produced  in  oonplsx  and  heavy  section  components.'**  A  variety 
of  best  treatments  tmva  been  emloyad  in  order  to  optiadas  strangth  and 
ductility  of  Bsta-C*  castings.'^  It  is  dasirsbls  to  asploy  one  hast 
trsatxMnt  for  a  given  epplieation  that  is  rapcodudbls  sdod  ednlart  ise 
variations  in  madanical  properties  and  ndcromtiuetura.  Ooaasional 
variations  in  aging  rswonse,  structure  and  pnperties  have  oocurtad, 
however,  particularly  batwaan  cfaamistry  lots  in  aldeh  oxygn  lavela  bsve 
varied.  Sines  oxygen  is  a  potent  alpha  stabiliaing  alaamnt  nd  is  known  to 
affect  the  beta  transus  tesperstuce  and  kinstics  of  alpha  pradpitation  in 
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metastable  beta  titaniun  alloys,  research  was  conducted  to  stuc^the  effects 
of  oxygen  content  on  the  aging  briiavior  and  properties  of  Beta-^  investment 
eastings. 


ProtaiihHre 

Four  beats  witb  varying  oxygen  levels  were  VKR  melted  into  8  inch  (203  mn) 
diameter  100  lb.  (45  kg)  ingots,  the  ingots  were  forged  to  6  inch  U52  mn) 
diameter  billets  and  ground,  grit  blasted  and  pidded  to  remove  scmile  and 
oxidised  surfaces.  Billets  were  VBR  remelted  and  investment  cast  into  12 
inch  (304  mn)  long  st^  wedges  with  eedi  integral  st^  meesuring  5  inches 
(127  mn)  wide  by  4  inches  (102  mn)  long  by  0.5,  1.0,  and  1.5  inches  (13,  25, 
and  38  mn)  thich.  After  casting,  eedt  step  wedge  was  chem  milled,  vacuian 
heat  treated  for  one  hour  at  1550‘F  (843*C)  to  remove  hydrogen,  hot 
isostatically  pressed  (RIP)  at  1750*F(754*C)/15  ksi(103  MPa)/2  hours  and  X- 
rayed  for  scxxidhese.  IIm  cmst  st^  wedges  provided  the  opportunity  to  study 
the  effects  of  section  sise  as  well  as  oxygen  content  on  structure  and 
properties. 

Cast  st^  wedges  from  each  beat  were  cut  into  smaller  ccxvons  and  solution 
beat  treated  at  1650‘F(899'C)-lfaour-Air  Cool  followed  by  aging  at  900*F 
(482*0,  950*F  (510*0.  1000*F  (538*C),  1050*F  (566*C),  and  1100*F  (593*C) 
for  times  rutging  from  4  to  24  hours.  Rockwell  C  hardness  tests  were  used 
to  establi  effects  of  oxygen,  section  site  and  aging  parameters  on  aging 
response.  Sased  on  the  hardness  data,  a  selected  number  of  tensile  specimaas 
were  inachu.ed  from  both  thin  and  thich  wedge  sections  and  solution  treated 
and  aged  accMtdingly.  Metal logcaphic  specdmans  were  also  examined  for 
ndcrostructxire  and  aging  response. 

Beta  tcansus  detenidnations  were  nade  on  each  cosposition  utilising 
differential  thermal  analysis  (OfB)  in  order  to  assess  the  effects  of  oxygen 
on  beta  tiansus  and  the  relationship  of  beta  transus  temperature  to  kinetics 
of  alpha  precipitation  during  aging. 


Heat  chemistries  and  beta  transus  tenperaturas  are  sboam  in  Table  I .  Major 
alloying  elenants  were  within  normal  cxapositional  variation  limits  and 
oxygen  levels  were  at  .092%,  .133%,  .170%,  and  .215%,  ra^ectively.  A  cast 
step  wedge  is  shown  in  Figures  lA  and  IB.  Figure  IB  shows  the  nnerograin 
structure  which  decreased  significantly  from  1.5  inch  (38  mn)  to  0.5  inch  (13 
mn)  thick.  Beta  transus  temperatures  (BR)  increased,  as  expected,  with 
inenreasing  oxygen  content  as  abonax  in  Figure  2. 


Table  I.  Coagofitiona  (vtt)  of  Mloya  Died 


jiMit 

Wm 

:  tm- 

. 

Target 

3.2$ 

0.0 

(.0 

4.0 

4.35 

noool 

3.5 

l.s 

s.o 

4.5 

4.2 

.00 

.03 

.011 

.011 

.002 

1335 

X20M2 

3.3 

0.2 

0.3 

4.2 

4.4 

.01 

.03 

.010 

.015 

.153 

1340 

120003 

3.1 

0.1 

6.3 

4.0 

4.1 

.06 

.03 

.010 

.016 

.170 

1350 

120004 

3.3 

8j2 

6^ 

4^ 

.03 

.010 

.015 

.215 

1355 

m 


jrr-  :  k 

'■ 

. 

i-  ' 

if 

...  ^  • 

■4 ;  ■ .  ■ 

,1 

if  '  ■'  7“'^ 

Figures  lA  &  IB.  A  view  of  the  cast  +  HIP  step  wedge 
showing  the  grain  sice. 
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Figure  2.  DTA  measurements  and  calculated  results  for  the 

effect  of  oxpgen  level  on  BTT  of  the  Beta-C  alloy. 


The  effects  of  oxygen  level  on  aging  response  of  0.5  ind»  (13  mn)  and  1.5 
inch  (38  mn)  sections  at  900’F  (482'C),  lOOO'F  (538’C),  and  llOO’F  (593'C) 
are  shown  in  Figures  3,  4,  and  5,  respectively.  The  best  overall  aging 
response  (fastest  hardening  rate  and  highest  hardness  level)  was  achieved  in 
the  .092%  a  and  .133%  0^  heats  at  900*F  (482'C).  After  24  hours  at  900'F 
(482’C),  all  heats  showed  maxinum  hardness  levels  ranging  from  43  to  45  Re, 
At  lOOO'F  (538*0,  the  best  aging  response  appeared  to  be  with  the  .215%  Oj 
material.  After  24  hours  at  lOOO'F  (538*C),  maxinun  hardness  levels  were 
similar  for  three  heats  and  several  Rc  points  lower  for  the  .092%  Oj 
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imterial.  At  llOO'F  (593*C),  the  best  aging  rehouse  mbs  achieved  with  the 
.170%  0^  and  .215%  0^  heats  with  the  loser  0^  heats  showing  a  sigriificantly 
lower  hardness  level.  For  all  heats,  however,  the  wrleein  barcbess  levels 
at  llOO'F  (593*0  were  siffiifieently  lower  then  those  adiieved  at  900*F 
(482*0  or  lOOO'F  (538*0-  A*  better  aging  response  of  the  higher  heats 
at  hi^r  aging  teaperatures  can  pcofaablF  be  attributed  to  the  increase  in 
beta  transus  tenperaturc  for  the  higher  0^  heats  and  an  increase  in  the  aging 
kinetics . 

It  is  noted  that  only  in  the  solution  treated  condition  (tnaged),  the 
hardness  level  is  essentially  a  fmction  of  the  a  content,  indicating  the 
solid  solution  hardening  effect  of  oxygen.  (%her  than  a  grain  sise 
difference  between  thin  and  thick  sections,  there  was  no  sigaificant  effect 
of  section  sise  on  aging  reapnnae  or  hardoess  level  acfaiev^  at  a  given  a 
level. 


3A  3B 


. e .  .092%  oxygen  — .170%  oxygen 

. ,  .133%  oxygen  ,  .215%  oxygen 


Figure  3.  Effect  of  oxygen  level  on  aging  response  (hardness  profile)  at 
900*F  (482*0  for  a)  0.5"  (13  mn)  section;  b)  1.5"  (38  ran) 
section. 


4A  48 


— V-  .092%  oxygen  — ^  .170%  oxygen 
— .133%  oxygen  ——  .215%  oxygen 


Figure  4.  Effect  of  oxygen  level  on  aging  raq^oose  (hartbasa  profile)  at 
1000*F  (538*0  for  a)  0.5"  (13  ran)  saetion;  b)  1.5"  (38  raa) 
saction. 
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^ge  x1ine”(hrs^ ) 


— .092%  oiqrgen 
.  133%  oxygen 


Age  tine  (hrs.) 

.170%  oxygen 
.215%  oxygen 


Figure  5.  Effect  of  oxygen  level  on  aging  tmpooae  (hanfeieea  profile)  at 
1100‘F  (593*0  for  a)  0.5"  (13  nm)  section;  b)  1.5"  (38  im) 
section. 

Microstructures  for  the  .092%  Oj  heat  at  thin  and  thick  sections  are  sboMn  in 
Figures  6  and  7,  respectively,  for  bcth  solution  treated  and  24  hour  aged 
conditions.  Conparative  ndcrostructiires  are  shoen  for  the  .215%  0^  heat  in 
Figures  8  and  9.  In  the  solution  treated  condition,  the  average  grain  sixe 
of  the  thin  sections  (Figures  68  and  88)  was  acproxiirately  half  that  of  the 
thick  section  (Figures  78  and  98)  castings,  due  to  cooling  rate  effects 
during  casting.  Ihe  same  trend  was  c^jserved  for  the  intermediate  Oj  level 
heats.  Upon  aging  at  900*F  (482’C),  the  finest  and  most  ixiiform  alpha 
precipitation  was  noted  for  the  .092%  0^  thick  section  (Figure  7B)  coqpared 
to  a  someidiat  coarser,  lees  uniform  precipitation  in  the  thin  section  (Figure 
66)  and  both  ,215%  sections  (Figures  86  and  96). 


68.  8.T.  at  1650*F(899*C)-lRr-M: 
(28.6  Rc) 


8.T.  ♦900*F(482’C)-24Hr»-8C 
(39.9  Re) 


m 


6C.  S.T.  +1000*F(538*C)-24Hrs-8C 
(41.9  He) 


6D.  S.T.  m00*F(593’C)-2«rs-AC 
(42.2  Ho) 


Figure  6.  Solution  treated  and  aged  ndcrostructures  for  .092%  Oj  beat  -  0.5 
section. 


7*.  S.T.  at  1650‘F(899*C)-lHr-*C  7B.  S.T.  +900'F(482*C)-24Hrs-K: 

(29.2  itc)  (45.0  Re) 


Figure  8.  Solution  treated  and  agad  ndcrostructiiraa  for  .215%  Oj  beat  -  0.5” 
section. 
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9A.  8.T.  at  1650’F(899'C)-lBr-llC 
(31.8  Re) 


9C.  S.T.  +1000*F(S38*C)-24Bn-JIC  8D.  8.T.  mOO‘F(593*C)-2«r8-llC 

(44.4  8c)  (39.4  Re) 

Figure  9.  Solution  treated  and  aged  aderostrueturaa  for  .215%  0^  heat  -  1.5” 
section. 


Interesting,  the  lOOO'F  (538*C)  and  llOO'F  (593*C)  aged  aicrastiueturae 
(Figures  7C  and  7D,  respectively)  for  the  .092%  thick  section  also  shoiiad 
the  finest  and  most  uaifoim  alpta  notpbology  oongsred  to  the  .092%  0>  thin 
section  (Figures  6C  end  6D)  and  both  .215%  sections  (Figures  8C,  80,  9C, 
and  9D).  However,  the  fine  unifonn  alpha  precipitate  in  the  .092%  thick 
section  did  not  necessarily  result  in  the  highe^  aged  hankieaa  as  noted 
earlier  in  Figures  4  and  5.  For  the  900*F  (482‘C)  aged  condition,  the 
terchmss  was  45  Rc,  but  with  lOOO'F  (538*C)  and  UOO'F  (593’C)  ages  the 
hardkiess  dropped  to  41  Rc  and  34  Rc,  ra^ectively.  For  Uw  .092%  Ok  thin 
section,  the  hardness  stayed  relatively  hi^  at  42  Rc  with  lOOO'F  (538’C)  and 
1100*F  (593*C)  ages,  daspite  the  less  unifom  and  dnse  aged  ndcrontructure 
(Figures  6C  and  60,  reqpectively) . 

Overall,  the  tandancy  for  increased  grain  bowdary  alpha  with  apparent 
denuded  adjacent  grain  boundary  sonas  was  noted  for  all  iMts  at  the  hipker 
aging  teanperatures.  Higher  0^  levels  did  not  appear  to  pronote  sanre  uiifona 
alpha  precipitation. 

Tansile  blanks  were  prepared  fron  both  thin  and  thick  cast  sections  fron  each 
heat.  IRglioate  tansile  sperlmna  were  tasted  in  tbs  1650*F  (899*C)  solution 
treated  condition  and  in  two  aged  conditions  -  900*F  (482*C)  and  lOSO'F 
(566’C)  for  24  hours.  These  ag^  conditions  were  ohosan  from  the  hartess 
data  to  represent  high  (180  ksi  (1241  Wa))  and  madiua  (150  ksi  (1034  MPa)) 
strength  levels. 

Yield  strength  and  elongation  results  are  plotted  vs.  Ck  level  in  Figure  10. 
Yield  strengths  increased  linearly  with  0^  oonteot  in  all  oonditians  and  the 
thin  sections  were  generally  higher  in  strength  than  the  thick  sections  nost 
likely  due  to  the  affect  of  grain  sise  noted  earlier.  The  solutioi  treated 
yield  strength  increased  approsisntely  10  ksi  (69  10b)  from  .092%  to  .215% 
Ok  level,  whereas  the  corresponding  900*F  (482*C)  and  1050*F  (566*C)  agad 
yield  strengths  increased  approriantely  20  ksi  (138  MPa)  and  18  ksi  (124 
MPa),  respectively.  This  indicates  that  the  affect  of  0^  content  was  twofold 
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-  a  solid  solution  strsngtlMnsr  in  tbs  all  bota  plissa  solution  traatsd 
condition  uhioh  incrsassd  yiald  stzsngth  aMprorlnstsly  1  ksi  (6.9  MFa)  pw 
.01%  incrsase  in  Ok  and  an  mgm  bardnainp  strangthinar  aliiofa  addad  an 
additional  8  to  10  ni  (55  to  69  i9m)  yield  strangth  due  to  tbs  inbacant 
solid  solution  stranotbaning  eCfset  on  alpha  phase  or  tbs  precipitation 
behavior  of  alpha  phase  or  a  coshi  nation  of  both. 


-e-  1.5"  ST  -a-  0.5"  81%  900*P 

0.5"  8T  -a-  1.5"  81%  1050*F 

-0-  1.5"  81%  900*P  -a-  0.5"  81%  1050*P 

Figure  10.  Effect  of  oxtgmi  letvel  on  a)  0.2%  yield  strength;  b)  tansile 
elongation  of  solution  treated  only;  900*P(482*C)/24  hr  aged 
and  1050*F(566*C)/24  hr  aged. 

Consistent  with  the  increase  in  strength  at  highsr  0*  levels,  there  was  a 
ctHTtevonding  dacrease  in  tansile  elongation.  The  ugbast  ductility  sas 
dinplayad  irith  the  1050*F  (566*C)  aged  anterial  and  ranged  from  6%  to  3% 
elongation  ahereas  the  hi^aar  strength  900’F  (482*C)  agai  anterial  ranged 
from  5%  to  2%  depending  upon  0^  content. 


Conclusions 

Itw  results  of  this  study  indicate  that  oxnm  content  and  rai^ng  section 
sise  play  a  significant  role  in  the  aging  behavior  of  cast  Beta-^.  8trength 
increased  approaiantely  20  ksi  (138  IM)  with  an  increase  in  oaygaa  of  0.12 
wt%.  Strangth  also  increased  about  7  ksi  (48  Wa)  tvon  ssetion 
siie  froai  1.5  inch  (38  mm)  to  0.5  inch  (13  laa)  priaaurily  due  to  a  refinaasnt 
in  grain  sise.  Ductility  ms  slightly  reducad  at  the  highsr  strength  levels 
in  both  cases. 
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Abattact 

Optlaal  nechanlcal  properties  In  TlAl-based  alloys  occur  whan  the  alunlnun 
concent  Is  reduced  to  obtain  a  two-phase,  (oj  -f  7)  aaterlal.  The  alcrostructure 
of  these  two-phase  alloys  has  a  large  Inpact  on  the  nechanlcal  properties.  In 
particular  the  roon  tenperacurs  ductility.  Roon  teaparatura  tensile  properties 
were  evaliiated  as  a  function  of  alcrostructure  In  a  T1-48A1-1V  (at*)  alloy  with 
0.2c  for  additional  strengthening.  A  range  of  oj contents  and  aorpbologles  were 
developed  utilizing  Isothemal  forging  and  ayscenatlc  beat  treetaants  to 
exaalne  the  role  of  oj  on  ‘ductlllzatlon*  of  this  class  of  aaterlals.  The 
laportant  variables  controlling  aleros true Cure  were,  voluas  fraction  of  7  at 
Che  heat  treataenc  tenperature  and  cooling  rate.  Three  different  heat 
treatasnt  schenes  were  used  to  develop  alcroscructures  with  a  wide  range  of 
(qj  +  7)  lath  contents  at  a  constant  7  grain  size.  Rooa  ceaperaturo  tensile 
ductility  was  dependant  on  alcrostructure,  with  a  aaxlaua  rooa  teaperaCure 
ductility  of  1.5  to  1.9*  over  a  broad  range  of  lath  contents.  Below  5*  and 
above  60*  lath  Che  ductility  dropped  below  1*  plastic  elongation.  The  yield 
strength  was  nearly  Indepen^nt  of  02  voluaa  fraction  and  lath  content  except 
for  a  coarser  alcrostructure.  Theraal  exposure  experlaents  were  conducted  In 
Che  range  of  725*C  to  825*C  to  exaalne  the  Influence  of  carbide  precipitation 
on  rooa  tenperature  tensile  behavior.  Carbide  precipitation  after  100  h 
exposure,  did  not  greatly  Influence  the  yield  strength,  or  ductility  In  the 
alcrostructures  exaalned. 


Introduction 

Blackburn  and  Salth  [1]  danonatrated  that  the  ductility  of  7-TIAI  alloys  can 
be  substantially  laproved  by  reducing  the  aluainua  content  to  produce  a  two- 
phase  (02  7)  alloy.  This  work  has  led  to  extensive  research  on  alloy  and 

alcrostructural  optlalzatlon  for  ductility  laproveaent  which  has  been  recently 
reviewed  by  Kin  and  Dlalduk  {2].  The  aechanlsa  by  which  oj  increases  the 
ductility  of  TlAl  alloys  Is  not  yet  understood  nor  has  a  systeaatlc  stu^  bean 
perforaed  to  evaluate  the  affect  of  oj  voluae  fraction  and  aorphology  on  tensile 
properties  In  a  single  alloy. 

The  purpose  of  this  study  was  to  evaluate  the  Influence  of  oj  content  and 
distribution  on  Che  aechanlcal  properties  In  a  T1-48A1-1V-0.2C  alloy.  The 
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Important  variables  controlling  microstructure  were,  volume  fraction  of  7  at 
the  heat  treatment  temperature,  time  at  temperature  and  cooling  rate.  Three 
different  heat  treatment  schemes  were  used  to  develop  microstructures  with  a 
wide  range  of  lath  contents  at  a  constant  7-graln  size.  Several  of  these 
microstructures  were  tensile  tested  at  room  temperature.  The  strength  and 
ductility  were  evaluated  as  a  function  of  02  and  lath  content.  The  effect  of 
carbide  precipitation  on  the  tensile  properties  of  several  of  the  more  ductile 
microstructures  was  Chen  evaluated. 


Materials  and  Methods 

A  110  kg  casting  (0.2  m  dla.  x  0.95  m)  with  a  nominal  composition  of 
T1-A8A1-1V-0.2C-0.140  was  acquired  from  TIMET  after  hot  IsosCaClc  pressing 
(HIP).  The  as-cast  -f  HIP  mlcroscructure  consisted  of  approximately  40%  primacy 
7  grains  with  the  remainder  consisting  of  02+  7  lamellar  colonies  (>lmm) .  The 
Ingot  was  sectioned  and  IsoChermally  forged  140%  true  strain  In  compression  at 
1150»C. 

Heat  creaciaencs  with  cooling  rates  of  l*C/s  or  less  were  conducted  In  cold  wall 
vacuum  furnaces  (10'^  torr)  with  cooling  rates  controlled  down  Co  900*C  at  the 
specified  rate.  Higher  cooling  rate  heat  treatments  were  performed  In  air. 
Quantitative  microscopy  was  performed  on  backscatcered  electron  (BSE)  Images 
from  a  scanning  electron  microscope  (SEM)  using  a  Kontron  IBAS  Image  analysis 
system.  m2  phase  fractions  were  determined  directly  from  BSE  Images  (ll^t 
phase  Is  oj) .  The  lath  volume  fractions  were  determined  by  utilizing  a  dilating 
and  erode  function  on  the  Image  analyzer  to  fill  in  the  7  phase  between  the  02 
laths,  and  subsequently  measuring  the  entire  lath  colony.  Approximately  20 
regions  of  each  mlcroscructure  were  analyzed  and  the  average  values  utilized 
for  comparisons.  TEM  specimens  were  prepared  by  eleccropolishlng  using  a 
solution  of  35%  buCanol/5%  perchloric  acld/60%  methanol  at  -40*C  and  a 
potential  of  10  V. 

Tensile  saBq>les  were  heat  treated  and  machined  to  a  concentricity  of  better 
than  .012  mm.  Tensile  tests  were  conducted  on  an  MTS  servohydraulic  system, 
with  fixed  hydraulic  collet  grips  and  a  precision  alignment  fixture.  This 
minimized  Che  bending  strain  due  to  grip  misalignment  to  less  Che  20  fie  [3]. 
Tensile  tests  were  performed  at  a  strain  rate  of  8  x  lO'Vs  In  stroke  control 
mode.  Tensile  data  presented  Is  an  average  of  two  tests. 


Mlcrostructural  Development 

Previous  mlcrostructural  studies  (2,4,5]  have  shown  that  the  volume  fraction 
of  a  at  temperature  and  sample  cooling  rate  have  significant  Impact  on  the 
mlcroscructure  of  i/aj  titanium  aluminldes.  The  greater  the  volume  fraction  of 
a  and  Che  higher  the  cooling  race  the  more  02  and  lath  In  Che  retulcanc 
mlcroscructure.  The  goal  of  this  study  was  to  systematically  determine  Che 
effects  of  heat  creacwnc  temperature  and  cooling  rate  on  mlcroscructure  and 
ductility.  Ductility  (plastic  elongation  at  fracture)  was  Mssured  over  a  wlda 
range  of  012  and  lath  contents  while  maintaining  a  constant  7-graln  size.  Three 
pathways  were  examined  for  producing  a  broad  range  of  02  and  lath  contants  with 
grain  size  control  In  IsoChermally  forged  material.  The  three  pathways  ara; 
1)  direct  control  of  o  content  by  temperature,  2)  grain  size  stabilization  at 
■50%  a  phasa  fraction  followed  by  control  of  a  content  with  a  secondary  haac 
treatment  and  3)  different  cooling  races  from  a  constant  tei^raCure.  Figure 
1  shows  how  these  alternative  pathways  were  used  to  arrive  at  similar  low  ^ 
microstructuros .  However,  Che  02  size  and  distribution  Is  strongly  dapandant 
on  Che  heat  treatment  pathway.  The  effect  of  various  heat  treacmant 


424 


teaperacures ,  cooling  raCea  and  secondary  sCabllizaclons  on  alcrostructural 
development  are  described  below. 

Heat  Treatment  Temperature 

Extensive  work  has  been  performed  using  heat  treatment  temperature  to  develop 
low  oj,  diq>lex,  near  lamellar  and  fully  lamellar  mlcrostruetures  [2,4].  Direct 
heat  treatment  at  the  desired  volume  fraction  of  a  produces  a  banded 
mlcrostrueture  as  shown  In  Figure  la.  Not  only  Is  the  oj  dlstrlbutlcm  banded, 
but  the  grain  size  distribution  Is  blmodal.  This  occurs  because  of  segregation 
during  the  ingot  casting  process  which  was  not  eliminated  (homogenized)  during 
subsequent  forging  and  heat  treatments  [6].  The  areas  with  a  or  02  have 
significantly  reduced  grain  growth  rates  relative  to  the  single  phase  y 
regions .  IVo-step  heat  treatstents  were  performed  In  order  to  better  distribute 
the  02  with  the  first  step  being  24  h  at  1300*C  (4St  0)  to  produce  a  uniform  02 
and  lath  distribution  and  y-graln  size.  This  material  was  subsequently  heat 
treated  at  the  appropriate  volusw  fraction  of  a  to  produce  the  desired  02  and 
lath  content.  Figure  2  shows  mlcrostruetures  produced  via  this  method  with  a 
range  of  lath  contents  but,  with  a  more  uniform  grain  size  within  the  sample 
and  also  amongst  different  heat  treatments.  The  amount  of  02  and  lath  strongly 
depend  on  the  cooling  rate.  Even  with  heat  treatment  at  high  a  contents  only 
a  fraction  of  a  phase  Is  retained  as  02  unless  rapid  cooling  Is  employed.  For 
high  and  Intermediate  lath  contents  the  two-step  heat  traatswnt  produced 
uniform  mlcrostruetures,  however  at  low  a2  contents,  distribution  and  y-graln 
size  was  not  as  uniform  as  desired. 


Figure  1.  Mlcrostruetures  produced  by  each  heat  treatme-it:  pathway:  a)  1100*C/ 
8  h/0.2*C/s,  b)1300*C/24  h/l*C/s  ♦  1200*C/8  h/l*C/o  and  c)1300*C/  24h/0.01*C/s. 


Cggllng.Rdtg-Bf&Ct 

The  cooling  rata  from  two-phase  heat  treatments  Is  another  important  variola 
for  producing  the  desired  mlcrostrueture  In  these  alloya.  Most  ■ductlllslng* 
heat  treatments  occur  in  the  7  a  two-phase  field  with  30  to  60%  «  at 
temperature  and  are  subsequently  static  gas  or  forced  gas  cooled  and  than  given 
a  stabilization  heat  treatment  [2].  This  procedure  typically  produces  a 
mlcrostrueture  with  approximately  30%  02  *  i  lamellar  structure  and  the 
remainder  primary  7.  The  cooling  rate  from  the  two-phase  heat  treatment 
temperature  has  a  large  Influence  on  the  mlcrostrueture  as  shown  In  Figure  3. 
The  volume  fraction  of  lath  02  (swasured  wldi  BSE  Imaging)  varies  from  3%  to  25% 
over  a  cooling  rate  range  of  0.01  to  l*C/s  from  a  1300*C  heat  treatsmnt.  The 
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aorphology  of  tha  prior  a  also  changes  £ro«  100%  laaellar  at  high  cooling  rates 
to  solid  02  particles  with  only  an  occasional  7  laaella  at  low  cooling  rates. 
With  very  alow  cooling  rates  (0.01*C/s)  It  was  possible  to  develop 
mlcrostructures  with  a  low  02  content,  unlfom  y-graln  size  and  a  better  02 
distribution  than  through  heat  treatnent  tenperature  control  alone. 


Figure  3.  Variation  In  aleroatructure  with  cooling  rate  fro*  solution 
treatnant  of  1300*C/24h.  a)  0.01*C/a.  b)  0.05*C/a,  c)  0.2*C/s  and  d)  l*C/s. 


Stabilization 

Tha  nlcrostructures  produced  through  tha  three  heat  traataent  schaaes  wore 
stabilized  for  8  h  at  1000*C,  which  Is  above  the  solvua  for  Tt3hl(C,N) 
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precipicaces  found  in  this  material  [7).  This  was  done  to  alnlmlze  changes  In 
02  content  during  elevated  temperature  testing  and  avoid  carbide  precipitation 
during  the  stabilization  process.  Figure  4  shows  the  controlled  cooling  rate 
microstructures  in  Figure  3  with  an  additional  stabilization.  The  isaxiaua  02 
content  was  reduced  to  1S%  after  stabilization.  The  stabilization  resulted  in 
a  thinning  of  the  02  lamellae. 


Figure  4.  Variation  in  mlcrostruccure  with  cooling  rate  from  solution 
treatment  of  1300*C/24h,  followed  by  stabilization  at  1000*C/Sh.  a)  0.01*C/s, 
b)  0.05*C/s,  c)  0.2*C/s  and  d)  l*C/s. 


The  Influence  of  02  and  lath  content  on  room  temperature  tensile  btiiavlor  was 
evaluated  utilizing  the  range  of  mlcrostructures  previously  described.  Most 
nicrostructures  had  a  mean  intercept  grain  size  of  approxlsMtely  3S  )m,  except 
for  the  near  lamellar  mlcrostructures  which  had  a  significantly  larger  lath 
colony  size.  All  of  the  nicrostructures  were  tested  after  a  1000*C 
stabilization. 

Table  I.  The  effect  of  cooling  rate  from  1300*C  on  microstructural 
parasMters  and  tensile  properties. 


Cooling 

Rate  (*C/s) 

Lath  (t) 

02  (%) 

tfl  (%) 

e„  (We) 

(Wa) 

1 

2S 

16 

1.9 

440 

523 

0.2 

10 

8 

1.7 

444 

515 

0.1 

7 

6 

1.5 

433 

485 

O.OS 

8 

7 

1.2 

486 

513 

0.01 

3 

3 

0.5 

461 

467 

Figure  S  Illustrates  the  Influence  of  cooling  rate  fron  llOO’C  (AS%  a)  on  room 
temperature  tensile  ductility.  The  ductility  Increases  from  0.5%  to  1.9%  as 
the  cooling  rate  is  increased  from  0.01*C/s  to  I'C/s.  The  higher  cooling  rate 
results  in  more  retained  a,  which  transforms  to  02.  Table  I  summarizes  the 
mlcrostructural  parameters  and  tensile  data  for  this  set  of  microstructures. 
Although  the  cooling  rate  had  a  large  effect  on  ductility,  the  yield  strength 
variation  amongst  the  different  microstructures  was  small.  Thus,  <>2  tuid  lath 
content  have  little  impact  on  yield  strength. 


Figure  5.  The  Influence  of  cooling 
rate  from  1300*C  on  the  room 
temperature  tensile  ductility  of  Tl- 
A8A1-1V-0.2C  (at%). 


Figure  6.  The  influence  of  micro- 
structure  on  the  room  tMiperacure 
tensile  ductility  of  T1-48A1-1V-0.2C 
(•t») . 


Figure  7.  Variation  of  microstructure  as  a  function  of  secondary  heat 
treatment  temperature.  Initial  heat  treatsMnt  1300*C/24  h/l*C/s  plus  secondary 
heat  treatsMnt  followed  by  1000*C/8h.  Secondary  heat  treatment  schedules  were: 
a)  1225*C/8h/l*C/s,  b)1275*/8h/l*C/s,  c)1335*C/2h/0.5*C/s.  and 
d) 1360*0/0. 5h/l*C/s. 
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Figure  6  sumarlzes  the  ductility  as  a  function  of  lath  content,  for 
micros  true  tuxes  dev:;loped  through  two-step  and  controlled  cooling  rate 
pathways.  Also  Included  on  this  graph  la  the  02  content  of  each  of  the 
microstructures.  Figure  7  shows  several  mlcrostructures  developed  from  two- 
step  heat  treatments.  The  range  of  lath  contents  is  from  7%  for  the  1225*C 
secondary  heat  treatment  to  60%  for  the  1360*C  secondary  heat  treatment.  The 
grain  sizes  of  most  mlcrostructures  was  maintained  at  approximately  35  im. 
However,  the  60%  lath  mlcrostructure  had  a  colony  size  of  SO  to  100  /at  and  the 
colony  size  of  the  87%  lath  microstructure  was  greater  than  500  im.  A  range 
of  lath  contents  from  10%  to  over  40%  resulted  in  ductilities  greater  than 
1.5%.  The  lower  ductii..'.tles  at  high  lath  contents  may  have  been  caused  by  the 
much  larger  colony  size  rather  than  the  lath  content. 

The  large  ductility  variation  at  a  low  lath  contents  (7%  to  16%)  resulted  from 
a  poor  distribution  of  02.  These  mlcrostructures  were  generated  by  the  two  step 
heat  treatment  method  with  the  second  heat  treat  temperature  at  either  122S*C 
or  1230'’C.  This  resulted  in  some  o-banding  and  7  grain  growth  as  discussed 
previously  and  illustrated  in  Figure  7a  for  the  122S*C  heat  treatment.  The  low 
lath  content  and  poor  02  distribution  also  resulted  in  a  greater  frequency  of 
Intergranular  failure.  Better  lath  distributions  with  volume  fractions  in  the 
same  7%  to  20%  range  were  produced  through  controlled  cooling  and  heat 
treatment  at  1275*C  and  above.  The  volume  fraction  of  a  at  1275*C  is  greater 
than  25%  and  was  adequate  to  maintain  a  uniform  distribution  of  a,  which 
minimized  7  grain  growth  during  the  second  heat  treatment  stage. 
Mlcrostructures  with  uniform  distribution  of  02  had  much  higher  ductilities  for 
the  same  02  content. 


Figure  8.  Tl3Al(C,N)  precipitates  in  Ti-48Al-lV-0.2C  alloys  heat  treated 
1300°C/24h/l*C/s  plus  1275*C/8h/l*C/s  plus  1000*C/8h  and  aged  at  a)725*C/100h 
or  b)  825*C/100h. 


Thermal  Exposure 

The  alloy  examined  In  this  study  contains  0.2  at%  carbon  which  has  been  found 
to  precipitate  as  Ti3Al(C,N)  [7]  after  thermal  exposure  in  the  temperature  range 
of  675*C  to  925*C.  The  morphology  of  these  precipitates  depend  on  exposure 
temperature.  At  temperatures  greater  than  approxisMtely  800*C  the  carbides 
nucleate  and  grow  on  dislocations  and  grain  boundaries,  whereas  below  800*C 
they  occur  in  the  Mtrlx  with  precipitate  free  zones  around  larger  precipitates 
on  grain  boundaries  and  dislocations.  In  this  study,  the  influence  of  both 
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precipitate  morphologies  on  room  temperature  tensile  properties  was  evaluated. 
Samples  were  heat  treated  to  attain  microstructures  with  approximately  15%  and 
40%  lath  after  1000*0  stabilization  for  8  h  and  stibaequently  heat  treated  at 
825*0  or  725*0  for  100  h.  After  all  heat  treatments,  the  sables  were  machined 
Into  tensile  samples.  Figure  8  shows  the  precipitates  produced  from  each 
thermal  exposure  on  the  15%  lath  material.  Thermal  exposure  at  either 
temperature  did  not  appreciably  change  Che  ductility  or  yield  strength  of 
either  mlcrosCructure . 


Siimnarv 

The  mlcrosCructure  of  Tl>48Al-lV-0.20  was  systematically  manipulated  through 
three  heat  treatment  schemes  to  produce  a  range  of  02  concents  and  morphologies . 
The  Influence  of  02  content,  morphology  and  carbide  precipitation  on  room 
temperature  tensile  behavior  was  evaluated.  The  results  of  the  microstructural 
development  and  mechanical  behavior  studies  are  sumiarlzed  as  follows: 

1.  The  development  of  low  02  mlcrostruccures  with  uniform  grain  size  and  012 
distribution  was  best  achieved  through  slow  cooling  from  1300*C,  rather  than 
heat  treating  at  low  volume  fractions  of  a.  Duplex  mlcrostruccures  can  be 
produced  either  through  heat  treatment  at  the  specific  volume  fraction  of 
a  followed  by  a  rapid  cool  (>l*C/s)  or  heat  treatment  at  higher  a  contents 
with  a  slower  cool.  Controlled  cooling  rate  from  heat  treatment  In  the  two- 
phase  field  Is  very  Important  when  a  specific  microscrucCure  is  desired. 

2.  High  values  of  room  temperature  ductility  (>  1.5%)  can  be  obtained  with  a 
wide  range  of  lath  contents  (7%  to  40%)  in  the  alloy  Ti-48Al-lV-0.2C  (at%) 
and  a  grain  size  of  >35  pm.  Mlcrostruccures  with  low  lath  contents  (<  7%) 
and  non-uniform  lath  distributions  (<16%  lath)  had  lower  ductilities  than 
mlcrostruccures  with  the  same  lath  content  and/or  a  uniform  lath 
distribution. 

3 .  The  Influence  of  lath  content  on  room  temperature  yield  strength  was  minimal 
when  a  constant  i-graln  size  was  maintained. 

4.  Tl3Al(C,N)  precipitation  after  100  h  exposure  at  725 *C  and  825 *C  had  no 
significant  effect  on  room  temperature  tensile  ductility  or  yield  strength. 


RgftrtncM 

1.  M.J.  Blackburn  and  H.P.  Smith,  *R&D  on  Composition  and  Processing  of 
Titanium  Alumlnlde  Alloys  for  Turbine  Engines*,  AFVAL  Technical  Report  No. 
AFWAL-TR-82-4086  (1982). 

2.  Y-U.  Kim  and  O.H.  Dtmlduk,  *Progress  In  the  Understanding  of  Gamma  Titanium 
Alumlnldes*,  JQH,  43(8) (1991),  40-47. 

3.  S-C.  Huang  and  E.L.  Hall,  ’Plastic  Deformation  and  Fracture  of  Binary  TlAl- 
Base  Alloys",  Met.  Trans.  A.  22A  (1991),  427-439. 

4.  W.E.  Dowling,  Jr.,  ec  al.,  "The  Influence  of  HicrostrucCure  on  the 
Mechanical  Behavior  of  7/02  Titanium  Alumlnldes",  Mlerostruc cure /Property 
Relatlonshlns  in  Titanium  Alumlnldes  and  Alloys,  ed.  Y-W.  Kim  and  R.R.  Boyer 
(Harrendale  PA:TMS  1990),  123-135. 

5.  U.E.  Dowling,  Jr.,  V.T.  Donlon  and  J.E.  Allison,  "The  Influence  of 
MlcrosCructure  and  Temperature  on  the  Fatigue  Behavior  of  7/02  Tlcanlus 
Alumlnldes",  Fatigue  90.  ed.  H.  Kitagawa  and  T.  Tanaka,  (Birmingham,  UK;  MCEP 
1990)  1923-1929. 

6.  S.L.  Semlatln  and  P.A.  McQuay,  "Segregation  and  Homogenization  of  a  Near- 
Gamma  Titanium  Alumlnlde",  Hat.  Trans.  A.  23A  (1992),  149-161. 

7.  W.T.  Donlon,  U.E.  Dowling,  Jr.  and  J.E.  Allison,  unpublished  results. 


430 


The  Role  of  Input  Powder  Miciostnicture  and  Extrusion  Conditions  on  Properties  of  PM 
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Abstract 

The  microstructure,  crystallographic  texture,  and  tensile  and  creep  strengths  of  rare  earth  con¬ 
taining  titanium  alloy  extrusions  were  determined  as  a  function  of  process  conditions  and  initial 
powder  rrucrostructure.  The  process  variables  studied  included;  input  powder  microstructure; 
extrusion  temperature;  and  solution  plus  age  versus  direct  age  heat  treatment 

Extrusion  temperature  had  the  greatest  effect.  Beta  extrusions  with  direct  age  heat  treatments  had 
a  strong  [0001]  texture  along  £e  extrusion  direction  and  high  tensile  strengths.  Beta  extrusions 
with  beta  solution  plus  age  heat  treatments  had  elongatnl  prior  beu  grains  and  the  highest  creep 
strengths;  the  creep  curves  at  650°C,  138  MPa  did  not  dirolay  a  minimum  rate  —  the  rate  noono- 
tonically  decreased  with  time.  In  contrast,  creep  curves  of  material  extruded  below  the  beta  oan- 
sus  exhibited  a  creep  rate  trunimuta  Extrusions  made  at  tenqreratures  just  under  the  beta  tran- 
sus,  given  teta  solution  plus  age  heat  treannents,  had  the  highest  tensile  strengths. 

Initial  powder  microstructure  was  an  important  variable.  Extrusions  from  powder  with  a  non- 
uniform  distribution  of  rate  earth  exhibit^  lower  degrees  of  crystallographic  texture,  abnormal 
grain  growA  on  beta  solution  plus  age  heat  treatment,  and  reduc^  mechanical  properties. 

Introduction 

Rapid  solidification  can  produce  rate  earth  compound  dispersions  in  lanaty  titanium  -  tare  earth 
metal  alloys  (1).  These  dispersoids  improve  tensile  strength  and  creep  resistance  (2). 
Consolidation  processing  has  bMn  limited  to  maximum  tertqteratures  of  about  SSff’C  in  order  to 
retard  coarsening  of  the  rare  earth  compound  dispersoids  (3).  The  dispersoid  coarsening  is  en¬ 
hanced  by  (Musion  along  interfaces  during  the  alpha  to  beta  transition  (4).  Multicomponent  tita¬ 
nium  alloys  containing  aluminum,  tin,  beta  stabilizers,  strain  aging  eletnents,  and  tare  earth  met¬ 
als  also  can  be  rapidly  solidified  to  produce  rare  earth  compound  diqrersions.  The  rate  earth  dis- 
persoi^  act  to  produce  a  very  fine  alpha  grain  size  in  material  processed  below  the  beta  transus, 
which  gives  rise  to  poor  elevated  tempmtun  creep  resistance.  Beta  heat  treatment  coarsens  the 
dispersoids,  but  greatly  improves  6S(rC  creep  resistance;  coarsened  dispersoids  offer  improve¬ 
ments  in  ductility  which  allow  alloying  to  higher  levels  of  addition  of  alpha  two  stabilizing  ele¬ 
ments  without  embrittlement  than  in  dispersoid  free  coii^iositions  (5). 

In  work  conducted  at  the  General  Electric  Company,  beta  processing  of  a  noodel  alloy  resulted  in 
large  strength  increases.  A  study  was  conducted,  the  subject  of  this  report,  to  evaluate  con»li- 
dation  processing  variables  on  the  mechanical  properties  m  a  rapidly  solidified  complex  titanium 
base  alloy  containing  rare  etuth  metal  dispersions. 
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Procedure 


Alloy  Selection  and  Powder  Production 

The  nominal  compositions  of  the  alloys  selected  for  study,  designated  AK-2  and  AF-2M,  are  list¬ 
ed  in  Ihble  I.  Alloy  AF-2  is  a  near  alpha  alloy  containing  aluminum,  tin,  zirconium,  and 
columbium  to  strengthen  the  alpha  phase,  a  small  amount  of  molybdenum  to  produce  a  bm 
phase,  silicon  as  a  strain  aging  element,  and  erbium  to  form  a  dispersoid  (6).  Alloy  AF-2M  is  a 
modification  to  this  alloy,  substituting  Ru  for  Mo,  and  partially  substituting  Ge  ecu'  Si,  the  latter 
substitution  to  increase  the  temperature  of  strain  aging  effects  (7).  Alloy  powder  was  produced 
at  Crucible  Research  Center,  Pittsburgh,  PA.  Two  atomization  units  were  used  for  powdo’  pro¬ 
duction.  Alloy  AF-2  was  produced  in  a  small  atomizer  which  can  melt  and  atomize  1 .4  kg  of  ti¬ 
tanium  alloy  per  run;  powder  of  alloy  AF-2M  was  produced  both  in  the  small  attunizer  as  well  as 
in  a  larger  unit  which  can  melt  and  attxnize  23  kg  of  titanium  alloy  per  run  (8, 9). 

Ihble  I.  Alloy  compositions. 


atom% 


Alloy 

:ii 

Sa 

Zc 

Uf 

£b 

Mo 

Ru 

El 

Si 

Oc 

AF-2 

bal. 

11.7 

1.3 

1.6 

0.7 

0.5 

0.15 

0.9 

0.35 

AF-2M 

bal. 

11.7 

1.3 

1.6 

0.7 

0.5 

0.15 

0.9 

0.2 

0.2 

Thermomechanical  Processing 

All  powders  were  HlPped  at  840“C  and  210  MPa  for  3  hours.  The  HlPped  powder  cylinders 
were  dien  extruded  at  a  ratio  of  8: 1  and  a  strain  rate  of  2  sec-^  The  extrusion  press  used  was  a 
Loewy  htxizontal  hydraulic  press,  with  a  capacity  of  1 1  MN  force.  Alloy  AF-2  was  extruded 
below  the  beta  transus  at  840°C,  near  the  tnmsus  at  975‘’C,  and  in  the  beta  phase  field  at  ITfXfC. 
AF-2M  powder  produced  from  bodt  small  and  large  atomiziers  was  extruded  at  1200°C 

IVo  heat  treatments  were  evaluated.  Heat  treatments  were  pvat  the  mechanical  test  samples  at 
the  stage  where  they  were  cylindrical  blanks,  prior  to  machuiing  the  gauge  section.  Sables  of 
all  process  combinations  were  given  a  beta  solution  plus  age  heat  treatment  of  11S0°C  for  2 
hours,  helium  quench,  plus  600°C  for  8  hours.  Additionally,  samples  of  beu  jxocessed  material 
were  heat  treated  by  a  simple  age;  600°C  for  8  hours.  The  cooling  rate  for  die  helium  quench 
was  measured  to  be  about  10°C/sec  to  under  900°C. 

Results 


Microsmicture  Develomnent 

The  microstructure  of  powder  particles  from  the  large  and  small  atomizers  are  different  The 
structure  of  small  atomizer  powder  particles  is  very  homogeneous  —  martensitic,  with  fine 
equiaxed  prior  beta  grains  and  scattered  regions  of  a  second  phase  which  appears  to  be  a  result 
of  solk^cation  segregation.  Figure  la.  Powder  particles  from  the  large  atomizer  have  a  coarse, 
dendritic,  inhomogeneous  microstructure.  Figure  lb;  the  interdendritic  region  was  analyzed  by 
X-ray  energy  dispersive  analysis  to  be  rich  in  Er.  These  differences  persist  after  HIP. 

The  heat  treated  microstructutes  of  AF-2  and  AF-2M  extrusions  show  the  influence  of  the  pow¬ 
der  microstructure  and  prior  processing  conditions.  Beta  solution  plus  age  heat  treatments  do 
not  eliminate  differences  between  alloys  processjKl  below  or  above  their  bra  tiansitioa  tempera¬ 
tures  or  between  alloys  produced  from  tiie  two  different  atomizers. 

Figure  2  displays  the  microstructures  of  tiie  840°C,  975V  and  1200°C  extrusions  of  AF-2  made 
from  small  atomizer  powder.  The  840*’C  extrusion  has  a  colony  microstructure,  vdiere  the 
colonies  are  about  20  pm  in  size  and  randomly  oriented.  The  975*^  extrusion  consists  of  a 
colony  alpha  microstructure,  and  the  colonies  appear  somewhat  larger  and  aligned  with  the  ex¬ 
trusion  direction.  The  structure  of  the  120(FC  extrusion,  with  a  beta  solution  plus  age  heat  neat- 
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Figure  2.  AF-2  extrusions.  A)  840“C,  S+A;  B)  975"C.  S+A;  C)  I200®C.  S+A;  D)  1200*C.  DA. 
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Figure  1.  AF-2  powder.  A)  small  atomizer.  B)  large  atomizer. 
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ment,  chiefly  consists  of  large  alpha  colonies  fwmed  within  elongated  prior  beta  graiits.  The 
structure  of  the  1200°C  extrusion  after  a  ample  age  consists  of  bands  of  dpha  plates  align^  ap- 
ptoxitnately  akm^  the  extrusion  direction;  outside  of  these  bands,  there  ate  alpha  plates  orientra 
randomly.  The  nuctostructure  of  the  1200°C  extrusion  (tfAF-2MfitDm  small  atoouzer  powder  is 
similar  to  that  AF-2. 


AF-2M  extrusions  made  from  lai;ge  atomizer  powder  are  di»layed  in  Hgure  3.  Afierabetaso- 
lution  plus  age  heat  treatment,  the  microstiucture  consists  of  prior  beta  prains  containing  a 
V^dmuistitten  alpha.  After  a  simple  direct  age  heat  treatment,  the  stnicture  is  mixed,  with  re¬ 
gions  of  aligned  alpha  plates  in  elongated  beta  grains  and  other  regions  of  huge  prior  bM  grains 
and  WidmanstStten  ali^ 


IngureS.  AF-2M  large  atomizer  IMO^  extrusions:  A)  S+A;  B)  DA.  •— 40  pm— t 


Mechanical  Properties 

Ibnsile  tests  were  conducted  at  room  tenmerature  in  air  and  at  6S0T  in  a  vacuum.  Qeepiests 
were  conducted  in  static  argon  at  6S0°C/138  MPa. 

Small  Atomizer  AF-2.  The  role  of  extrusion  temperature  and  heat  treatment  can  be  seen  in  the 
results  for  the  small  atomizer  AF-2  material.  The  tensile  and  creep  test  results  for  AF-2  u  a 
function  of  process  condition  are  listed  in  Table  n  and  Ihble  m,  respectively.  For  the  case  of 
beta  solution  plus  age  heat  treatment,  the  hi^st  tensile  strengths  are  achiet^  for  extiusioo  at 
975*’C.  Hie  direct  age  heat  treated  1200°C  extiusion  also  has  overall  highest  tensile  strengths, 
with  a  1200  MAt  yield  strength  at  room  tenqteratuie  and  an  880  MPa  yield  strength  at  6S0°C 

Ihblen.  Tensile  bdiavior  of  small  atomizer  AF-2. 


Ext  HeatHeatment 
XamL  fTFi 

IbstTemp. 

I 

Held  Strength 
ksi  MPa 

Ultimate  Strengdi 
ka 

Ductiliiy 

%EL 

840°C  11S(V600 

RT 

RT 

150.4 

1050.5 

155.1 

1083.4 

3.5 

10.2 

(2102/1112) 

650 

1202 

80.2 

560.2 

95.9 

669.9 

20.8 

34.0 

975‘C  1150/600 

RT 

RT 

170.9 

1193.7 

181.7 

1269.2 

7.5 

9.3 

(2102/1112) 

650 

1202 

104.1 

727.1 

123.9 

865.4 

10.8 

12.1 

1200°C  1130/600 

RT 

RT 

145.9 

1019.1 

154.1 

1076.4 

4.3 

5.6 

(2102/1112) 

650 

1202 

93.7 

654.5 

106.7 

745.3 

6.1 

11.7 

1200^  600 

RT 

RT 

172.4 

1204.2 

182.9 

1277.6 

4.9 

9.2 

(1112) 

650 

1202 

126.3 

882.2 

142.0 

991.9 

4.8 

10.9 

The  highest  ciera  life  is  achieved  for  the  beta  extruded  material  given  a  beta  solutioa  plus  age 
heat  treatment  there  is  an  amroximate  seven-^old  increase  in  ome  to  0Jt%  cren  ooamtting 
the  840‘*C  extrusion  to  the  1  aXFC  extrusion.  The  creep  behavior  of  the  840”C  and  1200X  ex¬ 
trusion  are  displayed  in  Figiue  4.  The  840°C  extrusion  displays  a  nearly  constant  creep  rate, 
while  the  1200^  extrusion  di^Iays  a  creep  rate  monoionically  decreasing  with  time. 
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Tible  IIL  Creq>  pnq)cnies  small  atomizer  AF-2  at  650^1 38MPa  (1202®F/20ksi),  static  aixon. 


Extrusion 

Heat 

Hours  to  Percent  Oreep 

Creep  rate 

ThttmtntuK 

TVeamicnr 

JLl 

J22 

-OS 

_LQ 

%/llOlff  - 

MTC 

1150/600 

0.8 

3.1 

18.4 

64.2 

8.4  X  10-3 

9rjs>c 

llSO/600 

1.9 

5.9 

30.5 

95.7 

4.6  X  10-* 

1200PC 

1150/600 

5.1 

23.6 

197.5 

853.6 

4.2  X  10-^ 

1200PC 

600 

4.6 

20.1 

129.2 

423.1 

6.6  X  10-^ 

200  400  600  800  1000  1200 

Hours 

Figure  4.  Creq>  rate  of  AF-2  at  6S0°C  and  138  MPa. 


■Nmaii  ann  i.jrge  Atomizer  Ar-:zM.  The  tensile  and  creep  properties  of  AF-2M  extruded  at 
1200°C  are  listed  in  Tables  IV  and  V,  re^)ectively.  With  reference  to  the  tables,  the  tensile  and 
creep  behavior  of  small  atomizer  AF-2M  is  similar  to  that  of  small  atomizer  AF-2.  viz.  thebea 


solution  plus  age  heat  treatment  displays  lower  tensile  strength  and  higher  creep  resistance  com¬ 
pared  with  the  direct  age  condition.  However,  for  large  atomizer  AF-d4,  the  duect  age  creq)  re¬ 
sistance  is  greater  than  the  solution  plus  age  heat  treatment.  Also,  while  the  strull  atomizer  ten- 
^  strengths  are  about  the  same  as  lar^  atomizer,  the  creq>  resistance  of  small  atomizer  AF-2M 
ismuchgreatCT.  The  time  to  0.2%  plastic  creq>  is  3  to  6  times  greater  for  small  atoituzer  material 
compared  to  large  atomizer  rnaterial.  Finally,  comparing  smallaiomizer  AF-2  to  small  atomizer 
AF-2M  (TaUe  ul  to  Table  V),  AF-2M  di^lays  inoptoved  creep  resistance,  with  about  twice  the 
time  to  0.2%  creep. 


Young’s  modulus  of  material  processed  by  the  different  routes  wu  calculated  from  sound  veloci- 
ty  measuteinents  (10).  The  results  ate  listed  in  IhUe  VL  The  highest  moduli  are  obtidned  for 
12(XFC  exutisions  given  a  direct  age  heat  treatment  and  for  die  975°C  extrusion  given  a  b(M  so- 
ludon  and  age  heat  tteaunent  Coiqiiribly  processed  small  atomiaer  material  has  hijto  moduli 
than  large  atomizer  muerial;  companbly  processed  AF-2M  has  highCT  moduli  than  A^2. 
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TbtdelV.  Tensile  behavior  comparison  of  small  and  large  atomizer  AF-2M. 


Heat  Treatment  TsstTemp.  Yield  Strength  Ultimate  Strength  Ductility 


!CJ3Q_ 

%RA 

3C 

I 

ksi 

MPa 

ksi 

MPa 

ml 

Small 

11S(V600 

RT 

RT 

140.2 

966.7 

153.1 

1055.6 

8.5 

13.4 

atomizBr  (2102/1112) 

650 

1202 

106.9 

737.1 

112.8 

777.8 

8.3 

19.6 

Small 

600 

RT 

RT 

173.9 

1199.0 

177.0 

1220.4 

1.4 

3.7 

atomizer 

(1112) 

650 

1202 

129.0 

889.46 

140.5 

968.8 

5.2 

6.8 

Large 

1150/600 

RT 

RT 

135.7 

935.7 

146.8 

1012.2 

6.0 

13.4 

atomizBr  (2102/1112) 

650 

1202 

81.5 

561.9 

98.6 

679.9 

11.0 

18.0 

Large 

600 

RT 

RT 

172.5 

1189.4 

173.9 

1199.0 

3.9 

5.7 

atomizer 

(1112) 

650 

1202 

116.6 

804.0 

131.0 

903.3 

5.8 

8.1 

'DMe  V.  Creep  properties  conqrarison  of  large  and  small  atomizer  AF-2M  at 
65(mi38MPa  (1202°F/2(Mcsi).  static  argon. 


Heat 

Hours  to  Percent  Creep 

Creep  rate 

Powder 

Treatment 

-iU 

JL2 

-QA 

_LQ 

4fc/hour 

Small  atomizer 

1150/600 

8.4 

48.6 

581.3 

>1800 

2.7  X  10^ 

Small  atomizer 

600 

10.9 

43.3 

mn 

894.2 

5.5  X  10^ 

Large  atomizer 

1150/600 

1.4 

6.7 

102.0 

705.1 

3.8  X  lO-* 

Large  aoxnizer 

600 

2.5 

16.7 

191.4 

631.0 

9.0  X  10^ 

IhUe  VL  Young’s  modulus  of  alloy  and  process  variations. 


Extrusion 

Heat 

Longitudinal 

Transverse 

Max  Tmmerature 

Treatment 

(zCa 

Mri 

GPa 

Small  atomizer  AF-2 

84(FC 

115(m600PC 

121.5 

17.6 

122.7 

17.8 

Snudl  atomizer  AF-2 

975T 

ll50Xy600PC 

127.4 

18.5 

115.1 

16.7 

Small  atomizer  AF-2 

1200^ 

ii50'Y:/eoo^ 

124.2 

18.0 

119.1 

17.3 

Small  atomizer  AF-2 

1200^ 

600^ 

127.4 

18.5 

109.1 

15.8 

Small  atomizer  AF-2M 

1200°C 

llSO'XTbOO^ 

126.3 

18.3 

121.6 

17.6 

Small  atomizer  AF-2M 

1200^ 

600PC 

128.8 

18.7 

110.9 

16.1 

Large  atomizer  AF-2M 

120(FC 

1150'X760(fC 

124.9 

18.1 

122.9 

17.8 

Large  atomizer  AF-2M 

VXffC 

600PC 

126.9 

18.4 

111.2 

16.1 

The  84(y*C  extrusion  with  a  beta  solution  plus  age  microstructure  consists  of  fine  prior  beta 
mins  containing  an  alpha  colony  structure.  At  the  840^  extrusion  temperature  that  was  lilde 
beta  phase  present;  beta  ^n  growth  on  heat  treatment  was  retarded  by  die  diqiersoids.  The 
modulus  of  a  polyoystalUne  titanium  alloy  is  a  strong  function  oi  crystauographic  textme,  with 
basal  textures  having  hi^er  moduli  (11).  The  Young’s  modulus  measurements  in&ate  no 
strong  texture  for  the  840^  extrusion.  For  the  97S'X1  extrusion  given  a  beta  solution  pins  age 
heat  treatment,  the  Young’s  modulus  pa^el  to  the  extrusion  directioo  is  higher  than  that  nans* 
verse  to  the  extrusion  direction,  indicating  a  strong  [0001]  texture.  This  texture  can  arise  from 
the  beta  phase  present  during  the  97S%  extrurion  developing  an  [011]  texture  whose  effects  per¬ 
sist  dirough  the  subsequent  beta  solution  plus  age  heat  treatment,  yielding  the  fbial  [0001]  al^ 
phase  texture  via  Burgers’ relationship  (12).  Thel200^extrosionsafteradiiecta^hetttteai- 
mem  also  exhibit  Young’s  moduli  similw  to  the  975*C  extrusion,  plus  a  microfBuctnre  of  a^ha 
plates  aligned  along  the  extrusion  direction  —  both  indicating  strong  textioe.  The  prior  beta 
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psins  in  die  direct  aged  1200°Cextnisionsarelargerihandioseindiek)werteinpentureextni- 
sions,  and  are  elongated  in  the  exinision  dmcdon.  The  thennal  exposure  prior  to  the  120(fCex- 
trutioo  may  have  coarsened  the  diqiersoids  enough  to  pennit  tome  beta  grain  growth.  The 
1200%  extrusion  given  a  beta  solution  ^us  age  beat  treatment  has  a  lower  Young’s  modulus  par¬ 
allel  to  the  extrusion  directioo  than  the  direct  aged  material — consistent  with  some  texture  bmg 
lost  from  the  heat  treatment 

The  material  from  large  atomizer  powder  shows  some  effects  of  the  inhomogeneous  powder  mi- 
crostructnre.  The  large  atomizer  1200%  extrusions  have  lower  Young’s  moduli  tto  material 
from  the  snuU  atomizer.  Beta  grain  sizes  from  the  large  atomizer  maieiw  are  mudi  larger,  beta 
grain  growth  appears  to  have  been  unrestrained  in  the  r^ions  free  of  dispetsmds,  and  ^  a  pro¬ 
cess  mnilar  to  secondary  recty^lizaiion,  grains  achieved  Is^  sizes.  Ttea^iha  plate  structure 
within  these  large  beta  grains  is  basketweave,  since  nucleation  and  growdi  of  alpha  widiin  the 
grains  could  occur  before  colonies  of  alpha  plates  growing  inward  from  the  boundaries  could 
transfrum  the  grain. 

Mechanical  pnmetties  as  a  function  of  extruaon  tengietature  and  heat  treatment  of  two  coouner- 
dal  titanium  alloys  are  similar  to  these  results  (13),  where  tensile  strengths  are  highest  for  beta 
extrusion  and  dirm  age.  High  tenrile  strengths  occur  in  directions  of  textured  nuSnial  para^ 
to  the  [0001]  (11,14). 

The  size  and  shape  of  p^  beta  grain  boundaries  have  an  effect  on  cicep  resistance.  Thelarge, 
elongated  prior  beta  grains  {uoduced  by  beta  extrusion  would  be  expect^  to  inqirove  creep  re¬ 
sistance.  For  large,  equiaxed  prior  beta  graw,  transformed  beta  microstructures  are  more  creep 
resistant  than  alpha  plus  beta  heat  treated  miciostructures  (15, 16).  A  nuciostructure  of  elongat¬ 
ed  prior  beta  grains  is  more  creep  resistant  than  one  of  equiaxed  prior  beta  grains  (17).  AF-2 
and  AF-2M  contain  Si  or  Si-tOe  as  a  strain  a^g  addition.  ThestrengeribenrAnalc^ectof  sili¬ 
con  is  achieved  when  it  is  in  solution  (18, 19).  Aging  an  alloy  and  ptecipitaiingsilicides  reduces 
creep  resistaiice  (19, 20).  Thecoolingnteaftcrexirusion  would  be  sufficiently  slow  to  permit 
initiatian  of  silicide  precipitation.  Since  a  direct  aging  heat  treatment  would  not  put  silicon  bade 
into  solution,  while  aba  solution  plus  age  heat  treatment  would,  higher  creep  tesisnuice  would 
be  obtained  with  a  be*  xilution  heat  treatment. 

Summary 

Beta  processing  and  beta  solution  plus  age  heat  treatment  of  a  dimersoid  containing  H  alloy  can 
produce  material  with  1056  MPa  RT  ultunate  strength,  776  MPa  650%  ultimare  stiengdi,  and  49 
hour  0.2%  cte^  life  at  650%,  138  MPa.  The  alloy  develops  a  strong  crystallomihic  texture 
bybetapiocessmg.  Beta  grain  growth  is  restrained  when  diqrersoid  distribution  u  uniform. 
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CREEP  BEHAVIOR  OF  TI-24Ai-11Nb 
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The  University  of  Dayton  Research  institute 
SOOCoHege  Park 
Dayton,  Ohio  45469^128 


Abetract 

Creep  behavior  of  a  B-heat  treated  Ti-24Ai-11Nb  has  been  studied  over  the  temperature 
range  of 550-800*C.  Smooth  round  bar.  threaded-end  specimens  were  used  for  tensile  creep 
tesong.  Tests  were  conducted  both  in  laboratory  air  and  an  inert  environment  of  a  vacuum 
of  10'*  torr  to  investigate  the  role  of  envirotment  An  abnormal  amount  of  surface  cracking 
ali  over  the  gage  length  was  observed  on  tests  conducted  in  laboratory  air,  the  density  of 
which  reduced  wHh  decieasirH)  temperature  with  very  litlle  cracking  observed  at  550^. 
Substantiai  reduction  in  surface  cracking  and  an  increaae  In  rapture  He  were  noticad  virhen 
similar  tests  were  conducted  on  electropolished  specimens.  There  was  no  evidence  of 
surface  cracking  on  test  conducted  in  vacuum.  It  appears  that  the  cracking  is  mainly  oxide 
induced  and  the  oxktotion  of  titanium  akiminide  is  enhanced  by  surface  residual  stress.  The 
apparent  acilvaflon  energy  Qc  was  detennined  to  be  nearly  70.0  ICcaMnole.  A  study  of  stress 
dependence  of  steady  state  creep  rate  produced  a  value  of  3.88  tor  the  stress  exponent 
Detailed  SEM  analysis  of  the  creep  rufMured  specimen  was  conducted  to  understand  the 
failure  mechanism:  Failure  in  vacuum  was  found  to  be  intergranular  which  apparently  results 
from  the  separation  of  the  prior  beta  grain  boundaites.  In  contrast,  the  laboratory  air  tested 
specknen  failed  In  a  transgranuiar  manner.  Ttie  faSure  initiated  from  the  embrittied  surface 
crack.  TEM  observaUon  indtoated  Intense  slip  aGth%  with  most  of  the  dislocations 
homogeneously  distrtMtod.  Oear  Mtoattons  of  cross  siptoilmb  were  observed.  Non-basal 
disiocations  were  also  tound  to  parOdpate  in  toe  creep  defbrmalions.  The  results  of  these 
tests  and  suggestod  mechaniems  of  ftOure  wn  be  dbcussed. 


Introduction 


The  titanium  alumlnide  family  of  materials  has  a  good  combination  of  properties,  such  as  low 
dendty  coupled  with  good  mechanicai  propel  at  elevated  temperatures.  Titanium 
akiminides  temperature  capablWes  are  much  higher  toan  those  of  conventional  tttanium 
aHoys  and  they  have  a  higher  ratio  of  strengto  and  modutos  to  densily  than  oonventfonai 
superalloys  (1).  These  attractive  properties  have  inade  these  aluininides  prlnw  carxldates 
tor  both  static  and  rotating  componants  of  aerospace  structure  at  tompetaiures  uplo  750*C 
(2).  But,  apart  from  their  good  elevated  temperature  mechanical  properties,  they  must  exhtolt 
good  elevteed  temperature  environmental  resManee,  before  th^  can  be  recommended  for 


such  appftoalions. 


_ "n  ^ 
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Preliminary  study  on  the  elevated  ten^jerature  mechanical  behavior  has  shown  that  their 
deformation  and  failure  modes  are  very  sensitive  to  environment  under  monotonic  loadng  (3). 
Such  behavior  poses  a  major  concern  in  the  development  of  this  class  of  materials  for 
elevated  temperature  gas  turbine  engine  application.  Inteiiigent  use  of  these  materials 
requires  the  ability  to  predict  the  life  of  the  component  under  senrice  conditions.  The  current 
push  to  use  these  materials  at  elevated  ten^ature  over  a  long  period  of  time  has  drawn 
attention  to  the  time-dependent  (creep)  elevated  temperature  response  of  high  temperature 
titanium  alloys  and  intermetalllcs.  Therefore,  a  detailed  investigation  was  conducted  to 
understand  the  elevated  temperature  creep  behavior  as  weli  as  the  role  of  environment  on 
sustained  load  behavior  of  a  representative  Ti-24AI-11Nb  aluminide. 

Material 


The  material  used  in  this  study  was  a  representative  alpha-2  titanium  aluminide  Ti-24AI-1 1  Nb 
(atomic  percent).  The  material  was  obt^ned  in  the  fomn  of  7.62  cm  (3.0  In.)  thick  forged  slab. 
The  slab  was  aoss-rolled  at  1 038°C  (ISOO^Fidown  to  a  thickness  of  4.06  cm  (1 .6  in.)  plate. 
The  plates  were  then  beta  annealed  at  117^C  (2150*F)  for  30  minutes  and  cross  rrHied 
further  to  a  thickness  of  1.14  cm  (0.45  in.).  The  plate  was  then  given  a  two-step  heat- 
treatment  consisting  of  a  beta  solution  at  1 149°C  (2100°F)  for  one  hour  in  vacuum,  folkrwed 
by  forced  cooling  with  argon  and  a  760*C  (1400‘F)  age  for  one  hour  in  vacuum.  This 
produced  a  two-phase  equlaxed  basket-weave  Widmans&ten  morphology  witti  no  preferred 
orientation.  The  resulting  microstructure  is  shown  in  Fig.  1 .  The  prior  b^  grain  size  was 
approximately  1.00  mm  in  diameter. 


Figure  1  -  Representative  Mterostnicture  of  Tf-24-AI-11Nb. 

Specimens  used  for  this  investigation  were  machined  from  the  plate  In  the  longRudkial 
direction  of  the  final  rolling.  The  specimens  were  fatxicatsd  In  the  form  of  threaded-end, 
smooth  round  bar  and  had  an  overeH  length  of  101.6  mm  (4.0  hi.),  a  gage  ien]^  of  31.75 
mm  (1.25  In.)  and  a  gage  diamelsr  of  6.35  mm  (0.25  hi.).  The  gage  section  of  most  of  ttie 
specimens  were  polished  with  600  grRsiHoon  carbide  paper  in  the  tongHudbialdheclion.  This 
was  done  to  remove  any  drcumfereniial  hiarks  left  behind  during  final  machining  and 

to  ensure  a  uniform  surface  finish.  A  selected  belch  of  specimens  were  eiectropofishad 
further  to  remove  possUe  residual  stress  induced  (during  machining)  Ipyer.  The  laboratory 
air  creep  testing  was  conducted  using  an  Archweid  susiahied-load  creep  frame. 
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The  vacuum  tests  were  conducted  using  a  CENTORR  furnace  which  was  Incorporated  into 
an  Archweld  creep  frame.  The  typical  vacuum  during  the  test  was  of  the  order  of  10*  torr. 
The  creep  elongation  was  measured  using  a  specially  designed  extansometer  which  detects 
axial  elongation  with  a  linear  variable  dMtarenti^  transducer  (LVDT).  The  gage  length  was 
nominally  25.4  mm  (1  in.).  The  creep  elongation  was  continual  monilored  through  a 
microprocessor.  After  each  test,  the  fdM  specimen  was  extensively  analyzed  to  understand 
the  fracture  mechanism. 

Results  and  Discussions 

The  results  of  the  creep  tests  conducted  in  Udsoralory  air  at  SSOX).  650*C,  700*0,  and  750*0 
and  a  stress  of  245  MPa  is  shown  in  Fig.  2.  The  effect  of  bwreasing  temperature  on  the 
steady  state  creep  strain  and  rupture  life  can  be  dearly  seen.  The  higher  temperature 
resultMl  in  incrsa^  creep  rate  and  shorter  rupture  Bfe.  An  activation  energy  of  nearly 
70kcal/mole  was  obtained  from  the  steady  state  creep  rate  values  derived  from  test  results 
shown  In  Fig.  2.  Similar  values  were  obtained  from  temperature  incremenVdecrement  tests. 

TEMP  EFFECT 


Figure  2  -  Effect  of  Temperature  on  Oreep  Behavior  of  Ti-24AI-1 1  Nb  at  under  a 
sustained  stress  of  245  MP& 

For  ail  tests  conducted  in  laboratory  air,  an  abnormal  amount  of  drcumferenUai  cracking  all 
over  the  gage  length  of  the  spedmen  was  observed.  Figure  3  shows  such  suttaoe  cracking 
on  a  spedmen  creep  tested  at  700*C  and  at  a  stress  of  245  mPa.  A  substantial  reduction 
in  surraoe  cracking  was  noticed  as  shown  in  Fig.  4,  by  removing  nearly  5  mils  of  the 
spedmen  surface  by  electro-polishing.  Figure  4  shows  the  gage  section  of  an  electropolished 

rimen  tested  at  700”C  and  at  a  stress  of  245mPa.  At  the  same  time  the  creep  resistance 
improved  as  shown  in  Fig.  5.  Similarly,  the  surface  of  the  specimen  tested  in  vacuum 
had  negligible  or  no  surface  cracking.  This  Is  shown  in  Fig.  6.  Absence  of  surface  cracking 

wasalsonotedwhentestwa8conductedlniaboratoryairatalowlemperatureof550*C(4}- 

It  appears  that  both  the  surface  residual  stress  and  the  environment  contribute  to  the  surface 
cracking  during  creep  testing.  However,  the  role  of  environment  appears  to  be  more 
dominant  as  suggested  by  test  results  in  vacuum  and  laboratory  air  test  at  S50*C.  AppwenUy 
the  cracking  of  titanium  aluminide  Is  enhanced  by  surface  residual  stress. 
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The  effect  of  anvironrnent  on  the  creep  of  Ti'24Ai'11  Nb  was  Investigaled  by  compering  creep 
behavior  from  tests  conducted  in  laboratory  dr  wtth  a  ser^  of  tests  oMKiucled  in  a  vacuum 
of  neatly  Iff*  torr.  Tests  were  conducted  in  the  two  environments  under  simiiar  condWons 
of  temperature  and  load.  At  all  test  temperatures  (650, 700, 750,  and  800*C),  the  steady 
state  creep  strain  rate  was  found  to  be  line  higher  in  vacuum  than  in  laboratory  air.  One  of 
the  representative  plot  is  shown  in  Fig.  7  which  compares  the  creep  behaviors  obtained  from 
test  conducted  in  laboratory  air  and  vacuum  at  800°C  and  at  a  stress  of  138.0  MPa.  SimHar 
results  were  obtained  at  OSO'C,  700*0  and  750*0  [4].  This  behavior  is  contrary  to  creep 
behavior  observed  in  most  metalHc  materiais  [5,6].  This  unusual  behavior  is  difficuft  to 
understand.  However,  the  fractographic  analyst  of  the  tailed  specimen  provides  some 
insight  to  this  unusual  behavior. 


Figure  7  •  Creep  Behavior  of  Ti-24Ai-11Nb  at  800*0  for  a  Stress  of  138  MPa. 


Figure  8  shows  the  fracture  surface  of  a  specimen  tested  in  laboratory  air  at  700*’C.  The 
failure  appears  to  be  transgranular.  Hi(^  magnificalion  rf  the  niplured  surface,  shown  in 
Fig.  9,  shows  the  toilure  mode  to  be  a  mixture  of  dea^e  and  ductiie  tearing,  (n  contrast 
the  fracture  surface  observed  on  specimen  tested  in  vacuum  at  700*’C,  as  shown  in  Fig.  10, 
reveals  an  intergranular  mode  of  faMure.  The  Intergranuiar  cracidng  and  a  higher  creep  rate 
in  vacuum  is  postulated  to  be  the  re«jlt  of  selective  oxidation  of  grain  boundartos.  In 
laboratory  air,  the  abundance  of  oxygen  leads  to  a-case  tormadon,  which  under  load  results 
in  extensive  cracMng.  Fig.8showsvieevidenoeofsuchcracMng.  The  cracMng  initetes  at 
multipfe  sites,  but  over  time  a  sfrigto  crack  tjeoomea  dominant  feadtog  to  the  taiiure  of  the 
specimen.  The  extensive  cracidng  causes  a  reduction  in  the  ettective  stress  intensity  (the 
parameter  controlling  the  growth  of  the  crack)  at  toe  tip  d  the  dominant  crack.  Thus,  the 
growth  of  toe  leadfrig  crack  is  slowed,  whidt  translates  to  a  lower  creep  rate  compered  to  that 
obttened  from  specimen  tested  in  vacuum  (which  showed  no  sign  of  ciroumfersnflai  cracking) 
under  similar  condition.  At  the  same  tkne,  toe  stress  concentration  near  toe  Up  of  such  crack 
leads  to  toe  cleavage  Nka  transgranular  faNure.  This  aspect  la  discussed  in  more  detaH  In 
another  paper  In  this  volume. 


m 


Figura  8  •  Maonnoopic  V)«w  of  CrNp  Ruptured 
Surlaca  TaiM  in  Ak  «  700*C. 


Fiipjre  8  -  Indkalion  of  DucWty  on  Creap  Ruptured 
Spadman  Tanad  in  Ar  at  700^:. 


Rgu*  10  •  Maetoaoopie  via«t  of  Creap  Hup*ired  Surtdca  Taal«l  h  Vlaaium  at  700^5. 
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TEM  analysis  of  the  creep  ruptured  specimens  showed  intense  dislocation  activity.  Figure 

11  shows  the  dislocation  structure  in  a  specimen  creep  tested  at  650°C  in  air.  The 
dislocation  density  was  quite  high  and  apparently  several  slip  systems  were  active.  By  using 
basal  (0002)  reflection,  the  activity  of  slip  in  the  nonbasal  plane  was  also  revealed.  Figure 

12  shows  a  set  of  parallel  dislocations  in  the  nonbasal  plane.  Indicating  that  nonbasal  slip 
ivas  also  contributing  to  the  deformation.  Similar  dislocation  structure  was  observed  in 
specimen  creep  tested  at  700,  750  and  800°C.  At  higher  temperatures  the  climb  was  found 
to  be  ntore  prevalent. 
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Abstract 

The  newly  developed  Beta-21S  (P-21S)  titanium  alloy  is  the  leading  candidate 
matrix  material  for  the  metal  matrix  composite  skin  surface  of  the  National 
Aerospace  Plane  (NASP).  However,  information  regarding  the  relationship  between 
mechanical  properties  of  P-21S  and  microstructure  is  currently  limited.  This  paper 
presents  a  detailed  microstructural  and  mechanical  property  characterization  of  the 
P-21S  titanium  alloy.  The  microstructure  and  phase  relationships  obtained  using 
TEM,  SEM  and  X-ray  diffraction  techniques  are  related  to  the  mechanical 
properties;  specifically  tensile  and  shear  data.  The  improved  definition  of  the 
relationship  between  microstructure  and  mechanical  properties  increases 
understanding  of  the  P-21S  material  and  will  aid  in  optimization  of  both  the 
monolithic  material  behavior  and  metal  matrix  composite  performance.  Results 
shows  that  the  as-received  P-21S  is  essential  a  single  phase  beta  titanium  alloy. 
Further,  the  as-received  P-21S  has  excellent  room  temperature  mechanical 
properties.  With  a  thermal  exposure  in  air  to  which  it  might  be  used  (750*C  for  4.5 
hr),  surface  oxidation  occurs.  This  oxidized  region  is  a  prefered  site  for  crack 
initiation,  causing  a  decrease  in  mechanical  properties. 

Intraduction 

Advanced  materials  with  enhanced  physical  and  mechanical  properties  are  the 
key  to  technological  improvement  in  system  performance  for  demanding  aerospace 
applications  [1-4].  Key  material  characteristics  include  low  density,  good  high 
temperature  strength,  fracture  behavior,  environmental  resistartce  and  high 
stiffness,  in  addition  to  room  temperature  mechanical  properties  and  reasonable 
cost.  Metal  matrix  composites  (MMC's)  are  especially  useful  in  demanding 
aerospace  applications.  Strength  and  stiffness  of  the  MMC's  (reinforced  with  a 
ceramic  fiber  such  as  SiC)  are  enhanced  compared  to  monolithic  material.  Because 
of  the  attractive  characteristics,  titanium  and  its  alloys  are  the  material  of  choice 
for  MMC's  in  the  370-980*C  temperature  range  [5]. 

The  most  important  attributes  required  by  the  titanium  matrix  alloy,  using  a 
foil-fiber-foil  approach,  are  easy  producibility  as  foil,  oxidation  resistance,  good 
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elevated  temperature  properties  and  minimal  fiber-matrix  reaction  [4].  To  meet 
these  requirements,  the  P-21  S  (Ti-1 5Mo-2.7Nb-3Ai-0.2Si)  metastable  beta  titanium 
alloy  was  developed  [61.  In  general  metastable  beta  titanium  alloys  exhibit 
excellent  cold  rolling  characteristics  but  their  limitation  lies  in  poor  elevated 
temperature  properties  including  undesirable  oxidation  behavior.  However, 
preliminary  results  show  that  the  P-21Salloy  has  excellent  oxidation  resistance  and 
acceptable  elevated  temperature  properties  [5,7].  Furthermore,  it  possesses  very 
good  corrosion  and  hydrogen  resistance  properties  [6,7].  The  p-21S  is  cold 
rollable,  strip  producible,  formable,  weldable  and  has  excellent  age  hardening 
characteristics  [6,7].  However,  the  mechanical  and  microstructurat  information 
data  base  of  this  new  titanium  aiioy  is  limited  and  must  be  developed  quickly  to 
allow  this  material  to  be  used  with  confidence  in  fuii-scale  production  on  vehicles 
such  as  the  National  Aerospace  Plane  (NASP). 

The  goal  of  the  present  paper  was  to  develop  microstructural  and  mechanical 
property  data  for  the  p-21S  Ti-alloy.  For  this  purpose  tensile  and  losipescu  shear 
testing  of  as-received,  aged  and  thermally  exposed  material  was  conducted.  The 
microstructure  of  the  6-2 IS  alloy  was  correlated  to  the  mechanical  properties  for 
as-recieved,  aged  and  thermally  exposed  specimens. 

Materials  and  Mathodoloov 

The  6-21 S  alloy  was  obtained  from  Timet  Corp.,  Henderson,  NV,  as  a  1 .55  mm 
sheet  in  the  mill-annealed  conditioned.  The  sheet  was  rolled  from  an  ingot  (Heat 
G-1 664)  and  annealed  at  843*’C  for  4  minutes.  The  chemical  composition  (in  wt%) 
of6-21SisTi-16.3Mo-2.94Nb-3.7AI-.2Si-.1(MFo-.22C-.1210-.005N-.0023H.The 
6-21 S  was  thermally  exposed  in  air  at  750'’C  for  4.5  hr  and  air  cooled  to  determine 
the  effect  of  oxidation  on  mechanical  properties  and  to  indicate  the  maximum 
temperature  up  to  which  6*21  S  can  be  exposed  without  unduly  compromising  the 
mechanical  properties.  Further,  various  aging  treatments  were  applM  to  6*21  S  to 
determine  the  effects  of  aging  treatment  on  the  microstructure  and  mechanical 
properties.  Both  longitudinal  and  transverse  specimens  were  prepared.  The 
thermal  exposure  in  air  oxidized  the  6*218  alloy  but  no  effort  was  made  to  prevent 
either  the  oxidation  during  exposure  or  to  remove  the  oxidized  layer  from  test 
specimens  as  this  condition  could  be  the  condition  of  the  material  in  actual  use  [8]. 

The  tensile  testing  of  6*21  S  was  conducted  in  accordance  with  ASTM  standard 
E-8M  [9].  losipescu  shear  testing  was  performed  to  determine  shear  strength  and 
shear  modulus  of  the  6*218  titanium  alloy  at  room  temperature  [101.  A 
laser-displacement  technique  was  used  to  determine  the  coefficient  of  thermal 
expansion  of  6*218. 

Microstructural  characterization  of  the  6*21 8  was  performed  using  optical.  X-ray 
diffraction,  8EM,  and  TEM  techniques.  TEM  was  performed  using  Zeiss  (model 
EM-10A).  SEM  analysis  was  performed  using  Amray  (model  1830). 

Results 


Microstnictural  Characterization 

Figure  1  shows  the  optical  isometric  projection  of  as-received  6*218.  The 
as-received  6*218  appears  equiaxed  and  essentially  single  phase  beta.  Figure  2 
shows  the  SEM  isometric  projection  of  thermally  exposed  6*218  showing  the 


precipitation  of  a-phase  in  the  equiaxed  p  matrix.  To  more  fully  characterize  this 
microstructure,  a  "decoration”  treatment  [11]  was  used  to  clearly  define 
recrystallized  (equiaxed)  and  non-recrystallizad  regions.  The  Beta  transus  of  p-21  S 
is  81 5"C  [5],  thus  a  "decoration"  heat  treatment  of  5  minutes  at  510”C  was  used 


Figure  1.  Optical  isometric  projection  of  as-received  8-21 S. 
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with  the  as-received  materiai.  This  treatment  worked  very  weli  decorating  the  non- 
crystallized  region  causing  them  to  etch  biack  (Figure  3).  The  recrystallized  regions 
of  low  dislocation  density,  were  not  decorated  and  etched  up  white.  Thus,  the 
nature  of  the  as-received  microstructure  was  ciearly  revealed  as  predomirtently 
recrystallized  but  with  some  remnant  non-recrystallized  regions. 

Figure  4  shows  the  x-ray  diffraction  patterns  of  both  as-received  and  thermally 


Figure  3.  Optical  micrograph  of  as-received  P-21  S  after  a  "decoration”  treatment 
of  510®C  for  S  min.  (11),  white  regions  are  recrystallized,  biack  regions 
are  non-recrystallized.  3^X. 
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Figure  4.  X-ray  diffraction  pattern  of  as-received  and  thermally  exposed  P-21S,  a 
and  P  phases  are  represented  by  ”e"  and  "b”,  respectively. 
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exposed  specimens.  The  P-21S  has  a  bcc  structure  with  a=  3.26  A.  With  the 
thermai  exposure,  the  a-phase  precipitated  in  the  P  matrix  during  exposure  and  cooi 
down  (see  Figure  2).  The  (t  lattice  parameter  changes  to  3.24  A  and  the  a-phase 
exhibits  an  hep  structure  with  a=  2.94  A  and  c=  4.74  A.  The  precipite  size  of 
the  a-phase  is  large  as  seen  in  Figure  2  and,  aiong  with  the  equiaxed  p  grains,  is 
expected  to  resuit  in  approximately  the  same  strength  level  as  the  as-received 
material.  The  electron  diffractrion  experiments  confirm  the  structure  and  lattice 
parameter  of  as-received  material  obtained  by  the  X-ray  technique. 

Mechanical  Charactefization 

Tables  1  and  2  show  the  results  of  tensile  and  losipescu  shear  testing  of  the 
as-received,  aged,  and  thermally  exposed  specimens.  It  was  observed  that  with 
the  aging  treatment  tensile  strength  increases  and  the  ductility  decreases  as 
expected.  Additionally,  the  coefficient  of  thermal  expansion  of  p-21S  is  found  to 
be  9.3X1 0'VC  (up  to  370‘’C).  Figure  5  shows  the  aging  curves  of  P-21S  and  it 
is  clear  that  the  p-21S  is  readily  age  hardened  [51.  The  elastic  modulus  of  as- 
received,  aged  and  thermally  exposed  6-21 S  was  found  to  be  in  the  range  of  10.6 
to  14.1  GPa.  With  the  thermal  exposure,  the  tensile  strength  decreases  by  38% 
when  compared  to  peak  strength  achieved  with  an  aging  treatment  (538'’C/8  hr  in 
argon).  As  expected,  the  thermal  exposure  decreases  the  ductility  of  the  6-21S  as 
indicated  by  the  decrease  in  elongation  at  failure  and  reduction  in  area  at  failure. 

PiacuKian 

The  decrease  in  tensile  strength  and  reduced  ductility  after  thermal  exposure, 
compared  to  the  as-received  condition,  can  be  related  essentially  to  the  surface 
condition  of  the  6-21 S.  Figure  6  shows  the  fracture  surface  of  an  as-received 
longitudinal  tensile  specimen  and  the  presence  of  dimples  suggests  a  ductile  failure 
mode.  But  with  the  thermal  exposure,  the  specimen  is  oxidized  at  the  surface 
leading  to  a  reduced  ductility.  Figure  7  shows  the  extent  to  which  the  6-21 S  is 
oxidized.  As  anticipated  this  oxidized  layer  is  brittle  and  a  site  for  crack  initiation. 
Figure  7  shows  that  the  failure  mode  at  this  layer  is  brittle  in  nature  (no  dimples 
present)  until  cracks  from  this  region  propagate  into  the  interior  of  specimen  where 
normal  oxygen  levels  are  present  and  the  failure  mode  is  ductile.  Furtfier,  the  area 
between  brittle  failure  and  ductile  failure  regions  shows  a  shear  failure  mode.  It 
appears  that  once  the  crack  initiates  in  the  brittle  surface  region  it  propagates  at 
45**  in  shear  mode  for  a  short  distance  and  in  the  interior  of  the  specimen  the 
failure  is  ductile  (Figure  7).  The  oxidized  surface  layer  is  the  major  cause  for  the 
decrease  in  ductility.  The  oxidized  layer  does  not  affect  the  shear  strength  as  seen 
in  Table  2  as  the  crack  initiated  at  the  central  region  of  the  specimen  and 
propagated  towards  the  surface  region. 

ConduikMia 

Mechanical  property  determination  and  microstructural  characterization  was 
conducted  on  the  newly  developed  6  titanium  alloy  .*6-2  IS.  Results  show  that  the 
as-received  6-21 S  is  a  single  phase  6  titanium  alloy  which  has  excellent  room 
temperature  mechanical  properties.  With  thermal  exposure  In  air  to  a  temperature 
at  which  it  might  be  subjected,  as  expected,  surface  oxidation  occurred.  The 
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Table  1.  Tensile  test  results  of  Beta-21  S  titanium  alloy. 


Condition  Direction 

YS 

(MPa) 

UTS 

(MPa) 

E. 

(%) 

Aarfscelvad 

Longitudinal 

817 

854 

19.5 

Transverse 

853 

891 

17.3 

AVERAGE 

835 

872 

18.4 

Aged  (53yc/a  Jir  in  arganHSl 

Longitudirtal 

1273 

1345 

8.5 

Transverse 

1310 

1388 

7.0 

AVERAGE 

1292 

1367 

7.8 

Aged  (593*C/8  hr  In  aroonltSl 

Longitudinal 

1012 

1103 

12.5 

Transverse 

1033 

1121 

11.3 

AVERAGE 

1023 

1112 

11.9 

Thermalhr  exposed  (750*C/4.S 
Longitudinal 

hr  In  airl 

810 

6.0 

Transverse 

- 

870 

5.0 

AVERAGE 

” 

840 

5.5 

Table  2.  losipescu  shear  test  results  of  Bet8-21S  titanium  aHoy. 


Condition 

Direction 

Shear  modulus 
(GPa) 

Shear  strength 
(MPa) 

AejecBivBd 

Longitudinal 

4.23 

610 

Transverse 

4.31 

605 

AVERAGE 

4.27 

607 

ThermaBv  exposed  (7S0*C/4.S  hr  In  ak) 

Longitudinal 

- 

624 

Transverse 

— 

627 

AVERAGE 

— 

625 

oxidized  region  is  a  favorable  site  for  crack  initiation  causing  a  decrease  in  overall 
mechanical  properties.  Further.  ^2 IS  is  raadily  age  hardened  and  appropriate 
aging  treatment  produces  good  mechanical  property  combinations.  The 
microstructural  features  observed  in  as-received,  aged  and  thermally  exposed 
^-21 S  material  could  be  correlated  well  with  the  observed  mechanical  property 
behavior. 
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Figure  5.  Aging  curves  of  p-21S  titanium  alloy  151. 


Figure  6.  SEM  micrograph  of  the  failure  surtece  of  es-received  longitudinal 
tensile  specimen,  showing  ductile  failure  mode. 
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Figure  7.  SEM  micrograph  of  the  failure  surface  of  thermally  exposed  longitudinal 
tensile  specimen  of  ^21 S,  showing  brittle,  shear  and  ductile  failure 
mode. 
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OF  AN  IMI685  TITANIUM  ALLOY 
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Abstract 

IMI685  is  a  commercial  near  a  titanium  alloy  for  producing  high  temperature  components  used 
in  aero-space  industries.  The  mechanical  properties  of  the  material  are  highly  dependent  on  its 
microstructute.  1110  latter  is  very  sensitive  to  thermomechanical  processing  and  heat  treatment 
conditions.  A  basketweave  type  of  microstructure  and  a  relatively  small  prior  p  grain  size  are 
considered  to  be  the  key  features  for  achieving  ut  improved  combmtion  of  properties.  The  true 
basketweave  microstructure  has  only  been  infrequently  observed  in  the  past.  It  is  also  very 
difficult  to  refine  the  grain  size.  The  present  investigation  has  employed  various 
thermomechanical  processing  and  heat-reatment  conditions  to  modify  the  microstructural 
features  of  the  material.  The  effects  of  temperature  and  true  strain  rate  are  duly  considered.  Both 
optical  and  transmission  electron  microscopy  has  been  used  to  characterize  the  microstructural 
changes  introduced  by  each  of  the  processing  routes.  The  conditions  for  forming  a  true 
basketweave  microstructute  ate  clarified.  Effective  grain  refinement  has  been  found  to  result 
from  a  lower  (o+p)  processing  route. 


Introduction 

The  near-a  IMI68S  alloy  is  normally  processed  and  heat-treated  in  the  p  phase  field  to 
produce  high  creep  resistance  [1],  which  is  usually  characterized  by  a  lamellar  type  of 
microstructure,  as  shown  in  Fig.l  (a).  The  microstructute  consists  of  colonies  of  a  platelets, 
and  a  few  percent  of  interplaielet  p  layers.  The  colonies  are  confined  within  rdatively  hrge  prior- 
P  grains  (t^ically  O.S  to  2  mm  [1]). 

The  creep  resistance  beneffts  from  both  the  solid-solution  effect  and  the  inhibition  of  a 
platelet  boundaries,  and  colony  boundaries  to  dislocation  movement  [2].  Good  fracture 
toughness  and  fatigue  crack  propagation  tesistatKe  can  also  be  achieved  due  to  the  deviation  of 
crack  path,  crack  branching  or  blunting  by  the  a  platelet  and  boundary  p  layer  [3,4].  Yet,  in 
practice,  the  structure  tends  to  have  a  relatively  low  ductility  and  poor  low-cycle  fatigue  crack 
initiation  resistance,  because  of  its  large  prior-p  grain  size  and  the  ease  of  causing  stress 
concentrations  (or  dislocation  pile-ups)  at  the  boundaries  and  triple  points  [5].  The  properties  can 
be  improved  by  refining  the  prior-p  grain  size  and  the  acolonies,  pi^cularly  when  the  fuie  a 
colonies  develop  such  that  they  frequently  intersect  each  other  forming  a  ba^etweave  type  of 
morphology  [3,6],  as  illustrated  in  Fig.  1(b). 
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(a)  Large  colonized  a;  (b)  Basketweavc  a. 

Fig.  1.  Lamellar  microstructures  in  IMI68S: 

Grain  rafinement  in  titanium  alloys  is  ineffective  by  ot/p  phase  transformation  or  p  processing 
alone,  as  grain  growth  is  very  r^id  in  the  p  phase  field.  It  is  not  known  to  what  extent  the  grain 
size  should  be  reduced,  but  this  does  not  appear  to  be  the  problem  at  present.  The  main  task  is  to 
find  out  a  processing  route  for  the  refinement  of  the  {Hior-  p  grain  size  and  the  production  of  a 
basketweavc  a  microstiucture. 

The  microstructural  moiphology  of  the  material  is  very  sensitive  to  theimomechanical 
processing  and  heat  treatment  cwKtitions,  which,  in  turn,  influence  the  mechanical  properties  of 
the  material  [4,6].  The  basketweavc  type  of  micmstnjctuie.  shown  in  Hg.l(b),  often  leads  to  a 
superior  combination  of  properties  for  the  material.  Eylon  and  Hall  [3],  have  clearly 
demonstrated  an  improved  strength,  ductility,  and  toughness  of  the  basketweave  structure  over 
those  of  other  types  of  colonized  structures.  However,  it  is  not  clear  under  what  conditions  die 
optimum  structure  can  be  obtained.  Air-cooling  was  suggested  by  Assadi  et  al  [6],  to  produce  the 
Ixisketweave  structure.  Howevo-,  many  authors  have  failed  to  achieve  the  true  basketweave 
morphology  during  air-cooling.  In  practice,  the  term  air-cooling  can  mean  very  different  cooling 
rates  for  samples  of  dissimilar  dimensions.  In  another  investigation,  Zhug  and  Yang  [7] 
concluded  that  thermomechanical  processing  was  necessary  mr  such  structure,  but  their 
demonstrated  microstructures  were  not  truly  of  the  basketweave  type.  Instead,  the  large  and  dd^ 
colonized  structures  were  observed  in  dieir  publication. 

In  order  to  determine  an  effective  grain  rennement  route,  and  the  conditions  favouring 
basketweave  formation,  we  have  pursued  a  detailed  microstructural  investigation  throu^ 
thermonmhanical  processing,  via.  isothermal  hot  pressing,  and  hrat-treatment  TIk  effects  of 
true  strain  rate,  processing  temperature,  and  cooling  rate  are  duly  considered.  Most  previous 
investigations  have  either  ignored  the  effect  of  strain  rate,  or  given  an  average  cross-head 
velocity,  because  a  conventional  jness  has  no  control  of  the  parameter.  Here  a  true  strain  rate 
effect  is  presented,  using  a  con^ter-controlled  press.  The  processing  tenqierature  spans  a  much 
wider  temperature  range  than  previously  investigated,  particularly  in  the  lower  (a-ffl)  and  the 
pseudo-single  a  phase  fields. 


EMMiiwnalPhiceriurHi 

Cylindrical  samples,  dia.  SO  mm  x  75  mm,  were  heated  in  the  ^phase  field,  maintained  at 
1050  °C  for  one  hour  to  homogenize,  and  then  allowed  to  cool  down  to  a  forging  temperature, 
and  held  for  another  hour  to  insute  a  uniform  temperature  and  microstructure  before  being 
pressed.  The  processing  conditions  ate  given  in  Tabic  I. 

The  forged  samples  were  then  heat-treated  in  the  p-phase  field  at  1050  °c  for  15  minutes  and 
then  cooled  down  at  a  rate  of  about  3-6  °C/s,  essentially  in  the  ffrst  few  minutes  of  cooling.  This 
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rate  corresponds  to  an  enhanced  air-cooling,  in  contrast  to  a  slower  air  cooling  adopted 
previously  [8]. 

Mkrosouctuial  examination  was  carried  out  on  the  cross-secdon  of  the  samples  paialld  to  the 
direction  of  forging.  The  details  of  ^tecitnen  preparation  for  optical  mkrosct^  arid  TEM  were 
the  same  as  in  tef.[8].  Grain  size  was  detnnuned  by  the  mean  linear  intercept  method. 

«nd  Di-scussinn 

TbeEffect  ofTherinomechanicall¥ocessinyonMictosmictiite 

Samples  from  the  as-received  material  were  cycled  around  the  (a-t^VP  transus,  1020  ‘C,  in  an 
attempt  to  determine  whether  phase  transformation  can  reduce  the  grain  size.  The  procedures  are 
schematically  presented  in  Fig.2,  along  with  the  gr^  sizes.  Tm  results  failed  to  show  any 
structural  reflnement  This  indicates  that  rapid  gmn  growth  in  the  p  phase  field  offset  the 
possible  reflnement  due  to  the  formation  of  new  grains  during  phase  transformation.Thetefore,  it 
is  essential  to  employ  thermomechanical  {xocessing  for  struct^  refinemenL 


Fig.2.  Schenuuk  of  the  thermo-cycling  procedure  around  the  p  transus,  and 
its  effect  on  prior  p  grain  size. 

To  refine  the  final  p  gram  size,  it  is  necessary  to  introduce  sufficient  dynamic  lecrystallizadon 
during  processing  to  refine  the  microstructure.  It  is  equally  important  to  maintain  a  considerable 
numter  of  highly  strained  sites  after  deformation,  for  the  nucleation  of  new  grains  via 
subsequent  phase  transformation.  At  a  given  str8in,both  processing  temperature  and  strain  rate 
are  influential  parameters. 

Temperature  effects  may  be  noter'  horn  Figs.3  (a)  to  (c),  and  (e),  where  the  specimens  have 
been  pressed  at  the  temperatures  ctHiesponding  to;  (a)  the  p,  (b)  the  (a-t-p),  (c)  die  lower  (a+P), 
and  (e)  the  pseudo  a  phase  fields.  These  sunples  were  pressed  at  a  given  strain  rate,  1  x  10*2  /s, 
to  a  given  strain,  S0%,  except  for  that  proces^  u  985  *C,  where  a  higher  strain  rate,  S  x  10~i  /s, 
and  a  larger  strain,  70%,  were  applM  for  later  comparison  (Table  1).  The  structure  of  the  p 
forged  sample  is  dominated  by  la^e  elongated  prior-p  grains,  which  ate  actually  in  the  form  of 
'pan-cakes'  when  one  looks  down  die  forging  direction  [8].  There  ate  also  some  small  equiaxed 
grains  in  die  matrix,  indicating  the  occurrence  of  dynamic  recrystallization  (static  lecrystallization 
is  not  responsible  for  grain  refinement  in  such  titanium  alloys  [2,8]).  However,  the  amount  of 
recrystallization  is  very  limited,  presumably  due  to  a  rapid  dynamic  recovery  at  the  high 
temj^rature  and  the  relatively  slow  strun  rate.  Dynamic  recovery  tends  to  'homogenize'  the 
dislocation  substructure,  and  reduce  the  driving  force  for  lecnrstallization.  The  transformed  p 
consists  of  large  colonized  a  platelets,  similar  to  that  shown  in  rig.  1(a). 

The  (o-i-p)  processed  structure  at  985  °C  shows  sandwiched  layers  of  primary  opiates  and 
transformed  p  grains,  Fig.3(b);  within  each  prior-p  grain  ate  colonized  platelets.  Due  to  the 
existence  of  a  sufficient  amount  of  soft  P  phases  at  this  tenqierature,  some  <»  the  prinuuy  a  plates 
ate  not  yet  broken  up  (recrystallized)  even  at  the  relatively  high  strain,  70%,  and  strain  rate,  5  x 
lO*!  /s.  For  the  lower  (a+p)  pressed  sample  at  970  °C,  Fig.3(c),  the  snucture  consists  of  lath-like 
a  grains,  as  a  result  of  (dynamic)  recrystallization.  It  is  noted  that  the  a  plates  at  the  higher 
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(C) 


(f) 


Fig.  3  Microstructures  after  theimomechanical  processing  under  the  following  conditions: 
(Left)  temperature  (°C)  /  strain  (%)  /  strain  rate  (1/s): 

(a)  1050  /  50/1  X  10-2;  (b)  985/70/5 x  10-2;  (c)  970  /  50/1  x  10-2 ; 
(Right)  temperature,  890  *C,  strain,  50%,  and  strain  rate  ( 1/s): 

(d)  4  X  10-2;  (e)  1  X  10-2;  (f)  i  x  10-3 
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tenq)mture  are  much  thinner  than  the  laths  of  the  lecrystallized  grains  at  the  low»  ten^eratuie. 
This  is  because  the  strain  is  hitter  in  the  former  case. 

At  a  given  temperature,  the  effect  of  strain  rate  on  miciostructure  is  illustrated  in  Hgs.3  (d) 
to  (0.  for  the  pseudo  a  processed  samples.  The  a  plates  are  thinner  at  a  higher  strain  rate. 
Moreover,  there  were  clear  distortions  in  the  a  plates,  which  are  severe  at  a  higher  strain  rate. 
The  distorted  regions  correspond  to  the  areas  of  extensive  local  shear  during  processing. 


(a)  (b) 


Fig.  4.  Typical  microstractures  after  p  solution  treatment  of  a  processed  sanqrle: 

(a)  equiaxed  prior-p  grains,  arid  (b)  the  basketweave  structure  within  a  grain. 


TaUe  1.  Thermomechanical  Processirig  Conditions  with 

the  CtHie^xmding  Grain  Size  after  P  Solution  Treatment 


Temperature 

(”0 

Strain 

(%) 

Strain  Rate 
(1/sec.) 

Grain  Size 
(mm) 

1050 

50 

0.01 

0.953 

985 

70 

0.50 

0.304 

970 

50 

0.01 

0.452 

890 

50 

0.04 

0.406 

890 

50 

0.01 

0J29 

890 

50 

0.001 

0.622 

Grain  size  and  MiCTOStructure  after  B  Heat  Twattnent 

All  the  forged  structures  were  inhomogeneous  and/or  suffered  from  undesirable 
motpholo^.  H^-tieatment  was  conducted  in  the  p  phase  Reid  to  homogniize  the  structure. 
After  the  heat'treatriKnt,  all  the  processed  structures  transformed  into  relatively  uniform  and 
equiaxed  p  grains,  as  seen  in  Fig.4  (a).  The  grain  size  of  the  heat-treated  saiiqrles  is  given  in 
TaMe  I,  along  with  the  corresponding  processing  conditioas. 

It  is  clear  from  Table  I  that  dw  (a+p )  processing  gives  a  relatively  fine  prior-p  grain  size, 
0.452  mm,  at  a  given  strain  rate  (1x10*2 14)  and  strain  (50%).  A  highn  strain  rate  atid  strain  at 
985  •Cresultt  in  an  even  smaller  grain  size,  0.304  mm.  At  the  procewing  temperature  of  890  *C. 
a  Oner  grain  size  resulted  from  a  mgher  strain  rate,  at  least,  in  the  strain  rate  range  investigated  ( 1 
X  10-3  to  5  X  10-*  It). 


The  degree  of  the  lefineinent  of  the  prior-p  grains  is  believed  to  be  the  result  of  the  total 
contribution  from  the  following  factors  :  i)  tte  morphology  and  size  of  the  processed  grain 
structure,  i.e.  the  number  of  high  angle  boundaries;  ii)  the  number  of  dispersed  g  phases 
remaining  in  the  processed  structure;  and  iii)  the  degree  of  stored  strain  energy  priOT  to  p  solution 
treatment  The  greater  tlM  numba  of  hi^-angle  boundaries,  the  slower  the  g^tw  growth  will  be 
during  p  solution  treatment  The  p  phases  aikl/or  high  energy  sites  remaining  in  dw  processed 
structure  are  desirable  for  the  nucleadon  of  p  grains  on  heating  to  the  p  field.  At  the  strain  rate  of 
1  X  10-2  1/s,  the  (a-t-p)  processing  has  led  to  a  finer  grain  structure  widi  a  greater  stored  strain 
energy  thtm  the  p  processing.  Moreover,  die  (a+P)  processed  structure  sho^  possess  a  greater 
numbvof  pnuclei  dian the pseudo-a proces^ sample. Therefim, die prior-p grain aze after p 
solution  treatment  is  the  fin^  for  the  (a-tf)  processed  sariqile.  An  even  stiumer  p  gr^  size, 
obtained  from  the  (a-fP)  processing  at  985  °C,  may  be  attribu^  to  the  relatively  thin  primary  a 
g^s  and  possibly  a  grM  strain  energy  stored  in  the  proces^  structure,  as  a  result  of  the 
higher  strain  rate  and  strain.  At  die  teriqieratare  of  890  *0,  the  higher  the  strain  rate,  the  finer  die 
processed  structure,  the  mere  die  strain  energy,  thus,  the  smaller  the  p  treated  grain  aze. 

A  true  basketweave  type  of  microstructure  was  genented  in  all  tte  processed  satiiples  cooled 
down  at  die  rate  of  3  to  6  °C/s,  as  shown  in  Pig.4  (a).  There  are  very  fi^  o  colonies  intersecting 
each  (^la  within  a  prior  p  grain.  The  fine  a  colonies  can  be  more  clearly  seen  in  Ing.4  (b)  at  a 
higher  magnification. 

The  actual  mechanism  of  forming  the  basketweave  structure  in  the  alloy  is  not  well 
understood.  It  is  (Hcsrody  found  that  the  essential  stqi  to  achieve  the  microstnicture  for  die  alloy 
under  investigation,  is  to  maintain  the  cooling  rate  of  the  processed  sample  in  the  range  of  3-6 
°Cl%  during  the  first  few  minutes  of  cooling. 


Fig.S  illustrates  the  substructures  of:  (a)  an  a  forged  sample  at  890  °C;  (b)  a  p  fenged  sample 
at  IQX  °c,  and  (c)  an  example  from  the  forged  a^  p  heat-treated  sample.  The  a  as-forged 
structure  shows  subgrains  delineated  by  sub-boundary  dislocation  networks  within  an  a  plate, 
typietd  of  a  recovered  structure.  The  p  forged  sample  reveals  large  colonies  of  the  o  platelets,  due 
to  slow  air-cooling  at  a  rate  around  0.3  - 1  °C/s.  The  'star'  sha^  nxnphology  in  Fig,  5<c)  is  a 
good  example  of  the  basketweave  nature  of  the  heat-treated  sample,  ^h  'arm'  of  the  star  is  a 
colony  of  parallel  a  platelets.  It  is  interesting  to  note  that  the  a  colony  has  not  been  fotmed  in 
some  of  the  areas  delineated  by  the  intersecting  colonies,  as  indicated  in  areas  A,  B,  and  C,  in 
Fig.5(c).  These  un-colonized  areas  consist  of  equiaxed  a  subgrains,  surrounded  by  transftmned 
P  phase  [9]. 

This  microstructure  appears  like  a  micro  'cotrqiosite'  of  the  fine  n-colonies  and  the  equiaxed 
(a+transformed  p)  regions  of  a  few  micron  size.  It  may  be  conjectured  that  the  structure 
combines  the  advantages  of  lamellar  structure(good  creep,  toughness,  crack  propagation 
resistance),  and  equiax^  structure  (good  strength,  ductility)  to  give  an  overall  iriqmivement  of 
the  mechanical  prqper^  of  the  material. 

There  existed  an  interplatelet  p  layer  in  the  large  colonized  Widmanstatten  structure,  as 
reported  previously  [8].  For  the  ba^tweave  structure,  tiiis  interplatelet  P  phare  was  also  found, 
as  noted  in  Fig.6,  whm  the  centred  dark  field  image,  Fig(^),  was  from  a  difiracted  beam  of 
the  (1 12)  type  undn  near-two  beam  conditions.  The  p  layer  is  believed  to  be  beneficial  for  crack¬ 
blunting  or  branching  at  die  boundaries  (3,4]. 

Summary 

The  experimental  results  have  demonslmied  that  grain  refinement  for  IMI68S  cannot  be 
achieved  through  a  phase  transformation  route,  and  roermomeciianical  processing  hat  to  be 
invtdved. 

Both  temperature  and  strain  rate  have  been  shown  to  influence  the  procesaed  microatructuie. 
The  p  processing  leads  to  a  mixture  of  large  'pancaked'  and  rectystallized  small  grains.  The 
(a-fp)  processing  gives  rise  to  fine  sandwiched  primary  a  jriates  aM  transformed  p  regions.  In 
the  lower  (a-H>)  case,  a  largely  recrystallized  structure  with  ladt-like  a  grains  is  observed.  At  an 
even  lower  tenqietature,  the  pseudoHx  pressed  tam|de  is  diaraclerized  ty  heavily  distorted  bands 
of  ekmgated  a  grains.  In  dte  latter  case,  the  distortion  is  heavier  at  a  giemu  strain  rale. 
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Ing.6.  IntetpiueietboundiiyP  phase  in 
tfie  basketwtave  nmosmicture; 
(a)  bright  field  image; 

^)centtcd  dark  RM  image. 


(c) 


Fig.5.  Suhstmcttnes  leveatod  by  TCM  under  the 
following  conditions: 

(a)  pseudiHs  processed  at  890  "C; 

(b)  ft-procesaed  at  1050  “C,  cooling  me.  0.3-1  “C/s; 

(c)  processed  and  ^treated,  cooling  rate,  3-6  «C/s. 


After  p  solution  treatment,  the  processing  in  the  (a+9)  field,  p^niculaily  the  lower  (a+g) 
phase  field,  aroears  to  be  the  most  effective  route  for  giun  rr  At  die  pseudo-o 

tenmoature.^’C,  the  g  treated  grain  was  finer,  after  procesmgr.  rain  rate. 

Basketweavemicrostnictuies  were  obtained  in  the  present  invest  r  heat-treatment  in 

the  g  field  with  a  cooling  rate  of  3  to  6  °C/s,  which  consisu  of  intent  colonies  and  small 
regions  of  equiaxed  a  aite  g  phases.  This  conqiosite  moqihology  may  comoine  the  advantages  of 
both  the  laminar  and  equiaxed  microstiuctures  to  give  an  overall  property  improvemem. 

AckaQSKkdgBDBiis 

Financial  support  from  SERC  and  MoD  (Gntnt  No.  GR/E/20974)  is  gratefully 
acknowled^. 

References 

1.  P.A.  Blenkinsop,  D.F.  Neal,  IMIbSS”,  Utanium  and  Titanium  Alloys,  Scientific  and 
Technological  Aspects,  ed.  J.C.  Williams  and  A.F.  Belov  (New  York,  NY:  Henum,  1982), 
2003-2027. 

2.  A.  Vassel  et  al.,  "Influence  of  Processing  and  Heat  Tteatment  Variables  on  the  Mechanical 
I^perties  of  Two  Advanced  High  Tenmerature  Titanium  Alloys",  Titanium  Science  and 
Technology,  ed.  H.  Kimura  and  O.Izumi  (Wanendale,  PA:  The  Metalluigical  Society,  1980), 
515-521. 

3.  D.  Eylon  and  J.  Hall.  "Fatigue  Behaviour  of  g  Processed  Titanium  Alloy  IMI685", 
Metallurgical  Transactions  A.  8A(6)  (1977),  981-9^. 

4.  RM.  Flower,  "Mkrostruct^  Development  in  Relation  to  Hot  Working  of  Titanium 
AUoys",  Mat  Sci.  TechnoL,  6(1990).  1M2-1092). 

5.  J.C.  Williams,  and  G.  Luetje^g.  "The  Effect  of  Slip  Length  and  Slip  Character  on  the 
Prmierties  of  Titanium  Alloys",  Rrf.2, 671-681. 

6.  A.  1  .K.  Assadi,  H.M.  Flower,  and  D.R.F.  West  "Microstructure  and  Strength  of  Alloys  of 
the  Ti-Al-&-Mo-Si  System",  Metals  Technol.,  January  (1979),  8-15. 

7.  Z.F.  Zhang  and  C.S.  Yang,  "On  the  Basketweave  hvcrosmxrtuies  in  Ti-6Al-2.5Mo-l.5Cr- 
0.5Fe-0.3Si  Alloy",  6th  bt  Conf.  on  Titanium  Science  and  Technology,ed.  P.  Lacombe, 
R.Tricot  and  G.  Benmger  (Gieenoble:  Les  Editions  de  Physiqu,  1989),  1445-1450. 

8.  ZJC.  Guo  and  T.N.  Bate,  "On  the  Microstructure  and  Thetmomechanical  ihocessing  of  an 
Titanium  Alloy  IMI685".  Mater.  Sci.  Eng. .  A156(1992).  63-76. 

9.  T.N.  Bate  and  Z.X.  Guo,  "Strain  Rate  Controlled  Deformation  of  Aerospace  Alloys",  A 
Final  Report  to  SERC,  Grant  No.  GR/E/20974. 


THERMOMECHANICAL  TREATMENT  OF  VARIOUS  BETA  PROCESSED 
TITANIUM  ALLOYS 


JF  UGINET  -  FC»7ECH  PAMIERS 


ABSTRACT 

BETA  processing  has  been  applied  to  various  Titanium  Alloys  ;  Ti  6242  -  Ti  17  -  Ti  10-2-3.  Inluence 
of  strain  level  has  been  studied  (  6  =  0.2/0.7)  with  the.chailenge  of  finding  a  good  combination  of 
strength  ductility,  creep  properties,  and  toughness. 

For  this  comparison  a  solution  heat  treatment  in  the  Alpha  domain  was  used.  The  geometry  of  the 
grain  boundaries  and  the  morphology  of  the  alpha  phase  has  a  deep  effect  on  the  ductility  and 
toughness  particularly  in  the  case  of  Ti  6242  and  Ti  6246  Alloys.  A  higher  deformation  level,  here 
£  s  0.7,  promotes  dynamic  recrystallization  at  the  grain  boundaries  of  Ti  6246,  and  prevents  the 
formation  of  a  linear  al^a  film  for  other  'Hoys. 

A  quite  large  processing  window  can  be  used  with  these  alloys,  using  intermediate  deformation  levels 
(  S  ^  0.7),  where  they  have  shown  excellent  properties  hi  theh  own  range  of  utKzation. 


INTRODUCTION 

Trtanium  Alloys  are  often  processed  in  the  Alpha  Beta  range  to  get  an  equiaxed  microstructura. 
However  when  increasing  the  content  of  Beta  Stabifizer  elements,  Tie  Beta  domain  of  temperature 
where  these  allays  can  be  processed  is  increased  and  interesting  combinelions  of  mechanical 
properties  can  be  developped. 

Beta  Processing  generates  an  actcUar  or  platelet  microetructute  which  hnprtMee  the  kaOure 
toughness  and  creep  properties.  In  an  opposite  way  ft  is  generaly  associated  with  a  lower  elongalian 
during  a  tensile  test 

In  this  work,  m  have  applied  the  Beta  Processing  to  various  Titanium  Alloys :  Ti  10-2-3  -  Ti  6242S  - 
Ti  6246  -  Ti  17.  The  influence  of  the  strain  level  after  deformation  has  been  Mustated,  tooking  after  a 
compromise  between  strength,  ductility,  toughness  creep  propeiliee. 
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EXPERIMENTAL  PROCEDURE 


Chamical  Composition 

The  chemical  composition  of  each  aloy  used  in  these  tests  is  given  in  Table  1 . 


Table  I  Chemical  CompoeMon 


EO 

iFeJ 

Ksa 

mm 

mm 

0 

C 

Si 

dl 

Ti  10-2-3 

1  -  1 

Kir.M 

EEEZl 

rzn 

Loot! 

0.010 

.02 

- 

- 

716242 

- 

KSl 

mm 

firm 

- 

Ti6246 

CE3i 

* 

1.95 

.1050 

.01 

- 

- 

Ti17 

1  4.86  1 

1  4.00  1 

1  2.00  1 

1  .080  1 

1.95 

1  .0155  j 

.1080 

.006 

- 

na 

The  material  has  been  machined  out  of  bars  processed  in  the  Alpha  +  Beta  rarige  for  each  afloy. 

Table  2  gives  the  dimensions  of  each  initial  bMet  and  its  final  dimensions  after  the  upsetting  in  lie 
Beta  range.  For  each  alloy  the  preheating  temperature  was  seleciBd  at  Beta  Transus  +  15*C  except 
71 10-2-3  where  BETA  +  3(yc  was  used.  The  average  strain  rate  during  the  upsetting  was  chosen  at 
10-2  S-1. 

Glass  based  lubricants  were  used  during  the  deformation  with  a  prior  coating  of  lie  bilet  The  same 
temperature  of  preheating  at  820^  was  used  for  lie  Die,  for  al  lie  Aloys  except  lie  Ti  10-2-3 
where  isoliennal  conditions  were  used  at  8S0*C.  Water  quenching  alter  forging  was  used  for  Ti  6242 
and  Ti  6246.  while  air  cooling  was  used  for  Ti  17  and  Ti  10-2-3. 


Table  2  Forging  CondWona 


Alloy 

Initial  Oimensians  of 
lieBillel  (mm) 

Preheating 

Temperature 

•C(*F) 

Average 

Deformation 

Ratio 

i;.’yriM 

Ti6242 

85 

70 

120 

35 

0.7 

110 

43 

iL*!<!*Bi{!!-4 

120 

35 

0.2 

ri6246 

85 

70 

120 

35 

0.7 

110 

43 

120 

35 

0.2 

7117 

68 

70 

96 

35 

0.7 

87 

43 

96 

35 

0.2 

Ti  10-2-3 

80 

90 

113 

45 

0.7 

80 

90 

87 

75 

0.2 

After  forging,  lie  different  pancakes  wore  heat  treated  folowing  TMito  3  in  lie  Alpha '1^  Bela  Range. 
Table  3  HoatTieamenlCondHiona 


AUOY 

1  SOLUnONNING  I 

1  AGEING  1 

716242 

H-l-’kHlil'l'MaB:!: .  :i:' | 

716246 

1910^  (16701=) -1  Hr- Air CooUng  I 

ri17 

Ti  10-2-3 

Samplas  for  Mechanical  Tasting  and  Mterosluclural  Examlnaion  have  lion  bean  machined  out  of 
He  pancake.  The  tocalon  of  liese  apadmans  are  rapreaenialve  of  lie  average  dsformalon  level 
(RIM  tocalon  1/2  liiclinesa). 
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RESULTS  -  DISCUSSION 


MIcroilnictiir* 

Figures  1  to  4  shows  the  evolution  of  the  Beta  transformed  nticrostructure  when  varying  the  amount 
of  strain  during  the  forging  sequence. 

For  Ti  6242  a  typical  platelet  like  microstructure  with  an  average  thickness  of  2  to  3  pm.  The  length  is 
governed  by  the  inHiai  Beta  grain  size,  and  we  can  notice  that  it  is  reduced  in  the  higher  deformation 
level  £=  .7  due  to  the  smaller  width  of  the  elongated  Beta  grains. 

For  the  higher  deformation  rate  grain  boundary  Alpha  phase  has  been  sheared  into  nodulus  probably 
during  the  last  stage  of  the  deformation  when  the  lower  temperature  of  the  dto  (92D*C)  should  have 
significantty  decreased  the  pancake  temperature,  thus  beginning  to  precipitate  Alpha  Phase  s(  the 
grain  boundaries  during  the  deformation. 

Ti  6246  AHoy  shows  an  acicular  microstructure  with  grain  boundary  Alpha  layer.  FOr  the  low 
deformation  level  Ex-Beta  grains  are  slightly  distorted  and  some  dynamic  reciystallizalion  is 
noticeabie  on  the  grain  boundaries.  The  gram  boundary  Alpha  layer  is  quite  corrtinuous  but  unlittear, 
due  to  the  serrated  shape  of  the  boundaries. 

For  Ngher  strain  level  the  recrystallization  is  more  important  at  foe  grain  boundaries  and  new 
subgrains  of  10-5Qpm  combined  with  the  ex-Bela  grains,  made  a  mixed  microstructure.  Platelels 
about  tpm  of  thickness  are  associated  in  colonies  which  dimensions  are  related  to  foe  parent  grain 
size,  thus  smaller  for  foe  higher  deformation  rale. 

The  Ti  17  Alloy  microsiructure  is  very  similar  to  the  microstruclure  of  the  Ti  6246,  except  foat  the  size 
of  foe  platelets  is  much  smaller  .-about  0.2  to  0.6  pm  of  thickness  and  S  to  10pm  in  lei^.  Looking  at 
a  higher  magnirication  secondary  alpha  can  be  seen  between  foe  platelels.  This  phase  has 
precipitated  during  foe  ageing  at  615*0  (1140*F)  in  foe  retained  Beta  ph«ee  which  comes  from  the 
solution  treatment  at  800*0  (1472T). 

A  very  similar  evolution  is  also  seen  on  the  Ti  10-2-3  AHoy,  where  foe  acicular  Alpha  phase  is  again 
smaller  than  for  the  Ti  17Aloy:  about  0.2  to  0.6  pm  of  thickness  and  2  to  6  pm  in  lengfo. 

MECHANICAL  PROPERTIES 


Teitslle  Properties 

Table  4  gives  the  Tensile  properties  at  Room  Temperature  atxj  400*0  (750*F) 
Table  4  Tensile  Properties 


ROOM  TEMPERATURE 

400*C(750*R  1 

iuduful 

Eazja 

EQI 

Ti6242 

0.2 

S07 

1001 

8.9 

563 

711 

14.4 

0.7 

955 

1039 

14.0 

624 

758 

13.6 

Ti6246 

02 

1036 

1117 

■81 

734 

854 

13.2 

0.7 

1027 

1126 

WSM 

747 

875 

14.4 

Ti17 

0.2 

1176 

9.6 

862 

987 

14.0 

0.7 

1170 

10.9 

731 

939 

11.6 

Ti  10-2-3 

0.2 

1140 

1201 

5.7 

0.7 

1131 

1219 

7.8 

At  Room  Temperature  Figure  5  sumarizes  foe  variabon  of  Yield  Strenglh,  uNmale  Tensile  Strangfo 
and  elongalion  with  the  deformation  E .  For  the  strength,  it  can  be  noticed  an  increase  for  Ti  6242 
while  ofoeraRoysara  not  sensitive  to  foie  variabon.  This  dilfersnce  could  be  ralaled  to  foe  variation  of 
microstruclure  noticed  herebefore. 
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For  elongation  a  general  increase  is  induced  by  a  higher  deformation.  This  has  to  be  related  to  the 
geometry  of  the  grain  boundaries  and  the  morphology  of  their  Alpha  phase,  especially  in  the  case  of 
Ti  6242  Alloy.  In  this  Alloy  the  deformation  of  Sie  Al^  phase  at  the  grain  boundaries  for  the  high 
deformation  level  6  =  0.7  leads  to  a  more  equiaxed  microstructure  in  this  area  increasing  the 
elongation  and  the  ultimate  Tensile  Strer>gth. 

At  400%  (7S0*F)  Figure  6  shows  an  increase  of  strength  for  both  Ti  6242  and  Ti  6246  and  a  decrease 
for  Ti  17.  Variations  of  elongation  are  not  very  significant  except  for  Ti  17  where  the  decrease  is 
noticeable. 

In  partial  conclusion  H  can  be  said  that  Ti  6242  is  more  sensitive  than  foe  other  aloys  to  the  level  of 
deformation  (here  £  0.2  to  0.7)  and  that  a  higher  deformation  level  increases  both  strength  and 
ductility  on  this  alloy. 


Creep  Properties 

Table  5  and  Figure  7  shows  the  variation  of  creep  for  a  standard  test  at  400  *C  under  600  MPa  of 
load.  The  elongation  after  100  Hrs  was  measured  for  comparison  of  the  aHoys.  Ti  10-2-3  was  not 
tested  as  its  main  use  is  considered  in  structural  applications  only. 

Tables  Creep  Properties  at  400%  (750T) 


ri6242 

Ti6246 

ri17 

0.2 

0.08 

0.072 

0.315 

0.7 

0.076 

0.096 

0.288 

No  signiticant  diftarences  are  noticed  between  the  two  levels  of  deformation.  As  expected  Ti  17 
shows  a  greater  level  of  aeep  under  this  load  condition  foan  Ti  6242  and  Ti  6246.  FOr  this  low  creep 
parameter  (K  =  26620)  »  (460  >  (20  ^  Logt  (Hr))  there  is  no  great  difference  in  the  behaviour  of 

Ti  6242  and  Ti  6246,  although  Ti  6242  due  to  its  chemical  composition  has  a  better  creep  resislanoe 
for  the  higher  creep  parameters  (K  =  30  -  33  x  K^). 

Table  6  and  Figure  8  shows  the  Fracture  Toughness  Results. 


Table  6  FrMturs  Toughness  Properties 


1  CT15-T.R-MPa  m  I 

Ti6242 

Ti17 

Ti  10-2-3 

t  sO.2 

77 

68 

74 

73 

e  =0.7 

84 

77 

73 

71 

It  can  be  noticed  that  for  a  given  level  of  deformalion  the  general  decrease  of  Fracture  Toughness  as 
a  function  of  foe  Yield  Strength  is  verified  for  Ti  6242  and  Ti  6246.  At  low  deformation,  for  TI  6242  a 
fragile  transgranular  fracture  occurs,  whie  a  more  ductfie  fracture  wHh  dimples  is  associated  wffo 
higher  deformalion,  thus  increasing  foe  toughness  by  10%. 

For  TI  6246  an  intergranular  fracture  occured  lor  Es  0.2,  favoured  by  the  finear  aspect  of  the  grain 
boundaries  associated  vfith  the  alpha  phase  in  a  quite  continuous  way.  At  the  highor  deformalion 
level,  transgranular  rupture  occurs  wifo  many  devisKons  of  foe  propagafion  plane,  sapecMy  at  foe 
grain  boundaries  where  foe  smaller  grains  induced  by  the  dyriamic  recrystaiteation  ptays  an 
important  rote,  thus  toughness  is  increased  by  13%. 

Ti  17  and  Ti  10-2-3  shows  non  signfiicant  variation  of  toughness  wtfo  the  inctease  of  dslotmalloa 
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CONCLUSIONS 


A  Beta  Processing  has  been  applied  to  various  Tttanium  Alloys.  When  increasing  the  upsetting  ratio 

the  following  results  can  be  shown : 

-  The  grain  boundaries  are  deeply  affected  by  the  deformatim  ;  dynamic  recrystallization  occurs  in 
the  Ti  6246,  Alpha  Phase  becomes  less  continuous  and  can  be  sheared  into  an  almost  equiaxa 
structure  in  71 6242,  geometry  of  the  boundary  change  from  a  linear  shape  to  a  serrated  shape  with 
a  discontinous  Alpha  Phase  for  Ti  17andTi  10-2--3. 

-  Tettsile  Strength  at  Room  Temperature  is  significantly  increased  by  the  deformalion  only  in  the 
case  of  Ti  6242  but  the  elongation  is  in  al  cases  increased  to  good  level  of  ductiHy. 

-  Creep  Properties  are  unaffected  by  the  deformation  for  Ihe  low  limeAemperature  parameter  used 
for  the  comparison.  As  expected  lower  creep  resistance  of  Beta  stabilized  Ti  1 7  is  found  compared 
to  Ti  6242  and  Ti  6246. 

-  Fracture  Toughness  is  sensitive  to  the  deformation  level  for  TI  6242  and  Tt  6246  with  a  transilion 
from  an  intergranular  to  a  transgranular  partly  ductile  fracture  vdten  increasing  the  defomudion 
level.  In  aH  tests,  excellent  level  of  toughness  for  this  level  of  yield  strength  is  obtained. 

-  The  evidence  of  influence  of  the  deformation  level  is  more  effective  for  the  less  Bela  Stabilzed 
Alloys  Ti  6242  and  Ti  6246  than  wilh  Ti  17  and  Ti  10-2-3. 

These  tests  have  shown  that  K  is  possible  to  get  a  good  compromise  between  Strength,  Ductifty  and 

Toughness,  using  an  intermediate  level  of  d^ormation  during  a  forging  in  the  Beta  Range. 
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ABSTRACT 

There  is  considerable  evidence  to  show  that  variations  in  microstructure  and 
texture  result  in  considerable  scatter  in  the  mechanical  properties  and 
formability  in  currently-produced  titanium  alloys. 

These  alloys  are  not  therefore  used  as  efficiently  as  they  could  be  and  this 

cooperative  research  programme  is  aimed  at  rectifying  this  situation  by 

addressing  the  following  objectives  the  identification  of  which  aspects  of 
microstructure  and  texture  most  critically  affect  properties  and  the  proposing  of 
ways  to  produce  these  materials  so  that  controlled  microstructure  and  textures, 
with  much  reduced  scatter  in  properties,  can  be  produced  consistently  and 
economically.  Such  information  could  be  used  in  the  protection  of  all  existing  and 
new  titanium  alloys. 

The  work  is  viewed  as  the  first  phase  of  a  long-term  programme.  This  initial  phase 
concentrates  on  an  in-depth  characterization  of  the  microstructures  and  textures 
of  the  a  and  the  p  phases  of  titanium,  both  individually  and  collectively,  for  a 
series  of  model  alloys  as  a  function  of  cold-rolling  of  small  laboratory  produced 
ingots  to  thin  sheets,  and  their  subsequent  recrystallization.  This  microstiuctural 

characterization  is  accompanied  by  the  development  of  models  to  predict 
accurately  the  observed  deformation,  fracture,  and  recrystallization  behaviour.  To 
increase  the  basic  understanding  of  deformation  in  hexagonal  metals,  equivalent 
studies  are  also  carried  out  on  magnesium  and  zinc,  used  as  model  materials. 
Subsequent  phases  of  the  work  would  employ  hot  rolling  and  cold  rolling  and  the 
scale-up  to  larger  ingots  through  cooperation  with  the  Titanium  industry. 

INTRODUCTION 


The  study  was  carried  out  by  using  the  industrial  alloys  T40,  T60  and  TA6V  and 
model  alloys  aandp,  and  implemented  according  to  the  following  study  scheme. 
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CHARACTERIZATION  OF  THE  TEXTURES  IN  THE  TA6V,  T40  AND  TM 
TITANIUM  ALLOYS. 


lAtY  : 

The  measured  c/a  ratio  for  this  Titanium  alloy  c/a>l.S986  differs  significantly 
from  that  of  the  pure  Titanium  :  c/a  sl.S870.  This  is  due  to  the  alloying  elements  in 
solid  solution  and  affect  the  location  of  the  reflection  peaks  in  the  texture 
measurement. 

The  non-recrystallized  samples  (thickness  from  6  to  3  mm)  display  very  sharp 
textures  with  texture  indices  ranging  from  S  to  20.  In  many  of  the  samples,  the 
texture  consists  in  mainly  one  component  only  :  (12.0)<10.0>,  i.e.  the  c-axis  lying 
in  the  transverse  direction  (‘C*  component).  In  general,  the  existence  of  the  <10.0> 
//  RD  fibre  ranging  from  (12.0)  to  (12.5)  (spread  over  60”)  is  also  evident. 
Depending  on  the  deformation  and  heat  treatment  conditions,  another 
component,  the  c  axis  rotated  from  ND  to  RD  by  about  25-35”  can  also  be  seen.  This 
component,  however,  is  significantly  weaker  than  the  C  component.  It 
strengthens  substantially  with  the  occurrence  of  recrystallization. 

The  effect  of  heat  treatment  after  cold  deformation  (720”C-I  hour)  was  relevant 
only  for  the  1  mm  thick  sample,  in  which  recrystallization  took  place.  The  texture 
in  these  samples  can  be  characterized  by  the  c  axis  spreading  over  a  30-50” 
region  around  the  normal  of  the  rolling  plane.  At  the  same  time,  the  texture 
index  drops  to  about  2  only. 

The  slip  system  activity  for  the  C  component  has  been  evaluated  by  a  rate 
sensitive  crystal  plasticity  model.  Primatic,  basal,  <a>  and  <c-«-a>  type  pyramidal 
systems  were  assumed.  Twinning  has  been  excluded  on  the  basis  of  literature  data 
and  on  our  own  observations.  It  was  found  that  only  prismatic  and  <c-t-a> 
pyramidal  systems  operate  for  this  orientation.  High  activity  of  the  pyramidal 
systems  was  observed  for  deformations  when  the  c-axis  is  near  to  the  loading 
direction.  The  critical  stress  for  the  activation  of  <c-»-a>  pyramidal  slip  is  higher 
only  by  a  factor  about  1.2-1. 5  than  for  prismatic  slip.  For  the  estimation  of  this 
ratio,  results  of  tensile  tests  were  taken  into  account  and  carried  out  in  the  RD  and 
TD  directions  on  samples  containing  very  strong  C  component. 

T40  AND  T60: 

The  textures  in  these  materials  ate  very  similar  and  ate  generally  weaker  than  in 
TA6V;  the  texture  indices  range  from  1.8  to  5.7.  There  is  significant 

inhomogeneity  in  the  texture  inside  the  6  mm  thick  hot  rolled  sample.  The 
difference  is  strongly  reduced  in  the  thinner  cold  rolled  or  recrystallized 
samples. 

In  the  cold  rolled  samples,  the  strongest  component  is  the  (I2.4)<10.0>  (*B’ 

component,  c-axis  tilted  from  ND  towards  TD  by  38.44”).  In  some  samples,  the  peak 
intensity  is  shifted  towards  (12.2)<10.0>  (c-axis  57.59  from  ND).  The  <10.0>  //  RD 
fibre  is  present,  with  inhomogeneous  distribution  along  the  fibre.  A  second  peak 
is  usually  located  at  the  C  component.  In  the  ODFs,  the  low  angle  regions  are 
populated  with  grain  orientations.  In  many  samples,  however,  the  (00.1)<21.0> 
orientation  is  absent. 

Recrystallization  after  cold  deformation  can  lead  to  strong  alterations  of  the 
texture.  Usually  a  strong  new  fibre  appears,  which  is  located  u  9|  s  Q,  •  40”,  hj  ^ 
arbitrary.  This  fibre  includes  the  B  component  and  passes  near  the  F  compooem 
(01.2)<21.0>  at  ^>42.5”.  By  recrystallization,  the  C  component  generally  vuishes. 

By  comparing  the  textures  before  and  after  recrystallization,  the  30”  rotation 
around  the  c-axis,  as  proposed  for  the  recrystallization  mechanism  in  the 

literature,  cannot  be  veriried.  A  23”  or  37”  rotation  around  the  c-axis  can  be  seen. 


but  with  low  probability.  These  angles  correspond  to  high  lattice  site 
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coincidences.  The  main  reciysullizstion  mechanism,  however,  is  still  not  known, 
and  will  be  studied  in  the  future. 


RECRYSTALUZATION  OF  COLD  ROLLED  T40  SHEETS 


T40  sheets,  cold  rolled  to  reduction  of  33%  and  66%,  have  been  lecrystallized  to 
determine  the  recrystallization  kinetics  and  the  local  textures  of  the 
recrystallization  nuclei. 

The  kinetics  were  determined  by  hardness  tests  after  anneals  in  the  temperature 
range  SOO  to  700**C.  The  sigmoidal  curves  X(t)  =  I  -  exp  (-k**  t**  )  were  fitted  to  a 
classical  JMAK  model  to  give  time  exponents  n  of  approximatively  1  for  a 
reduction  of  33%  and  of  0.3  to  0.7  for  a  reduction  of  66%.  Activation  energies  for 
recrystallization  were  determined  as  230  kJfmol  (33%)  and  210  kJ/mol  (66%) 
respectively. 

Texture  evolution  during  recrystallization  has  been  studied  in  detail  by  the  EBSP 
method. 

A  T40  sample  cold  rolled  66%  was  annealed  for  different  times  at  620*C  to  examine 
the  partially  and  completely  recrystallized  states.  Complete  recrystallization 
developed  a  texture  close  to  that  measured  by  X-ray  pole  figures  (figs.  t-2). 
Partially  recrystallized  states  (Fig.  3)  indicate  similar  orientations  for  the 
reciystallization  nuclei  i.e.  with  a  tendency  for  the  c-axis  to  lie  30  to  40*  from  ND 
towards  TD.  Only  slight  changes  in  grain  orientation  occurred  during 
recrystallization  and  grain  growth. 

The  study  of  recrystallization  texture  development  by  microtexture  techniques  is 
beeing  continued  on  binary  Ti-AI  alloys  to  stimulate  the  behaviour  of  the  a  phase 
in  a/pTi-6%AI-4%V  commercial  alloys. 


Fig.l:  (0001)  pole  figure,  determined  by  EBSP, 
of  completely  lecristallized  T40  sample 


Fig. 3;  Electron  channelling  contrast  image  of 
paitially  lecrysuUized  T40  sample 


Fig.2;  (10  1  0 )  pole  figure,  determined  by 
EBSP.  of  same  smni^ 
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TENSILE  PROPERTIES 


Tensile  properties  for  ill  three  sitoys.  shown  in  figure  7,  iitdicite  the  foUowing  : 

-  strengths  ire  ilwiy  less  in  the  L  thin  in  the  T  direction,  ind  incresse  in  the 
order  T40.  T60,  TA6V  (Fig.  7i)  udieieu: 

-  the  mirfced  modulus  inisotropy  for  TA6V  decreises  strongly  with  the  degree  of 
reduction  which  is  consistent  with  the  chinges  in  the  (00.2)  pole  figures:  whilst 
weiker  inisotropy  exhibited  by  T40  end  T60  ire  not  inconsistent  with  the  chinges 
induced  in  the  (00.2)  pole  figures  is  i  result  of  increised  rolling  reduction  (Figs 
7c  A  d). 

Note  thit  the  miximum  scitter  in  the  quoted  mein  vilues  (from  three  tests  for 
eich  condition)  is  :  strength  9MPi:  modulus  8GPi;  uniform  elongition  2%; 
reduction  in  the  irei  4%. 


SOME  RESULTS  OF  CURRENT  WORK  WITH  THE  Ti-d«Al-4«V  ALLOY: 

Two  thicknesses  (3.8  ind  3mm)  of  •  miinly-aTA6V  illoy  displiying  i  texture  with 
1  strong  T-type  component  ire  currently  under  study.  An  estimition  of  their 
pline-stress  ind  pline-siriin  (RP)  yield-locus  is  being  obtiined  through  i 
combinition  of  tension,  compression,  ind  in-pline  simple  sheir  tests, 
complemented  by  meisurements  of  the  Knoop  hirdness  inisotropy.  Some  relevint 
results  ire  up  to  now; 

A  very  strong  inisotropy  of  the  fitigue  crock  propigition  rote  with  i 
mirked  tendency  of  the  crocks  to  deviite  towirds  the  pline  normil  to  the 
transverse  direction,  is  observed  previously  by  other  luthors  in  sheeu  with 
less  intense  textures. 

An  importsnt  inisotropy  of  static  crack  propagation  resistance  (tearing 
modulus)  -  when  the  behaviour  of  TD  vs.  RD  cracks  with  crack  front  pai^lel 
to  rolling  plane  normal  is  compared  -  besides  the  previously  observed 
anisotropy  of  crack  initiation  toughness  (J|^).(Fig.8). 

A  significant  difference  in  the  elastoplastic  transient  and  in  the  plastic  work 
hardening  behaviour  between  RD  and  TD  directions,  that  can  be  ascribed  to 
the  dominance  of  respectively  <a>  dislocation  glide  on  prismatic  planes  and 
<a>c>  dislocation  gli^  on  pyramidal  planes. 


CONCLUSION 

This  work  shows  clearly  the  relationships  between  crystallographic  textures  and 
mechanical  properties.  Moreover  the  analysis  of  the  evolution  of  the  texture 
during  thermomechanical  treatments  highlights  the  important  stages  of  this 
evolution. 

The  results  should  therefore  allow  the  process  to  be  modified  so  as  to  improve  the 
sheets  in  view  of  a  speciflc  application. 
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Abstract 


We  have  investigated  the  effects  of  deformation  temperature  on  as-deformed  and 
post-aging  microstructures,  and  tensile  properties  after  aging,  in  the  range  from 
room  temperature  to  873K,  for  Tl-15V-3Cr-3Sn-3Al. 

Slight  cold  deformation  tended  to  form  planar  slip  bands  of  extremely  localized 
straight  dislocations.  The  planar  slip  bands  consequently  caused  the  directional 
microstructure  of  a  precipitates  to  align  on  the  bands  after  aging.  The  tendency 
for  straight  dislocations  obstinately  persisted  even  after  a  heavy  odd 
deformation  of  about  SOX.  A  directional  distribution  at  rather  coarse  a 
precipitates  was  thereby  caused  after  aging. 

On  the  other  hand,  cross-slip  is  activated  with  increasing  deformation 
temperature,  to  diminish  the  microatructural  directtonaltty.  A  fairty 
non-directional  distribution  of  finer  a  precipitates  was  attained  through 
deformation  at  873K,  and  the  balance  of  strength  and  ductility  at 
Ti-15V-3Cr-3Sn-3Al  waa  pronouncedly  enhanced. 
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Introduction 

titanium  alloys  potentially  have  oold-defomability  and  age-hardenability  to 
outperform  other  types  of  titanium  alloys  in  terms  of  cost  and  mechanical 
properties.^'*’  They  are  then  expected  to  be  applied  to  automobile  parts  such  as 
valve  springs.*’  However,  sufficiently  high  strength  cannot  necessarily  be 
obtained  under  solution-treated  and  aged  conditions. 

Unfortunately,  cold  working  in  moderate  amounts  does  not  alter  the 
strength-ductility  balance  of  most  iS  titanium  alloys.*’  Recently  many  efforts 
have  thus  been  made  to  enhance  the  balance  of  strength  and  ductility  by  various 
thermo-mechanical  treatSMnts.*''”  It  is  not  clear  why  the  process  of  cold 
working  with  aging  is  less  favorable  to  the  balance  of  strength  and  ductility  than 
the  other  processes  proposed  in  titanium  alloys. 

Hence,  we  have  investigated  the  effects  of  deformation  temperature  on 
as-deformed  and  post-aging  microstruc^ures,  and  studied  the  tensile  properties 
after  aging,  in  Ti-15V-3Cr-3Sn-3Al. 

Experimental  Procedure 

Material 

A  S.4mm  thick  hot  strip  of  Ti-15V-3Cr-3Sn-3Al  was  used  in  this  study.  The  ingot 
was  forged  in  the  B  region  and  then  hot  rolled  from  a  I20mm  thickness  at  an 
initial  temperature  of  1273R  by  a  production  mill.  A  small  plate  was  cut  from  the 
hot  strip,  and  was  machined  to  a  4.0mm  thickness  for  removing  the  oxidized  layer. 
The  plate  was  solution-treated  at  1.273K  for  1.8  ksec  in  argon,  and  quenched  into 
water.  The  chemical  composition  is  shown  in  Table  1. 

Table  1.  Chemical  composition  of  the  material  used. 
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Warm-rolling  and  Mlerostructural  Observations 

Small  pieces  of  about  20mm''x30mm*  cut  from  the  plate  were  rolled  in  the 
temperature  range  from  room  temperature  to  873K  at  reductions  of  about  5  to  lOX, 
and  about  SOX. 


As  for  slight  deformation,  apart  from  cold  rolling,  soeie  pieoee  were  rolled 
through  one  pass  right  after  they  were  heated  at  specific  temperaturee  for  SOoec 
in  salt  baths,  and  directly  quenched  Into  water.  HSlvee  of  thoee  were  over-aged 
at  873X  for  250.2  ksec  in  order  to  clearly  observe  the  correspondence  between 
as-deformed  and  poet-aging  microstnictures.  (Fig.  1) 


Tensile  Tests 


Tensile  tests  were  carried  out  using  plate  type  specimens  of  2inm’'x20mm^lmm'^ 
with  a  couple  of  strain  gauges  attached  on  their  surfaces.  The  specimens  were 
strained  in  the  rolling  direction  at  a  cross-head  speed  of  O.lmm/min  until  0.2X 
plastic  strain,  and  at  that  of  Imm/min  afterwards  up  to  failure. 

Results  and  Discussion 
Microstructures  of  the  Slightly  Deformed  Specimens 

Figure  3  shows  the  optical  microstructures  after  slight  deformation  at  room 
temperature  and  873K.  The  rolling  direction  is  horizontal,  in  the  same  way  as  the 
other  optical  and  scanning  electron  microscopic  micrographs  below.  Striations 
are  clearly  observed  in  Fig.3(a)  cS  the  cold  rolled  sample.  The  striations,”’  which 
correspond  to  the  slip  bands  of  extremely  localized  dislocations,  tend  to  be 
heavily  introduced  unl-directionally  in  a  iS  grain.  On  the  other  hand,  such 
striations  almost  disappear  in  Fig.3(b)  of  the  sample  rolled  at  873K. 


Fig.  3.  Optical  microstructurea  of  the  slightly  deformed  spedmens. 
(a)  RT-10.0N  ndled,  (b)  873K-10.7X  rdled. 


Figure  4  shows  the  transmission  electron  microscopic  microstructures  of  the  two 
samples  rolled  at  room  temperature  and  at  873K.  Oialocationa  introduced  at  room 
temperature  shown  in  Fig.4(a)  ars  fairly  straight  in  the  planar  slip  bands.  On  the 
other  hand,  dislocations  introduced  at  873K  shown  in  Pig.4(b)  are  wavy  and 
non-directional.  Static  recovery  is  not  recognized  in  Fig.4(b).  The 
microstructural  difference  between  Pigs.  3(a)  and  3(b)  may  therefore  be  expected 
to  be  due  to  activated  cross-slip  to  cause  the  reduction  of  localized  dislocations. 
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Fig.  4.  TEM  microstructures  of  the  sligthly  deformed  specimens, 
(a)  RT-IO.OX,  (b)  873K-10.7*  rolled. 


Figure  5  shows  the  microstructures  ol  tlms  samples  shown  in  Fig.3  after  aging  at 
873K  for  259.2  fcsec.  The  mlcrostructural  directionality  caused  by  a  precipitates 
aligned  on  the  planar  slip  bands  exists  in  the  cold  rolled  sample,  whereas  a  fairly 
non-directional  microstructure  of  a  precipitates  is  obtained  in  the  873K'roUed 
one.  This  difference  clearly  reflect  the  as-deformed  microstructures  shown  in 
Fig.3. 


Fig.  5.  Optical  inlcrostructurea  of  slightly  deformed  and  aged  spectasens. 

(a)  RT-10.0K  rolled,  (b)873K-lo.7X  rolled.  Aged  at  8T3K  for  2B9.a  ksee. 
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Microstructures  of  the  Heavily  Deformed  SoeclmenB 


Figure  6  shows  the  trsnsmission  electron  microscopic  microstructures  after  a 
heavy  rolling  of  about  60X  at  room  temperature  and  at  873K.  In  the  sample  rolled 
at  room  temperature,  the  tendency  for  straight  dislocations  obstinately  persists 
and  causes  macroscopical  directionality  in  spite  of  the  sample  being  heavily 
rolled,  even  though  there  are  wavy  dislocations  also  introduced.  On  the  other 
hand,  there  are  little  straight  dislocations  introduced  in  the  sample  rt^ed  at 
873K,  where  wavy  dislocations  are  non-directionally  introduced  without 
observable  static  recovery. 


Fig.  8.  TEM  microstructures  at  the  heavily  deformed  specimens. 

(a)  RT-57.6*  roUed,  (b)  873K-56.3*  rolled. 

This  difference  is  ciearly  reflected  by  the  poet-aging  microstructures,  as 
understood  in  the  scanning  electron  microscopic  microstructures  of  the  two 
sampies  after  aging  at  813K  for  26.8  ksec  shown  in  Fig.  7.  A  microstructural 
directionality  is  macroscopically  caused  by  a  precipitates  elongating  in  a  given 
direction  in  Fig.7(a)  of  the  cold  rcdled  sample,  whereas  the  directionality  is 
pronouncedly  restrained  to  assume  a  fairly  uniform  microstructure  in  Fig.7(b)  of 
the  sample  rolled  at  873K. 


SEM  microstructures  of  the  heavily  deformed  specimens  after  aging  at 
813K  for  28.8  ksec.  (a)  RT-57.SX  rolled,  (b)  873K-56.3X  rolled. 
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Figure  8  shows  the  transmission  electron  microscopic  microstructures  of  the 
samples  shown  in  Fig.7.  The  a  precipitates  observed  in  the  odd  rcdled  sample  are 
rather  coarse.  On  the  other  hand,  those  observed  in  the  sample  rolled  at  873K  are 
fine.  This  microstructural  difference  was  not  necessarily  Observed  throughout, 
but  these  tendencies  were  quite  often  recognized,  as  more  macroscopically 
supported  by  Fig.7. 


Fig.  8.  TEM  microstructures  of  the  heavily  deformed  specimens  after  aging  at 
813K  for  28.8  ksec.  (a)  RT-57.6*  roUed,  (b)  873K-58.3%  ndled. 

Tensile  Properties  after  Aging 


Fig.  9.  Comparison  of  tensile  properties  between  RT-rolled  and  873K-rolled 
specimens. 
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Figure  9  shows  a  comparison  of  the  balance  of  strength  and  ductility  between  the 
samples  rolled  at  room  temperature  and  at  B73K.  The  balance  of  strength  and 
ductility  has  been  pronouncedly  enhanced  by  rolling  at  873K,  compared  to  cold 
rolling.  This  is  probably  due  to  the  more  uniform  distribution  of  finer  a 
precipitates  with  less  microstructural  directionality,  as  was  shown  in  Figs.7  and 
8. 


{Conclusion 

We  have  Investigated  the  ^ects  of  deformation  tonperature  on  as-deformed  and 
post-aging  microstructures,  and  examined  the  tensile  properties  after  aging,  in 
Ti-15V-3Cr-3Sn-3Al.  Slight  cold  deformation  causes  the  planar  slip  bands  of 
straight  dislocations.  The  straightness  of  dislocations  is  obstinately  sustained 
even  after  a  heavy  deformation  of  about  60X.  The  directional  microstructure  of 
rather  coarse  a  precipitates  is  consequently  obtained  after  aging. 

On  the  other  hand,  cross-slip  is  activated  at  873K  to  cause  wavy  dislocatians,  and 
a  fairly  uniform  distribution  of  fine  a  precipitates  is  obtained.  The  balance  of 
strength  and  ductility  of  Ti-l5V-3Cr-3Sn-3Al  is  pronouncedly  enhanced  by  the 
microstructural  uniformity. 
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ABSTRACT 

A  thermoancchanical  treannem  was  developed  to  produce  Ti-<iAl-dV-2SnCri-662)  plate  fiee  of  p 
flecks.  After  fl  and  oMp  fotgiiig  to  break  vp  fhe  VAR  cast  structuie.  slabs  woe  bomogenized  at 
12S0°C  for  Mh  in  a  oommeicially  ptireCCP)!!  box  and  followed  by  |1  coggmg  and  O'fp  hot 
rolling.  This  process  was  te^aed  btercritical  Heat  TVeainieot(lHT).  By  this  treatment,  the 
contents  of  Fe  and  Cu  became  almost  at  die  same  level  as  the  bulk  cooqiositioa  and  finely 
distributed  a+p  equiaxed  structure  with  good  mechanical  properties  was  obteined.  This  process 
allows  to  reduce  me  amount  of  materials  tfiscarded  as  acriV  fiv  applicatian  requiring  gnde 

alloy. 


INTRODUCTION 

Segre^on  can  be  reduced  during  vacwun  arc  temeh  (VAR)  of  a-Hl  titanium  alloys  by  :  (1) 
provimng  an  intentional  conoentrarion  gradieat  to  the  ooonanable  electiode  [1].  ara  (2) 
controlling  die  melting  to  create  a  shallow  pord  in  the  final  stage  of  VAR  (2].  However,  fairly 
large  eooes  enriched  with  Fe  and  Cu  may  be  found  in  Imge  diasneter  ingots  of  Ti-<iAl-dV-2Sn 
(Ti-d62)  mainly  at  die  top.  Both  Fe  and  Cu  ate  p  stabiliaen  leading  to  enriched  acmes  termed  fi 
jkda.  For  rqjfdkalionsmqatring  higher  grade  mneiial,  one  dried  or  one  half  of  the  ingot  needs 
to  be  temoved  as  scrap. 

Several  rawtts  describe  the  efibct  of  pfiedcs  on  the  ttKchanical  properties.  RfldingerandRriier 
[3]  have  shown  no  adverse  effect  of  pfledcs  on  properties  such  as  tensile.  HCF.  and  LCF  in  the 
aainealedconiStion.  OntheoihErlianid.meGharicalnttmettiesafTi-10V-2I^3Al(aneerf  alloy) 
are  affected  by  die  distribotkm  of  p  fleda  asaodateil  wnh  Fe  segregadim  [4). 

This  paper  reporu  a  new  tedurique  to  reihioe  aooes  of  Fe  and  Cu  enricliiDents  by 
thermoniedianical  treatment  prior  to  hm  fingiag  and  hot  edfoig. 
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An  alternative  nooesa  ia  dwwn  in  Hg.  2.  After  the  e»*f  fergii^  alalia  were  pot  into  a  Ugh 
tenaperanne  aoiadng  Annaoe  and  Uen  IM  railed  at  tte  variona  oeaniana  shown  in  Fig.  2. 

Chemical  analyiis  as  well  aa  EFMA  were  ocadacted  to  evahiaie  die  diaiiibniioo  of  each  deaaent. 
Mkrostroctnnl  observadon  was  done  by  optical  micepacope  and  tensile  properties  were 
examiiied  for  varioMS  thrnwoBidfhanical  process  corehrinBa 


RESULTS  AND  DISCUSSION 
SEGREGATIONS  OF  Fc  AND  Ca 

Themicrostnicoireat^jwsitionaoftopsBiftBeapdiiiid  ihkirnfii  iniheewp  processed  plaie  is 
shown  inFigJ.  BqaiaxedawdniiqBainictnre  was  obtaiaadin  Re  Rdbsasfarereginsi.  while  fine 
lamellar  sinicoae  with  small  aaaonnt  odeqaiaaBd  n  phase  was  revealed  ht  the  ndd-tUdmess 
positioa  iadicaiing  the  loweiing  of  p  tranaaa  dne  to  die  caskhaaent  whh  p  aiabiSaing  elements. 
Quantitative  anal^  by  BPMA  showed  aeptpMion  of  both  Be  and  Qt  to  levds  as  Ugh  as  IJ2 
wt%  ia  enriched  none  of  abont  lQ0|ua  in  widii  Ote.  4).  TUa  IM  of  p  flecks  is  ^  to  the 
sege^ation  duih«  aofidifieatiaa  U  dw  VAR  paoceas  ^ 


Fla.S:  Mtaoejw^aherplelasBflngindiecwlwaiypsecaaaalwwlBBpaacfcbnndlndw 
nW  dachiiaaa  aadon. 


Plg.4:  TharssulsoiePMAanalifaisolFaandCuindwpilscka. 


A  METHOD  TO  REDUCE  p  FLECKS 

It  it  piefienlile  to  apply  the  Bon^  diffinkmal  pmoett  as  a  tool  ftar  the  homoieiiizaiion  became 
high  io  the  F  i^ioa,  Mute  atcum  have  Ugh  drffusiviQr  due  to  the  Ugh  temperature  and  to  die 
bxx.  gn  itnictwe. 

Soaking  coodteioas  have  been  varied  to  aone  extent  IttgotaoaUngthdnotyiddagoodiefalt 
After  tevend  trials  and  aimple  cakuladon,  it  waa  found  mat  aoaUng  at  a  U|gier  teoapenture  after 
gandcwgfaagingwaanioieefllwtivetogetaatyegatinn-fteeaoundriab.  The  stab  was  sealed 
inacoiniiierMllypuR(CP)fnbaawithnwaIltfc«ineaspeaHrlhan  10  mm  to  prevent  ondatioa 
followed  by  various  iheniinniBchanical  process  conditions  described  in  Hg.  2. 


na.8:  MkroatwietumetliesldbUlsrlnisiBiMBrillanlTiealnisnl(»fl)stl2a»‘Clor4ah. 


Flgg:  lUoieoiruehaeaeleaBhaiaBoetNiepMaieanafg-tBt^ntgpreoaealnaElahoMiin 

n»9. 

As  expected,  die  process  teramd  Intereriifcal  Heat  IVMBBisnt  QHT)  peritoned  at  i2S(fC  fo  dtt, 
lesnhedinasnbatandalggwfagtowditonsUelenerdMBlBaBBhiaameterasshofWBiBPIg^ 
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Abstract 

The  fatigue  behavior  of  the  cold  rolled  titaniua  plate  (KS40:  0-35  aa  thick)  vith 
the  texture  of  (0001)[IOTO]±30'  has  been  studied  in  vacuus  (8.7x10'*  Pa)  on  the 
speciaens  cut  out  parallel  (LT)  and  perpendicular  (TL)  to  the  rolling  direction. 

The  LT  and  TL  speciaens  sere  quite  siailar  in  fatigue  behavior.  Diaples  and  cav¬ 
ities  sere  widely  observed  on  the  fracture  surface  of  speciaens.  Dislocation  cel)  I 

structures  have  developed  around  cracks.  The  cells  sere  sore  developed  in  vacuus  | 

coaparatively  lith  those  in  air.  It  seeas  that  the  evolution  of  fatigue  daaage 
involves  the  untsinning  of  existing  tains  associated  tith  interna)  heating  due  to 
cyclic  stressing. 


Introduction 


It  has  tell  been  knoan  that  deforaation  tains  aere  closely  connected  tith  fatigue 
crack  initiation  and  propagation  in  annealed  titaniua  [1-3].  Tain  boundary  daaage 
aas  observed  at  existing  tains  there  the  applied  stress  tas  insufficient  to  nu¬ 
cleate  fresh  tains,  and  cyclic  stresses  caused  larger  tains  to  be  broken  up  into 
saaller  tain  fragaents  [3],  It  aas  also  shoan  that  cyclic  and  aonotonic  pre¬ 
strains  significantly  reduced  the  fatigue  life  of  titaniua  at  loser  strain  levels 
[4].  floaever.  the  existence  of  deforaation  tains  and  its  effect  on  fatigue  prop¬ 
erties  are  frequently  ignored  in  dislocation  dynaaics  studies.  In  particular,  fea 
studies  appear  in  the  literature  on  the  fatigue  crack  grotth  behavior  in  cold 
rolled  titaniua  there  existing  tains  are  assuaed  to  play  a  wore  iaportant  role  on 
fatigue  aicroaechanisa.  In  a  previous  paper,  ae  have  reported  that  in  the  atmos¬ 
pheric  pressure  range  of  less  than  10  Pa  the  increaent  of  speciaen  teaperature 
reached  greater  than  20  K  due  to  internal  heating  and  then  the  spread  of  the 
plastic  zone  developed  around  a  sain  crack,  then  fatigue  testa  aere  carried  out 
at  the  stress  aaplitude  of  o=±150  MPa  (the  endurance  linit:  196  MPa)[5]. 

The  present  study  aas  conducted  to  clarify  the  effects  of  rolling  texture  on  fa- 
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tigue  fracture  aicroBechanisa  of  titaniua  under  alternative  plane  bending  in  vac- 
uua.  Dislocation  aicrostructures  developed  around  groving  fatigue  cracks  in  vac¬ 
uus  are  coapared  with  those  observed  in  air.  The  role  of  existing  tains  on  fa¬ 
tigue  crack  growth  in  titaniua  were  discussed  in  connection  with  slip  activities 
enhanced  by  internal  heating. 


Experiaental  Procedure 


The  aaterial  used  aas  coaaercial  high  purity  titaniua  plate  (KS40)  of  0.7  aa 
thick  supplied  by  Kobe  Steel,  Ltd.  The  cheaical  coaposition  in  weight  percent 
was:  nitrogen  (0.0024).  hydrogen  (0.0041).  oxygen  (0.050).  iron  (0.029).  titaniua 
(reaainder).  After  the  plate  having  been  unidirectional ly  cold-rolled  down  to  0. 
35  as  thick  (50  k  reduction  in  thickness)  at  rooa  teaperature.  the  crystallo¬ 
graphic  texture  was  aeasured  by  using  the  Schultz  back  reflection  technique  with 
filtered  CuKa  radiation.  The  0001  pole  figure  aeasured  froa  a  cold-rolled  plate 


Fig. 1  0001  pole  figure  for  unidirec- 
tionally  cold  rolled  titaniua  plate. 
RD:  Rolling  direction,  TD:  Trans¬ 
verse  direction. 


Of«il  of  A 


Pig. 2  Photoaicrographs  shoving  aicro- 
structure  of  unidirectionally  cold- 
rolled  titaniua:(a)  optical,  (b)  TEI. 


Pig. 3  Shape  and  diaensions  of  fatigue 
speciaen  (in  an). 


Fig. 4  Scheaatic  illustration  showing 
how  to  prepare  the  TL  and  LT  speci- 
aena  froa  cold-rolled  plates. 
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(Fig. 1}  indicates  that  a  (000])[10T0]  texture  rotated  ±30'  totard  the  trans¬ 
verse  direction,  i. e. {121S)<10T0>  texture,  had  developed  parallel  to  the  rolling 
Plane  as  vas  published  by  other  vorkers  [S.7].  Hicrostructures  prior  to  fatigue 
testing  were  observed  tith  optical  and  transaission  electron  aicroscopes  (Fig. 2). 
It  can  be  seen  that  even  after  cold  rolling  to  SOX  reduction  in  thickness  a 
nuaber  of  grains  have  still  regained  to  be  deforned  (Fig. 2  (a>).  The  TEI  photo- 
nicrograph  indicates  that  nuaerous  tains  aere  in  clusters  (Fig. 2  (b)).  These 
tains  aere  identified  aith  (1121}.  (1122)  and  (1102)  planes.  Longitudinal  (LT) 
and  transverse  (TL)  speciaens  aith  a  single  edge  notch  (ak=3. 2)  as  aas  shoan  in 
Fig.  3  aere  aachined  to  the  diaension  of  10x55x0.3  aa  parallel  and  perpendicular 
to  the  rolling  direction  respectively  (Fig. 4).  Prior  to  fatigue  testing  the 
speciaens  aere  polished  aechanically  and  electrolytically.  Fatigue  tests  ae.e 
perforaed  on  an  apparatus  that  produced  constant  displaceaent  in  plane  bending  at 
a  resonant  frequency,  ahich  aas  about  600  Bz  for  the  second  aode  of  oscillation 
eaployed  in  the  present  study.  All  tests  aere  conducted  at  R^-l  and  aabient  tea- 
perature.  For  tests  in  vacuua.  the  apparatus  aas  set  up  in  a  vacuun  chaaber 
ahich  aas  evacuated  to  a  pressure  of  6. 7xl0~'Pa.  Netallographic  exaaination  aas 
carried  out  around  a  aain  crack  aith  Noaarski  contrast  optical  aicroscope.  SEB 
(X-560  ENA:  Bitachi)  and  TEM  (JEII-200A:  iEOL)  operating  at  200kV.  TEB  observa¬ 
tions  sere  carried  out  on  the  saae  areas  as  those  for  optical  aicroscopy.  This 
aas  successfully  attained  by  aeans  of  an  electrolytic  jet  polishing  setup  aith 
optical  aicroscope  C8].  Thin  filas  sere  prepared  froa  only  a  surface  layer  of 
speciaens  and  as  close  to  a  aain  crack  as  possible.  The  teaperature  of  speciaens 
aas  continuously  aeasured  during  fatigue  teste  through  an  aluael-chroael  therao- 
couple  of  0. 1  aa  in  diaaeter,  ahich  aas  spot-aelded  onto  the  anticipated  crack 
path  of  speciaen  surface. 


Results  and  Piscussion 


In  Fig.  5,  the  S-N  curves  for  the  LT  and  TL  speciaens  tested  in  vacuua  sere  shoan 
coapared  aith  results  obtained  in  air.  It  is  found  that  in  vacuun  fatigue  behav¬ 
ior  is  nuch  the  sane  betaeen  the  LT  and  TL  speciaens,  shereas  in  air  sone  dif¬ 
ferences  can  be  distinguished  in  the  endurance  linits  and  fatigue  lives.  This 
suggests  that  in  vacuua  the  rolling  texture  has  little  effect  on  fatigue  behavior 
of  pure  titaniun. 

The  fatigue  crack  groatb  rate  vs.  AK  plot  is  shoan  in  Fig. 8.  It  is  apparent  that 
the  gradient  of  stable  crack  groath  region  and  the  AKit  value  for  the  speciaens 
tested  in  vacuua  are  quite  different  froa  those  in  air.  Then,  the  curves  for  the 
tests  in  air  aere  obtained  by  the  aethod  of  least  squares.  In  vacuua.  both  the  LT 
and  TL  speciaens  have  the  saae  AK.i.  value  of  about  12  IPa/' a,  ahich  aas  high 
coaparatively  aith  the  value  of  about  5  ■Pa/' a  in  air.  Thus  it  appears  that  in 
vacuua  fatigue  crack  groath  behavior  is  auch  the  saae  betaeen  the  LT  and  TL  spec¬ 
iaens.  ahile  in  air  they  are  subtly  different  froa  each  other.  Therefore,  it 
aill  be  reasonable  to  assune  that  the  anisotropy  of  fatigue  properties  due  to 
rolling  texture  is  less  significant  in  vacuua. 

Figure  7  shoes  appearances  of  the  fracture  surface  of  speciaens  tested  in  the  A I 
near- threshold  region  in  vacuua.  Fracture  surfaces  in  vacuua  are  characterised 
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Fig. 5  S-N  curves  for  the  TL  and  LT  Fig.  6  Fatigue  crack  groith  rate  curves 
speciaens  tested  in  vacuua  (top)  for  the  TL  and  LT  speciaens  tested 

and  in  air  (bottoa).  in  vacuus  and  in  air. 

by  cavities  and  diaples  with  aicroligaaents,  giving  evidence  of  the  teaperature 
rise  of  speciaens.  Secondary  aicrocracks  are  frequently  observed  around  the 
diaples.  This  suggests  that  in  vacuus  soae  voluae  at  crack  tips  Bust  have  heated 
up  to  considerably  high  teaperature  during  the  fatigue  fracture  processes.  In 
vacuus  the  LT  and  TL  speciaens  reseabled  each  other  in  fracture  surface  topogra¬ 
phy.  In  air,  however,  the  speciaens  showed  discernible  differences  in  their  ap¬ 
pearances  of  fracture  surfaces.  In  the  TL  speciaen  the  fracture  surface  was  coa- 
posed  of  cleavage  facets,  but  in  the  LT  speciaen  that  was  characterized  by  align¬ 
ed  ridge  structures  consisting  of  saall  irregular  plateaus  and  valleys.  General 
appearances  of  fatigue  fracture  surfaces  of  the  cold  rolled  titaniua  are  sore 
ductile  in  vacuua  than  in  air. 

In  Fig. 8.  the  speciaen  teaperature  rises  aeasured  during  fatigue  tests  in  vacuua 
were  coapared  with  those  in  sir.  Then,  the  teaperature  increaent  was  defined  as 
the  difference  between  the  aaxiaua  and  the  ainiaua  values  aeasured  through  fa¬ 
tigue  tests.  It  can  be  seen  that  in  vacuua  the  increaent  of  speciaen  teaperature 
reached  up  to  45  K  during  cyclic  stressing  at  a-±201  MPa  (the  stress  aaplitude 
ratio  to  endurance  liait  ^1.2).  In  air,  however,  that  was  only  about  3  K.  The 
results  were  in  well  agreeaent  with  that  in  pure  titaniua  [5].  It  should  be  noted 
that  the  curve  for  the  TL  and  LT  speciaens  in  vacuua  is  exactly  the  saae  with 
each  other  in  tendency,  and  is  such  higher  than  that  in  air.  where  there  are  soae 
differences  between  then.  This  appears  to  be  connected  with  the  slip  activ¬ 
ities  enhanced  by  the  internal  heating  due  to  cyclic  stressing  in  vacuua.  Follow- 

soo 


(  c  ) 


Fig. 7  SEN  fractoiicrographs  shoting  appearances  of  fracture  surfaces  at  the 
AKtb  value;  (a)  in  vacuua.  (b)  in  air  and  (c)  a  latching  pair  photoiicro- 
graph  shoeing  cavities  foried  on  a  fracture  surface  in  vacuui. 

ing  the  lodel  of  ’a  loving  heat  source  betfeen  insulating  planes'  proposed  by 
Freudenthal  and  leiner[9],  the  laxiiui  teiperature  on  a  slip  plane  sas  approxi- 
■ately  calculated  to  be  318  X  for  the  stress  aiplitude  of  a-±20l  IPa.  This  val¬ 
ue  appears  to  be  reasonably  accepted,  although  there  is  a  discrepancy  betieen  the 
theory  and  the  experiient.  This  is  because  the  experiiental  data  indicate  a  tei¬ 
perature  representative  of  the  spot  there  a  theriocouple  las  welded  and  not  the 
true  teiperature  developed  on  a  fracture  surface.  The  true  teiperature  developed 
on  fracture  surfaces  would  be  auch  higher  than  the  values  obtained  experiiental ly. 
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Fig.  8  Plot  of  the  increaeot 
of  speciaen  teaperature 
during  fatigue  tests.  a-± 
201  MPa. 
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Speciaen  teaperature  increased  aith  increasing  stress  aaplitndes.  For  titaniua 
alloys,  Bryant  et  al  have  given  experiaental  evidence  indicating  that  the  teaper¬ 
ature  of  fracture  surface  rose  up  to  above  the  aelting  point  at  the  aoaent  of  fi¬ 
nal  separation  under  uniaxial  loading  [10].  In  addition,  it  has  been  knoan  that 
slip  activities  on  priaary  and  secondary  slip  systeas  are  very  sensitive  to  a 
teaperature  change  at  near  rooa  teaperature:  a  teaperature  increaent  of  30  K 
above  rooa  teaperature  causes  the  critical  resolved  shear  stresses  on  the  basal 
and  prisaatic  slip  planes  to  decrease  by  about  30  I  and  to  increase  the  activa¬ 
tion  voluae  for  prisaatic  slip  systea  extreaely  [11]. 

Figure  9  shots  a  typical  exaaple  of  TEH  photoaicrographa  observed  in  the  close 
vicinity  of  growing  cracks.  Dislocation  cell  structures  developed  in  the  close 
vicinity  of  the  crack.  It  vas  very  rare  to  observe  large  tiins  in  clusters  near 
cracks,  vhereas  in  the  areas  over  10  /ta  any  froa  the  crack  sides  a  lot  of  tains 
are  observed,  which  consist  of  extreaely  dense  dislocation  debris.  The  trends  of 
the  aicrostructure  developaent  were  the  sane  with  those  in  the  LT  speciaen.  This 
suggests  that  the  evolution  of  fatigue  daaage  in  cold  rolled  titaniua  would  in¬ 
volve  untwinning  of  the  existing  twins  under  cyclic  stresssing.  In  vacuua.  then, 
a  larger  fraction  of  the  externally  supplied  energy  would  be  conauaed  for  slip¬ 
ping  and  untwinning  at  crack  tips  coapared  with  that  in  air.  Assuaing  that  the 
externally  supplied  energy  is  constant,  the  energy  dissipation  for  propagating  a 
fatigue  crack  would  decrease  with  increasing  plastic  deforaation.  Thus,  it  can 
be  concluded  that  in  vacuua  the  fatigue  fracture  aicroaechanisa  of  cold  rolled 
titaniua  is  controlled  by  slipping  and  untwinning  activities  at  a  growing  crack 
tip.  because  of  their  absorbing  energy  at  the  crack  tip.  Then,  the  internal  heat¬ 
ing  could  be  a  proaoter  to  enhance  the  slip  activities  under  cyclic  stressing  in 
vacuua. 

Conclusions 

Characteristics  of  fatigue  behavior  of  the  cold  rolled  titaniua  plates  subjected 
to  alternate  plane  bending  in  vacuua  are  suaaarized  as  follows: 

1.  In  vacuua,  anisotropy  in  both  S-N  curves  and  fatigue  crack  growth  rate  curves 
is  insignificant  between  the  TL  and  LT  speciaens.  The  Alit  value  is  higher  in 
vacuua  than  in  air. 
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Fig. 9  TEI  photoiicrographs 
ehoiing  conon  picrostruc- 
ture  in  the  close  vicinity 
of  a  graving  crack  in  the 
TL  speciaen:  (a)  in  vacuua, 
and  (b)  in  air. 


2.  Fracture  surface  aorphology  of  the  TL  and  LT  speciaens  tested  in  the  AK,. 
region  are  characterized  by  cavities  and  diaples.  Secondary  aicrocracks  sere 
frequently  observed  around  the  cavities  and  diaples.  General  aode  of  fatigue 
fracture  is  ductile  in  vacuus. 

3.  Dislocation  cell  structures  were  generally  observed  around  cracks,  thereas  a 
lot  of  tvins  in  clusters  sere  very  coaaon  in  areas  over  10  its  stay  froa  crack 
sides.  Untvinning  of  the  existing  tvins  seeas  to  be  involved  in  fatigue  crack 
grovth  aicroaechanisa.  The  dislocation  structure  configurations  could  be  connect¬ 
ed  vith  the  slip  activities  at  the  tip  of  groving  crack. 

4.  Speciaens  raised  teaperature  in  theaselves  up  to  45  K  above  aabient  teapera- 
ture  due  to  internal  heating,  vhen  cyclically  stressed  at  (7-±201  IPa.  They  aen- 
tion  that  by  theory  it  is  probably  auch  hotter.  In  cold  rolled  titaniua.  the 
internal  heating  could  be  a  proaoter  to  enhance  the  slip  activities  under  cyclic 
stressing  in  vacuun. 

Acknovledgeaent:  The  authors  are  grateful  to  Kobe  Steel.  Ltd  for  providing  the 
aaterial  (KS40)  that  vere  used  in  the  laresent  study. 
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Abstract 

Mechanical  properties  of  the  BETA-C  (RMI )  titanium  alloy  were 
examined  and  fatigue  tests  carried  out  to  study  the  effect  of 
aging  treatment  and  microstructure  on  fatigue  resistance. 
Specimens  from  20  mrt  thick  rolled  plate  were  used  in  tensile 
and  compact  tension  tests,  after  solution  treatment( 815®C,A.C. ) 
and  peak-aging  at  temperatures  from  350®  to  570“C  .  Under-  and 
over-aging  conditions  were  examined  also.  Tensile  strength  and 
Ktt:  were  measured  for  all  of  the  heat  treatments. 

Fatigue  crack  growth  tests  were  performed  on  CT-type  specimens 
(ASTM  £647)  at  10  Hz  and  load  ratio  of  R°0.5  .  No  dependence  of 
the  crack  growth  on  the  microstructure  was  observed  in  the  spe¬ 
cimens  aged  from  425®C  to  570®C. 

Overall  results  suggested  that  aging  at  temperature  from  475®C 
to  500°C  provided  the  best  combination  of  tensile  properties 
and  fatigue  resistance. 

Introduction 

The  metastable  beta  Ti-3Al-8V-6Cr-4Mo-4Zr  (BETA-C,  TM)  alloy 
has  been  designed  by  RMI  (USA)  for  its  excellent  hot  and  cold 
working  characteristics,  corrosion  resistance  and  high 
strength  levels  which  can  be  reached  by  aging  after  solution 
treatment  [1-4].  This  alloy,  of  course,  can  be  heat  treated  to 
a  wide  range  of  strength  levels  owing  to  the  precipitation  of 
the  stable  a-phase  ,  in  the  temperature  range  from  350®C  to 
600®C,  in  the  solute-rich  metastable  S-titanium  matrix. 
Moreover,  the  particular  alloy  composition  does  not  allow  the 
brittle  omega  phase  precipitation  during  aging  ,  as  comnonly 
found  in  other  beta-titanium  alloys  ,  also  at  reasonably  low 
temperature,  e.g.  350®C  [2,5]. 


(*)  This  work  was  supported  by  MURST,  Italy. 
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In  a  previous  paper  [6]  the  characterization,  performed  on  LT 
and  TL  CT-specimens  aged  20  h  at  temperatures  from  450“C  to 
570®C,  after  SHT  ( 815“C-l/2h,A.C. ) ,  showed  no  substantial 
difference  between  the  two  orientations  ,  as  regards  fatigue 
crack  growth  rate.  It  was  also  observed  that  the  overaged  alloy 
-  with  lowest  strength  levels  -  presented,  at  highest  AK  va¬ 
lues,  slightly  lower  fatigue  crack  propagation  rates,  compared 
to  those  of  the  as-solution  treated  specimens. 

The  objective  of  this  work  was  to  accurately  study  the  effect 
of  grain  size  and  of  secondary  alpha  phase  distribution  and  mox 
phology  on  fatigue  crack  growth  and  fracture  toughness  of  as- 
aged  specimens.  Correlations  between  strength,  fatigue  behavior 
and  toughness  were  discussed  as  functions  of  heat  treatment. 

Experimental 

The  Beta-C  alloy  was  supplied  by  the  manufacturer  RMI  (USA) 
as-solution  treated  (815®C  -  1/2  h,  A.C.)  20  irm  thick  rolled 

plate.  Its  chemical  composition  was  :  A1  3.3%-V  8.1%-Cr  5.8%- 
Mo  3.9%-Zr  3.8X-Fe  0.08%-Nb  0.08%-C  0.02%-N  0.015X-H  80  ppm. 
Specimens  for  the  aging  cvirves  determination  and  for  tensile 
and  fatigue  tests  were  cut  with  a  milling  machine.  The  aging 
tests  were  conducted  on  20x2Sx4(inn)  specimens  in  an  argon  fur¬ 
nace  across  the  range  350-600®C  for  periods  of  up  to  1000  hours 
for  the  lowest  temperature;  Vickers  hardness  ys.  time  was  gra¬ 
phically  reported  for  each  aging  temperatvure . 

Longitudinal  tensile  test  specimens  (length:  SOmn;  gauge  length 
20nni;  d.*4fflm)  were  aged  between  350®-570*C  for  time  values  spe¬ 
cified  in  Table  I.  UTS,  YS(0.2X)  and  EX  were  then  determined. 

Fatigue  crack  growth  tests  were  performed  on  CT-type  specimens, 
in  air,  at  10  Hz  and  load  ratio  of  R®0.S  on  machines  whose  load 
was  generated  by  an  electromagnet  and  amplified  mechanically, 
(^-specimens  with  U’°40nin  and  B°12.5iifn  were  machined  in  LT 
orientation,  according  to  ASTK  E  647,  and  aged  at  SSO^C-lOOGh; 
400®C-360h;  425"C-165h;  450®C-20h  and  160h;  475»C-20h  and  28h; 

500*C-20h;  525®C-20h;  SSOoC-ZOh;  570»C-20h, 

Crack  lengths  were  measured  at  x40  light  microscope  and  checked 
after  failure  of  the  specimen.  The  polynomial  equation  was  then 
employed  to  determine  the  crack  growth  rate  from  these  data. 
Experimental  results  were  processed  with  a  program  specially 
prepared  for  da/dN  - AK  curves.  Fatigue  behavio\ir,  or  more  pre¬ 
cisely  the  subcritical  crack  propagation  rate,  can  be  represen¬ 
ted  by  semi-empirical  models  allowing  the  fatigue  crack  growth 
rate  to  be  analytically  expressed  with  a  very  small  number  of 
characteristic  experimental  parameters.  The  relation,  proposed 
by  Forman,  was  employed  in  this  paper. 

Fractunre  toughness  (Kic)  was  measured  by  means  of  CT-specimens 
(  ASTH  E  399  ).  Hetallographic  examinations  (  etching  reagent: 
1  ml  HF(40X),  5  ml  HNOa,  94  ml  HaO)  and  fracture  surface  exami¬ 
nation  ware  carried  out  with  an  optical  microscope  and  SEH-EDS. 

Results  Bod  Discussion 

Typical  aging  curves  of  the  alloy,  at  various  temperatures,  are 
illustrated  in  Fig.l.  They  were  used  to  determine  the  peak- 
aging  condition  at  each  temperature  for  tensile,  K%^  and  fati¬ 
gue  test  specimens.  At  lower  temperatures  (350-400®C)  very  high 
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Figure  1  -  Aging  curves  at  indicated  temperatures . 


hardness  levels  were  reached.  But  longer  aging  times  were 
required,  due  to  slow  kinetics  of  the  alpha  phase  precipita¬ 
tion.  At  the  highest  temperature ( 600 “O  the  fast  over-aging  did 
not  allow  the  alloy  to  achieve  a  hardness  sufficiently  high  to 
be  of  practical  interest.  Duplex  aging  or  stretching  before  the 
ageing  were  already  tried  [61.  No  greater  improvement  in  the  r£ 
suits  were  obtained  by  those  treatments  and  -  in  view  also  of  a 
much  more  high  cost  -  they  were  not  studied  any  further. 
Micrographs  of  the  specimens  aged  to  max.  hardness  level  at  the 
various  temperatures  are  shown  in  Figure  2  .  At  350*C  ,  very 
fine  precipitation  of  secondary  alpha  (dark  phase)  is  perfectly 
distributed  within  the  B-matrix  (light  phase):  the  precipitates 
are  small  (O.l-O.S  urn);  at  SOO^C,  precipitation  is  still  fairly 
uniform,  but  particle  sizes  have  grown  to  1-2  urn.  Their  size 


Figure  2  -  SEM  micrographs  of  specimens  aged  at  indicated 
temperature  (right  column  ;  X  2800; left  column  ;  X  8000). 


increases  st:!!!  further  at  525*0  ,  thouigh  their  distribution  is 
still  sufficiently  uniform  for  high  hardening;  at  550*0,  howe¬ 
ver  ,  this  is  no  longer  the  case  :  lau:ge  (3-6  tim)  alpha  islands 
are  elongated  in  bands  and  randomly  distributed.  At  600*0  ,  as 
it  can  be  seen,  only  a  few  zones  in  the  grains  have  been  invol¬ 
ved  in  the  precipitation  phenomena. 

Tensile  properties  and  fracture  toughness  (Kic)  of  as-peak  aged 
alloy  -  and  for  some  temperattire  as-under  aged  specimens  also  - 
are  reported  in  Table  I  .  As  expected  ,  the  highest  yielding 
strengths  were  achieved  by  ageing  at  lowest  temperatures,  al¬ 
though  with  a  great  loss  of  plasticity.  Values  of  over  1700  HPa 
for  U.T.S.  could  be  easily  reached,  but  the  correspondent  duc¬ 
tility  ,  as  measured  by  elongation  (X)  ,  and  fracture  toughness 
were  too  low.  It  is  interesting  to  note  from  this  point  of  view 
the  correlation  between  Y.S.(0.2%)  and  K,n,  as  it  is  shown  in 
Fig.3A.  From  plotted  data  an  empirical  equation  cem  be  calcula¬ 
ted  as: 

K...  •  147  -  0.073  (Y.S.  ) 
where  Y.S.iO.ZX)  is  in  MPa  and  Kic  in  MPa\rTh  . 

Apart  from  the  interest  in  a  similar  equation  for  practical  pu£ 
poses, it  is  important  to  observe  the  strictly  linear  dependence 
of  the  two  properties  and  the  fair  precision  with  which  experi¬ 
mental  points  fit  the  calculated  model,  regardless  of  peak-  or 
under-aging  ,  with  excellent  value  of  correlation  coefficient 
(r=0.989).  The  same  is  not  completely  true  for  other  possible 
correlations,  e.g.  Kir-  as  a  function  of  the  reduction  area 
or  elongation  (%),  for  the  following  reasons  : 

1)  the  greater  scatter  band  of  experimental  points,  due  also  to 
less  precise  and  reproducible  measurements  of  R.A.,  or  El.(%)  ; 

2)  the  net  deviation  of  the  as-solution  treated  specimen,  as  it 
can  be  seen  clearly  in  Flg.3B. 

In  any  case,  increasing  yield  strength  by  secondary  alpha  aging 
strongly  reduces  ductility  and  toughness  ,  as  reported  also  for 
other  metastable  beta-Ti  alloys  [7],  and  conclusively  good  com¬ 
bination  of  tensile  properties  (1200  MPa  for  Y.S.)  and  fracture 
toughness ( 55-60  NPa/A)  is  achieved  by  aging  at  temperature  from 
475  to  500*C.  Some  authors  [8-91  Indicated  that  sligthly  higher 
fracture  toughness  could  be  obtained  by  duplex  aging,  after  a 
high  temperature  SHT(T>900*C)  which  gave  a  completely  recrysta^l 
lized  structure  of  the  beta  matrix.  In  our  previous  work  [6]  on 
the  same  material  ,  but  as-SHT  at  81S*C  and  A.C.  ,  no  apprecia¬ 
ble  improvement  by  duplex  aging  was  found.  Froes  et  al.[ 10], ob¬ 
serving  in  Beta  III  alloy  an  enhancement  of  hardening  by  duplex 
eging,  or  by  prior  10%  cold  working  ,  supposed  a  mechanism  of 
uniformly  nucleated  precipitation  of  very  fine  omega  phase  and 
subsequent  transfozmation,  probably  ”in  situ",  of  omega  in  fine 
alpha  phase.  But  this  mechanism  does  not  seem  too  useful  for 
the  Beta-C  alloy,  in  which  omega  precipitation  can  be  developed 
only  at  low  aging  temperature  ( <300*0  by  necessarily  very  long 
aging  time  [2,5]. 

The  results  of  the  crack  propagation  tests  for  the  indicated 
conditions  are  reported  in  Fig. 4  .  A  comparison  of  the  fatigue 
crack  propagation  behaviour  of  the  most  indicative  specimens  is 
reported  in  Fig.4D,  in  terms  of  only  Forman's  model  [11]. 

The  effect  of  microstructure  and  heat  treatments  on  F.C.P.  ap- 
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TABLE  I  -  Mechanical  propertiea  of  heat  treated  speciaens 


Heat  treatment 

0.2%  Y.S. 
(MPa) 

UTS 

(MPa) 

Elong. 

(%) 

HV50 

1 

Kjc 

(MPavi 

{815»C  -l/2h,A.C.) 

835  1 

850 

17 

265 

89 

S.T.A.  3500C-I000h 

1700 

1730 

0.5 

470 

24 

S.T.A.  400*C-360h 

1615 

1685 

0.8 

460 

30 

S.T.A.  450*C-20h 

1090 

1170 

10 

360 

63 

S.T.A.  450*C-160h 

1580 

1640 

3.4 

445 

32 

S.T.A.  475«C-20h 

1185 

1265 

5 

410 

- 

S.T.A.  475*C-28h 

1275 

1325 

4 

420 

48 

S.T.A.  S00oC-20h 

1145 

1225 

7 

390 

59 

S.T.A.  52S*C-20h 

1100 

1180 

8 

375 

66 

S.T.A.  550*C-20h 

920 

1  950 

12 

325 

79 

S.T.A.  570«C-20h 

905 

935 

12 

310 

84 
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Figure  3  -  Fracture  toughness  (Kic)  as  a  function  (A)  of 
0.2%  P.S.  and  (B)  of  elongation  %  . 


peared  to  be  small  ,  particularly  at  low  AK  values  because  the 
data  were  scattered  in  a  very  narrow  band,  even  if  the  as-SHT 
alloy  showed  the  highest AK  threshold  and  the  fatigue  precrack, 
in  this  case,  needed  a  larger  number  of  cycles.  At  high  AK  va¬ 
lues,  the  highest  crack  growth  rates  are  exhibited  by  samples 
treated  at  highest  strength  conditions,  e.g.  aged  at  350-400®C. 
The  as-SHT  samples  showed  a  trend  toward  higher  growth  crack 
rates  than  those  aged  but  at  lowest  strength  levels.  Also 
from  fatigue  tests,  it  was  concluded  that  the  best  combination 
of  strength  and  fatigue  resistance  was  provided  by  aging  at  in¬ 
termediate  temperature,  close  to  SOO^C. 

Fractography  of  fracture  surfaces  after  fatigue  testing,  as  can 
be  seen  in  Figures  5,6  ,  showed  pronounced  roughness  for  SHT 
specimen  ,  with  some  areas  of  intergranular  fracture  and  some 
areas  of  cleavage  (Figg.  5, 6a, 6b),  while  a  large  final  zone  of 
fracture  showed  a  low  roughness  and  .  on  this  surface,  fatigue 
striations  appeared.  The  as -aged  specimens  showed  a  lower  rough 
ness , particularly  in  samples  treated  to  higher  strength  levels; 
this  characteristic  developed  over  the  whole  fracture  surface 
from  the  early  to  the  final  stages. 


In  as-high  temperature  aged  specimens,  with  comparatively  lower 
strength,  fatigue  striations  and  branching  wore  clearly  seen 
(Fig. 6c)  and  this  could  explain  lower  crac)c  propagation  rates. 

CoasluaioD 

Aging  treatment  enables  Beta-C  (RMI)  alloy  to  achieve  very 
high  strength  levels  of  over  1700  MPa,  but  no  ductility  and  low 
fracture  toughness  are  correspondingly  presented.  Correlation 
between  0.2%  Y.S.  and  K, ,=  is  expressed  by  the  equation; 

Ktc:  =  147  -  0.073(Y.S.  ) 
where  (Y.S)  is  in  MPa  and  Kit:  in  MPa  m  . 

Fatigue  tests,  which  showed  that  cracic  propagation  rates  in  as- 
aged  specimens (at  450“C  to  600*0  were  not  dependent  on  the  mi¬ 
crostructure,  permit  us  to  conclude  that  the  best  combination 
of  tensile  property  and  fatigue  behaviour  is  provided  by  aging 
in  the  range  of  temperatures  from  475“  to  500“C. 

At  these  temperatures  a  microstructure  with  an  abundant  quanti¬ 
ty  of  secondary  alpha  phase  in  beta  matrix  ,  but  in  the  form  of 
quite  fine  and  uniformly  distributed  precipitate,  is  obtained. 


The  authors  would  like  to  thank  the  Management  of  the  company 
Ginatta-Torino-Titanium  SpA  (Turin, Italy )  for  supplying  the  al¬ 
loy  and  for  their  interest  in  the  work. 
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Abstract 

The  authors  observed  the  ^tedmens  of  tensile  and  fatisue  fracture  by  LM  and  SEM.  The  ef¬ 
fects  of  0-fleck  on  decteasiiig  the  tensile  ductiliiy  and  low  cyde  fatigue  life  were  investigated 
at  room  temperature  for  T1-10V-2P»-3A1  alloy,  h  is  found  that  in  0-fleck  r^fcm  without  pri¬ 
mary  alpha  phase  (a,)  or  with  a  little  primary  alpha  phase  crack  generally  propagated  along 
grains  to  form  brittle  fracture,  the  matrix  fracture  was  [daslical  fracture.  Authors  also  discov¬ 
ered  that  under  the  action  of  attemating  load  0-fieck  often  became  a  fatigue  origin,  and  at 
high  strain  otigirul  0-gnitt  boundary  and  grain  boundary  a  film  within  0-fleck  region  were 
susceptible  to  crack  initiating  and  early  crack  propagating. 

Introduction 


Near  ^-Ti  alloys  have  an  increased  heat  treatability,  deep  hardening  potential, 
and  inherent  ductility  attributable  to  its  body  centered  cubic  structure.  In  addi¬ 
tion,  the  class  alloy  also  has  good  mechanical  properties,  and  low  cost  of  fabri¬ 
cated  components  compared  to  conventional  Ti-alloys^U,  Therefore  recently  near 
3-Ti  alloys  are  widely  applied  to  practical  production.  However ,  if  the  melUng 
and  hot- working  technologies  were  unsuitable,  a  certain  amount  of  0-flecks 
would  be  formed,  which  were  due  to  constitutional  segregation^*’*^. 

Literatures  [3,43  pointed  that  serious  0-flecks  within  a  alloy  decreased  the 
ductility  and  low  cycle  fatigue  property,  iliey  didn' t  show  the  property  data  and 
didn' t  claiify  the  reason  of  the  influence  of  0-fleck  on  the  properties. 

The  authors  determined  the  tensile  property  and  low  cycle  fatigue  life  of  Ti-lOV- 
2Fe-3Al  with  0-flecks  at  room  temperature  and  observed  the  macrostructure,  mi¬ 
crostructure  and  fractograph  of  fracture  samples  using  an  optical  microscopy  and 
scanning  electton  microscopy.  We  have  found  the  fracture  character  and  the 
fracture  mechanism  of  0-fleck  and  matrix.  In  additicH) ,  this  paper  offered  a  test¬ 
ing  method  for  researching  the  relation  between  0-fleck  and  property. 
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Material  and  Experimental  Procedure 


Material 


80  X  80mm  square  blank  (No.  8602001 )  with  6-flecks  (Fig.  1 )  were  used  in 
this  study.  Its  3-transus  is  805X!^.  Its  bulk  chemical  composition  is  given  in 
Table  I. 


Fig.  1-Qriginal  material  atracture 
TaMe  I  Chemical  Compoaition  of  Tl-10V-2Fe-3Al 


Element 

A1 

V 

Fe 

Si 

C  N  H  0 

Ti 

wt-% 

3.  05 

10.23 

2.08 

0.05 

0.  015  0.  014  0.  002  0. 013 

bsl 

Experimental  Procedure 


At  35X!^  below  the  6-transus  the  original  material  was  drawn  into  40  X  40iran 
forging  blank.  This  forging  blank  solution-treated  and  aged  as  fdlows. 
760X^/2h/water  quench  -f  520X^/8h/air  cool.  The  property  samples  were  cut 
longitudinally.  Tensile  tests  were  performed  at  romn  temperature.  Low  cycle  ta- 
tigue  tests  were  conducted  using  constant  amplitude  longitudinal  pull-pull  cyclic 
stress,  stress  ratio  RssQ.  I  and  the  cyclic  frequency  f=  15/sec. 

One  end  of  each  fracture  sample  was  made  into  metallographic  q)ecimen  for  ob¬ 
serving  macrostructure,  mierostructure,  and  for  measuring  6-fleck  volume  frac¬ 
tion  (Pv) ,  maximum  6-fleck  area  (Sm>)  and  the  microhardness  of  6-fleck  and 
matrix.  And  the  another  end  of  each  fracture  sample  was  used  for  analysing 
fractograph  under  a  JSM-35C  SEM  fat  observing  fracture  character  of  6-fleck 
and  matrix,  and  for  measuring  the  chemical  composition  of  6-fleck  and  matrix. 
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Results 


Tensile  Tests 


The  tensile  property  data  are  shown  in  Table  I .  The  difference  of  the  elongation 
(6)  and  reduction  in  area  (9)  were  very  obvious.  (iWi=56%, 

After  all  the  macrostructuret  microstructure  and  scanning  fractograph  were  ob¬ 
served  carefully,  it  was  found  that  the  tensile  ductility  closely  related  with  &- 
fleck.  For  example,  in  the  micrograph  of  sample  No.  3,  there  was  no  &-fleck 
(Fig.  2a)  and  its  scanning  ftactognph  was  tyj^cal  dimple  fracture  (Pig.  2b}, 
and  <p=:42.  6%.  The  macrostructure  of  sample  No.  12  (Fig.  2c)  shows  ^flecks 
(white  spots),  in  which  P,=l.  S%,  Sm=0.  21mm* (1.  04X0.  20)  and  (p= 
26.8^,  Figure  2d  was  the  micrograph  of  sam|^  No.  15,  Sm>  was 
0.  60mm*(2.  73X  0.  22) ,  P.  was  3. 2% ,  its  cp  was  13.  2%.  Sm  of  the  sample 
No.  1  (Fig.  2e)  was  not  too  large,  but  Pv  — 5.  7% (Fig.  2f),  and  <i>  was  only 
11.  9%.  The  case  of  sample  No.  2  was  similar  to  sample  No.  1.  Thereftfe,  the 
ductility  was  influenced  not  only  by  Sm  but  also  by  P,.  Although  the  of  the 
sample  No.  1  and  No.  2  were  widiin  the  controlled  standard  (0.  762  X  0.  762 
mm*) ,  the  reduction  in  area  of  the  sample  No.  1  and  No.  2  was  low.  Thus  au¬ 
thors  consider  that  the  SUx  should  be  controlled  and  the  P,  should  also  be  con¬ 
trolled. 


Table  I  The  Influence  of  P-Fleck  on  Tensile  Ptopeity  of  Ti-10V-2Fe-3Al 
Ultimate  Yield  Maximum  ^Flecfc 


No.  Strength  Strength  Bong.  Red.  Area  S-Fleck  Area  Volume  FTactian 
MPS  MPS  %  %  mm*  _ Vol.  % 


1 

1282 

1243 

6.4 

11.9 

1.28X0.16«0.20 

5.7 

2 

1260 

1211 

5.6 

11.7 

0.63X0.51-0.32 

6.1 

3 

1218 

1190 

11.2 

42.6 

0 

0 

4 

1302 

1280 

5.6 

11.0 

0.97X0.  60=0.58 

13.6 

5 

1195 

1170 

10.8 

49.5 

0 

0 

6 

1182 

1165 

10.0 

46.0 

0.37X0. 19-0.07 

0.12 

7 

1185 

1170 

10.4 

54.0 

0 

0 

8 

1192 

1180 

13.2 

56.0 

0 

0 

9 

1210 

1195 

11.6 

51.3 

0.  21X0.05=0. 01 

0.06 

10 

1196 

1182 

10.8 

51.3 

0 

0 

11 

1188 

1160 

11.2 

48.0 

0 

0 

12 

1289 

1260 

8.0 

26.8 

1.04  X  0.20=  0. 21 

1.8 

13 

1215 

1200 

9.6 

44.8 

0 

0 

14 

1250 

1220 

8.8 

30.0 

0.  48X0. 18-0.09 

1. 1 

15 

1226 

1200 

6.0 

13.2 

2.73X0.22-0.60 

3.2 

16 

1220 

1210 

7.2 

29.5 

1.07X0.21-0. 22 

3.3 

17 

1245 

1220 

9.6 

44.0 

0.32  X  0.07-  0.02 

0. 12 

18 

1224 

1210 

10.8 

43.0 

0 

0 

SIS 


Fig.  2  Optical  photograph  and  scanning  fractogiaph  of  fracture  samples 
(a)  micrastructuie  of  No.  3i  (b)  fractograph  of  No.  S 

(c)  macrostnicture  of  No.  12|  (d)  microstructiire  of  No.  15« 

(e)  nticrostructure  at  No.  1 1  (f)  macrostnictnre  of  No.  1 1 


Fig.  3  Scanning  fractograph  of  fracture  aunpie  No.  15 

Extensive  SEM  studies  revealed  areas  of  Ivittle  fracture  which  were  characteristi¬ 
cally  intergranular  grain  boundary  fracture.  These  areas  of  brittle  fracture  were 
associated  with  beta  flecks  (Fig.  3).  The  composition  measured  in  brittle  fracture 
region  showed  that  Fe  element  content  was  higher  than  that  in  matrix,  while  A1 
was  lower  than  that  in  matrix  (TaUe  1 ).  This  manifested  that  the  brittle  frac¬ 
ture  region  was  ^fleck  region. 


Table  1  The  Chemical  Compodtion  in  Brittle  FTactute  Region* 
_ and  the  Mjcrohardnem  of  g-fleck  and  Matrix* _ 


No. 

Chemical  Compoaitian 

Microhaidneae 

Fe 

% 

V 

X 

A1 

X 

B-fleck 

MFh 

Matrix 

MPa 

1 

2.750 

12. 604 

2.496 

4710 

4290 

2 

2.910 

10.836 

2.224 

4800 

4380 

3 

— 

— 

— 

0 

4330 

4 

3.073 

11.355 

2.016 

4730 

4260 

8 

— 

— 

— 

0 

4230 

12 

3.336 

11. 014 

2.390 

4690 

4440 

15 

2.724 

10. 644 

2.110 

4750 

4370 

16 

— 

— 

— 

4720 

4320 

*  Mean  of  Five  Meamring  Folnti 


Another  interesting  tact  in  Table  I  is  that  when  there  are  serious  3-fleda 
(Sm^O.  58mm* ,  P«^5. 75^  )  at  fracture  surtace  the  ductility  of  material  strik¬ 
ingly  is  lowered,  while  Its  straigth  is  increased.  The  microhaidness  of  tiie  ^-fleck 
and  the  matrix  was  measured  by  optical  mlcrdtardneas  machine.  The  mictoliard- 
neas  of  8-fleek  was  higher  than  matrix  (see  Table  1 .  }.  The  more  microhardness 
the  more  strength  (see  Table  1  and  TaMe  I  ) 
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Low  Cycle  Fatigue  Tests 


The  results  of  low  cycle  fatigue  test  ate  given  In  Table  IV .  It  shows  that  ^flecks 
have  a  large  influence  on  die  low  cycle  fittigue  inroperty.  The  sample  with  serious 
3-flecks  (Pv^l.  65^)  at  the  fracture  sur&ce  compared  with  that  of  no  3-fleck, 
the  low  cycle  fatigue  life  (Nf )  of  the  fMiner  strikinglb^  was  decreased.  For  exam¬ 
ple,  there  was  no  3-fledt  at  the  fracture  surface  of  the  sample  No.  6,  therefore 
Nf  was  1.  61 X 10^.  By  contrast,  there  were  serious  B-flccks  at  foacture  surfoce 
of  No.  12  (Fig.  4a) ,  Nf  —  2.  3  X 10*.  Its  fatigue  origin  was  in  B-fleck  at  the  e^ 
of  Fig.  4b.  And  the  crack  propagated  toward  the  sample' s  center  to  fonn  a  brittle 
fracture  band.  Figure  4c  shows  that  the  fracture  bend  was  grain  boundary  frac¬ 
ture.  The  concentration  of  Fe  in  the  brittle  fracture  band  was  3.  375^  and  the  A1 
was  1.97%.  This  indicates  the  ftacture  band  was  a  3-fleck  t  The  size  of  the  frac¬ 
ture  band  is  consistent  with  the  size  and  distribution  of  3-flecks  in  Fig.  4a.  Figure 
4d  shows  3-fleck  throughout  the  cross-section  of  fracture  sample.  No.  7,  P,= 
11.  99H  •  ttnd  Sia,=  7.  83mm*.  It  is  also  found  that  the  brittle  fracture  band 
corresponded  with  3-fleck  in  Figure  4d. 

Table  W  The  Influence  of  3-Fleck  on  Low  Cycle  Fatigue  Lite  ot  'n-10V-2Fe-3Al 


No. 

Strew 

MPa 

Cyclic  Number 
Nf 

Maximum 
3-Flecfc  Area 
mm* 

3-Fledt 

Volume  Fractian 
Vd. 

1 

800 

60000 

0.50X0.30=*  0.15 

10.9 

2 

800 

250000 

0.43X0.21=0.09 

0.59 

3 

800 

810000 

0.80X0.23=0.18 

1.  30 

4 

800 

>28800000’ 

0 

0 

5 

800 

>6380000® 

0 

0 

$ 

800 

16100000 

0 

0 

7 

800 

880000® 

8.42X0.93=7. 83 

11.99 

8 

900 

350000 

0.56X  0.38=  0.21 

2. 25 

9 

900 

610000 

0.38X0.33=0.13 

0. 54 

10 

900 

710000 

0 

0 

11 

900 

540000 

0.62X0.31=0.19 

1.72 

12 

900 

230000 

3.27X1. 15-3. 76 

31.22 

13 

900 

820000 

0 

0 

14 

900 

200000 

0.57X0.19=0.11 

1.6 

15 

900 

810000 

0 

0 

(X)  No  fracture  at  all 

(2l  Fracture  at  daaipiiig  dtuatkm 
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Fig.  4  Optical  photogra]^  and  scanning  tractogiaph  of  fracture  samples 
(a)  macrostnicture  of  No.  12  >  (b)  fractograph  of  No.  12 

(c)  magnification  of  Hg.  3b;  (d)  macrostructure  of  No.  7 

Disscussion 

Effect  of  p-Fleck  on  Tensile  Property 

It  is  known  that  the  strengthening  of  Ti-10V-2Fe-3Al  alloy  mainly  is  aged-hard¬ 
ening,  by  aging  to  precipitate  secondary  a  phase  (o,).  The  more  a,  phase  volume 
fraction  in  structure  the  more  strengthening  action.  Pig.  2d,e  show  that  there  are 
almost  no  primary  a  phase  (a,)  in  3-fieck  region ,  there  ate  mainly  aged  0  matrix 
which  is  outlined  by  primary  3  grain  boundary.  Thus,  the  microhardness  in  the 
3-fleck  region  is  higher  than  perif^eral  matrix  (Table  1 ).  The  effects  of  3-fleck 
on  tensile  properties  were  that  the  more  serious  the  3~fleek  the  higher  strength, 
and  the  lower  ductility. 

The  low  ductility  of  this  structure  mainly  depended  on  mterostructure  parameters 
including  primary  3  gr«in  boundary  and  grain  boundary  a-film.  Eqwdally  with¬ 
in  the  3-fleck  the  existence  of  grain  boundary  alpha  results  in  long  soft  phase 
zone.  /Vt  tensile  deforming  the  soft  phase  a  preferoitially  deforms.  Because  of 
high  strength  of  aged  3  matrix  the  plastic  deformation  concentrates  on  the  small 


region  of  the  soft  phase  a.  Before  aged  0  matrix  has  not  been  yielded  yet,  the 
grain  boundary  a  has  already  produced  large  deformation.  Smultaneously,  this 
strain  occurs  in  the  condition  that  the  stress  is  less  than  the  yidd  strength  of  pe¬ 
ripheral  matrix.  Thus,  long  dip  re^on,  high  stress  concentration,  and  local 
plastic  strain  all  occur  at  the  triangular  points  of  B  grain  boundary  within  B-fleck. 
Therefore  voids  first  nucleate  at  grain  boundary  of  B-fledt  r^km  (Fig.  2d). 
Then  they  grow ,  connect  (Fig.  2e) ,  propagate  along  the  grain  boundary  (Fig. 
5) ,  and  lead  up  to  grain  boundary  fracture  (Fig.  3}  The  result  of  this  paper  is 
similar  with  O.  T.  Terdinde' s  study  on  Ti-10V-2Fe-3Al  alloy  using  3  solution- 
treated  and  aged  treatment^*^. 


Fig.  5  Crack  propagates  along  the  grain  boundariea 
Effect  of  3-Fleck  on  Low  Cycle  Fatigue  Property 


When  the  material  is  tested  in  low  cycle  fatigue  the  plastic  strain  is  dmninating. 
Therefore  Nf  mainly  depends  on  the  material  ductility,  in  general,  if  the  material 
ductility  is  low ,  then  Nf  is  iow^*^.  This  experiment  has  proved  that  3-fleck  re¬ 
duced  the  material  ductility,  therefore  when  3-flecks  exist  Nf  is  reduced  certain¬ 
ly.  Thus  the  Nf  of  No.  12  (Fig.  4a)  is  less  than  that  of  No.  13  without  3-fleck 
under  same  stress  level  (see  Table  IV  ).  One  of  the  reasons  decreased  Nf  is  that 
the  presence  of  3-flecks  leads  to  microstructure  inhomogeneity.  At  plastic  def<»- 
mation ,  microstructure  inhomogeneity  causes  slip  inhtxnogeneity.  Therefore  lo¬ 
calized  plastic  strain  concenuation  occurs  at  primary  3  poln  boundary  and  grain 
boundary  a  within  3-fleck  region.  C.  E.  Feltner  and  P.  Beardmw  indicated  that 
the  concentration  of  plastic  strain  at  grain  boundary  usualy  is  in  direct  ratio  with 
the  grain  size^'^.  The  grain  size  in  3-fleck  is  the  largest.  Thus  strain  majorly  con¬ 
centrates  on  the  grain  boundary  with  3-fleck.  Because  the  strength  of  aged  matrix 
is  rather  high  slip  is  constrained  at  grain  boundary,  the  stress  builds  up  the  grain 
boundary  crack  and  propagate  along  grain  to  form  grain  boundary  fracture 
(Fig.  4c). 
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R.  B.  Sparks  and  J.  R.  Long  studied  the  effect  of  B-flocks  in  high-temperature  a-}- 
3  (vocessed  titanium  alloys  on  low  cycle  fatigue  life.  They  found  that  multiple 
cracks  which  nucieated  with  flecked  regions  lead  to  premature  samide  failure^*^. 
Auth(»s  get  the  same  results  fr«n  the  experiments(see  Fig.  2d,2e  and  Fig.  5). 

Conclusion 

1.  Through  the  observation  for  Ti-10V-2Fe-3Al  tensile  and  fatigue  fracture 
samples  by  optical  and  scanning  electron  microscopy,  it  is  found  that  at  3-fleck 
*egions  without  a,  phase  or  with  a  little  phase  the  crack  is  prone  to  nucleating  at 
primary  3  grain  boundary  and  grain  boundary  ol  Then  the  crack  propagates  a- 
long  grain  to  form  brittle  fracture,  while  fracture  at  matrix  is  typical  ductile 
fracture.  The  more  the  serious  3-flecks  the  lower  the  ductility  and  low-cycie  te- 
tigue  life.  Therefore,  this  paper  clarified  that  the  3-fleck  essentiaUy  influenced 
alloy  properties. 

2.  This  paper  quantitatively  measured  the  maximum  3-fleck  area  (Sw)  and  the 
3-fleck  volume  fraction  (P,).  Both  of  these  two  influence  ductility  and  low-cy¬ 
cle  fatigue  life.  Auth<»s  propose  that  besides  controlling  the  Sm  in  practical  pro¬ 
duction  the  Pv  also  should  be  controlled. 
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ABTRACT 

Ti-4A1  alloy  is  a  type  of  single  alpha  phase  with  h.c.p  structure,  which  possesses  greater 
anisotropy  than  other  types  of  crystal  lattic,  and  thus  its  mechanical  properties  appear 
larger  difference  as  formation  of  texture  in  the  microstructure  of  the  alloy.  In  the  pres¬ 
ent  work,  the  ‘n-4Al  alloy  plates  with  different  types  of  texture  have  been  produced  by 
means  of  hot  rolling  at  different  temperature  and  deformation  degree,  measuring  impact 
energy  (IE)  and  observing  fracture  of  the  specimens  cut  off  along  the  direction  of  rolling 
and  transverse,  the  characteristics  of  the  fracture  and  the  anisotropy  of  IB  have  been  re¬ 
lated  with  the  particular  texture.  Based  on  that,  the  reasonable  technology  for  rolling 
Ti-4A1  alloy  plates  with  a  type  of  expecting  texture  can  be  properiy  selected. 

INTRODUCTION 

Microstnictural  characteristics,  including  texture,  influence  strongly  mechanical  proper¬ 
ties  of  Titanium  and  its  alloy.  Because  hexagonal  close  packed  (b^)  a-phase  has  great¬ 
er  anisotropy,  the  obvious  anisotropy  of  mechanical  and  physi^  properties  appears  in 
Ti-4A1  alloy  with  typical  hep  a-phase  when  the  texture  formed  in  its  mkrostructure. 
Basal  planes  (0002)  parallel  rolling  surface  is  designated  as  B-texture,  while  basal  planes 
perpendcular  to  transverse  direction  is  designated  u  T-texture,  and  having  both  B-and 
T-texture  is  designgted  as  B/ T-texture,  the  variety  of  texture  types  is  mainly  influ¬ 
enced  by  factors  as  alloy  composition  [1,21  rolling  temperature,  deformation  degree  and 
rolling  Erection,  final  annealing  is  less  considerable  effect  [3].  The  texture  effect  on  the 
mechanical  properties  of  of  Ti-alloy,  such  as  elastic  modulus,  yielding  strength,  bead 
strength,  superplastkity,  fatigue,  creep  and  fracture  toughness  etc.  have  been  investi¬ 
gated.  Recent  years,  the  slip  deformation  and  fatigue  fracture  behavior  of  THalloys 
with  texture  have  been  observed  and  analysed  [4,5],  it  reveals  nirther  the  texture  influ¬ 
encing  strongly  plastic  difotmation  and  fracture  behavior. 

It  have  been  found  that  the  texture  has  a  considerable  effea  on  Ti-4A1  impact  energy 
(IE),  but  itt  mechanisms,  espescially  that  of  fracture  features  are  lacking.  At  present 
work,  the  effects  of  various  texture  of  the  rolled  plates  on  IE  and  firactuie  features  have 
been  investigated. 


Materials  and  testing  methods 


Materials 


The  12mm  and  18mm  thickness  plates  of  H-dAl  alloy  were  produced  by  means  of  hot 
rolling,  the  alloy  composition,  roIUng  and  annealngpaiainelwieerBlnedin'IhMe  1. 


VMm'n 

SdMwadl _ , 

EdtadbtfSJi  Flaw  aid  LT  , 

Wl—  - i-  tflBt 

m 


Table  1  Ti-4A1  alloy  composition  and  rolling  and  annealing  parameters 


Composition 

(wt.x) 

4.1  A1 
0.02C 

O.OOSB 

O.OOIN 

0.04Fe 

<0.005H 

0.04Si 

0.120 

Plates 

thickenss 

rolling 

temp. 

rolling 

direction 

deformation 

degree 

annealing 

parameters 

Nol 

12mm 

1030t 

L 

76% 

760t:  /  Ihr  A.C. 

No2 

12nun 

950C 

L 

76% 

760C/lhrA.C. 

No3 

18mm 

950t: 

L 

33% 

760t:  /  Ihr  A.C. 

Testing  methods 

The  machined  specimens  with  gauge  of  Smm  diameter  and  2Smm  length  cut  off  along 
rolling  (L)  and  transverse  direction(T)  of  the  plates,  tensile  properties  test  using 
UTM-ST  tensile  machine  at  lO'*!  /  s  strain  rate  at  room  temperature. 

The  IE  specimens  with  'V'  type  notch  along  L-  and  T-orientations  in  accordance  with 
that  as  shown  in  Fig.1,  and  designated  as  L-T,  L-S,  T-L  and  T-S 
respectively.  First  letter  symbols  the  normal  of  cracking  plane  (CP),  second  le^  sym¬ 
bols  the  cndc  propagation  direction  (r).  The  IE  values  were  measu^  using  the  swing 
hanuner  type  of  TB  30A-1S  /30kg  -M  impact  tester,  the  textures  of  the  plates  were  de¬ 
termined  using  SIEMENS-TEX-n  x  ray  texture  tester  and  the  fracture  topography  of 
IE  specimens  is  observed  using  SEM.  „«s3/T-T«t«r^A)+(B) 

HogJB--Tsxtiu«(B)r 
N«l.T->Textut«(A)  ^  T-L 


Figl.  IE  specimens  and  its  notch 
orientations,  and  various  tex¬ 
ture  (hep.  cell)  orieutions 


Results  and  discussion 


Microstructure 


Fig  2  shows  that  the  microstrutuie  of  the  annealed  plates  rolled  at  various  heatiiif  tem¬ 
peratures.  No.2  plate  was  first  heated  at  below  ^transus,  and  then  hot  rolled  to  greater 
defonnatkm  degree  of  76%,  thus  the  original  coarse  microstructure  of  the  plate  bUnk 
was  fblly  broken,  after  recry^lization  annealing,  it  becomes  a  complete  equiaxed  grain 
structure,  see  Fig2(b).  No  3  plate,  although  the  heating  temperature  is  the  same  as  t^ 
of  No.2  plate,  but  its  rolling  drformation  d^ree  is  smaller,  only  33%,  the  coarse 
lamellar  structure  wun't  fully  broken,  and  therefore  the  recrystallisation  partly 
equiaxed  graiiu  and  Airther  grew  lamellar  structure  were  remained,  see  Fig.2(c).  No.l 
plate,  the  transformation  of  a  to  /l-*phase  take  place  when  its  blank  is  heati^  at  above 
^transus.  However,  during  hot  rolling,  at  the  beginning,  it  is  in  ^-phase  temperature 
range,  following  by  cooling  to  a-phase  temperature  range,  and  thus  resultiiig  fat  trans¬ 
formation  of  ^-phase  into  «-phate  ,aocompanying  recrystallization  and  adralar  stmo- 
tureAirthergrown,afterannealing,itbeconwcoarselamellarandpatllyequiuedstruo- 
hire,  see  Pig  2  (a). 
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a  be 

Fig.2  Microstructure  and  (1012)  pole  of  the  annealed  Ti-4A1  alloy  plates. 
(a)Nol  plate,  (b)  No2  plate,  (c)  No3  plate 


Texture 

The  (10l2)  pole  figure  of  the  hot  rolled  and  annealed  plates  was  shown  in  Pig  2.  Prom 
die  maximum  intensity  of  No.l  plate  (10T2)pole  shown  in  Pig2(a),  the  (10T2)  idane  are 
lying  under  of  about  47.S  *  along  T-direction.  Considering  angle  betweenfOOOl)  and 
(1012)  plane,  it  can  be  believed  that  the  T~texture  in  Nol  plate  is  dominau*.  Prom  IHg2 
(b)  it  can  be  seen  that  the  (10l2)  plane  in  the  No2  plate  are  lying  under  O-dO  *  an^ 
range  along  T  and  about  20  *  dong  L  the  corresponding  (Odol)  planes  are  rou^dy  ly¬ 
ing  under  about  90  *  to  plate  surface  and  0-1 5  *  angle  ran^e  along  T.  Consequendy 
die  texture  in  the  No2  plate  mainly  bdong  to  B  type,  its  Ol20)  oiimtation  parallds 
L-direction.  As  there  were  six  zones  of  the  maximum  intensity  of  (1012)  pole  in  the  No 
3  plate  shown  in  Pig.2(c),  and  four  zones  among  them  are  lying  under  an  ai^  about 
47.S  *  along  T  and  25-30  *  angle  range  along  L  ,  other  two  zones  are  lying  under 
0-35  *  angle  range  along  T.  Por  this  reason,  it  can  be  considered  that  the  former  reiMO- 
sentt  T-texture,  and  the  latter  represenu  B-texture.  Therefore  it  can  be  condude  that 
tfaereareB/T-texturein  theNo  3  plate. 

The  blank  of  the  Nol  plate  is  first  heated  at  above  ^-transus  and  thus  the  transforma¬ 
tion  otato  ft  take  place.  During  hot  rolling,  the  (001)  planes  in  b.c.e.  /f-phase  turn  to 
parallel  to  plate  surface,  its<  1 10>  orientation  parallels  to  L  [3].  When  the  temperature 
dropped  into  «-phase  field,  the  ^  to  a  transformation  take  place  in  accordance  with  the 
Buii|ers-relationship,i,e,(110}|/f  (0002)^d  <lll>y//  <11^>rSoitcanbebdieved 
that  the  T-texture  in  Nol  plate  mainfy  produced  during  hot  rouing  at  jf-pBase  field, 
the  (0001)  planes  trend  to  the  plate  suifaoe  and  (11^)  orientation  trend  to  L  ,  see 
Fig.2(a).The  original  texture  in  No2  and  No3  plate  blanks  produced  at  ^-{diase  Add 
has  bm  remained,  and  subsequent  rolling  at  o-phase  field,  with  increaang 
deformation  degree,  the  (0001)  plane  trend  to  the  plate  surface  and  (ll20)  orientation 
trend  to  L .  As  a  result,  in  No2  plate  with  greater  deformation  degree,  the  BHtexture  has 
been  formed  u  the  tame  u  result  of  worfcfd],  and  B/T-texture  has  been  formed  in  the 
No3  plate  u  relativdy  small  deformation  degree. 

Tensile  and  IE  properties 

The  tensile  properties  and  IE  value  of  the  specimens  with  various  orientationt  are  Hsted 
in  Table  2. 
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Table  2  Tensile  and  IE  properties  of  the  annealed  Ti-4A1  plates 


Plates 

tensile  | 

Impact 

orientation 

YS 

(MPa) 

UTS 

(MPa) 

EL 

(%) 

RA 

(%) 

notdi- 

orientation 

IE 

(lU/m>) 

Nol 

L 

614.54 

687.44 

18.87 

31.23 

L-T 

51952 

1249A9 

T 

710.79 

760.00 

16.77 

36.63 

920.10 

T-S 

818.74 

No2 

L 

599.2 

695.3 

20.2 

44.7 

L-T 

11673) 

L-S 

868.5 

T 

634.5 

694.3 

20.2 

46.0 

T-L 

12745 

T-S 

608.0 

No3 

L 

623.7 

730.6 

18.5 

32.7 

L-T 

676.0 

L-S 

1010.1 

T 

738.5 

773.8 

14.5 

38.5 

T-L 

1059.1 

T-S 

627.6 

i 

i 


^  comparison  .the  yield  strengthfYS)  and  ultimate  tensile  stien^  (UTS)  of  No3  plate 
is  the  Ugliest,  and  that  of  No2  is  lowest.  While  the  case  of  relative  eIongation(EL)  and 
of  reduction  area  (RA)  is  opposite.  It  just  represents  the  microstructural  effect  on  the 
tesne  properties.  Usually  specimens  with  a  lamellar  structure,  its  YS  and  UTS  is  Ugher 
and  its  EL  and  RA  is  lower  than  that  of  mecimens  with  an  equiaxed  structure  [7]. 
Another  noteworthy  is  that  YS,  UTS  and  RA  values  of  Nol  and  No2  plates 
consistently  is  higher  in  T  than  in  L  and  the  case  of  EL  is  opposite.  As  for  No2  plate,  the 
tensile  properties  YS,  UTS,  EL  and  RA  all  is  near  the  same.  This  case  just  represent  tex¬ 
ture  effect  on  tensile  properties[4,6,81,  wUch  were  discussed  in  detail  according  to 
Khmid  law  in  papers  [6,9]. 

IE  properties 

Comparing  the  IE  data  of  the  spMimens  with  the  same  orientation  in  eadi  plate  or  the 
specimens  with  different  orientation  in  the  same  plate,  it  can  be  found  that  the  differ¬ 
ence  among  them  and  varying  regularity  is  difncult  to  interpret  in  terms  of 
microstructural  features.  But  considering  their  texture  effect,  the  problems  are  easy  to 
understand.  As  to  specimens  with  T  or  B^texture,  when  the  impact  loading  paraBds  the 
c-axis  of  h.c.p  cell,  e,g.  Nol  L-T,  No2  L-S  and  T-S  specimens,  see  table  3.,  their  IE 
values  ate  the  lowett(in  500-700kJ  /  m*),  white  the  impact  loading  is  ptependicular  to 
the  c-axis  and  the  IE  specimen  notch  parallels  the  c-axis,  e^  Nol  L-^  No2,  L-T  and 
T-L  specimens,  their  IE  values  are  the  Ughest  (in  1100-1300KJ/m*),  about  two  or 
over  two  times  of  the  former  [6].  When  the  impact  loading  and  the  spechnen  notdies 
both  are  perpendicular  to  the  c-axis,  e.g.  Nol  T-L  and  T-S  specimens,  their  IE  values 
(I720-820KJ/ m^  are  within  that  of  above  both  cases.  As  to  No3  |4ate  with  the 
B/ T-texture,  the  IE  values  and  its  varying  regularity  can  roughly  estimate  from  die 
weighted  mean  of  the  IE  values  in  the  corresponding  orientation  of  Nol  plate  widi 
T-texture  and  No2  plate  with  B-texture. 

Strain  and  Fracture  in  IE  specimens 

The  IE  values  are  mainly  dertermined  by  the  work  of  erackiiig  initiation  (Ai)  and  prop¬ 
agation  (Ap).  Ai  is  deplete  for  microcrack  forming  and  propagating  in  tte  front  of  tte 
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main  cracking.  As  for  the  specimens  with  'v*  notch,  the  stress  concentration  level  is  very 
high,  the  strain  zone  in  the  notch  root  is  very  small,  the  IE  is  mainly  depleted  for  crack¬ 
ing  propagation,  i.e.  Ap  is  dominant  in  the  IE  value.  Under  impact  loading,  the  strain 
rate  is  U^er  than  that  under  static  tensile  loading,  the  plastic  strain  doesn't  fully  devel¬ 
oped  and  only  concentrated  in  the  local  zones,  leading  to  nonuniformly  strain.  Under 
hi{^  concentrating  stress,  ductility  and  toughness  are  deteriorated  and  trend  forwards 
brittle  break,  moreover  when  the  texture  orientation  is  lying  under  unfavourable  to  slip 
strain,  the  brittle  break  trend  more  serious. 

Under  impact  loading,  initially  it  is  tensile  stress  near  the  notch  root  and  compressive 
stress  opposite  die  root,  and  the  tensile  stress  zone  gradually  advances  as  crack  propa¬ 
gating.  In  terms  of  a  mode  1  under  tensile  opening  crack  in  plane  strain,  the  triaxial 
stress  state  at  the  root  of  the  IE  specimen  notch  or  at  the  front  of  the  propagating  crack, 
and  the  relating  with  texture,  i.e.  the  orientation  relative  to  h.c.p  cell  was  illustrated  in 
Fig  3  (a).  The  shear  stresses  acting  on  the  shear  planes  shows  in  Fig.  3(b)  (c)  (d)  as 
A.W.Bowen's  result[5],  can  be  expressed  as  following  :  Tb==0.S0(r8,  Tc-0.2SO's 
Tf=0.2SffS,  its  propagating  direction(r)  and  relatively  orientation  to  h.c.p  cell  and  vari¬ 
ous  shear  stress  are  shows  in  table  3.  Naturally,  the  effective  shear  stress  of  a  slip  plane 
must  exceed  its  critical-revolved  shear  stress(CRSS),  which  one  among  them  to  be  ef¬ 
fective  to  operate  slip  strain  will  depend  on  the  ratio  of  the  shear  stress:  CRSS,  the 
greater  ratio  will  be  effective. 


Fjg.3  triaxial  stress  state  at  the  root 
of  the  specimen  notch  and 
the  front  of  cp(a)  and  the 
shear  stresses  acting  on  vari¬ 
ous  shear  planes  (b),  (c),  (d) 


In  the  light  of  the  orientation  of  CP  and  r  relative  to  h.c.p  cell,  the  T-  or  B-texture  ef¬ 
fect  on  the  impact  strain  behavior  and  the  fracture  features  can  generally  (see  table  3)  be 
divided  into  three  groups.  First  included,  CPU  (1120)  and  r//  <10i0>  such  as  Nol 
L-S  and  No2  L-T  spedmen  and  CP  II  (lOTO)  and  rll  <  1 120  > ,  such  as  No2  T-L  spec¬ 
imen.  Seconti^  CP // (1 120)  and  r //  <0001  >,  such  as  Nol  L-T  and  No2  L-S  specimen; 
and  CP  II  (1010)  and  r  II  <0001  > ,  such  as  Nol  T-S  y>ecimen.  Third,  CP  II  (0001)  and  r 
II  <ll20>  such  as  Nol  T-L  specimen,  and  r//  <1010>such  as  Nol  T-S  spedmen.  In 
die  first  group,  tb  is  close  to  <  1 120  > ,  tc  and  rf  is  close  to  <  I  lU  > ,  the  ratio  of  tb: 
CRSS^  the  highest  as  the  xb  value  is  two  times  of  the  m  or  rf  value,  and  the  CRSS 
tnlueofthe  <ll20>-slip(a-type)  is  quarter  of  the  <1123>-sIip,io^)-type.  Asfor 
die  No2  T-L  specimen,  the  plane  on  which  tb  acting  is  close  to  (1010),  and  the  tb-di- 
lection  dose  to  <  1 120>,  so  it  is  easy  to  be  operated  by  xb.  The  fracture  topograidiy  is 
shown  in  Fig.S(a),  the  drastic  slip  strains,  develop  fblly  and  popularly  on  the  entire  CP. 
A  lot  of  tlw  (lOlO)  <  1 120  >  slip  strain  stretch  zones(A),  the  ba^  plaM  firaetares(B)  and 
second  tored  cracks(C)  are  clear .  As  to  the  Nol  L-S  spedmeiL  the  xb-directkm  is  also 
dose  to  (ll20),  but  the  plane  on  which  xb  acting  is  dose  to  (1 120),  which  tsueraBy  isn't 
slip  mtm  of  h.c.p  -Ti,  so  it  is  required  to  turn  an  ai^  to  fit  in  with  the  (lOlO) 
<1120>  slip  system,  thus  leading  to  produce  a  larger  slip  stretch  zone  widi  a  greater 
angle  inclined  to  CP(A),  and  thus  formed  a  deeper  second  tored  crack  (C).  shown  in 
Fig.4(b). 
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Table  3  IE  Value,  the  cnentation  of  CP,  r  and  ti  b,c,f) 


Samples  JE(KJ  /  cm^) 

cp.r 

Orientaiion 

Tb 

tc 

tf 

Nol 

L-T 

519.52 

CP // (1120) 
rll  <0001  > 

<1123> 

<1120> 

<1123> 

L-S 

1249.49 

CP// (1120) 
Til  <10t0> 

• 

<ll20> 

<1123> 

<1123> 

T-L 

720.10 

CP// (0001) 
tH  <ii1o> 

^  ‘ 

1 

A 

V 

<1123> 

<ii2o> 

T-S 

818.74 

CP// (0001) 
rll  <10T0> 

1  i 

* '  _L 

A 

V 

<1123> 

<11M> 

No2 

L-T 

1167.0 

CP// (1120) 

Til  <ioTo> 

; 

<ll2o> 

<ll2o> 

A 

V 

L-S 

686.5 

CP// (1120) 
tII  <0001  > 

A 

w 

V 

<ll2o> 

<1123> 

T-L 

1274.9 

CP// (1010) 
tII  <1I20> 

■  ' 

A 

wm 

V 

<1123> 

<1123> 

T-S 

608.00 

CP//(ioio) 

rll  <0001  > 

<1153> 

<ll2o> 

<1123> 

No3 

L-T 

676.70 

T:cp//(10i0) 
Til  <0001  > 
B:cp//(1120) 
r//  <0001  > 

<1123> 

<1120> 

<ii2b> 

<1123> 

<11'23> 

<1123> 

L-S 

1010.10 

T:cp//(10I0) 
ill  <1I20> 
B;cp//(1120) 
III  <0001  > 

<ll20> 

<1123> 

<1123> 

<ii2o> 

<1123> 

<1123> 

T-L 

1059.10 

T;cp//(0001) 
Til  <ioTo> 
B;cp//(ldT0) 

til  <ii2o> 

— — - 

<1123> 

<ii2o> 

A  A 

V  V 

<1120> 

<1123> 

T-S 

627.60 

T:cp//(001) 
r//  <1120> 
B.-cp// (lOiO) 
ill  <0001  > 

m 

i  i,  , 

_ _ / 

<1123> 

<1123> 

<1133> 

<1120> 

<1120> 

<1123> 

In  the  second  group,Tb  and  tf  is  close  to  <ll23>  and  tc  is  close  to_<lIM>.  The  ratio 
of  Tc:  CRSSc  is  the  highest.  Under  tc  acting,  the  (I0l0}<1120>  slip  system  is 
operated,  lead  to  forming  of  "  flutes  '  causing  considerably  lowering  of  K|c  [51.  A  sones 
in  Fig  4(e)  (d).  These  'flutes'  parallel  the  c-axis  and  arrange  along  die  r-diracthm,  per¬ 
haps  formed  by  intersecting  ( 1010}  slip  plannes,  and  the  flute  ridges  with  a  tored  top 
surface  is  close  to  cp ,  and  flute  ends  are  characterized  by  a  basal  planes  bndcen  normal¬ 
ly  to  cp,  B  zones  in  Pig.4(c)  (d).  Besides,  there  are  many  zones  with  brittle  fracture  fea¬ 
tures,  e.g.  river-like  ,  C  zone  in  Fig  4  (c),  and  cleavage  fragments,  C  zone  in  Fig  4  (d), 
and  others  srith  cleavage  fractures,  D  zones  in  Fig  4  (c),  (d).  All  the  above  mentioned 
dip  bdiavior  and  fracture  features  suggest  that  the  dip  strain  isn't  drastic  as  in  first 
group,  and  the  fracture  topography  essentially  is  plastic  and  brittle  mixture,  the  IB  val¬ 
ues  remarkably  decreased. 
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Fig.4  The  fracture  topography  of  vwioieni  in  first  and  second  groap 


In  the  third  group,  Tb  and  TC  is  close  to  <ll23>  and  xf  close  to  <n20>,  the  ratio  of 
xf:  CRSSf  is  the  highest.  Under  rf  acting,  as  the  same  way  as  in  the  second  group,  also 
the  'flutes'  can  be  formed,  but  their  directions  are  roughly  normal  to  CP.  it  is  difii- 
cult  to  find  on  the  fractur^  surface.  Often  the  tored  basal  planes  and  other  tored  frac¬ 
tures  can  be  formed.  Fig  S(a)  (b),  and  occasionally  the  'flutes'  can  be  found  due  to  h.c.p 
cell  perhaps  inclined  at  an  angle  along  the  T-direction,  Fig  S  (c).  Besides,  the  twinning 
fracture  topography  is  found  in  Fig  S  (d).  Perhaps  the  x^  and  the  planes  on  which  xb 
acting  are  favourable  to  produce  twins,  especially  under  tte  impact  loading  and  there  is 
a  compresive  stress  zone  at  the  front  of  CP.  So  the  fracture  is  a  mixture  type  of  plastic 
and  brittle,  leading  to  lowering  of  IE  value  but  higher  than  the  IE  in  the  second  group. 


Fig  5  The  fracture  topography  of  Nol  T-S  (a),  (b),  (c)  and  Nol  T-L  (d) 

As  for  the  No3  specimens  with  the  B  /  T-texture,  except  for  the  T-  or  B-texture  of 
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No3  T-S  specimens  is  lying  under  an  unfavourable  orientation  to  slip  strains,  the  others 
have  simultat.eously  favourable  and  unfavourable  orientations,  see  table  3.  It  can  be 
predicted  that  the  IE  value  of  Mo3  T-S  specimens  is  the  lowest  among  all  of  No  3  spec¬ 
imens,  and  that  is  further  verified  by  observation  on  the  fracture  topography.  The  frac¬ 
ture  features  suggest  that  both  cases  of  the  slip  strain  and  fracture  behavior  in  the  sec¬ 
ond  or  the  third  group  occured  jointly  in  the  No  3  T-S  specimens.  Concerning  the  No3 
L-T  spedmens  with  regard  to  the  T-^texture,  the  ratio  of  re  ;  CRSSc  is  the  highest  and 
is  lying  under  a  favorable  to  the  <  1 1 20  >  -slip  orientation  and  thus  leading  to  form  the 
Outes  paralleling  to  the  r-direction  is  similar  to  second  group.  As  to  the  B-texture.the 
case  is  the  same  as  first  group,under  rb  acting,  the  drastic  slip  strains  appear.  In  the 
same  way,  considering  the  No3  L-S  and  the  No3  T-L  specimens,  the  fracture  topogra¬ 
phy  in  the  former  is  dominated  by  the  T-texture,  slip  strain  is  similar  to  first  group,  and 
thus  the  IE  value  increased.  The  fracture  topography  in  the  latter  is  also  dominate  by 
the  T-texture,  as  the  same  as  third  group  leading  to  a  higher  IE  value. 

Conclusion 


1.  In  the  Ti-4A1  alloy  plates,  T-texture,  B-texture  and  B/ T-texture  are  formed  by 
hot  rolling  to  different  deformation  degree  at  above  or  below  /1-transus  temperature. 

2.  The  tensile  properties  of  Ti-4A1  alloy  plates  are  influenced  by  microstructure  and  tex¬ 
ture  characteristics,  and  the  latter  has  more  important  effect. 

3.  The  anisotropy  of  the  IE  properties  is  domnated  by  the  different  texture.  The  speci¬ 
mens  with  T-  or  B-texture  have  remarkable  anisotropy  and  while  with 
B/T-texture,the  anisotropy  is  alleviated. 

4.  The  fracture  are  also  dominated  by  the  different  texture.  In  terms  of  mode  1  tensile 
opening  crack  in  plane  strain,  all  of  specimens  with  the  texture  favorable  to  the  a-type 
of  <Jl20>  slip  under  rb  acting  are  essentially  broken  in  ductile  state.  On  rb  close  to 
<  1 123  >  direction,  the  mixture  fracture  of  ductile  and  brittle  appear,  the  IE  value  and 
the  brittle  fracture  f^raction  depend  on  the  particular  texture  type.  As  to  the  Ti-4A1  alloy 
plate  with  B  /  T-texture,  the  IE  value  and  the  fracture  features  are  dominated  by  T- 
and  B-texture  joint  effect. 
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The  effects  of  At,  Fe,  V  solute  addidons  and  combinations  on  the  processing  properties  and 
the  development  of  a  +  ^  microstructures  in  near  jS  and  fi  Ti-V-Fe-Al  alloys  including  the 
Ti-10V-2Fe-3Al  alloy  have  been  investi^ted. 

Observations  show  AI  addition  produces  a  wider  hot  a  +  1?  processing  'vrindow*  even 
though  it  raises  the  /3  processing  temperature.  Al,  Fe,  V  solute  combinations  control  the 
deformation  modes/mechanisms  of  metastable  and  a"  martensites  in  the  /7-quenched 
alloys,  and  thus  the  alloys'  cold-formability.  Also  the  solute  combinations  control  o 
precipitate  morphology  and  mechanical  properties  of  the  age-hardened  alloys.  On  the  basis 
of  these  studies  two  near  /3  alloys  have  been  developed  with  good  hot  processing  i»opeities 
and  strength/ductility/ftacture  toughness  combinations  superior  to  those  of  the  Ti-10V-2Fe- 
3A1  alloy. 

Introduction 


The  processing  (hot  and  cold)  properties  and  mechanical  properties  rqwrted  for  the  near  /3 
and  fi  Ti  alloys  vary  substantially  with  alloy  chemistry  (1-4).  This  work  is  part  of  an 
investigation  to  understand  the  effects  of  alloying  chemistry  involving  Al,  Fe,  and  V  on  the 
processing  and  mechanical  properties  of  near  and  Ti-V-Fe-Al  based  alloys  including  the 
Ti-10V-2Fe-3Al  (Ti-10-2-3)  idloy.  Earlier  observations  of  the  Ti-l()-2-3  alloy  noted  that 
high  strength/good  fracture  toughness  combinations  are  obtained  in  Ti-V-Fe-Al  alloys 
containing  Al:Fe  ratio  greater  than  unity  (5),  but  no  microstructural  basis  of  this  was  given. 
Property  combinations  in  Ti  alloys  d^nd  strongly  on  microstructure.  The  wtHk  repotted 
here  is  concerned  with  structure/property  relationships  and  explains  particularly  why  the 
strength/ductility/ffacture  toughness  combinations  shown  by  the  age-hardened  a  +  fi 
microstructures  observed  in  two  near  0  Ti-V-Fe-AI  alloys  designated  TI  and  T2  are  superior 


to  those  reported  for  similar  microstructures  in  Ti-10-2-3  alloy.  The  constitution  of  the  H- 
rich  alloys  of  the  Ti-V-Fe-AI  system  has  been  reported  by  the  present  authors  previously 
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Table  I  shows  the  analysed  oomposititms  of  ternary  H-Fe-Al  and  quatonaiy  Tl-V-Fe-Al 
alloys  investigated.  The  compositioas  of  two  promising  Ti-V>Fe-Al  alloys,  T1  and  T2,  are 
not  given  for  commercial  reasons.  These  two  aUoys  were  prqnred  as  30  kg  ingots  hot- 
{Hocessed  to  30  mm  plates  by  IMI  Birmingham.  IMI  Birmingham  rqxirted  that  the  alloys 
showed  good  hot-forging  characteristics.  The  other  alloys  were  made  as  30  g  arc-mdted 
ingots  hot-rolled  at  6S0-700  ‘C  to  ~  2  mm  thick  flat  sheets.  Typical  oxygen  levels  are  0. 12  - 
0.1Swt«. 

Cold-forming  cs^nbilities  of  the  quenched  alloys  at  room  temperature  were  monitned  by 
using  tensile  tests  or  by  thickness  reductions  (by  rolling)  of  plate  samfries  till  their  edges 
start  to  crack.  Tensile  properties  of  age-hardened  alloys  were  obtained  u^g  round  section 
^lecimens,  4.54  mm  diameter  and  16  mm  gauge  lenght  with  tensile  axes  along  longitudinal 
(L)  and  transverse  (T)  sections  of  the  roiled  plates  (Fig.  1).  Three-ptmt  bend  test  firacture 
toughness  specimens  (of  T-L  and  T-S  modes,  Fig.  1)  with  qwcifkations  B(14.S/13)  x 
W(29/26)  mm  x  qxui  S  -  4W  and  tests  conforming  to  ASTM  designation  E-399-86  (8). 
were  used  to  obtain  toughness  Kq/Kic  values. 

Structural  analysis  was  carried  out  using  X-ray  diffiractomelry  and/or  transmission  dectron 
diffraction.  Microstructures  were  examined  using  light,  scanning  (SEM)  and  transmission 
electron  microscopy  (TEM),  and  microanalysis  conducted  using  the  X-ray  energy  dispersive 
(EDX)  analytical  system  attached  to  the  SEM. 


Beta  Transus  Temoerature  and  Beta  Anomach  Curves 

The  transus  temperature  (Table  I)  observed  for  the  Ti-V-Fe-Al  alloys  agree  reasonably 
well  (Table  I)  with  the  relationship  established  by  Ycriton  and  others  (9)  between  fi  transus 
temperature  (T^)  and  composition  of  die  alloying  elements  i.e. 

Tfi  =  882  -  12.4V  -  8.4Fe  +  23.4A1  CQ  .  (1) 

for  the  V,  Fe,  and  A1  additions  (in  wt.  %);  Fe  and  V  additions  dqness  the  P  transus 
temperature  while  A1  addition  raises  it. 

Fig.  2  shows  the  0  approach  curves  of  die  binary  near  0  Ti-4.SFe  alloy  (determined  using 
binary  phase  diagram  data,  ref.  10)  compared  with  those  of  some  multicomponent  alloys 
(detemined  experimentally).  They  diow,  as  previously  reported  (6)  that  the  dopes  {%  0/^ 
of  the  approach  curves  of  alloys  are  reduced  by  the  addition  of  Al.  The  quaternary  Ti-V- 
Fe-Al  alloys  could  be  regarded  as  alloys  derived  from  the  ternary  H-Fe-Al  alloys  by 
replacing  some  Fe  with  the  V  equivalent,  e.g.  Ti-6V-3Fe-4Al  alloy  derived  from  Ti-4.SFb- 
4A1  alloy  by  replacing  1.5Fe  by  6V  assuming  1  %  Fe  equivalent  to  about  4  K  V  (11).  The 
remit  (Fig.  2)  is  that  the  slope  of  the  0  approach  curve  of  'n-4.SFe-4Al  alloy  is  redu^  by 
the  partial  V  for  Fe  exchange. 
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Fig.  3  shows  typical  microstructures  obtained  when  the  hot-rolled  near  fi  Ti-V-Fe-Al  alloys 
are  annealed  at  above  and  bdow  the  transus  temperatures.  Annealing  at  temperatures  in 
the  high  a  +  fi  field  results  in  the  small  fraction  of  a  phase  pinning  the  0  grain  boundaries. 
For  example  Ti-6V-3Fe-4AI  alloy  with  at  842  ‘C,  annealed  at  870  *C  for  1  h  and  at  820 
°C  for  7  days,  produces  0  grains  of  average  sizes  500  and  70  pm  reqrectively  (Fig.  3). 
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Fig.  1:  Orientation  code  for  tensile/ 
fracture  lousiness  specimens. 


Fig.  2:  0  tqjpraadi  curves  rtf  alloys. 


Fig.  3:  Ti-«V-3Fe-4Al  alloy  annealed  (a)  at  T/ST  28  *C  for  1  h  and  (b)  at  Tj8  -  22  *C  for 
7  days  and  water  quenched  (T0  ==  842  *C). 


Cold  Deformation  of  fl-Ouenched  AUoys 

On  deformation  at  room  temperature  die  retained  0  phase  in  the  near  0  Ti-Fe-Al  and  Ti-V- 
Fe-Al  alloys  containing  less  than  3  wt%  A1  transforms  partially  to  a*  martensile  or  a*  and 
athermal  w  (Table  I,  deformadon  inmeased  the  firaction  of  a'fu  present).  In  oontrast  the 
allies  containing  4  wtX  A1  or  more  shows  complete  or  near  comidete  transformations  of  d  to 
a”  martensite  (e.g.  0  ->  o*  complete  in  Ti-4Fb-4Al  alloy  and  partial  transformations  of  0 
to  a*  and  w  in  Ti-4Fe-2Al  alloy.  Table  I).  Deformation  of  19  by  mechanical  twinning  is  also 
observed  in  the  near  0  alloys.  CoM-forniability  is  less  in  alloys  dnt  diow  tmsforma-  tkms 
of  /I  to  o*  and  adiermal «  phases  when  compared  to  that  trf  the  alloys  that  show  complete 
transformations  of to  a*  martensites  (e.g  maximum  thidaiess  reduction,  MTR  II  for 
Tt-4Fe-4Al  alloy  compared  to  an  MTR  of  16  H  for  Ti-4Fe'2Al  alloy  that  shows  0  ->  a* 
and  w.  Table  I).  Cold-formability  is  also  improved  by  increasing  the  ratio  ot  V:Fie  in  the 
alloys  (e.g  MTR  of  20  and  38  %  reflectively  for  ^  Ti-4.SFe-4Al  and  H-6V-3Fe4Al 
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alloys,  Table  I).  This  is  probably  associated  with  the  effects  of  sdute  V,  Fe  (and  Al)  on  the 
twinning/twinning  tnuisitions  in  a"  in  the  alloys.  The  twinning  modes,  (Oil),  (112),  Types  I 
and  n  (111)  are  observed  in  the  early  stages  of  deformation  of  the  alloys.  Irrational  (02S) 
twinning  (6  a  fractional  value  between  2  and  3,  Fig.  4)  replaces  the  rational  ones  in  !»«» 
stages  by  a  process  which  includes  detwinning  of  the  rational  ones  (e.g.  in  the  transition  of 
rational  (Oil)  to  irrational  (04S)  in  Ti-10-2-3  alloy.  Fig.  4b).  Fracture  of  the  alloys  occurs 
after  irrational  twinning;  thus  after  a  low  level  of  deformation  in  alloys  that  show  low  cdd- 
formability  (after  13  and  20  %  deformation  reflectively  in  Ti-4Fe-2Al  and  Ti-10V-2Fe-3Al 
alloys.  Fig.  4). 

The  metastable  fi  {diase  in  0  Ti-Fe-AI  and  H-V-Fe-Al  alloys  containing  up  to  4  wt%Al 
deforms  by  slip  an^or  twinning  (Table  I).  Al  addition  rather  suppress  twiiming  and  fovours 
slip  as  do  the  0  solutes,  V  and  Fe.  For  example  ddbrmation  by  {332}^  twiiming  is  observed 
in  Ti-14V-2.3Fe-l  Al  alloy  while  Ti-14V-2.2Fb-3Al  alloy  show  dip  and  the  {332}/}  twinning 
only  at  the  fracture  zone  (Fig.  S).  The  m^astable  0  in  Ti-10V-SFe-3Al  alloy  drforms  only 
by  slip  (Fig.  S).  The  tensile  dongations  20,  14,  and  27  %  respectivdy 


Fig.  4:  (a)  Irrational  (P67)a'  twinning  in  'n-4Fe-2Al  alloy  deformed  by  13  X  and 
(b)  rational  R(011)  to  irrational  IR(04S)o'‘  twinning  in  Ti-10V-2Fe-3Al  alloy 
deformed  by  23  X  ([100]a''  zone). 


Fig.  5:  Stress/strain-induced  {332)0  twinning  refiectivdy  in  (i^  Ti-14V-2.3F^lAl  and 
(b)  'n-14V-2.2Fe-3Al  alloys;  and  slip  in  (c)  Ti-10V-SFb-3Al  alloy. 
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ftw  Ti-14V-2.3Fe-lAl,  Ti-14V-2.2Fe-3Al  and  Ti-10V-5Fe-3Al  aUoys  (Table  I)  show  that  a 
deformation  that  involves  extensive  slip  in  fi  fcrilowed  by  {332}^  twinning  leads  to  lower 
ductility  compared  to  the  deformation  that  is  mainly  by  slip  or  {332}/)  twinning. 

Ageing  Reacrions  in  Ti-V-Fe-Al  Alloys 

The  authors  previous  work  (6)  has  demonstrated  diat  the  TIFe  compound  observed  in  binary 
Ti-Fe  and  ternary  Ti-Fe-Al  alloys  is  suppressed  in  the  quaternary  Ti-V-Fe-Al  alkqrs  with 
V:Fe  scdute  ratios  (wt  X)  2.  In  the  near  fi  Ti-V-Fe-Al  alloys  where  the  conqxxmd  does 
not  form  foe  motpMogy  of  a  precii^tates  in  /)  matrix  dqieods  on  the  the  ageing  reactions 
from  which  foe  a  precipitates  are  pr^uced.  The  ageing  reactions  in  turn  dqiend  strongly  on 
A1  content  and  the  V/Fe  combinations  in  foe  alloys. 

The  a*  martensite  in  the  quenched  alloys  generally  reverts  to  foe  ^  phase  '  <or  to  age¬ 
hardening  reactions.  The  metastable  /)  phase  imdpitates  a  at  low  tempeiaaiies,  a  phase 
with  an  otfoohombic  distortion  at  intermediate  temperatures,  and  the  a  phase  wifo  no 
orthorhombic  distortion  at  higher  ageing  temperatures.  The  alloys  wifo  2-3  wt  %  Al, 
including  Ti-10-2-3  alloy,  raindly  forms  u  phax  up  to  450  ‘C  whereas  those  wifo  3.S-4.S 
wt  X  A1  forms  w  phase  at  350  °C  and  bdow,  usually  at  slower  rate.  The  effiect  is  shown  in 
Fig.  6  for  the  /)-quenched  Ti-llV-l.SFe-2Al  and  'n-llV-l.5Fe-4.4Al  alloys  aged  in  a  salt 
bath  at  450  ’C  for  24  h.  Hie  alloy  with  4.4  wt  %  A1  shows  a  plates  of  higher  aspect-ratio 
and  larger  number  of  alignments  compared  to  those  observed  in  the  alloy  with  2  wt  X  A1 
(Fig.  6).  Tlie  a  precipitate  distribution  developed  in  the  Ti-llV-1.5Fe-2Al  alloy  (Fig.  6a) 
via  /)  ->  <a  +  reactions  is  similar  to  fold  ufoich  is  said  to  fcnm  ’sympafoetkaUy'*  in  'H- 
10-2-3  alloy  (12).  The  morphology  of  a  precipitate  also  depends  on  V/Fe  srriuie  ratio.  Fbr 
example  foe  0-quenched  Ti-6V-3Fe-4Al  alloy  wifo  higher  Fe:V  ratio  than  Ti-llV-1.5Fe- 
4.4A1  alloy  also  shows  the  a  precipitate  morphcdogy  of  the  low  A1  solute  'H-l  lV-1.5Fe-2Al 
alloy  when  aged  also  at  450  **€  for  24  h,  even  thwgh  the  ^  ->  w  +  0  reaction  was  not 
involved  in  the  a  phase  formation  from  metastable  /)  phase.  XRD  study  indicated  that  foe 
initial  a  precipitate  formed  at  450  ’C  in  the  alloy  has  an  orthorhombic  distortion. 

Mechanical  Properties  of  ri-10-2-3.  T1  and  T2  Alloys 

T1  and  T2  alloys  are  near  0  Ti-V-Fe-Al  alloys  in  which  the  precipitation  of  a  wifo 
orhorhombic  distortion  is  depressed  to  below  450  *C  and  whidi  shows  when  aged  at  >  4(X) 
”C  a  distributions  of  the  type  shown  in  Fig.  6b  (a  wifo  high  aspect-ratio  and  large  number 
of  alignments).  In  Figures  8a  and  8b  the  tensile  pnqxrties  and  corre^xmding  fracture 
toughness  values  of  the  T1  and  T2  alloys  are  compared  to  those  observed  in  this  study  or 
reported  previously  (12-20)  for  Ti-10-2-3  alloy.  The  properties  are  associated  wifo  a  +  0 
microstructures  obtained  after  the  alloys  forged  in  the  a  -I-  ^  fidd  were  armealed  at 
temperatures  in  the  high  a  +  0  fidd  and  then  aged  at  lower  temperatures  (^ically  400-600 
*C)  to  produce  bimodal  a  +  0  structures  (Pig.  7).  It  is  worth  noting  that  the  values  of  foe 
aspect-ratio  of  the  primary  a  in  foe  T1  and  T2  alloys  whoae  medianical  properties  are 
presented  are  between  1:1  and  1:3  (Fig.  7),  whereas  foe  primary  a  in  the  Ti-10-2-3  alloy 
whose  properties  are  compared  wifo  those  of  T1  and  T2  altoys  hive  aspect-ratio  iq>  to  1:8 
(13,17).  Fig.  8  shows  that  the  yidd  dress/ductility/fracture  toi«hness  combinations  of  T1 
and  T2  alh^  are  superior  to  those  of  the  11-10-2-3  alloy.  For  exam^  at  high  yidd  stress 
levd,  1300  MPa,  T1  and  T2  alloys  show  dongation/fracture  toughness  combinations  of  5- 
12  X/50-72  MPa  /m  compared  to  2-10  X/23-30  MPa  /m  observed  for  the  Ti-10-2-3  aDoy. 

S3S 


At  the  low  yiM  stress  level,  1050  MPa,  T1  and  T2  alk^  show  ekM^ation/fitacture 
lot^uiess  combinations  of  15-18  51/83-108  MPa  /m  fr2  only)  compared  to  8-18  51/65-85 
MPa  /m  observed  for  the  11-10-2-3  alloy. 


Fig.  6: a  precipitation  in  6-qiienched  ll-llV-1.5Fe-2Al  Fig.  7;ffimodal  a  +  fi  structure 
(a)andTi-llV-1.5F^.4Al  (b)  alloys  aged  at  in  T2  alloy  annealed  at 

450*Cfor24h.  800‘C  fw  2  h  and  aged 

at525‘Cforgh. 
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Fig.  8:  Yield  stress/ductUity/fiacture  toughness  relationships  in  ll-10V-2Fe-3Al,  T1  and 
T2  alloys  (diis  work  and  others,  ref.12-20). 

The  result  of  present  studies  shows  that  the  addition  of  A1  to  ^-stabilised  Ti  alloys  induces  a 
wid»  hot  a  -f  8  processing  'window*  even  though  it  raises  the  tenqierature  for  0 
processing.  A1  also  acts  as  a  pseudo  0  stabiliser  in  the  near  0  ani  0  alloys  by  favouring  0 
retention  ratiim  than  o'  martensite  formation  and  slqt  rather  than  twinning  in  die  8  during 
defmmation.  The  {332)0  twinning  in  binary  Ti-V,  Mo,  Nb  alloys  has  been  suggested  as 
stress-induced  and  a  dip  in  tensile  elongation  observed  in  the  alloys  at  conqiositions  at  which 
deformation  changed  from  twinning  to  slip  (21).  The  dip  in  tensile  dongation  occurs 
probably  at  the  compositions  at  which  strain-induced  twinning  occurs  after  extensve  slip. 
Observations  of  the  stress-strain  curves  of  Ti-V-Fe-Al  alloys  indicated  that  deformation  by 
twinning  induces  a  higher  work-hardening  rate  compared  to  that  by  slip.  Hence  localiaed 
twinning  after  extennve  slip  raises  local  stress  probably  above  the  alky's  fracture  stress. 


The  effects  that  Al,  Ffe,  V  sidute  combinations  have  on  the  twinning  transitions  in  a* 
martensite  probably  control  the  cold-formability  of  the  a‘  martensite  in  the  near  fi  alloys. 

The  effects  of  Al,  Fe  and  V  additions  on  the  tensile  properties/fitictiite  toughness 
combinations  in  Ti-V-Fe-Al  alloys  have  been  shown  to  relate  to  the  control  rtf'  u  phase 
precipitation  and  a  precipitate  morphology  by  using  optimum  Al/V/Fe  solute  combintdions. 
Since  fracture  tougluiess  of  a  +  0  and  near  0  alloys  unally  improve  with  the  increase  in  die 
value  of  the  aspect-ratio  of  die  primary  a  phase  the  feactuie  toughness  values  of  the  T1  and 
T2  alloys  (supetkff  to  those  of  Ti-10-2-3  alloy)  are  likely  to  be  raised  further  by  increasing 
the  ratio  to  above  1:3  through  change  in  the  processing  conditions  of  the  alloys. 


Summary 

1.  Al  addition  (to  near  0  and  0  Ti-V-Fe-Al  alloys)  which  siqipresses  embrittling  u  and 
strengthens  the  a  phase  induces  a  wider  hota  +  0  processing  "window*  even  though  it 
raises  the  0  processing  temperature.  It  also  favours  the  retention  of  roetaslaUe  0  phase 
and  slip  rather  than  twinning  in  the  ^  during  deformation  as  do  ^  srtiutes  V  and  Fe. 

2.  Cold-fbrmability  of  alloys  is  relatod  to  the  deformation  modes/medianisms  in  die 
metastable  0  arid/or  a*  martensites.  Al,  Fe,  V  srtiute  combinations  are  used  to  control 
the  deformation  modes/mechanisms. 

3.  Al,  Fe,  V  sdute  combinations  also  control  the  structure  and  morphrdogy  of  a 
precipitates  in  0.  Two  near  0  Tl-V-Fe-Al  alloys  with  good  hot-processing  properties  and 
a  +  0  structures  which  induce  strength/ductility/fiactuie  toughness  oontoinations 
superior  to  those  of  Ti-10-2-3  alloy  have  been  devdoped. 

Aflwowlrtlfniifm 

This  w(^  has  been  carried  out  with  the  suiqxirt  of  Procurement  Executive  Ministry  of 

Defence. 
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Table  1 


Analysed  ■¥  + 
Compositioa 

(Wt  %) 

Tff 

Observ. 

CQ 

T0 

Calc. 

CO 

B 

(Quenched 

Structr.+ 

Deformed 

Strucir.-t- 

MTR/ 

Tensile 

Ehmg.* 

(») 

Near/?  Alloys 

Ti-4.1Fe-2Al 

a*  « 

«*  +  ^  +  « 

16+3 

ri-4.6Fb-2Al 

Tr.o(''+^+w 

a'  +  B  +  v 

20+3 

Ti-4Fe4Al 

TV.o*  +  B 

a" 

26t2 

ri-4.5Fe-3.9Al 

Tr.o’  +  B 

a’  +  Tr.iS 

30+2 

ri-6V-3Fe-4Al 

842 

865 

Tr.o*  +  B 

o’ 

38±3 

ri-llV-l.4Fe-2.2Al 

780 

781 

a"  +  0 

o’  Tr./J 

35±2 

Ti-13V-l.5FC-2.lAl 

755 

755 

B 

Tr.o’-t-  /J(t) 

64±2 

ri-llV-l.5Fe-4.4Al 

820 

831 

o*  -f  |8 

o’ 

50±2 

Ti-13Fe-1.6Fe-4Al 

790 

796 

B 

o’  Tr.|8 

62±2 

Ti-10.3V-1.7Fe-3Al 

804 

810 

a’  +B 

o’  Tt.B 

27t3 

(ri-10-2-3) 

B  Altovs 

ri-5.3Fe-2Al 

B 

26±3 

ri-5.1Fe-4Al 

B 

PiO 

24±3 

Ti-14.1V-2.3Fe-lAl 

705 

711 

B 

0(0 

19.9* 

ri-14.3V-2.2Fe-3Al 

752 

756 

B 

i8(slip,ts) 

13.9* 

'n-9.7V-4.9Fe-2.7Al 

772 

784 

B 

26.8* 

-f-f- EDX  analysis;  +  based  on  XRD  anaiyas;  Tr.  trace  quantity, 
t  twinning;  t(  strain-induced  twinning. 

MTR  maximum  reduction  in  thidoiess  ptiw  to  edge  cracking  in  cold  rolling. 
TjS  0  transus  temperature. 
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STRUCTURAL  STRENGTHENING  OF  THE  HIGH  CONCENTRATION 


TITANIUM  ALLOYS  WITH  TRANSITION  METALS. 

L.K.Kondratenko  and  V.P.Shaarajr. 

Baykov  A. A.  Institute  of  Metallutfy,  RAS 
117911,  Leninsky  pr. ,  49,  Moscow,  Russia. 

Abstract 

The  binary  alloys  of  titaniun  with  transition  setals  -  vanadius  (froa 
10  to  22  at. XV),  nlobius  (fros  10  to  30  at.XNb)  and  nolybdenus  (fros  6  to  16 
at.XMo)  exaained  by  scans  of  X-ray.  The  dependence  of  hardness  of  the 
quenched  fros  ^-region  alloys  and  quenched  fros  ^region  and  then  aged  at 
400  C  alloys  fros  their  cosposition  is  presents  in  the  paper.  It  was  found 
out  that  during  the  low  tesperature  ageing  (i)-phase  cospletely  decosposes. 

The  decosposition  of  (i>-phaae  proceeds  with  the  forsation  of  the  setastable 
or  equilibriuB  fine  crystalline  Ob-  and  ^-phases.  The  highest  strength  is 
obtained  for  the  alloys  with  the  high  heterogeneous  structure.  This  effect 
can  persist  in  stable  alloys  with  fine  structure  without  fragile  phases  up 
to  400  °C. 


For  titanius  alloys  with  transition  setals,  transforsations  associated 
not  only  with  polysorphiss  of  titanius  but  also  with  the  forsation  and 
breakdown  on  quenching  and  annealing  of  intersediate  setastable  phases  are 
characteristic.  These  processes  are  cosplex,  and  a  have  great  influence  on 
the  physical  and  sechanical  properties  of  the  alloys.  As  known  the 
concentration  of  transition  setals  in  titanius  alloys  is  lisited  by  5-10  X 
by  weight  in  sun.  It  is  often  connected  with  forsation  of  fragile  (tl-phase 
in  titanius  alloys  of  definited  concentrations.  The  concentration  range 
over  which  (i)-phase  is  forsed  on  quenching  has  been  estabilished  already 
(1|  and  data  have  been  published  (2]  on  the  cosposition  and  sorphology  of 
(i}-phase  precipitated  during  ageing,  but  there  are  still  many  inadequately 
understood  aspects  of  the  sechaniss  whereby  equilibrius  structures  are 
attained. 

A  great  deal  of  titanius  alloys  using  in  industry  are  binary  and 
consisting  of  Or  and  ^phases.  First  of  all  the  properties  of  Ck'*’/|-alloys 
are  detersined  by  their  cosposition.  In  Ti-V,  Ti-Nb  and  Ti-No  sistess  the 
hardness  of  equilibrius  alloys  depends  sdditively  on  their  cosposition 

Sdsnov  end  TschiwiOBy 
EdWid  by  f .H.  horn  and  LCoplan 
IlnMkMrab,Malob&MaSriabSacWy,  1993 
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(Fig.l,  curve  1,5  and  Fig. 2,  curve  1).  The  data  on  hardness  for  Ot-solid 
solution  have  been  published  in  131  and  for  P-soiid  solution  in  11,4,51. 
Strengthening  achieved  by  such  alloying  elenents  as  V,  Nb  or  Mo  is  too 
weak,  and  farther  strengthening  of  these  alloys  is  connected  with  the 
possibility  of  using  netastable  states  and  structural  strengthening  by  heat 
treatnent. 

In  present  work  the  strengthening  of  high  alloyed  binary  systens  Ti-V 
(10-22  at. XV),  Ti-Nb  (10-30  at.XNb)  and  Ti-Mo  (6-16  at.XMo)  is  studied  with 
X-ray  diffraction  nethods.  The  alloys  were  prepared  fron  iodide  titaniun 
and  vanadiua,  niobiua,  aolybdeniua  aade  by  electron-beaa  reaelting.  Ingots 
weighting  10-12  g  were  aade  by  crucible-less  aelting  in  a  heliua  ataospbere 
and  hoaogenised  by  annealing  in  vacuo  for  30  ain  at  900  °C,  speciaens  were 
quenched  in  water  and  aged  at  400  C.  Ageing  at  400  °C  including  appearance 


Fig.l.  Influence  of  the  coaposition  Fig. 2.  Influence  of  the  coaposition  on 
on  the  hardness  of  Ti-V  alloys  the  hardness  of  Ti-Nb  (light  points) 

according  to  additively( 1 ) ,  after  and  Ti-Mo  (dark  points)  alloys 

quenching  froa  the  p-region(2)  and  according  to  additively( 1.5) ,  after 
subsequent  ageing  at  400  C  for  quenching  froa  the  p-region( 2.6)  and 

1,5  h(3),  150  h(4).  subsequent  ageing  at  400  ‘’c  for  1,5  h 

(3),  50  h(7),  150  h(4)  and  700  h(8). 

of  (il-phase  has  been  used  to  receive  high  structure  strengthering.  As  noted 
above  they  try  not  to  receive  this  phase.  Alloys  phase  coaposition  and 
coaposition  of  phases  can  be  deterained  using  aetastable  phase  equilibriua 
diagraas  for  Ti-V  and  Ti-Nb  sisteas  shown  in  Fig. 3a, b,  diagraa  for 
Ti-Mo  systea  is  analogous.  Fig. 3a, b  include  the  equilibriua  phase  diagraas. 
Thus  the  transforaation  of  aetastable  ^solid  solutions  in  this  alloy 
coaposition  range  to  equilibriua  phases  which  differ  substantially  in 
coaposition  and  interaediate  phases  with  saaller  coaposition  and  structure 
differences  are  foraed  on  the  way.  The  (i}-pbase  is  incapable  of  particle 
growth,  whether  it  appears  on  quenching  or  during  ageing.  Longer  ageing  let 
to  eventual  breakdown  of  (d-phase  to  aetastable  01  jj^-phases  with 

saaller  coaposition  differense  than  in  01  . and  R  equilibriua 

equil  ^equil 
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phases.  Close  to  equlllbriua  phase  coaposition  is  achieved  by  proionijed 
ageing:  ISO  hours  for  Ti-V  and  Ti-Nb  alloys  and  aore  than  700  hours  for 
Ti-No  alloys. 

Fig.l  (curve  2)  and  Fig. 2  (curves  2  and  6)  show  the  hardness  of  the 

o 

alloys  after  quenching  at  900  C,  30  ain,  water.  The  hardness  of  quenched 
alloys  varies  nonaonotonic  and  does  not  depends  on  the  alloys  coaposition 
but  depends  on  their  phase  coaposition.  The  HV  increase  connects  with 
foraing  of  (i}-phase  during  quenching.  The  hardness  aaxiaa  correspond  to 
alloys  containing  6  XMo,  12  XNb,  14  XV.  The  ageing  proaotes  increasing  of 
the  alloys  hardness,  and  additional  relatively  to  the  quenched  state  aaount 
of  (0-phase  is  foraing  in  these  alloys.  The  dependence  of  the  alloys  aaxiaua 
hardness  on  the  holding  tiae  in  ageing  is  shown  in  Fig.l  (curve  31  and  Fig. 2 
(curve  3  and  7).  In  all  these  alloys,  in  early  stages  of  ageing,  U)-phase 
foraation  leads  to  increase  in  HV.  It  is  well  known  that  it  is  inpossible  to 
use  the  alloys  with  such  kind  of  structure  in  practice.  But  it  is  very 
iaportant  that  longer  ageing  leads  to  coaplete  breakdown  of  (i>-pfaase.  The 
result  of  this  breakdown  is  the  foraation  of  pseudo-equilibriun  ((X^t 

state  containing;  CIL^=6  XV,  ^^=33  XV  for  Ti-V  alloys;  01^=9  X  Hb,  ^^=30  XNb 

for  Ti-Nb  alloys  and  XMo,  ^^=13  XMo  for  Ti-No  alloys.  Precipitations  of 


(il-phase  is  absent  in  these  alloys  and  high  hardness  in  wide  coaposition 
range  is  only  a  structural  effect. 

a)  b) 


Fig. 3.  Diagraa  of  netastable  phase  equilibria  and  equilibrium  diagraa  of 
state  of  the  Ti-V(a)  and  Ti-Nb(b)  sisteas. 


Therefore,  these  alloys  possess  high  heterogeneous  structure.  The  properties 

of  the  alloys  are  high  when  the  phases  achieve  their  equilibriun  coaposition 

-  01  . ,  and  5  ...  The  alloys  keep  fine-disperse  structure,  and  this  is  a 

equil  r'equil 

reason  of  high  structural  strenghening  effect.  In  both  cases  phases 
heterogeneity  was  estiaated  according  to  quantitative  correlation  of  01^-  and 

yS-phases.  Froa  the  data  presented  in  Fig.l  (curve  4)  and  Fig. 2  (curves  4,8) 

one  can  see  that  HV  aaxiaua  displaces  to  20-22  XV  or  Nb  and  8  XMo  for  alloys 
with  ^uil*  coaparison  with  the  alloys  with  the 

greatest  quantity  of  (i>phase.  The  4quU»  have  high 

heterogeneous  structure.  Coaparison  of  estiaated  additive  hardness  of  (Qt^ 
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titaniUB  alloys  and  hardness  of  equilibrlua  ((X  .  )  alloys  foraed 

equil  ^equil 

after  breakdown  of  {;)-phase  shows  that  the  hardness  can  be  increased  in  i!-3.5 
tiaes  only  by  achieving  fine-disperse  heterogeneous  structure.  The 
structural  strengthening  is  aore  effective  in  Ti-Mo  and  Ti-Nb  alloys,  less 
effective  in  Ti-V  alloys. 

Taking  into  account  close  values  of  atoaic  radii  bu  of  Ti  and  Nb  and 
nonconsiderable  difference  of  the  voluaes  for  Ot-  and  ^phases  (V_  = 

o3  o3  ^  U  equil 

17,67  A  /at.,  Vrt  =17,66  A  /at.)  one  can  aake  the  conclusion  that 

P  equil 

elastic  stresses  connected  with  voluae  phase  difference  in  geterogeneous 
alloys  of  this  sistea  does  not  have  influence  on  the  increase  of 
deforaation  resistance.  The  eventual  breakdown  of  (O-phase  leads  to  the 
foraation  of  a  fine-grained  structure,  which  is  responsible  for  structural 
strengthening.  This  factor  has  never  been  discussed  or  used  as  an  effective 
aethod  of  prepearing  high-strengthened  titaniua  alloys.  Thus  we  can  obtain 
high-strengthened  state  of  alloys  with  stable  structure  without  additional 
alloying  eleaents  or  heat-aechanical  treataent.  The  practical  use  of  the 
process  deaands  special  investigation,  but  for  separate  groups  of  alloys 
ageing  including  foraing  of  (i}~phase  and  its  coaplete  breakdown  can  be  used 
to  attain  a  strong  strengthening  effect.  But  it  is  very  iaportant  that  this 
effect  can  be  achieved  only  by  obtaining  high  heterogeneous  structure.  It 
can  be  seen  froa  aetastable  and  stable  equilibriua  phase  diagraas,  that  the 
coapositions  of  the  alloys  with  aost  heterogeneous  structure  deterained 
according  to  the  diagraa  of  aetastable  phase  equilibria  and  according  to  the 
equilibriua  diagraa,  are  nearly  the  saae  (Fig.3>.  Meaning  the  probleas 
connected  with  drafting  of  equilibriua  state  diagraas,  especially  for  low 
teaperaturs  the  aetastable  phase  equilibria  are  suggested  to  be  used  to 
forecast  the  properties  of  the  alloys  of  various  sisteas. 

Eaploying  the  presently  obtained  data  on  sice  and  stability  of  the 
phases  foraed  after  decoaposition,  it  is  possible  to  forecast  definite  type 
of  the  aicrostructure  in  alloys  -  an  iaportant  consideration  as  soon  as 
nuaerous  properties  are  deterained  not  only  by  phase  coaposition,  but  by 
size  and  state  of  structure  constituents,  as  well.  Thus,  low-teaperature 
ageing  can  aake  use  of  structural  state  alone  to  attain  a  strong  effect  of 
stable  alloy  strengthening.  This  effect  can  persist  in  alloys  without 
frangile  phases  until  as  high  as  400  C. 
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Titanium  is  properly  different  from  other  light  metals,  alumi¬ 
nium  and  magnesium,  by  its  polymorphism  like  iron  has.  This 
property  gives  the  broad  opportunities  for  titanium  alloys 
8tructiu*e  and  properties  influence  because  it  allows  to  use 
not  only  metastable  solid  solutions  decomposition  at  quenching 
and  ageing,  but  the  allotropic  transformation  with  some 

Intermediate  phases  and  chemical  compounds  that  gives  the 
broad  spectrum  of  structures  and  properties.  In  the  starting 
period  of  the  titanixim  alloys  theory  development  the  main  at¬ 
tention  was  pointed  at  the  data  base  gathering  about  alloying 
elements  influence  on  the  titanium  strength  and  the  correspon¬ 
ding  phase  diagrams  establishing. 

To  the  finish  of  60th  the  titanivun  alloys  almost  with  all  ele¬ 
ments  of  periodic  system  were  studied  more  or  less  carefully. 

As  a  result  of  these  investigations  the  titanium  alloys  theory 
bases  were  established  as  described  below. 

1.  The  most  prospect  alloying  elements  group  was  defined, 
their  influence  on  allotropic  titanium  transformation  tempera¬ 
ture,  solid  solution  regions  with  the  both  titanium  allotropic 
modifications  and  the  Influence  on  properties  complex  were  de¬ 
termined  (Pig.  1).  The  basis  titanium  alloys  classification  by 
the  structure  type  eind  alloying  elements  classification  by 
their  influence  on  titanium  allotropic  transformation  tempera¬ 
ture  were  established.  The  opportunity  of  additive  estimation 
the  joint  ^  -stabilizers  influence  by^  -stabilizing  coeffi¬ 
cient  entering  for  each  component  being  investigated  (Pig.  2). 
This  theoretical  postulate  simplifies  the  structure  and  proper¬ 
ties  prediction  at  the  multicomponent  titanium  alloys  develo¬ 
ping. 

The  important  part  of  titanium  alloys  and  phase  transforma¬ 
tions  theory  is  the  undesirable  euteotold  decomposition  brac¬ 
king  possibility  in  chromium  and  iron  containing  alloys  by  ^  - 
stabilizers  (molybdenum,  for  example)  doping.  This  allow  to 
get  the  necessary  thermal  stability  level.  The  example  of  this 
relationship  is  broadly  usable  in  Russia  VT3-1  alloy. 

Tiksntum  '92 
Sdtnc*  ond  Ttchnofegy 
Ediltd  by  F.H.  f  roM  oi>d  I.  vjapkm 
Th»  Mbwob,  M«tob  &  Motoriob  Sociviy,  1993 
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Figure  1  -  Classification  of  alloying  elements  ; 

and  impurities  in  titanium  (by  S.  G.  i 

Glastmov,  B.  A.  Colachev).  i 


Figure  2  -•  Ti-Al  system  as  a  base  of  industrial 
titanium  alloys  K  (comparable  con¬ 
centrations  of ^ -stabilisers). 

2.  The  main  titanium  particularities  which  diffsM  it  fj^  ^ 


solid  state-  gives  the  ability  to  fora  the  alloys  f*®®? 
of  atmosphere  and  hydrogen.  The  high  chemical 
titanium*^oxide  is  the  main  obstacle  for 

development  of  pure  titanium  gathering  by  the  direct  oxide 
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ores  reduction.  These  physical  and  chemical  properties  of  ti¬ 
tanium  are  the  powerful  stimulus  for  new  metallurgy  branches 
developing, for  example,  haloid  metallurgy,  magnesium  thermal 
metallurgy  -  by  Croll,  natrium  thermal  metallurgy  by  Banter, 
Iodide  metallurgy  -  by  Van  Axcel  and  de  Boer,  and  vacuum  mel¬ 
ting  In  copper  water  cooled  crucible. 

3.  The  practical  use  of  oxygen,  nitrogen  and  hydrogen  al¬ 
loying  of  tltanlxim,  that  earlier  were  considered  as  detexml- 
nal  Impurities,  which  concentration  must  be  minimal,  was  po¬ 
inted. 

The  large  Importance  for  titanium  problem  considering  as  re¬ 
liable  constiructlon  metal  Its  Interaction  with  hydrogen  stu¬ 
dying  has.  It  was  pointed  that  hydrogen,  which  Is ^-stabili¬ 
zer  with  reversable  solubility  in  titanium,  is  the  powerful 
facility  for  phase  and  structure  transformations  In  tlteuilum 
alloys  managing.  The  titanium  alloy  thermohydrogenous  treat¬ 
ment  was  developed,  which  Is  principally  new  technological 
process  combining  the  thermal  treatment  with  reversable  hyd¬ 
rogen  alloying.  This  process  Includes  three  stages:  metal 
hydrogenizatlon  till  necessary  concentration,  thermal  treat¬ 
ment,  and  vacuum  annealing  for  hydrogen  concentration  decrea¬ 
sing  till  safe  concentration.  It  was  pointed  that  thexmo^d- 
rogenous  treatment  allows  to  manage  the  deposited  phases  mor¬ 
phology  during  quenching  material  ageing:  to  transform  the 
platelike  structure  In  flne-gralnlng  equiaxial  one  with  the 
mechanical  properties  Increasing;  to  increase  the  two-phase 
-t-B  alloys  hardenablllty;  to  harden  the  p8eudo>^-alloys  by 
thermal  treatment. 

The  thermohydrogenous  treatment  of  tltcmlum  alloys  la  In  Its 
Initial  stage,  but  Its  potential  possibilities  are  very  high. 
For  example,  the  opportunity  of  teohnologloal  plasticity  in¬ 
creasing  of  hard  -structure  alloys  is  opening  by  their  tem¬ 
porary  transition  into  more  plastic  two-phase  alloys  type. 

For  high  strength  two-phase  alloys  the  opportunity  of  Impro¬ 
ving  hardenablllty  arises  by  temporary  transition  these  al¬ 
loys  In  pseudo-^  or ^ -alloys  (Fig.  3). 

It  Is  known  that  castings  has  the  lower  mechanical  properties 
level  than  forgings  of  the  same  alloys.  The  reason  of  this 
fact  Is  the  remaining  porosity  and  coarse-grained  structure  of 
oast  metal.  The  first  disadvantage  is  removed  by  hot  Isother¬ 
mal  treatment  In  gasostates.  The  structure  refining  and  Its 
transition  from  platelike  to  equiaxial  one  with  simultaneous 
grain  refining  is  get  by  hydrogen- thermal  treatment.  The  phase 
hardening  being  arlsed  as  a  result  of  specific  volume  varia¬ 
tions  under  such  a  treatment  substitutes  the  deformation, 
idxlch  was  considered  as  the  only  one  method  of  oast  material 
mechanical  properties  radleal  Increasing  seme  time  ago.  This 
effect  may  be  reinforced  by  another  new  process  using-thermo- 
cycllng.  This  allows  to  approach  the  cast  metal  prcpertles 
level  to  the  deformed  metal  one  (Fig.  4). 

4.  As  the  experimental  materials  about  titanium  alloys  were 
gathered  the  titanium-aluminium  system  role  become  more  clear 
as  the  basis  of  practically  all  oonnerolal  titanium  alloys. 

It  is  explained  by  the  fact  that  the  most  of  alloying  ele- 


ments  sure  B -hardeners ,  but  alimlnlvm  Is  one  effective  oL -phase 
hardner.  The  titanium  alloys  theory  pointed  that  the  titsmium 
alloys  meohsuiloal  piroperties  cratlBal  complex  is  achieved  at 
equal  strength  of  Doth  and  p  phases.  Tin  suad  zircoxiixim 
harden  the  A -phase  too,  but  not  so  effective  as  aluminium 
does.  Aluminium  decreases  the  titanium  alloys  density,  smd 
tin  smd  zirconium  Increases  it.  Under  the  large  vclumes  of 
titanium  alloys  msmufaoturing  the  economical  factor  has  its 
importance  as  aluminium  cost  is  lower  than  zirconium  and 
tin  one,  and  titanium  too.  Aluminium  more  effective  Increases 
the  high-temperature  strength  than  other  elements,  and  in 
large  quantities  decreases  the  titsmium  oxidizability  and  in¬ 
flammability. 


-xAmiAm  X  o  X  to 

evwtotMb  tt^to***  H  ~ 


Figure  3  -  Transformation  of  T1 -^-stabilizers 

dlagrsun  after  additional  alloying  by 
hydrogen:  —  usual  constitutional 

dlagrami - the  same  after 

addition  of  hydrogen. 
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Figure  4  -  Improving  microstructure  and 
endurance  limit  after  thermo- 
hydrogenoue  treatment. 

The  next  investigations  opened  another  important  property  of 
aluminium  -  the  opportunity  of  li^t  hi^-temperature 
strength  alloys  of  new  type  forming  on  the  base  of  titanium 
and  aluminium  chemical  compounds,  that  allowed  to  increase 
the  titanium  effective  usage  temperature  till  900  °C  to  con- 
cure  with  nickel  superalloys. 

Exept  titcmlum-slumlnlum  chemical  compositions  mononlckelide 
NiTl  has  theoretical  emd  practical  Interest,  it  has  the  homo¬ 
geneity  region  of  54-58  mass.  %  and  is  the  base  of  new  alloys 
with  special  properties  development. 

The  possible  using  brcmches  may  be  as:  for  heat  energy  direct 
transformation  to  mechanical  work;  as  sensitive  thermomeohanlcal 
transducer:  for  self -unrolling  aerials,  masts  etc.;  chemical 
equipment  (corrosion  resistance);  for  up-water  and  under-wa¬ 
ter  ships  (ultrasound  absorption,  wear  resistance,  corrosion 
resistance);  as  a  material  with  high  wear  resistance  emd  dam¬ 
ping  oapsoity  standing  up  to  an  iiiq>aot  demphering  equlianent 
in  motor  transport;  as  a  material  able  to  do  mechanical  work 
till  many  cycles  (many  thoxisands)  idien  any  reversing  eqxilp- 
ment  is;  in  medicine  (internal  prothesls  etc.);  for  producing 
rivets  with  shape  memory;  for  self-working  conductive  coup¬ 
lings  for  pipe-line;  for  new  constructions  of  appcoatus  and 
equipment,  working  on  the  base  of  shape  memory  effect.  The 
shape  memory  effect  is  of  a  great  interest. 


It  appears  In  these  alloys  because  of  reversable  meu'tenslte 
transformation  which  causes  the  reversing  of  shape  having  been 
took  place  before  plastic  deformation.  This  effect  may  be  va¬ 
ried  by  additive  alloying  in  te^erature  Interval  defined  by 
working  conditions.  The  good  example  Is  conjuotlve  eoiqpllng  of 
pipe-lines  of  "cryoflt"  type  cmd  self-unrolliitg  aerials  of 
spaoe  ships  (Fig.  5)» 
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Figure  5  -  The  advcmtages  of  TlAl-based  alloys. 

The  other  hig^-doped  titanium  alloy  is  titanium-niobium  sys¬ 
tem  alloy  based  one,  having  high  superoonduoting  effeot,  and 
thus,  having  practical  using  in  speed  railway  transport  with 
magnetio  suspension. 

In  the  paper  /  /  Is  pointed  the  using  of  oonqposlte  material 
"Tor-St^ra"  superoonduotors.  This  material  is  siqteroonduotlTe 
wire  consisting  of  10'  fibres  of  22  mkm  dla  of  titanium  - 
36.8  at.  %  niobium  alloy  in  oopper  and  oopper-nloksl  matrix. 
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5.  The  using  of  last  aohlevement  of  titanium  alloys,  struc¬ 
ture  and  phase  trsJisfoxastlons  theory  in  alloying  and  new 
technology  using  allows  to  increase  strength  in  broad  tempe¬ 
rature  region  (-253  -  +600  *0)  in  6-8  times. 

Fig.  6  shows  that  by  rational  alloying  and  thermal  treatment 
at  room  teaqperature  the  titanium  alloy  strength  nay  be  in¬ 
creased  frail  25  to  150  kg/wmfi  under  cryogenic  toqierature  - 
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from  80  to  160  kg/mm^,  at  600  ®C  the  temporary  strength  in¬ 
creases  from  several  kg  to  60-80  kg/mm^. 
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Figure  6  -  Strength  of  titanium  and  its  alloys 
at  different  temperatures. 

6.  The  high  structural  sensitivity  of  titanium  alloys  allows 
by  structure  varying  to  effeots  comparable  with  alloying. 

This  confirms  indirectly  by  some  decelerating  of  new  co9q>o- 
slte  titanium  alloys  appearance  last  time.  New  methods  of  in¬ 
fluence  on  tltcmlxim  alloys  structure  and  properties  lead  to 
new  branch  of  titanium  alloys  theory  appearing,  which  may  be 
named  "structural  engineering". 

The  structural  engineering  includes  metal  alloys  reliability 
new  criteria  appearing,  as  fraotvtre  toughness,  fatigue  crack 
propagation  speed,  and  as  for  stxnicture  -  the  optimal  struc¬ 
ture  defining  for  branches  of  using.  Many  achievements  were 
done  in  melt  cooling  rate  influence  at  titanium  alloys  pro¬ 
perties  and  structure  investigation,  even  for  amorphoxis  mate¬ 
rial  of  type  with  unique  properties  complex  producing.  The 
results  of  rapidly  quenohed  layer  on  the  tltanixm  alloys  sur¬ 
face  producing  by  laser  beam  heating  experiments  may  serve  as 
examples.  It  is  shown  in  Table  1  that  structural  modification 
allows  to  increase  the  fatigue  characteristic  of  initial  co¬ 
arse  grained  structure  in  1.5-1. 7  times  and  at  10  %  of  fine 
grained  structure.  The  structure  of  modlficated  layer  is 
shown  in  Fig.  7. 

Macro-  and  mlorooomposite  materials  are  new  materials.  They 
are  semlproduots  of  high  strength  and  intexmetalllde  alloys, 
strengthened  by  sllicium  carbide  fibres  or  other  hl^- 
strength  fibres. 

The  developing  of  structural  engineering  Is  meohanloal  alloy¬ 
ing  bases  on  solid  phase  oooqionents  interaotion.  Other  than 
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Figure  7  -  Influence  of  Icuser-treatnent  on 
mechanloal  properties  of  VT3-1 
alloy. 

The  prooesses  oonneoted  with  melted  metals  superrapid  oooling 
and  alloys  production  by  metal  gas  condensation  on  cooled 
base  are  investigated  now.  Metals  and  alloys  producing  with 
nanostructure  is  to  be  considered  as  the  limit  case,  and  it 
may  be  named  the  most  impressloned  structure  engineering  achi¬ 
evement.  Surely  for  titanium  alloys  mechanical  properties  in¬ 
creasing  even  for  pure  tltcmium  and  low-alloyed  Ti-alloys. 
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Table  1  -  Laser  Treatment  Influence  on  VT3-1  Alloy 
Mechanical  Properties 


Initial 

G  . ,  MPa 

Nbj»2*10'  cycles 

structure 

without  laser  treat-  with  laser  treat¬ 
ment  ment 

Coarse  giralned 
platelike 

300-330 

450-480 

Fine  grained 
globular 

520-550 

570-600 

During  last  15-20  years  many  Investigation  of  superrapid  coo¬ 
ling  (SRC)  Influence  on  metal  alloys  structure  emd  properties 
were  undertaken.  This  fact  can  be  explained  by  some  advanta¬ 
ges  of  superrapid  cooling  technology  using  in  hl^  strength, 
high  temperature  strength  and  special  alloys  producing. 

SRC  allows  to  produce  the  homogeneous  alloys  of  basic  metal 
with  any  alloying  elements  exetp  the  caiise  of  dismlxlng  (en- 
layerlng)  In  liquid  state.  SRC  method  broadens  the  different 
usage  alloys  producting  abilities  including  new  type  alloys 
with  increased  mechanical  and  special  properties. 

SRC  allows  to  broaden  the  solid  solutions  regions  In  basic  bi¬ 
nary  systems,  which  manufacture  alloys  are  based  on  and  to  In¬ 
crease  the  strengthening  heat  treatment  effect.  The  possibi¬ 
lity  of  thermally  stable  disperse  strengthening  Is  appearing 
and  Increased  the  high  temperature  strength  and  creep  resis¬ 
tance  alloys  producing.  SRC  combined  with  today  powder  metal¬ 
lurgy  methods  allows  to  produce  superfine  mlcrostructure  and 
chemical  composition  for  any  size  and  mass  products  In  the 
limits  of  technological  equipment  size. 

It  Is  known  that  under  cooling  rate  Increasing  the  degradation 
of  equilibrium  phase  diagram  takes  place  as  it  is  shown  In 
Fig.  8.  We  C8U1  seen  that  with  cooling  rate  Increasing  the  so¬ 
lid  solutions  region  are  enlarged,  the  specific  points  of  dia¬ 
gram,  as  eutectic,  peritectic  points,  chemical  confounds  are 
disappeared.  The  diagram  simplifying  and  Its  transfoznatlon  In 
contlnoxis  solid  solutions  system  takes  place.  Then  the  solid- 
liquid  state  regions  disappear,  the  liquldus  and  solidus  be¬ 
come  one  line  cmd  liquid  state  exists  above  It,  solid  state  - 
below  it. 

The  solid  material  being  producted  In  this  ease  Is  cunorphous 
or  glasslike  and  has  some  specific  properties.  It  has  no  orys- 
talllc  lattice  and  grain  boundaries*  Amorphous  alloy  Is  homo¬ 
geneous  by  Its  chemical  composition  idxen  compared  with  tradi¬ 
tional  technology  of  production  alloy  by  casting. 
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All  phase  transformation  taking  place  In  titanium  alloys 
under  heat  and  pressure  treatment  are  based  on  allotropic 

fl^u>and  oC;;ru7  transformations  In  tltcolum  according  to 
"tneones  In  polymorphic  metals  based  alloys  one  modification 
to  another  transition  must  occur  by  shift.  This  gives  us  Idea 
different  from  existed  before,  that  under  all  temperature- 
rate  conditions  of  thermal  and  thermomeohanical  treatment  the 
main  nucleous  new  phase  forming  is  shifting.  The  final  struc¬ 
ture  forming  depending  on  kinetic  conditions  may  occur  by  dlf- 
fuslonless  (martensitic)  or  middle  (diffusionless  nucleatlon 
with  diffusion  growth)  mechanisms.  Some  examples  Illustrating 
this  Idea  are  given  below. 

I.  The  transformation  and  are  martensitic 

ones  (m)  of  the  first  kind,  which  occur  under  teiiq;>erature  or 
pressiire  with  positive  or  negative  hysteresis  oban^ng.  HI 
^  ss  «6  la  reversible  not  only  orystallographioally  but  ther¬ 
mally  too,  that  allows  to  provide  shape  memory  effect  (SMS) 
(Fig.  9)  and  hl^  demphlrlty  /2-4/  plus  to  twin  strain  mecha¬ 
nism  with  Invariant  lattice. 


2.  Other  than  existing  new  points  of  view  say,^^u}and«(r£r<6 
transformations  we  can  Investigate  as  shift  hystereslsless 
transformations  developing  by  slip  meohanism  /9-6/.  They  are 
transformations  near  seoond  kind  of  transformations,  idiloh 
provides  the  continuous  thexmodynamlo  potential  differing 
under  these  transitions  and  coherent  splnodal  exiting  (Fig. 
10).  For  example,^  to  (Oat '^^^Bitlon  occurs  by  some  ^  (u>T 
condition,  vftilob  is  oharaoterized  by  "inoonanensurable"  struc¬ 
ture. 


Figure  9  -  Chuiglng  in  crystallographlcally  reversable 
(  £  av )  accumulated  vmder  stressing  (£ac}  and 
recovered  (£r)  by  SHE  defox^tion  in  Ti-5A1- 
V  alloys  during MT  (if  -  heating  arte). 


Figure  10  -  The  diagram  illustrating  phase  thermodynamic 
potential  change  in  titani\m-^-iBomorphlo 
stabilizer  system  (Ti-Xa)  without  oonoentra 
tlon  fluctuation  osloula'tlng  and 

-spinodal).  ^ 

3.  Fig,  11  shows  the  tenqperature-oonoentration  regions  irtiere 
the  for-preolpitating  stage  provides  the  different  nuoleation 
ways.  The  new  phase  nuoleation  underpin -phase  and  c6"  merten- 
site  decomposition  in  teiQperature  region  contact  to  and  Ag 
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correspondingly,  may  occur  by  homogeneous  nucleation  way  by 
concentration  fluctuations,  and  in  regioxis  far  from  H  (A  } 
-phase  and  d/  phase  decoiqiosltion  occurs  by  heterogeneous 
nucleation  on  grains  and  subgralns  boundaries  and  on  plane 
dislocations  aoeumulatlons.  Decomposition  of  <0'  -  andeCT  -mar¬ 
tensite  in  alloys  of  concentration  neetr  transition) 

and  decomposition  in  incommersurable  Jl  -structure  alloys 
occurs  by  splnodal  decomposition  mechanism.  This  allows  us 
to  say  that  cOsr  and  -phase  fozming  mechanisms  are  adequate 
and  explain  the  cO/r  -phase  precipitation  process  insensibi¬ 
lity  to  dislocation  construction  and  Its  high  rate. 


Figure  11  -  The  diagram  illustrating  temperature- 
concentration  regions  of  different 
nucleation  realization  during  meta¬ 
stable  phases  decomposition  in  Tl-x> 
system  HR-homogeneous  nucleation, 
HGN-heterogeneous  nucleation,  SD- 
splnodal  decoiiq;>osition;  RGN  1  - 
nucleation  mainly  on  boundaries  of 
B  -grain;  HGN  II  -  nucleation  at 
grain  boundaries  and  body;  HGH  III  - 
nucleation  only  in  -grain  body. 

4«  Martensitic  and -phase  isothermal  decomposition  occurs 
by  middle  mechanism,  and  its  kinetic  may  be  described  by  two 
types  of  -kind  diagrams  (Fig.  1?).  The  special  feature  of 
these  diagrams  of  early  Inrestigated  /5,  7/  is  the  absence  of 
special  C-curves  f or  ^  («d),  uOicand  transformations  of 

second  kind.  The  onest  C-ciurve  describes  the  transformation 
beginning  of  futiu-e  -phase  nucleous,  tdiiob  under  high  tenqpe- 
ratures  IT  >H  emd  T>  550  °C)are  «(,'  and  at  low  tenq>eratures 
(T  >  550  °C)  -  -phase.  The  final  structure  forma¬ 

tion  occurs  by  diffusion  poorment  of  di  ahd  dJ'  phases  formed 
by  martensite  meohanlsm.  In  aooordanoe  to  large  volume  in¬ 
correspondence  of  «4m  and  B^  -phases  /8/  it  always  leads  to 
plate  structure  f ormng.  'me  isothermal  -phase  doesnot 
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take  place  In  <L  -phase  forming  but  stimulates  its  nucleaouses 
forming  in  nearer  to  /cO  boiuidary  microvolumes  of ^ -phase. 


Figure  12  -  The  diagrams  illustrating  the  main 
stages  of  isothermal  metastable 
phases  decomposition  and  structure 
forming  under  thermal  treatment  of 
before-critic  (a)  and  post-critic 
(b)  composition  alloys.  (The  lines 
shows  the  beginning:  I  -  of  nucle- 
ousoC -phase  in ^ -phase  forming; 

2  -o6 -phase  forming  ofe^" -phase; 

3  -  martensite  decomposition;  4  - 
nucleous  of«6"-phase  forming  in 
/-phase;  5  -/(‘^)-phase  forming; 

6  -  transition  from  nucleating  to 
nucleous  of  new  phase  growth; 

7  -  (  +/«|  )-8truoture  forming 

finishing  with  equilibrium  phase 
composition;  8  -  three-phase  re¬ 
gion  /m  +  cO/’s  +  ) . 

5»  Decomposition  of  -phase  \mder  continuous  cooling  occur 
by  the  same  mechanisms  as  under  isothermal  expos\ire.  Diffe¬ 
rent  from  traditioneilly  used  TTT-diagrams  /1 ,  9/  the  phase 
composition  and  structure  forming  as  a  resiQt  of  Bn  -phase 
decomposition  luxder  continuous  cooling  we  must  describe  by 
new  type  of  diagrams:  phase  composition  -  chemical  composi¬ 
tion  of  /  -phase  -  cooling  rate  (PC-x-V  )  (Pig.  13).  With 
the  coaling  rate  decreasing  beginning  with  the  first  criti¬ 
cal  (VeV^  T  the  diffusion  growth  part  begins  to  overcome 
the  diffusionless  nucleatlon  one,  that  firstly  leads  to  In- 
determediate  structures  forming  with  contain  coherent  and  in¬ 
homogeneous  by  chemical  composition  XinA,  dT/uft  and  / 

?hase,  and  \mder  rates  less  then  second  crltica]  one  (  )  - 

o  equillbrim  -structure.  The  rate  V3  is  the  par- 
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ticular  one,  when transition  realizes,  cooling  with  this 
rate  is  undesirable  as  it  leads  to  chemical  phases  Inhomoge¬ 
neity  £Uid  maxlmvim  stress  level,  that  causes  the  large  alloys 
embrittlement. 


0  e  a  ii  A 

am  7. 1'Oflod'utn 


Figure  1 3  -  The  diagram  phase  ooaqposltlon  -  vanadium 
concentration  (jl)  -  cooling  rate  (V®), 
cooling  from^ -region  Ti-5Al-7  system. 
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Based  on  a  thorough  review  of  the  literature,  the  examination  of  the  phase  equilibria  of 
the  titanium-alummum  system  has  been  continued.  The  initial  evaluation  of  the  phase 
equilibria  in  the  titanium-aluminum  mtem  was  established  using  differential  thermal 
analysis.  Verification  of  the  evaluated  phase  equilibria  was  performed  using  alternate 
experimental  methods  including  diffusion  couples  and  heat  treating  studies.  estinute 
of  the  location  of  the  a-7  phase  boundaries  was  made.  The  influence  of  interstitial 
oxygen  was  proposed.  An  initial  evaluation  of  the  liquidus  between  the  compositions 
TuU  and  TiAl3  lias  been  presented. 


Introduction 

Titanium  aluminides  are  gaining  increased  importance  for  high  temperature 
applications.  Knowledge  of  phase  equilibria  is  critical  in  understanding  the  optimum 
processing  parameters  and  the  microstructure  stability  at  high  temperatures.  The  histoiy 
of  the  evolution  of  the  titanium-aluminum  phase  diagram  shows  many  variations  of  the 
phases  and  location  of  phase  boundaries*.  In  this  report  the  main  focus  of  the 
experimental  effort  was  on  the  region  concerning  the  0  +  7  two  phase  field.  A 
preliminary  phase  diagram  has  been  established  using  differential  thermal  analysis**^. 
ConErmation  of  the  phase  equilibria  from  the  preliminary  diagram  was  provided  by 
metallography  and  microprobe  analysis  of  annealed  samples  and  difftuion  couples; 
including  the  influence  of  oxygen  content  on  the  phase  equilibria.  In  addition  an  initial 
evaluation  using  DTA  was  undertaken  to  establish  the  nature  of  the  liquidus  for  the 
compositions  from  TiAl  to  TiAl3. 
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99.999%  pure  Al).  Samples  were  wrapped  with  titanium  foil  and  placed  in  a  Y2O3 
coated  alumina  boat  or  V2O3  coated  molybdenum  alloy  wire  basket,  and  annealed  m  a 
high  purity  argon  environment  with  additional  Ti>getters  in  the  hot  zone.  The  san^les 
were  either  slow  cooled  or  water  quenched.  The  samples  were  analyzed  using  optical 
metallography.  X-ray  analysis,  chemical  analysis,  and  differential  thermal  analysis 
(DTA). 


Three  diffusion  couples  between  sample  163-4  (7)  and  pure  Ti  (CP  or  HP)  were  initially 
annealed  for  four  hours  at  1050*  C  to  establish  a  bond.  Then  the  YtOz  coated  clanm 
were  removed,  the  diffusion  coimles  were  wrapped  in  titanium  Toil,  annealed  (at 
13S0±S*  C  for  24  hour^  1300^5*  C  for  24  hours  or  1240±S*  C  for  %  hours)  and  water 
quenched.  The  diffusion  couples  were  sectioned,  optically  examined,  subjected  to 


were  removed,  the  dmusion  coimles  were  wrapped  in  titamum  foil,  annealed  (at 
13S0±S*  C  for  24  hours,  1300^5*  C  for  24  hours  or  1240±S*  C  for  %  hours)  and  water 


quenched.  The  diffusion  couples  were  sectioned,  optically 
microprobe  analysis,  and  oxygen  analysis  was  performed. 


The  results  from  DTA  analysis  are  summarized  in  Figure  P.  The  oxygen  levels  of  the 
argon  gas  exiting  the  DTA  sample  chamber  had  17^2  ppm  (at%)  mmen.  The  average 
imtial  oxygen  level  in  the  HIP+forged  ingots  was  O.OS3aO.OC6  wt.%  O  and  in  the  arc 
melted  ingots  was  0.173^0.074  wt.%  O.  The  average  post  oxygen  anaWsis  of  some  of  the 
DTA  specimens  was  0.390t0.0Sl  wt.%  O  for  melted  samples  and  0.185*0.017  wt%  O 
for  samples  that  were  not  melted. 

The  Ti-7  (50.94  at.%  Al)  diffusion  couples  revealed  three  compositional^  distinct  phase 


lines  for  the  two  phase  fields  and  oxygen  analysis  are  given  in  Table  I.  The  average 
standard  deviation  was  ±0.29  at.%  Al.  Additionally,  a  tie  line  at  4725*0.48  atomic  %  Al 
and  51.62*028  atomic  %  Al  was  obtained  from  the  two  phase  microstructure  of  the  7 
(50.94  at.%  Al)  side  of  the  1350*  C  diffusion  couple. 


Thezval 


Tie  line 


Table  I 

eg  Cat  Jl  Al)  {tnd  Jmatn  Analygig 

Tie  line  Oxygen  Content  {wt.%) 


1350*C/24  Mrs  40.8  41.2  46.9  51.5  0.070±0.010  0.025±0.008 


1300*C/24  Hra  39.28  40.42  45.44  49.34  0.24510.002  0.02510.004 


1240*C/96  Mrs  37.09  39.60  43.20  49.10  0.07110.023  0.02310.003 


A  Ti-44.8  at.%  Al  and  a  Ti-48.4  at.%  Al  sample  were  given  a  two  step  annealing 
treatment  as  summarized  in  Table  n.  The  annealed  microstructure  of  both  samples 
consisted  of  two  phases.  The  minor  phase  distribution  of  the  48.4  sample  followed  the 
original  hexagonal  dendrite  distribution. 


Estimated  Ti-AI  Phose  Equilbrio 


•  DTA  Doto  from  AlgOj  Crucible 
o  DTA  Doto  from  YgOj  Crucible 

A  Diffusion  Couple  Doto 
O  Tie  Line  from  Forged  +  Anneoled  Somple 
■  Tie  Line  from  Arc-Melted  +  Armeoted  Somple 


FigUT*  1 


.•xi  diagm  baaafl  on  a  DTA  analyala» 
{fusion  oouplsa  and  annaalsd  saaplas. 


Table  II 

Compositional  Information  of  annealed  samples 

Cgnflitiqn _ Acsa _ A1  fatt%) _ 0  _ 

Ti  48.4  at.%  A1 
Arc  melted  then 

Annealed  1250*C  Bulk  0.056±0.004 

10  days/S.C.+12S0‘C  Major  Phase  50.7110.14 

/10.5  hourB/WtQ. _ Minor  Phflg? _ 4i.96to.i5 _ 

Ti  44.8  at.%  A1 
HIP  +  Forged  then 

Annealed  1200 *C  Bulk  0.05010.014 

10  Days/S. C.-i-1200*C  Major  Phase  41.6610.15 

/24  hOMrs/  WtQi _ Minor  Phase  47.8610.10 _ 


Compositions  from  TiAl  to  T1AI3 

The  onset  and  peak  temperantres  for  the  reactions  observed  during  DTA  are 
summarized  in  Figures  2a  and  b,  and  a  representative  thermogram  is  presented  in  Ingure 
3.  Cycling  experiments  were  carried  out  to  establish  the  interpretation  of  the  onset  and 
peak  temperatures  in  the  thermograms  (Figure  4).  V^en  the  specimens  were  heated  to 
temperatures  equal  to  or  in  excess  of  the  reaction  peak  temMrature,  undercooling  was 
observed  on  cooling.  No  undercooling  was  observed  when  the  sample  was  heated  to  a 
temperature  less  than  the  reaction  p^  temperature.  As  the  number  of  cycles  increased 
the  peak  temperature  decreased  slightly  with  each  cycle.  Post  DTA  microstructural 
examination  revealed  an  increase  in  the  number  of  dark  precipitates  in  the  interdendritic 
regions  of  the  samples  with  each  cycle.  Several  of  the  ingots  with  >  57  at.%  A1 
contained  needle  precipitates  which  had  a  two  to  one  ratio  of  titanium  to  aluminum 
based  on  miCToprobe  analysis. 

Samples  with  73  at.%  A1  were  annealed  at  1200*  C  for  14  days  and  slow  cooled  followed 
either  by  further  annealing  for  2  hours  at  1200*  C  then  water  quenching  or  further 
annealing  for  24  hours  at  iSOO*  C  then  water  quenching.  Microprobe  analy^  indicated 
compositions  of  the  two  phase  miaostructure  as  71.5(&0.06  and  7433±0.11  at  1200*  C 
and  12M±0.n  and  74.53^:0.1 1  at  1300*  C 


PlSCUSSifln 

tt+Tf  Two  Phase  Region 

The  a  +y  phase  boundaries  from  DTA  analwis  tat  in  fair  agreement  with  the  phase 
boundaries  measured  bjr  magnetic  susceptibility  T  The  oxygen  content  of  the  DTA 
specimens  increased  with  temperature,  with  the  majority  of  the  oxygen  increase 
occurring  after  melting.  Prior  to  melting  the  oxygen  level  would  be  expectM  to  be  lower 
than  0.18  wt.%  O.  The  average  variation  or  precision  of  the  DTA  data  was 
approximately  ±15*  C. 

The  tie  lines  for  the  a + 7  two  phase  field  obtained  from  the  diffusion  couples  agree  with 
the  phase  boundaries  from  the  DTA  analysis  (Figure  1).  Thus  the  phases  in  the 
diffusion  couple  correspond  to  the  fi,  a,  and  7  phases,  for  all  three  temperatures 
investigated.  The  7  150.94  at.%  Al)  side  of  the  diffusion  coimie  was  used  as  an 
internal  compositional  reference  for  the  microprobe  analysis.  The  presence  of  the 
reported  phase  was  not  confirmed.  Hw  tie  line  from  the  two  phase  microstructure  in 
the  7  side  of  the  1350*  C  diffusion  couple  agreed  with  the  tie  line  obtained  from  the  a-7 
interface  of  the  diffusion  couple.  This  agreement  shows  the  data  is  self  coieistent  and 
equilibrium  at  the  a-7  interface  was  mostlikely  achieved. 

The  tie  line  obtained  using  the  metallographic  method  from  the  annealed  sample  with 
45.9  at%  AI  agrees  with  the  phase  boundaries  established  from  the  DTA  results. 
However,  the  7  end  of  the  tie  line  from  the  48.4  at.%  Al  annealed  sample  had  more  Al 
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(2.8  at.%)  than  the  7  end  of  the  tie  line  from  the  DTA  analysis.  The  7  end  of  the  tie  line 
from  the  48.4  at.%  A1  sample  did  a^ree  with  the  7  composition  established  with  a 
metallographic  method  whiw  determined  the  composition  where  the  a Jtbase  was  no 
longer  observed  ("diminishing  second  phase  metulographic  method")^*'.  In  a  past 
stu^,  a  similar  discrepancy  was  observed  between  the  magnetic  susceptibility  ami 
metallographic  methods,  which  lead  to  the  suggestion^  that  equilibrium  was  not  obtained 
for  the  metallographic  method. 

The  oi^en  levels  of  the  two  annealed  samples  are  approximately  the  same,  0.0S6  wt% 
O.  One  major  difference  is  the  greater  volume  of  a?  phase  pr<^t^  the  45.9  at% 
aluminum  sanqile.  If  the  solubility  of  oxygen  is  low  in  the  7  phase^^*^^  then  the  oxygen 
would  preferentially  segregate  to  the  a  phase.  This  would  result  in  affecting  either  the 
kinetics  or  the  phase  equiboria.  A  change  in  composition  of  the  7  phase  with  an  increase 
in  oxygen  content  implies  it  is  a  phase  equilibrium  effect  An  increase  in  the  expected 
volume  fraction  of  the  a  phase  has  been  reported  for  an  alltty  with  hi^  oitygen  levels” 
Therefore,  the  diminishing  phase  method  (a  small  amount  of  a  phase  in  a  7  matrix), 
should  not  be  applied  in  the  Ti-Al  system  in  this  region  without  special  caution  due  to 
the  influence  of  oxygen. 


Repon  of  the  diagram  from  TiAl  to  T1AI7 

The  liquidus  in  this  region  of  the  diagram  nas  a  very  gradual  slope  (Figure  2).  Due  to  the 
gradual  slope,  cycling  experiments  were  used  to  establish  the  validity  of  the 
interpreutions  of  the  OTA  data.  The  observed  reaction  peak  is  the  best  estimate  for  the 
liquidus  reaction  since  undercooling  was  observed  whenever  the  peak  temperature  was 
exceeded  and  not  when  the  temperature  was  lower  than  the  peak  temperature. 

The  liQuidus  temperatures  reported  here  are  in  good  agreement  with  two  earlier 
studies^  (Rgure  2),  which  also  used  DTA  analj^sis  to  establish  the  liquidus.  In  the 
literature,  the  temperatures  regorted  for  the  peritectic  formation  of  the  TlAla  phase  vary 
Ity  as  much  as  55*C“>'Al3,I4  71,^  results  from  DTA  analwis  fall  at  the  nigh  end  of 
this  range.  The  lower  value  of  1350*  C  was  estimated*^  based  on  microstructural 
analysis  (1340*  and  a  measurement  of  the  liquidus  based  on  a  change  in  slope  of  the 
cooling  curve  (1355*  C)lo 

DTA  anatysis  revealed  one  solid  state  reaction  otxurring  at  1205*  C,  which  is  in  good 
agreement  with  the  DTA  data  from  J.  Sc^ster  and  H.  Ipser  (1214*C)^^.  When 
compared  to  the  data  of  K.  Kaltenbach  et.al.^2  tte  63  at.%  A1  sample  outside  of  the 
two  phase  Held  and  the  reaction  temperature  was  30*  C  higher  (1175*  C)^^. 

The  tie  lines  from  the  73  at.%  A1  sample  annealed  at  1^  and  1300*  C  agree  with  the 
two  phase  field  boundaries  in  the  K.  Kaltenbach,  etal.^^  diagram  (Figure  2)  and  the 
diagram  by  J.  Murray^^.  There  is  significant  disagreement  with  tM  1300*  C  tm  line 
when  compared  to  the  two  phase  field  boundaries  of  J.  Schuster  and  H.  Ipser^l.  In 
addition  the  low  aluminum  content  of  the  TiAl3  phase,  as  determined  by  microprobe 
analnis,  is  an  indication  that  there  may  be  some  solubility  of  titanium  in  the  TiAlxJifaase 
at  elevated  temperatures.  A  previous  study  indicatexLa  much  greater  solubility  (2  at% 
Ti)  based  on  a  diffusion  couple  (23  hours  at  1200*  C)”. 

No  difference  was  observed  in  the  65  aL%  Al  ingot  whether  it  was  produced  with  CP  H 
or  the  HP  Ti;  this  is  an  indication  that  the  interstitial  content  did  not  significantly  affect 
the  binary  phase  equilibria  in  this  region  of  the  diagram.  The  interdendritic  phase  in  the 
57, 60  and  65  at.%  Al  samples  had  a  microstructure  consisting  of  dark  jiredpitates.  The 
dark  precipitates  may  be  associated  with  contamination  from  interstitial  elements  based 
on  the  post  DTA  microstructures,  which  show  an  increase  in  the  volume  fraction  irf  these 
precipitates  with  repeated  number  of  DTA  ^es.  The  formation  of  precipitates  with  a 
Ti  to  Al  ratio  of  (2:1)  in  alloys  with  Ai  >  57  at%  Al  and  the  absence  of  a  phase  is  an 
indication  of  low  interstitial  solubility  in  the  7  phase. 


Conclusions 

The  ^ase  boundaries  for  the  a  +  7  two  phase  field  (Figure  1)  were  initially  establisht^ 
by  D T A  analysis  and  confirmed  by  diffusion  couples  andannealed  samples  and  are  in 
good  agreement  with  the  data  of  C.  McCullough  et.al.^°.  No  evidence  was  found  to 
support  the  presence  of  the  reported  high  temperature  a’  phase^.  The  estimate  of  error 
for  precision  of  the  DTA  data  is  ±7.5*  C  and  for  chemical  analysis  is  ±0.5  at.%  Al. 

The  influence  of  oxygen  on  phase  equilibria  is  to  increase  the  stability  of  the  a  phase 
which  is  signiHcant  when  small  volume  fractions  of  a  phase  are  in  a  matrix  of  7  phase. 
Evidence  to  support  a  low  solubility  of  oxygen  in  7  phase  has  been  presented.  As  a 
result,  the  "diminishing  second  phase  metallographic  method"  used  to  identify  the  7  side 
of  the  a + 7  two  phase  field  can  oe  misleading  due  to  an  influence  of  oxygen. 

The  nature  of  the  liquidus  between  TLAl  and  TiAl3  is  believed  to  be  cascading 
peritectics  with  liquidus  temperamres  in  general  agreement  with  K.  Kaltenbach  etaL^^ 
and  J.  C.  Schuster  and  H.  Ipser^i.  The  ue  lines  established  with  73  at%  Al  annealed 
samples  agreed  with  K.  Kaltenbach  et.al.^%  while  the  DTA  data  from  the  63  at%  Al 
sample  agreed  with  J.  C.  Schuster  and  H.  Ipser^^.  The  possibility  that  the  compound 
TiAl^  has  some  solubility  has  been  suggested  by  the  microprobe  results  of  the  annealed 
samples. 
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Abslract 

It  is  now  evident  that  attention  to  control  in  the  materials  processing  of 
titanium  aluminides  is  an  important  consideration  in  producing  materials  with  the 
necessary  microstructural  and  mechanical  propenies.  In  order  to  identify  the  variables 
which  affect  phase  selection,  powder  processing  of  a  Ti-40at%AI  alloy  has  been 
examined  on  a  laboratory  scale  with  a  3m  drop  tube.  Using  this  process,  powder  particle 
size  and  gas  environment  effects  can  be  examined,  as  well  as  alloy  composition  and 
impurity  effects.  With  this  Ti-40at%Al  alloy  it  has  been  possible  to  study  the  kinetic 
competition  between  a  and  fi  phase  products  and  to  use  sohd  state  reactions  as  a  guide  in 
following  the  thermal  histoiy  during  solidification.  The  results  show  that  the  phase 
selection,  during  volume  catalyzed  heterogeneous  nucleation  in  the  powder  particles, 
follows  Poisson  statistics  with  powder  size,  and  that  careful  control  of  the  processing 
atmosphere  and  particle  diameter  affects  the  solidiHcation  pathway  of  the  alloy. 

Introduction 

Titanium  aluminides  have  been  extensively  studied  for  many  years  m  hopes  of 
developing  high  temperature,  light  weight  aerospace  alloys  and  slowly  but  surely  they  are 
beginning  to  move  from  the  development  to  the  application  stage.  However,  the 
oualities  which  have  made  these  alloys  attractive  as  structural  materials,  such  as  sluggidi 
oiffusion  kinetics  (which  limits  coarsening  of  grains  and  dispersoids  in  the  matrixjTp) 
also  inhibit  modification  of  the  solicufication  microstructure,  especially  during 
post-solidification  heat  treatments.  Hierefore,  processing  techniques,  eweddly  those 
which  increase  the  rate  of  heat  extraction  and  cr^tal  growth,  such  as  rapid  solidification 
proc<’.4.sing  (RSP),  become  increasingly  important  in  the  processing  of  titanium 
aluminides  (because  they  offer  a  means  of  by-passing  some  of  the  processing  problems). 
For  example,  RSP  can  lead  to  a  reduction  in  the  scale  of  the  microstructure,(2)  resultii^ 
in  reduced  diffusion  distances  and  limited  segregation  tendencies.(3)  Also,  RSP  often 
results  in  increased  levels  of  undercooling  prior  to  solidification  which  may  open  up 
alternate  metastable  solidiflcation  pathways.  These  alternate  pathways  may  then  resiut 
in  expanded  opportunities  for  microstructural  modification,  through  controlled  solid 
state  decomposition  reactions,  during  post  solidification  thermal-mechanical 
treatment^4) 

Inere  are  a  variety  of  commercial  and  laboratory  techniques  available  for 
rapid  solidification  processing  of  materials.  One  of  the  most  effective  is  the  cooling  of 
molten  droplets  in  an  inert  gas  atmosphere.  Drop  tube  processing  is  such  a  technique.  It 
utilizes  processing  conditions  similar  to  other  powder  production  processes  such  as  gas 
atomization,  while  offering  such  advantages  as  economy  of  construction  and  operation, 
flexibility  in  experimental  parameters,  short  turn  around  time  for  experiments  and  the 
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ability  to  process  a  wide  range  of  droplet  sizes  (micrometers  to  millimeters).(S) 

The  primaiy  gom  of  this  investigation  was  to  explore  the  {wtential  for 
microstructural  modiflcation  in  drop  tube  processed  Ti-40at%Al  alloy  powder.  Special 
emphasis  was  placed  on  understanding  the  soiidiHcation  pathways  available;  examining 
how  those  pathways  were  related  to  the  undercooling;  determining  what  type  of 
nucleation  nnetics  were  active;  and  Anally,  what  affect,  if  any,  processing  atmosphere 
bad  on  microstructural  development. 

Emerimental  Procedure 

The  material  used  in  this  study  was  produced  by  arc  melting  high  purity 
starting  materials  (99.99%  Ti  and  99.999%  AI).  The  powder  was  produced  from  the 
bulk  ingot  by  o  ushing  in  a  steel  anvil  and  then  separating  out  any  contaminated  material 
with  a  mamet  Since  size  range  is  an  important  variable  in  controlling  solidiAcation 
behavior  during  drop  tube  processing  the  powder  was  sorted  both  prior  to  and  after 
processing  into  the  following  size  ranges  <10^m,  10-22/<m,  22-30^m,  30-44/im, 
44-53pm,  S3-63fiti^  63-74/im,  74-88#im,  ^lQ5/<m,  lQ5-177//m  and  >  177^m,  using  an 
Allen-Bradiey  ^nic  Sifter.  AJfter  the  powder  was  prepared  it  was  drop  tube  processed  in 
various  atmospheres  using  a  3m  laboratory  scale  drop  tube.  A  detailed  description  of  the 
system  is  presented  elsewhere.(6)  The  processed  powder  was  analyzed  using  x-ray 
diffraction  analysis  (Cu-Ka  radiation),  optical  and  scanning  microscopy  and  finally 
microstructures  were  classiAed  and  statistically  analyzed  using  a  sample  size  of  250-500 
particles  per  size  range. 


Emenmental  Results  and  Discussion 

X-ray  analysis  of  the  powder  drop  tube  processed  in  helium  revealed  only  the 
presence  of  the  ordered  hexagonal  phase  (^Al)  (Figure  1).  It  should  be  noted  tlut  at 
equilibrium  this  alloy  is  approximately  50%  y  phase  (TiAl).  Careful  metallomphic 
examination  of  the  powder  after  drop  tube  processing  revealed  two  distinct 
morphologies.  A  martensitic  microstructure  (Figure  2a),  and  a  hexagonal  dendritic 
microstructure  (Fi^re  2b).  The  variation  of  tne  microstructural  abundance  as  a 
function  of  particle  size  is  shown  in  Figure  3. 

Drop  tube  processiiw  of  the  Ti-40at%Al  alloy  powder  in  an  argon  atmosphere 
resulted  in  moipholo^es  similar  to  those  observed  in  the  helium  atmosphere  (Figures 
2a,  2b).  X-ray  analysis  of  the  powder  after  processing  ag^  revealed  onfy  the  presence 
of  the  ordered  hexa{(onal  phase  Ti?^  (02)  figure  4.  The  variation  in  microstructural 
abundance  as  a  function  of  particle  diameter  for  the  powder  processed  in  argon  is  shown 
in  Figure  5. 

It  is  often  difAcult  to  determine  the  solidiAcation  pathway  of  an  alloy  simply  by 
studying  the  final  microstructure  because  soUd  state  transformations  which  take  place 
after  solidification  can  obscure  the  details.  However,  an  understanding  of  the  phase 
equilibria  (both  stable  and  metastable)  in  an  alloy  ^tem  can  help  determine  the  most 
probable  pathways  and  the  effects  on  the  Ana!  microstructure.  In  Ti-40at%Al  alloy 
powder  drop  tube  processed  under  an  inert  atmosphere  there  were  several  possible 
pathways  for  the  alloy  to  follow  from  melting  to  room  temperature.  These  pathwiys 
nave  been  examined  in  detail  (6).  The  main  conclusions  were  that  the  presence  of  the 
martensitic  powder  suggested  the  formation  of  fi  phase  from  the  melt,  while  the 
occurrence  of  the  hexagonal  dendrites  was  indicative  of  a  phase  formation  from  the 
melt.  The  data  in  Figures  3  and  5  is  a  summary  of  the  effect  of  particle  size  on 
microstructural  development.  As  the  particle  size  decreases  the  number  of  partides 
containing  hexagonal  dendrites  increases.  This  was  as  expected,  as  the  smaller  partides 
are  likely  to  see  a  larger  degree  of  undercooling  before  solidiAcation,  allowing  them  to 
reach  Tq**^  (Fimre  6). 

Once  the  solidiAcation  pathways  were  determined,  the  next  lodcal  step  was  to 
develop  an  understanding  of  the  variables  affecting  microstructural  development  There 
are  two  major  variables  which  affect  the  variation  in  microstructure  during  drop  tube 
processing  particle  diameter  and  processing  atmosphere.  Figure  7  shows  the  effect  of 
particle  size  on  microstructural  abundance  for  two  different  processing  atmospheres, 
argon  and  helium.  The  change  in  phase  selection  from  a  fi  solidiAcation  product  in  the 
coarser  particle  sizes  to  a  in  the  finer  partide  sizes  is  consistent  with  an  increase  in 
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Figure  1.  Diffraction  pattern  of  Ti-40at%Al  powder  after  drop  tube  processing  in  a  He 
atm. 


Figure  2.  Optical  micrographs  showing:  A)  martensitic  rniaostrucmre  and  B)  dfn^tic 
mKrostnicture  in  Ti-40at%Al  alloy  powder,  drop  tube  processed  in  He  atm.  Polished 
and  etched  w4th  Kroll’s/etchant. 
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Figure  3.  Microstructural  abundance  curves  as  a  function  of  powder  diameter  for 
Ti-40at%Al  powder  drop  tube  processed  in  a  He  atm. 
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Figure  5.  Microstructural  abundance  curves  as  a  function  of  powder  diameter  for 
Ti-40at%Al  powder  drop  tube  processed  in  an  Ar  atm. 


Figure  6.  Partial  Ti-AI  phase  diagram  with  Tg  curves. 
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undercooling  with  decreasing  particle  size.  The  main  factors  responsible  for  such  an 
increase  are  the  progressive  isolation  of  internal  heterogeneous  nucleation  sites  and 
increased  cooling  rates  associated  with  the  reduction  in  particle  size  (7). 

In  powder  solidification,  iust  as  in  most  solidincation,  nucleation  of  the  solid  in 
a  molten  powder  droplet  usually  occurs  by  heterogeneous  nucleation.  In  this 
heterogeneous  nucleation  reaction  the  distribution  of  the  catalysts  may  be  at  the  droplet 
surface  or  in  the  internal  volume.  A  model  of  heter^eneous  nucleation  has  been 
developed  assuming  a  time  invariant  number  of  pre-existing  nuclei  per  cm*  (Ny).(8)  For 
a  random  distribution  of  nuclei  in  the  powder  population  the  probability  (P)  that  none  of 
the  nuclei  exist  in  a  volume  (V)  is: 

P  =  exp(-NvV)  (1) 

For  a  collection  of  spheres  of  diameter  d  the  fraction  X  of  the  powder  population  which 
is  free  of  these  internal  nucleation  sites  is  then: 

X  =  exp  (-(d/do)*)  (2) 

where  dg  is  an  adjustable  parameter.(8)  Ny  is  then  equal  to  6/iido*.  Similarly,  if  the 
nucleation  kinetics  are  controlled  by  surface  catalysts  then  for  a  time  invariant 
concentration  of  surface  sites  per  cm*  (N^)  the  fraction  of  the  powder  free  of  surface 
nucleation  sites  is: 

X  =  exp  (-(d/do)*)  (3) 


Nj  is  then  equal  to  l/iido*.(8)  In  the  powder  particles  which  avoided  the  homogeneous 
nucleation  events  (surface  or  volume)  alternative  nucleation  sites  might  be  allowed  to 
operate  at  deeper  levels  of  undercooling  resulting  in  the  formation  of  a  metastable 
crystalline  phase  or  even  an  amorphous  phase. 

Thus  quantitative  analysis  of  metastable  phase  formation  as  a  function  of 
powder  size  provides  an  effective  approach  to  characterization  of  the  nature  of  dominant 
nucleation  kinetics.  This  approach  has  been  demonstrated  in  previous  investigations 
through  the  analysis  of  the  fraction  of  amorphous  droplets  formed  in  a  powder 
population,(8),(9)  the  indication  being  that  heterogeneous  surface  sites  predomuute  in 
controllin^ucleation  kinetics. 

This  model  was  used  to  identify  the  competitive  kinetics  and  it  was  found  that 
the  fraction  of  particles  solidifying  as  fi  followed  the  Poisson  rauation,  X  =  exp 
(-d/dp)'*.  Using  regression  analysis  da  (He)  was  determined  to  be  lOQum  and  n  »  3  for 
the  He  processed  powder  and  a  best  fit  curve  was  developed  for  the  data.  Approximately 
the  same  n  was  determined  for  the  partides  processed  in  the  Ar  atmosphere  implying 
heterogeneous  volume  nucleation. 

Using  a  heat  flow  model  in  which  both  radiation  and  convective  cooling  of  the 
free  falling  particles  is  considered,  an  expression  for  the  cooling  rate  as  a  function  of 


Where  «  is  the  emissivity  of  the  particle,  A  is  the  area  of  the  particle,  o  is  the 
Stefan-Boltzmann  constant,  m  is  the  mass  of  the  particle,  Cp  is  the  qteafic  heat,  T  is  the 
liquidus  temperature,  Tg  is  the  ambient  temperature, 'and  h  is  the  heat  transfer 
coeffident  of  the  processing  gas.  Estimates  for  the  spedHc  heat  and  emissivity  were 
determined  taking  weighted  averages  of  the  pure  elements,  while  the  mass  was 
determined  from  the  density  of  the  alloy  calculated  from  the  measured  lattice 
parameters.  Estimates  for  the  heat  transfer  coeffident  were  determined  for  a  partide 
size  and  atmi^here  (Ar  or  He)  from  the  data  of  Qyne,  et  al.  (11).  The  csunilated 
values  are  [dT7dt]ug  «  i  x  10”  and  (dT/dt]Ar  *  8  x  10^.  If  Newtonian  cooling 
conditions  during  free  fall  are  assumed  the  ^served  shift  in  the  microstructuriQ 
abundance  curves  with  processing  atmosphere  m^  be  described  a  single  traislation  in 
cooling  rate.  A  number  of  assumptions  are  required  for  the  indmdual  calculations  (10) 
but  by  comparing  the  relative  change  in  cooling  rates  as  a  result  of  the  change  in 
atmosphere  the  influence  of  errors  made  in  estimating  the  individual  parameters  in  the 
model  is  minimized. 

An  alternative  method  of  expressing  the  equivalence  in  thermal  conditions  is  a 

S7( 


compjuison  of  the  diameters  of  the  drop  tube  processed  particles  required  to  produce  a 
certain  percentage  of  the  population  solidifying  as  dendrites  under  He  and  Ar 
atmospheres  (Figure  8).  This  figure  shows  that  tne  ratio  of  the  diameters  for  He  and  Ar 
proceed  particles  remains  approximately  constant  for  an  increasing  percentage  of 
dendrite  solidification  product.  The  shift  in  microstructural  abundance  curves  by  a 
single  translation  in  the  cooling  rate  implies  that  the  same  nucleation  kinetics  is 
operating  during  the  formation  of  the  a  phase  in  the  Ti'40at%Al  alloy  whether  it  is 
processed  in  He  or  Ar. 


Summary  and  Conclusions 

The  prim^  goal  of  this  investimtion  has  been  to  determine  the  influence  of 
drop  tube  processing  on  microstructural  develcmment  in  a  Ti>40at%Al  alloy.  The 
approach  involved  relating  the  formation  of  spednc  microstructures  to  processin^allcw 
characteristics  and  the  resulting  correlation  analyzed  in  terms  of  the  level  of  melt 
undercooling  attained  prior  to  nucleation  and  the  phase  selection  kinetics  operating  in 
the  undercooled  melt. 

X>ray  analysis  of  the  powder  after  drop  tube  processing  revealed  only  a, 
peaks.  The  equilibrium  structure  of  this  alloy  is  approximately  50%  a,  -  50%  y. 
Therefore,  drop  tube  processing  of  this  alloy  suppresses  the  solid  state  reaction  a,  -*  a, 

+  7. 

There  are  two  possible  solidification  pathways  for  Ti-40at%Al  alloy  powders 
to  follow  from  the  melt  as  a  result  of  drop  tuoe  processing  L-kx  and  L-^.  The  L-kx 
solidification  is  more  likely  to  occur  at  the  smaller  particle  sizes  (d<44/jm)  due  to  the 
higher  undercooling  and  faster  cooling  rate  experienced  by  these  p^cles.  A  martensitic 
microstructure  forms  as  a  result  of  the  Lr^  solidification,  while  a  microstnicture 
containing  dendrites  with  hexagorud  arms  forms  as  a  result  of  the  L-kx  solidification. 

Statistical  analysis  was  used  to  identil^  the  competitive  nucleation  kinetics,  and 
it  was  found  that  the  fraction  of  particles  solidifying  as  a  followed  the  Poisson  equation 
X  «  exp  ((-d/dg)^)  for  both  processing  atmospheres.  Therefore,  solidification  in  this 
alloy,  as  a  result  of  drop  tube  processing,  is  caused  by  heterogeneous  volume  nucleation. 
The  actual  nucleant  is  unknown.  By  hanging  the  processing  atmo^here  in  the  drop 
tube  (from  He  to  Ar  or  vice  versa)  it  is  possible  to  cause  an  isonnetic  shift  in  the 
nucleation  kinetics,  represented  by  the  different  dp's  (100pm  •  He,  73um  •  Ar).  In  other 
words,  the  same  nucleation  kinetics  are  operating  during  the  formation  of  a  phase 
whether  it  is  processed  in  Ar  or  He. 
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Abstract 

We  have  investigated  the  behavior  of  the  recryataUtzatloa  and  the  grain  growth 
of  a  cold-rolled  Ti-lSV-3Cr-3Sn-3Al  alloy  strip  and  proposed  a  method  for 
estimating  the  grain  size  after  recrystallization  during  a  continuous  annealing 
process.  The  observation  of  the  microetructure  reveals  that  the  grain  size  at  the 
SOX  cold  rolled  material  recrystallized  under  isothermal  annealing,  D(T,  Tl/^m, 
can  be  indicated  by 


D(T,  T  )=0.80X10''  T°  *‘‘exp(-1.50xlO‘‘/RT), 

where  T  and  r  are  the  annealing  temperature  (K)  and  time  (sec),  and  R  is  the  gas 
constant.  The  estimation  of  the  grain  size  recrystallized  under  continuous 
annealing  has  been  carried  out  by  sequentially  integrating,  step  by  step,  each 
increment  of  the  isothermal  grain  growth  at  each  temperature.  The  estimation  of 
the  grain  size  recrystallized  under  a  continuous  heating  process  is  in  good 
agreement  with  the  actual  grain  size.  In  addition,  the  grain  size  of  the  beta 
titanium  alloy  produced  on  the  production  line  also  agrees  well  with  the 
caiculated  results  using  the  temperature  and  bolding  thee  of  the  continuous 
annealing  furnace.  This  estimation  provides  good  information  for  controlling  the 
grain  size  after  continuous  annealing  and  leads  to  the  production  of 
finer-grained  Ti-15V-3Cr-3Sn-3Al  strips  than  have  ever  been  obtained  before. 
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Introduction 


As  for  sheet  products  of  high  strength  titanium  alloys,  odd  strips  of  beta 
titanium  alloy  are  the  moat  cost-effective  in  terms  of  both  primaiy  and  secondary 
fabrication  costs.  This  type  alloys  are  usually  ccdd-formable  in  annealed 
conditions  of  the  beta  single  phase.  Inappropriate  heat  treatments  often  lead  to 
grain  coarsening  and  result  in  problems  such  as  orange  peel  after  bending,  and 
low  ductiUty.  It  is  accordingly  Important  to  contnA  the  grain  size  after  annealing 
of  cold-rolled  strips  on  a  production  scale.  For  producing  fine-grained  beta 
titanium  sheets  in  a  fully  recrystallized  structure,  we  have  Investigated  the 
recrystallization  behaviors  of  a  cold  rolled  Ti-l5V-3Cr-3Sn-3Al  strip  during 
isothermal  annealing,  and  have  proposed  the  modd  for  estimating  recrystallized 
grain  size  under  non-isotherraal  anneeling.  We  tried  to  apply  the  model  to  a  test 
production  of  a  1.0mm  thick,  8S(hnm  wide,  and  2.5  metric  ton  Ti-l5V-3Cr-3Sn-3Al 
strip  in  an  industrial  annealing  and  pi<dtling  line. 


imental  Procedure 


Materials 


Table  1  shows  the  chemical  composition  of  the  material  used  in  this  study.  An 
ingot  of  Ti-15V-3Cr-3Sn-3Al  alloy  was  forged  in  the  beta  region  and  then  hot 
rolled  from  120mm  to  5.4mm  in  thickness  after  heating  at  1273K  by  a  production 
mill.  A  plate  cut  from  the  strip  was  solution-treated  at  1073R  for  1.8  ksec.  The 
mean  beta  grain  size  measured  by  the  linear  intercept  method  was  about  80^m. 


Table  1.  Chemical  composition  of  the  alloy  used. 
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3.00 
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<00010 
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3.04 

3.04 
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o.ni 

0.0059 

<0.0010 
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Pieces  cut  from  the  material  were  10  to  80%  cold  rolled.  They  were  subsequently 
machined  into  smaller  pieces  of  15mm  square  with  a  constant  thickness  of  1.0mm, 
and  annealed  in  salt  baths  at  the  temperature  range  of  893  to  1273X  for  3  to 
lOOOsec.  Times  necessary  to  raise  temperature  were  taken  at  4sec  in  the  883  and 
1023K,  5  sec  in  the  1073  and  1123K,  Ssec  in  the  1173K,  and  7  sec  in  the  127% 
annealing  treatments,  on  the  basis  of  the  results  obtained  using  a  thermocouple 
during  treatments  at  1073  and  1273K. 


After  annealing,  the  samples  were  aged  at  723K  for  1.8  ksec  to  decorate 
unrecrystalllzed  regions,^’  and  their  microstructures  were  observed  with  an 
optical  microscope  in  the  longitudinal  section.  The  recrystallized  grain  sizes 
were  measured  by  the  linear  intercept  method. 


Based  on  the  results  obtained  from  the  isothensal  annsaling,  we  have  proposed  a 
model  for  estimating  the  grain  stae  change  during  non-isothermal  annealing.  In 
order  to  verify  the  feasibility  of  the  modtf ,  small  pieces  of  the  80K  cold  rolled 
material  wore  heated  from  room  tempueture  up  to  1073K  at  heating  rates  of  0.3  to 
lOK/sec  in  an  infrared  furnace  and  hamediataly  quenched  into  water,  and  their 
recrystallized  grain  sizes  measured  w««  compared  with  the  values  calculated 
through  the  model. 
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Additionally,  in  order  to  obtain  the  relationship  between  the  temperature  of  the 
sheet  and  the  time  during  annealing  in  atmospheres,  temperature/time  curves 
were  recorded  by  inserting  two  beta  titanium  sheets  of  I10mm*’xl000mm^l.0mm'^ 
and  xl.2mm‘,  with  a  thermocouple  attached  on  a  central  surface,  into  air  furnaces 
of  1073  and  1123K,  respectively,  and  pulling  out  the  titanium  sheets  into  air. 

Finally,  on  the  basis  of  a  furnace  temperature  /  passing  period  /  grain  size 
diagram  obtained  numerically,  the  9S0mm  wide  and  2.5  metric  ton  hot  strip  was 
descaled  and  SOX  cold  rolled  after  the  solution  treatment  mentioned  above,  and 
was  continuously  annealed  in  an  annealing  and  pickling  process. 

Results  and  Discussion 


Recrvstalllzation  Behaviors  durii 


Fig.  2.  OpUcal  microstructurM  after  annealing  of  tba  30  and  BOX  odd  rdled 
apacimena.  (l),  (2),  and  (3)  are  30K  odd  roiled  and  annaaled  at  ll73g 
for  1, 10,  and  100  aeo,  reepecUvdy.  (4),  (S),  and  (8)  are  SOX  odd 
rdled  and  annealed  at  903K  for  30, 100,  and  300  aac,  reepactivdy. 
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Figure  1  shows  the  recrystallization  behaviors  of  the  30  and  SOX  cold  rolled 
specimens  during  isothermal  annealing  at  1073K.  In  the  SOX  cold  rolled  samples, 
the  nucleatlon  sites  are  strongly  restricted  to  the  triple  points  of  deformed 
grains.  With  increasing  cold  reduction,  new  grains  come  to  generate  more 
frequently  along  the  deformed  grain  boundaries  and  within  the  deformed  grains 
to  impinge  on  each  other.  Figure  2  shows  the  structural  changes  of  the  30  and 
SOX  cold  rolled  specimens  during  isothermal  annealing  at  1173  and  993K, 
respectively.  Compared  with  the  1073K  annealed  samples,  the  microstructural 
changes  each  proceed  similarly.  Low  reduction  leads  to  a  coarse  structure, 
whereas  high  reduction  can  bring  about  fine  one.  We  have  accordingly  studied 
the  recrystallization  behaviors  of  the  SOX  cold  rolled  specimen  more  in  detail. 
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Fig.  3.°’  Logarithmic  relationships  between  recrystallized  grain 
size  and  annealing  time  in  the  SOX  cold  rolled  specimens. 
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Fig.  4.^’  Semilogarithmlc  relationships  Fig.  5.*’  Orsphlc  oorrelsUon  between 
between  recrystalUzed  grain  measured  and  calculated  grain 

size  and  reciprocal  annealing  sizes, 

temperature. 
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Figure  3^’  shows  logarithmic  relationships  between  grain  size  and  annealing  time 
for  the  SOX  cold  rolled  specimens.  As  for  the  samples  which  were  not  fully 
recrystallized,  the  grain  size  in  the  recrystallized  regions  is  plotted,  and 
indicated  on  the  graph  by  asterisks  (  *  ).  In  general,  for  a  given  annealing 
temperature  a  time  dependence  of  the  grain  size  during  primary  recrystallization 
differs  from  that  during  normal  grain  grovrth.  However,  each  relationship  for  a 
series  of  annealing  temperatures  has  almost  the  same  slope  including  the  not  fully 
recrystallized  samples.  This  may  be  due  to  the  immediate  impingement  of  the  new 
grains,  as  observed  in  Figs.  1(4)  to  1(6),  or,  in  Figs.  2(4)  to  2(6).  Once  they 
impinge  on  each  other,  they  should  give  rise  to  normal  grain  growth,  even  during 
primary  recrystallization. 

Figure  4^’  shows  semilogarithmic  relationships  between  grain  size  and  the 
inverse  of  annealing  temperature,  which  are  obtained  by  replotting  the  data  on 
Fig.  3.  Similarly,  each  relationship  for  a  series  of  annealing  times  has  almost  the 
same  slope.  On  the  basis  of  Figs.  3  and  4,  recrystallized  grain  size  0  can  be 
approximately  formulated  with  annealing  temperature  T  and  annealing  time  r  as 
in  the  following  equation, 

D(T,T)=CT"exp(-Q/RT),  (1) 

where  R  is  the  gas  constant,  n  is  an  exponential  constant,  and  Q  is  activation 
energy.  In  this  study,  n,  Q(cal/mol)  and  C  were  each  determined  by  the  method  of 
least  squares,  leading  to  the  equation, 

D(T,  T  )=Q.60xl0*  r°-  ='-exp(-1.50xl0-‘/RT)/^m.  (2) 

A  good  agreement  is  obtained  by  equations  (2),  as  graphically  demonstrated  in 
Fig.  5.^“ 

Modeling  for  Estimating  Grain  Sizes  during  Non-lsothermal  Annealing 

Equation  (2)  can  well-interpolate 
isothermally  recrystallized  grain 
sizes  of  during  the  period  from 
primary  recrystallization  to  normal 
grain  growth.  We  have  confirmed 
by  annealing  the  80%  cold  rolled 
specimen  for  l.Sksec  at  tempera¬ 
tures  near  the  beta  transus,  that 
perceptible  re  crystallization  does 
not  occur  below  beta  transus, 
possibly  due  to  its  competition  with 
alpha  pre-cipitatlon.  The  following 
model  was  accordingly  proposed  in 
this  study.  The  concept  of  the 
model  is  schematically  shown  in 
Fig.  6.” 

On  the  premise  that  the  material 
temperature  T  is  given  as  a 
function  of  time  t,  T=T(t)  can  be 
treated  stepwise  by  di'^ding  the 
period  from  to  to  ti  by  some  posi¬ 
tive  integer  m.  Here,  to  is  the 
time  when  the  material  tempera¬ 
ture  arrives  at  the  beta  transus, 
and  tt  is  any  time  when  the  grain 
size  needs  to  be  Mtimated. 


0(t) 


Fig.  6.'’  Schematic  concept  of  the  model 

for  grain  growth  estimation  when 
the  material  temperature  is  con¬ 
tinuously  changing. 


This  leads  to  the  equations: 


T.=T(tO,  (3) 
t»=At  •  1+to,  (4) 

At=(t,-to)/m,  (5) 


where  t^  is  the  i*”  time,  and  is  the  material  temperature  corresponding  to  t,. 
Considering  the  material  temperature  during  the  period,  tx-i  to  t,,,  to  be  a 
constant  temperature  of  T>,  the  locus  of  grain  size  increment  during  t^-i  to  t,  has 
to  correspond  locally  with  the  curve  indicated  by  the  following  equation, 

D(T^,  T )=Ct  "exp(-Q/RT,).  (6) 

Since  the  rate  of  normal  grain  growth  is  at  least  a  function  of  grain  size  itself, 
and  the  increment  of  grain  size  is  derived  from  integrating  the  growth  rate  with 
time,  the  starting  point  of  that  locus  must  be  the  point  where  the  grain  size  is 
D(ti-i).  Here,  D(t,-i)  is  the  grain  size  at  t^ti-i.  Therefore,  the  effective  time  T:, 
for  T  in  equation  (6)  is  indicated  by 

T»=Ti-i’+At,  (7) 

where  Ti-i’  is  satisfying  the  following  equation, 

D(T„Ti-ji*)=D(ti-i'.  (8) 

In  this  context,  the  grain  size  at  t=t„  D(tO,  is  indicated  by 

D(t»)=D(T«Tx).  (9) 

From  equations  (1),  (7),  and  (8)  the  following  equation  is  derived, 

C  T  i- 1  ’  "exp(-Q/RTi)=C  T  i- 1  "expi-Q/RT,^- 1 ).  (10) 


Then, 


Ti-j’=exp(Q/nR  •  (1/Ti-1/Ti-i))Ti-i.  (11) 

Therefore,  from  equation  (8)  and  (11),  the  following  relationship  is  obtained 
between  Ti-i  and  t^, 

T>=exp(Q/nR*  (l/T»-l/T,-i))T»-i+At.  (12) 

T  m  is  the  effective  time  to  give  the  grain  size  at  t=tm,  that  is,  t=  tf.  r  is 
obtained  by  repeating  this  operation  from  ti  to  tc  step  by  step.  The  boundary 
conditions  are  t  o=0  and  D(to)=0.  With  m  being  large  enough  to  regard  the 
temperature  change  as  continuous,  D(t{)  is  given  by  D(tm ),  that  is, 

D(tf)=D(T,,Tm),  (13) 


where  Tt  is  the  material  temperature  at  t=t(. 

Verification  of  the  Model 

In  the  model  mentioned  above,  the  period  from  to  to  tf  was  divided  by  m  in  order 
to  simplify  the  explanation  of  the  concept  of  the  model.  However,  the  same  values 
can  also  be  calculated  by  integrating  each  grain  size  increment  stepwise  by  a 
certain  sufficiently  short  time  division  from  to  up  to  tr.  In  order  to  evaluate  the 
feasibility  of  the  estimation  by  the  model,  we  have  compared  the  measured  and 
calculated  grain  sizes  of  the  samples  which  were  heated  from  room  temperature  to 
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1073K  at  rates  of  0.3  to  lOK/sec  and  immediately  quenched  into  water.  In  these 
calculations,  To  (temperature  at  t=ta:  the  beta  transus)  was  fixed  at  986K.  Figure 
7"  shows  the  graphical  comparisons.  The  demonstrated  correlation  is  good 
enough  that  the  model  can  be  considered  to  be  fairly  applicable. 


Pig.  7.*>  Graphic  correlation  between  Fig. 
estimated  and  measured 
grain  sizes. 


Passing  pariod  I  s 


8.^’  Estimated  furnace  temperature  / 
passing  period  /  recrystallized 
grain  size  diagram. 


Application  to  a  Test  Production 

In  order  to  apply  the  model  to  practical  production,  we  have  experimentally 
determined  an  approximate  material’s  temperature  /  time  relationship  for  1.0  and 
1.2mm  thick  sheets  inserted  into  a  sufficiently  large  furnace,^’ 

T(t)=(293-Tb)exp(-0.058t)+Tb,  (15) 

where  T(t)  is  the  material  temperature  at  time  t,  and  Tt.  is  a  furnace  temperature. 

Given  a  furnace  temperature  Tt>  and  a  period  t  during  which  the  material  is  in  the 
furnace  (referred  to  as  the  passing  period),  its  recrystalUzed  grain  size  after 
passing  can  be  calculated  on  the  basis  at  the  model.  Figure  8^’  shows  a  furnace 
temperature  /  passing  period  /  recrystallized  grain  size  diagram  which  was 
numerically  obtained  with  a  time  division  of  1  sec.  It  was  confirmed  that  under 
some  conditions  a  time  division  of  0.01  sec  led  to  almost  the  same  results. 

As  was  observed  in  Fig.  1,  deformed  grain  boundaries  tend  to  provide  the 
preferential  nucleation  sites  during  recrystallization.  The  kinetics  of 
recrystallization  must  accordingly  depend  on  the  initial  mlcrostructural  states 
such  as  prior  grain  size.  We  have  confirmed  that  in  no  condition  is  full 
recrystallization  achieved  with  a  grain  size  less  than  about  20/<m  as  for  the 
material  used  in  this  study.  Finally,  after  considering  other  restrlcUons  such  as 
the  capacity  of  the  apparatus  and  the  descalability  of  the  sheet  after  annealing, 
the  cold  strip  was  continuously  annealed  under  conditions  almost  oorreeponding 
to  the  combination  of  a  furnace  temperature  of  1093K  and  a  passing  period  of 
120sec.  This  condition  was  chosen  in  order  to  obtain  a  fine-grained  and  fully 
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120sec.  This  condition  was  chosen  in  order  to  obtain  a  fine-grained  and  fully 
recrystallized  microstructure,  rigure  9  shows  the  Ti-l5V-3Cr-3Sn-3Al  strip  and 
its  microstructure.  As  a  result,  a  strip  with  a  uniform  fine-grained 
microstructure  was  successfully  obtained.  The  grain  size  is  almost  the  same  as 
estimated,  that  is,  21/im. 


Fig.  9.  Ti-15V-3Cr-3Sn-3Al  cold  Strip  produced  in  an  annealing  and  pickling 
process  and  its  optical  microstructure. 


Conclusion 

We  have  investigated  the  recrystallization  behaviors  of  a  cold  rolled 
Ti-l5V-3Cr-3Sn-3Al  alloy  strip,  and  developed  an  estimation  method  of 
recrystallized  grain  size  during  continuous  annealing.  The  estimation  can  be 
carried  out  by  sequentially  integrating,  stepwise,  each  increment  of  the 
isothermal  grain  growth  at  each  temperature  above  the  beta  transus.  Based  on 
the  furnace  temperature  /  passing  period  /  recrystallized  grain  size  diagram 
numerically  obtained,  a  fine-grained  Ti-15V-3Cr-3Sn-3Al  strip  was  successfully 
obtained  in  an  annealing  and  pickling  process  on  the  commercial  basis. 
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Abstract 

The  elevated  temperature  phase  stability  of  investment  caj-  and  HIP’ed  near-gai  .ma  Ti-48Al-2Nb-2Mo 
containing  0,  0.5,  1,  2  and  7  vot.%  TiB,  has  been  investigated  utilizing  in-situ  high  temperature  x-ray, 
transmission  electron  microscopy  and  thermal  analysis.  These  studies  have  shown  that  the  following  reversible 
solid  state  phase  transformations  occur 

+  r  —  o+y  —  •*$->y  — •  #+y 

It  is  proposed  that  these  reaaions  involve  a  low  temperature  eutectoid  transformation,  s,  -  y  •—  a,  followed 
by  S  precipitation  and  y  dissolution,  and  ultimately  a  hi^  temperature  peritectoid  reaction,  a  —  4  -f  y. 

Changes  in  the  transformation  temperatures  associated  with  each  of  the  prcqxtsed  reactions  are  not  directly 
related  to  the  TiB,  volume  fraction,  rather  these  appear  to  be  controlled  by  the  total  interstitial  content  of  each 
alloy. 


[nttodugigp 

Because  of  their  combination  of  low  density  and  high  tem^ature  properties,  near-y  titanium  aluminides 
are  attractive  candidates  for  applications  in  advancM  turb^  engines  and  airframe  designs.  While  they 
combine  good  oxidation  resistance,  relatively  high  modulus  and  good  strength  retention  at  high  temperature 
[1),  their  low  fracture  toughness  and  low  room-temperature  ductility,  <33%,  have  restricted  their  applicability. 
Fortunately  recent  investigations  have  demonstrated  that  significant  gains  in  fracture  toughness  can  be  achieved 
thru  use  of  appropriate  processing  methods  and  heat  treatments.  For  example,  a  fully  lamellar  (si-fy) 
miaostructure,  which  may  be  achieved  thru  heat  treatment  high  in  the  (sj-fy)  phase  field,  displays  a  higher 
fracture  toughness  than  does  an  equiaxed  microstructute  (1-5]. 

While  thermal  treatments  alone  may  be  utilized  to  promote  the  (*,+7)  lamellar  microstructure,  these 
treatments  are  typically  accompanied  by  an  inaease  in  grain  size  and  therefore  a  further  reduction  in  tensile 
ductility  [3,4].  Alternatively,  other  studies  suggest  that  the  formation  of  the  (si+y)  lamellar  microstructure 
may  be  enhanced  in  binary  TiAl  thru  the  addition  of  TiB,  particles  (6].  In  addhion,  these  partides  have  the 
further  beneficial  effect  of  promoting  a  decrease  in  ajy  colcmy  size  |7]  and  grain  size  [8-11].  When  combined, 
i.e.,  a  decreased  colony/grain  size  and  a  (•,'*'Y)  lamellar  mkrostructurc,  these  results  suggest  that  TiB, 
containing  titanium  aluminides  may  have  both  enhanced  fracture  toughness  and  tensile  ductility  when 
compared  to  unreinforced  alloys. 

Further  advancements  in  utilizing  this  potential  approach  to  enhance  the  mechanical  ywoperties  of  near-y 
titanium  alumini^s  should  be  possible  once  the  stability  and  performan;  -  of  these  materials  are  understood. 
The  present  investiution  was  therefore  undertaken  to  determine  the  phase  stability  of  a  prototypical  near-y 
alloy,  Ti-48AI-2Nb-2Mn,  containing  various  volume  fractions  of  thantum  ilihnride. 
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Experimental  Procedures 


Ti-4SAl-2Nb-2Mn  ingoU,  Table  I.  with  0. 0  1, 2  and  7  vol.%  TiB,  were  produced  by  double  vacuum  arc 

remelting  (VAR),  TiB,  being  introduced  via  the  XD™  process  [11].  Cylindrical  bars  of  15.9  mm  X  203.2  mm 
were  then  investment  cast  and  HIP'ed  for  4  hours  at  1533  K  and  175  MPa,  HlP*ing  being  terminated  by 
cooling  to  room  temperature  at  a  rate  less  than  30  K/min. 

Table  I 

Alloy  Composition 


1  ALLOY 

Or 

(ppm) 

N, 

(ppm) 

H, 

(ppm) 

C 

(PP“) 

A1 

(at%) 

Mb 

(at%) 

Mn 

(at%) 

TiB,' 

(vol%) 

1  TARGET 

<800 

- 

- 

48.0 

2.0 

2.0 

- 

1  NMO 

540 

38 

3 

100 

48.1 

2D 

1.4 

0 

1  NM05 

539 

35 

3 

120 

47.4 

2D 

1.7 

05 

NMl 

540 

47 

3 

80 

47.0 

1.9 

15 

1 

NM2 

560 

52 

3 

80 

47.4 

iO 

1.6 

2 

NM7 

620 

139 

16 

180 

46.9 

ID 

15 

7 

*  Calculated  from  the  analyzed  boron  contents. 

Scanning  electron  microscopy  of  these  cast  and  HIP’ed  materials  showed  that  unreinfcrced  Ti-48Al-2Nb- 
2Ma  had  a  raicrostructure  consisting  of  (oj-t-y)  lamellar  colonies,  L,  and  equiaxed  gamma  pains,  G,  Figure 

I.  In  contrast  the  introduction  of  Ti^  led  to  a  rednction  in  grain  size  a^  a  completely  (^-ry)  lamellar 
miaostructure.  Figure  2  (7-10]. 

Three  TiB,  morphologies  were  observed  in  these  materials,  the  diboride  phase  evolving  from  a 
predominantly  lacey  structure  at  05  vol.%,  figure  2(a),  to  needles  and  blocky  particles  at  1  and  2  voL%,  figures 
2(b)  and  2(c),  and  finally  to  predominantly  blocky  particles  at  7  voL%,  figin  2(d).  A  similar  evolution  of  the 
titanium  boride  morphology  has  been  reported  by  others  [8,12,13],  who  further  confirmed  by  x-ray  diffiactioa 
of  the  extracted  particles  [8]  and  by  transmission  electron  miooscopy  [12,13]  that  all  three  morphologies  are 
indeed  TiB,. 

The  high  temperature  stability  of  these  alloys  was  using  calorimetric  differential  thermal  analysis 

(CDTA)[14]  and  high  temperature  x-ray  diffiaction  (HTXRD)[151.  EquiSbrinm  phase  transfonnation 
temperatures  were  extrapolated  fiom  calorimetric  observatioos  betwMn  873  K  and  1703  K  during  both  heating 
and  cooling  at  rates  of  5, 10,  20  and  40  K/min.  The  samples,  havhig  been  placed  in  alumina  cmcibles,  were 
introduced  into  a  Stanton  Redcroft  /  Omnitherm  DSC  1500  thermal  analysis  system  modified  to  be  run  in  a 
flowing  high  purity  (1  ppb)  argon  atmosphere  [16]. 

In  order  to  detennine  the  reaction  temperttures  associated  with  each  transformatioa,  both  the  heri  flow 

J,  normalized  per  unit  mass  (mJaec'mg'').  and  its  first  derivative  with  respect  to  temperature,  P-dJ/dT 
(mJaec'.mg'.deg''),  were  recorded.  Transfmmatioo  temperatures  were  determined  from  the  CDTA 
thermograms  by  establishing  those  temperatures  where  the  J  and  P  curves  deviated  from  the  baseline,  and  in 
the  case  of  overlapping  peaks,  where  tte  P  curve  exhibited  a  curvature  anomaly. 

Additionally,  high  temperature  x-ray  tUBrtctioe  studies  were  undertaken  to  identify  the  various  phases 
present  at  elevated  temperature.  The  procedure  utilized  a  Sdntag  1500  ^fbnctometer  etpiipped  with  a  high 
temperature/vacuum  chamber  modified  to  introduce  and  maintain  a  higb  purity  inert  argon  gas  atmosphere 
at  a  desired  pressure  of  050  Pa.  HTXRD  samples,  haviiv  dhnmsiont  of  8  mm  X  20  mm  X  0.2S  mm,  were 
prepared  by  wafering  and  grindiiK  with  final  preparatioo  invahiim  chemical  removal  of  a  20  mn  minimum 
surUce  layer  in  a  baUi  of  10  ml  IWO,  5  ml  W  +  SO  ml  Hfi,  followed  by  washing  in  ethanol  and  water, 
drying  in  air  and  finally,  storage  in  a  vacuum  dessicator. 

Initially,  ambient  temperature  2a-scans  from  IS*  to  85*  were  obtained.  The  sample  was  then  heated  at  a  rate 
of  20K/inin,  up  to  ITOSK  with  diffraction  spectra  bemg  acquired  at  selected  tempmtures.  t>picalfy,  data  were 
record^  after  a  S-minute  stabilization  period  at  temperature  with  data  acquirition  lasting  7  minutes.  Three 
to  four  samples  of  each  alloy  were  examined,  wfth  rodUag  curves  being  obtained  where  deemed  necessary  to 
verify  the  presence,  or  absence,  of  phases  at  elevated  temperatures.  Fiiialfy,  following  data  coUectian,  the  x-ray 
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Figure  1.  Scanning  elecCron  micro^ph  of  Ti-48Al-2Nb-2Mn  iUnstratiiv  mined  microetnictnre  ccosisting  of 
equiaxed  y  grains,  (G],  and  (a,  -f  y)  lameOar  coloniei,  [L], 


RgiifeZScanahnelectHmiBicrcgrapbtiWwtrilln|Ta,maip>iilBf)rto*lV<8AI-a<lhaMncolii«fc^ 

(a)  OS  vol.«  TiB„  (b)  1  voL%  TiB»  (c)  2  voL%  and  (d)  7  «aL«  TIBr 

sn 


diffi'action  spectra  were  analyzed  and  the  peaks  indeied  ittilwing  an  iterative  computer  program  capable  of 
fitting  the  observed  data  to  givea  cell  structures  usmg  a  least  squares  method. 

Transmission  electron  microseopy  samides  were  also  prepared  by  grin£ng  the  materials  on  SiC  grit  paper 
down  to  ISO  microns,  cutting  3mm*dba  from  the  foils  thus  produced,  and  dectrO’foGshing  them  in  a  scdufion 
of  30  ml  perchloric  add  +  17S  ml  n-bittanol  -t-  300  ml  methanol  under  15  to  20  eoiti  below -30^.  Sidnequent 
observation  was  carried  out  in  a  MtacU  60QAB  operated  at  100  kV. 

BHmIm 


Ti-48Al-2Nb-2Mn 

Calorimetric  differential  thermal  analysis,  Fig.  3(a)  and  3(b),  showed  that,  independent  of  heating/oooling 
rate,  three  reversible  reactions,  T1  thru  T3,  were  obsoved  during  heating  and  cooGng  of  nnteinfbrced  Ti-48Ai- 
2Nb-2Mn.  In  addition,  a  fourth  reaction,  T4,  was  observed  on  heating  and  was  assoriatrd  with  melting  oftbc 
CDTA  sample.  Temperatures  fm  the  onset  and  cnmplaion  of  these  reactiaas  am  summarized  in  Tdde  n. 

X-ray  di&action  analysis  of  Ti-48AI-2Nb-2hfat  imBcated  that  this  aDoy  ams  two  phase  (ai-t-y)  at  room 
temperature.  Figure  4(a)‘. 

Upon  heating  no  discemable  differences  in  the  x-ray  remits  were  observed  until  1523K,  at  which  temperature 
the  (110)p  peak  aiqieared,  the  structure  now  consisting  ofa-t-y  +  S,the«,  havb^  disordered.  A  further 
temperature  increase  to  lti23K  resulted  in  an  increase  in  the  P  peak  intfaisities  relative  to  the  y  peak.  Finally, 
above  1623K,  the  alloy  was  two  phme  p  -t-  y,  all  evidence  of  a  having  (fist^peaied. 

Ti-^aAI-aft-ain/TlB, 

Typical  calorimetric  diOerential  theraul  analysis  lesaks  tor  both  heating/cooling  of  dK  T<2i,  lemfrirced  Tl- 
4SAl-2Nb-2Mn  alloys  ace  illustrated  for 'n-48Al-2NI>-2Ma/7  voL  «  TiB,  in  F^mes  3(c)  and  3(d).  The  three 
solid  state  reactions  observed,  T1,T2  and  T3,  as  well  as  that  associaied  wifo  aaekm^  T4k  were  simaar  to  foose 
found  In  nnieinforced  Ti-48Al-2l^2Mn,  Table  O. 

Correqiondingly  ambiant  and  elevated  temperature  x-ray  diffraction  malts  fior  foe  TSB,  reinforeed  TMSAl- 
2Nb-2Mn  were  simiiar  to  those  of  the  nnnanforced  aDoy,  Rgnsc  4(b).  For  wample,  at  low  tempecatmes  Tl- 
48Al-2Nb-2Mn/7  voL  %  ItB,  was  «,  -v  y,  transforming  to  a  +  y  *  p  above  lS48Kaiid  finally  top  4-  y  above 
1648K. 


Table  n 

Equilgirium  Tmnaforaaation  Temperatures 


HEATING 

HEATING 

HEATING 

COOUNG 

CCXXJNG 

CtXXiNG 

Tl 

T2 

T3 

T4 

T3 

T2 

Tl 

onset 

onset 

oaiet 

ositel 

OMCt 

onset 

complete 

complete 

complete 

complete 

NMO 

1458 

1336 

1623 

1690 

1638 

1603 

1463 

1485 

1623 

1646 

1397 

1363 

1438 

NMOJ 

1470 

1313 

1626 

1677 

1631 

1621 

1476 

1498 

1626 

1639 

1393 

1584 

1443 

NMl 

1468 

1313 

1620 

1670 

1628 

1613 

1483 

1486 

1620 

1661 

1605 

1590 

1468 

NM3 

1473 

1319 

1623 

1666 

1633 

16U 

1483 

1490 

1623 

106 

1604 

1390 

1463 

NM7 

1529 

1533 

1630 

1664 

1644 

1633 

1368 

1339 

1630 

1632 

1619 

1603 

1521 

'  It  was  confirmed  by 


electron  microscopy  that  no  p  phase  is  present  at  room  tewgemture. 


The  oombined  thennal  analyaii  and  z-ray  difihaclian  obaervaiiant  can  be  ndfized  to  ezaminr  the  inflnenre 
of  temperative  and  TiB,  additkin  on  phase  stafaflity  in  T!-48Al-2NI>-2Ma.  In  general,  independent  of  TiB, 
content,  it  is  proposed  that  headng/oooliag  renks  in  the  foBowing  solid  state  transfonnations: 

a,+T  —  «+y  —  a+JI+T  —  #+T 

rritb  melting  occurring  at  the  hi^ieat  tempemtnrea  enaasnied.  Ccanparisaii  of  the  calorimetiic  ^Werential 
thermal  analysis,  Table  □,  with  the  HTXRO  lesnhs  supports  the  mgr  ititw  that  reaction  IT,  occurring  at 
approsimately  1470  K  for  NMO  and  1530  K  {or  NM7,  is  the  eutectoid  transibrmatinn  a,-fT— •«,Le,«,isnat 
oteerved  above  Tl.  In  additioii,  the  IT  reaction  oocuts  at  tessperatares  dose  to  the  rqwrted  eutectoid 
temperature  in  bnuryTMadSAl,  1450  K  (17].  Prec^itstionofg  commences  at  tenmeratnres  between  TT  and 
T2,  with  T2  correqwnding  to  jncreming  4  prec^ntation  and  dwaobitirm  of  y.  T3  &en  coincides  with  the 
pfopoted  «  0^y  pcriiecloid  trtmffffiffKOT 

The  resnllt  also  mdieate  that,  in  oontrast  wU  hmary  TiAl/TIB,  aBogs,  •  is  ggt  the  high  teaaperatnce 
eqmftrium  phase  lor  TI-dgAI-atb^Mi^  •  two  phase  $  *  i  region  eristing  ht  the  latter  aOoy  teaie£ately 
belosv  the  sofidns.  This  tflference  between  the  Tl-48Al-2Nb>3hia  and  fainaiy  alloys  ^  is  pMsnmably  due  to 
the  4-stabifizing  effect  of  the  two  alMing  adfftiona.  Le.  Nb  and  bln.  FaBere  of  prceions  tneestiptors  (Ifl  to 
reco^uze  the  presence  of  the  0*r  pnaae  Sdd  at  hmh  temneratnrca  dating  then  study  of  Ti-4&\l-2N6-2Mn 
is  not  surprisiag,  CDTA  by  itself  not  being  able  to  define  the  teactant  or  Oe  product  phases  participating  in 
a  phase  transfimnation. 

rinaBy.  the  rrinhi  rnggrit  that  ihr  infhmarr  nf  thr  TilTj  minfnrrrmciitt  m>  tlr  tnnrfnrmat^  ti— |r^tT~rT 
is  not  directly  oorcelatabie  to  the  TiB,  yohmefiraction.  Rather  it  appears  that  Aetianalipnaationteii^eratnres 
ate  more  direct^  related  to  the  total  interstitial  content  (Ot-N+B+C-flO.  Fhr  esample,  the  eutectoid 
transformation  temperature  inereaaes  wift  inereaaiag  interstitial  content  Farther  study  fwitinnrs  towards 
quanti^iiag  this  interstitial  effecL 


The  elevated  teaqierature  phase  atafaifity  of  isvestaseat  cast  and  HIFed  nearjanaasa  TV48AI-2Nb-2Mn 
containiiv  0, 05, 1, 2  and  7  voL%  TIB,  atvolves  the  foBowiag  reveriiHc  aofid  atnte  phase  trantfomaations: 

•,+T  —  e+T  —  e+4+t  —  f+T 

These  reactions  invalve  a  low  temperature  eutectoid  tcaasformalion,  a^  'V  r  n>  •  precipitation  reaction 
leadaw  to  the  presence  of  the  4  phM  and  a  high  temperatare  peritectoid,  a  —  4  *  y 
The  total  interstitial  conleat  seems  to  have  much  more  mflueiice  on  the  phase  atabSty  of  these  asatetiab 
than  the  TiB,  content 
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ELEVATED  TEMPERATURE  PHASE  STABOITY  OP  ri>2SAl-llNb 


Mare  Lm«,  Prafair  K.  Chaudhaiy,  and  H.  J.  Rack ' 

Matniak  Sdeaoe  Md  Pngjarfriag  Propam 
Uaweiiily 

aeauoa,  SooA  Caralha  29634-0921 

The  elevated  temperatme  phaae  itabOity  of  triple  vacmm  aeked  aad  forged  Ti-2SAl-llNb  hat  been 
inveitigated  iitiliziiig  optical  mkrotcopy,  calorimetiie  dVercatial  ttemal  analyiii  and  m-ritu  high  temperatnre 
x-ray  difliractioa.  Thete  ttadiet  have  ihoim  that  ilonr  coolieg  after  foigi^  lesnked  in  a  microitnictiire 
cootisting  of  primary,  blocfcy  a,  colordea  (a/)  in  a  matrix  of  teeondaty,  'faatkmweave'  a,  (a,*)  *  trantformed 
disordered  0(fd  *  orthorhomhic  phase  O.  Upon  eontinnoat  heating  trqnnntial  iBitolution  of  orthorhombic 
O  and  the  morphologically  ditfmct  ordered  a,  phatet  «at  bbierved,  with  a,  ditordetiag  to  a  below  the  $ 
transua.  Similar  reveraible  Irantftirmatiant  were  observed  on  cooling  from  the  f  phase  field;  the  qnamilies  of 
a,'  and  a,*  in  the  alloy  micratinictttre  after  oooliag  being  rate  depeadfnt,  decreasny  eooliqg  rate  mereasagt 
the  votume  fraction  of  a/. 


luIrniWinn 

T^Al  based  iatetmetaOic  alloyi  (based  on  die  ar  phase,  ordered  hep,  DO^  structure)  exhibit  superior 
elevated  temperature  strength  and  creep  resktaace  when  coaspared  to  Gonwadaeal  titanhun  alloys.  Thc^  low 
ambient  temperature  ductility  and  flractm  toq^uem  has,  however,  required  aDoy  modificatioo.  Amosig  several 
modifications  investktted,  tk  OMit  promising  mvotvea  bicotpandion  of  0  stab9i»a,  such  as  Mb,  V  and  Mo, 
to  levels  which  resuR  in  the  tatrodnedon  of  controBed  ousAies  at  a  ductile  0  phase  (1).  One  of  the  most 
interesting  alloys  in  this  ngvd  is  Ae  commercial  Ti-24Al-UNb  aftoy.  Rlhde  the  aihfition  of  niobinm  in  tte 
alloy  promotes  the  ftutnatiaa  of  a  two  phaae  at-f#  (or  ordered  A  fW  the  GsQ  structure  mixture  (2,3), 
recent  investigations  of  the  TI|AI-Nb  pseado-Unacy  system  ^7)  hate  demoastrated  complex  phase 
relationships  exist  in  this  system.  For  fTimpIr,  dependtag  upon  exact  aDqy  chemistry  and  prior  thenno- 
mechankal  hiatory  phasm  reported  fas  the  TVAhM  qatem  inrinde  0  (Reordered  bee)  (6,7),  0,  (ordered  bcc, 
B2  structure)  (8),  a  (dbordered  hep)  fSf),  a,  (otdeted  li^  DO»  structure),  0/0*  (orthoAoasbic  phase  derived 
from  the  DO»  phaae)  (10),  and  reomlly  a  new  tetregnrf  phaae  9>0i-like  stmetnre)  (11). 

A  deEiiitioo  of  dm  high  temperature  in-situ  phase  stabiBty  is  thecelbse  reerntiaUbr  die  development 
of  appropriate  elevmed  temperature  thermooechanieni  proressing  of  1%AJ-Nb  sUoys.  To  achieve  this  goal, 
the  present  study  ratahlishrs  the  phase  refadioaehipe  at  elevated  temperatums,  upon  cootinucus 
heati^cooling,  of  the  commercial  Ti-24Al-lUfti  (true  compoahion  TS-2SAl-llNb)  alloy. 


'Graduate  Student,  Oeasaon  University;  farmerjyRmeaith  Associate,  demsonUniweraity,  currently 
Manager  of  Pormifti  Department,  Cemeunent  TretnoioBr,  Inc,  Johnston,  FA;  Frofctior  of  Mechamcal 
Engineering  and  Mctalorgy,  Qeaaaa  Univenity.  respectively. 
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The  chemical  compotitioii  of  the  ioveil%Ued  IVZSAl-llNb  (it^)  aOojr  it  gnen  in  T«Ue  I.  Tbis  allo)’ 
was  received  as  a  152.4  mm.  thick  slab  hamog  bm  forged  from  a  3^  tri^  vacaam  melted  prodactioo 
ingot.  During  prior  processiag,  the  material  had  been  heated  to  1533  K,  held  at  this  temperature  8  hours, 
forged,  and  thra  air  cooled.  MeoDographic  esammarion  of  sectioas  prepared  utng  coswentional  techniques 
(grind^  poUshing  and  etching  with  KrolTs  reagent),  Rgure  1,  thos^  that  the  microstracture  consisted  of 
uniform  primary,  bio^  e,  («,')  ia  a  transformed  0  (Widmanstittea  secondary  *  0j  matrix.  Ambient 
temperature  x-ray  diffradioo  repealed  an  e^+ffdisQrdeted)  stncture,  with  a  small  quantity  of  an  orthorhombic- 
like  phase  O  chmacterized  by  the  presence  of  'shoulders'  at  the  identifird  «,  peaks. 

Characterizatioa  of  the  hi^  tenqieratme  sthbOity  ntihKd  calorimetric  diffierendal  thermal  analysis 
(CDTA)  and  high  temperature  in-situ  x-ray  £Sfradion  (HIXRD).  The  former  used  a  Stamon 
Redcroft/Omnitherm  DSC  1500  thermal  anal^  system,  modMed  to  ensure  that  the  heatmg/oocdiiig 
experiments  were  unaffected  by  the  test  environmeat  (12).  Phase  transformation  temperatnres  from  873  K  to 
15^  K  were  determined  during  both  hearing  and  eoo^  in  a  high  parity  argon  atmoqihere  at  5, 10, 20,  and 
40  K/ min  rates.  In  order  to  precisely  determine  each  transfocmarioa,  both  the  heat  flow,  norma&ed  per  unit 
mass  (miaec'jng''.),  and  its  first  derivarive  with  respect  to  temperature,  V  >dJ/ifr  (mlaec''mgf'.deg''),  were 
recorded  and  analjned.  Transformatioa  temperatnres  were  determined  from  the  CDTA  thermopams  by 
establishing  those  temperatures  where  the  J  and  y  carves  deviated  from  the  baseline  (To*.  To',  T,\  ami  T,‘ 
on  heathy  and  T,*,  T,,*,  and  T,*  on  cooBn^,  and  in  rite  ease  of  ovMlapping  peaks,  where  the  y  entveshowed 
a  curvature  anomaly  (Ti.‘  and  To*  on  heati^  and  Tl*  on  cooliag).  The  average  Moitrd  deviation  observed 
for  the  measured  reaction  temperatnres  was  ±  S  R. 

In-silu  high  temperatine  x-rqr  ^fiaelian  (HTXRD)  experiments  were  andwtakea  to  complement 
the  CDTA  experiments.  These  alifiaed  a  Sdatag  dtOrariomeler  equipped  with  a  hs^  temperature 
fiitnaoe/vacnuffl  duaaber,  the  latter  having  again  been  modified  to  muodaoe  and  naWitMn  a  Ugh  parity  mert 
argon  gas  atmosphere  at  a  pressure  of  Ofi  bar  (13). 


Table  1.  Chemical  composition  of  Tr-2SAt-llNb 
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F^ure  1  -  Ti-25Al-llNb  as-forged  mkrostraetnre  eshWting  prisaaiy,  bioefcy  wad  a  mhonte  of 
secondary,  'batketweaveP  (S]  and  retained  R. 


Rwml»« 


The  results  of  the  thermal  analysis  observationa  daring  continuous  heating  and  cooling  are  sho«m  in 
Figure  2  and  3,  respectively.  Independent  of  heating  rate,  Ti-2SAl-llNb  eshilnted  a  low  temperature 
transformadan  below  1123  K  (8S0'C).  This  transfonnatioo,  starting  at  Tq*  and  ending  at  Tq',  was  followed  by 
a  complex  sequence  of  transformations,  T,‘  thru  T^.  Ab(M  Tj\  where  both  J  and  J'  curves  deviated  from 
the  byline,  ensuing  reactions,  as  defoied  by  anomalies  in  J',  were  observed  at  T,.‘  and  Td‘.  Finally  this 
sequence  of  transformations  was  completed  at 

Cooling  thermograms  exhibited  three  distinct  transfonnatioas  in  the  1348‘1173  K  (107S**900*C)  range, 
except  at  the  lov^  rate  examined,  3  K/min,  where  only  two  reactions  were  recorded.  The  fost  reaction  wfaidi 
had  an  onset  at  T,*  and  6nished  at  Tg*,  was  immediately  hdlowed  by  a  second  reaction  which  terminated  at 
T,‘.  At  cooling  rates  above  S  K/min,  a  third  reactioa  ai^eared,  interrupting  the  T^'-Ts*  reaction  at  a 
temperature  Tl*,  with  the  extent  of  this  additional  transformatioa  increasing  irith  increasing  cooling  rate. 

In  order  to  estimate  the  equifibrinm  reaction  temperatures,  that  is  to  eliminate  the  infhieiice  of  heating 
or  cooling  rate  on  the  observed  transformation  temperatures,  the  temperature  vs.  rate  curves  were  assumed 
to  be  a  linear  function  of  rate  and  were  extrapolated  to  Ml  ideal  0  K/min  rate  corresponding  to  the  equifibrinm 
state.  Table  n. 


Table  D.  Transformation  t>-mperatnrcs  as  a  function  of  heating/cooBng  rates 


Heating/Cooling 
Rate 
(  K/min) 

Transformatioa  Temperatures  (  K)  [HeattngCT.VCeolingfr,*)]  | 
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Tt 

To 

T, 

40 
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1109/ND 

1210/1107 

1401/1231 

ND/1304 

1483/1349 

20 

928/ND 

1091/ND 

1211/1172 

1^/1238 

1423/1320 

1456/1353 

10 

913/ND 

1Q83/ND 

1208/1196 

1378/1242 

1407/1334 

1443/1331 

3 

909/ND 

lOSO/ND 

1206/1225 

1371/ND 

1401/1338 

1441/1355 

(f 

903/ND 

1079/ND 

1207/1236 

1369/1246 

1394/1343 

1432/1334 

'  non-detected 
*  extrapolated 


High  temperature  x-ray  iBffractioo  data  at  20  K/asin  for  Ti-2SAl-llNb  are  summarined  in  Table  m. 
These  data  show  that  TVZSAI-llMb  wis  three  phase  up  to  1123  K  (K0*C),  the  mnjor  #  peak,  1(110) 

at  26-38.8*,  overlapping  with  the  <^002)  peak  at  28-38L2*.  The  orfoorhoiabic  peaks,  characterised  by  snsd 
'shoulders’  at  a,  peaks,  started  disippeariag  at  appnsdmately  923  K  (6S0*C)  with  the  compietian  of  tins 
transformation  at  1123  K  (830*0. 

Between  1173  K  (900*Q  and  1323  K  (1030*C),  the  aDay  was  two  phase  (^-t-P).  Above  1348  K 
(1073*0)  a  new  peak,  which  could  be  indeaed  as  a  satelEle  a/t  reflection,  started  to  ivpear,  i.e.,  the  aanior 
peak  of  the  x-roy  dUbactian  scan  (<^(KB)/2B -38*)  s^arated  into  two  peaks.  At  1448  K  (U7S*Q  tb  satdfite 
reflectwn  disa^eared  and  the  alloy  was  in  the  e+p  phase  field.  Dae  to  tte  overlapping  of  the  %  and  •  peaks, 
the  ar<«  disorderiag  transformatiaa  was  verified  wtt  roefciag  carves  at  low  an^  M-173*,  %(100),  and 
26  -  26*,  n^llO).  The  expected  peaks  characterirtic  only  of  the  ordered  a^  phase  were  absent  at  1448  K.  Ffody, 
at  1473  K  (1200*0  and  above,  the  x-ray  scans  showed  no  dhtinct  peaks,  however  roddag  curves  hidicaled  tlM 
the  alloy  was  sia|fo  phase,  dhordered  bee  p  phase,  above  this  teasperatare. 


Table  m.  Ffime  stmetares  drtnrmhifd  by  HITOtP  at  20  K/min  heatiag  rate 
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Upon  coding,  x-ray  scans  were  also  taken  and  acre  found  to  be  qualitalively  identical  to  those  on 
beating,  the  intensity  of  the  peaks  being  randomly  modified.  Between  1348  K  (1075*C)  and  1298  K  (102S*C), 
the  presence  of  an  structure  was  identified,  transfonning  to  a,+p  below  1273  K  (lOOO'C).  Uhimately 
a  three  phase  structure,  a,+l*0,  appeared  below  1123  K  (8S0*C),  this  structure  remaining  till  room 
temperature 


Dicni««init 

Using  the  combination  of  the  CDTA  and  in-sitn  HTXRD  experimmits,  the  phase  stability  of  Ti-2SA1- 
llNb  at  elevated  temperatures  was  estaUisbed  during  cmitinuous  heating/cooling.  By  analogy  with 
conventional  liotiiiim  aDays  (13),  transformations  oai  heating  Ti-25Al-llNb  involved  dissolutioa  (nocesses 
while,  on  cooling,  the  reverse  trusformatioos  iavolved  precipitation  of  «/«,  \ 

Initially  the  microstmctute  of  the  alloy  enmined  consists  of  aj'+fa^'+Al't'O,  with  two  distinct  «, 
morphologies,  primary  Uocky  •/,  and  secondary  a,*.  Upon  heating.  Table  IV,  ^  first  transformation  consists 
of  ortborhmnbic  phase  dissolution  as  defined  1^  temperatures  between  To*  and  To',  Figure  2. 


Table  IV.  Phase  transformations  upon  heating  for  the  'n-25Al-llNb  alloy 


T(K) 

<  1079 

1079-1207 

1207-  1369 

1369-  1394 

1394-1432 

>  1432 

Phases 

{4.+«i‘}+«i'+0 

{A+(«,-)*} 

+  (v)' 

0*(mjm)* 

0 

Further  transformations  then  involve  the  dissohitkm  of  the  morphologically  different  phases.  This 
initially  entails  the  resolution  of  a,*  within  transformed  $,  followed  by  the  distnliition  of  •/.  Such  a  dual 
process,  eventually  followed  by  the  disordering  cd  both  a,  morphofegiet,  was  demosistratcd  by  the  CDTA 
thermograms,  where  complex  phase  transftsmations  ate  observed  above  T|\  Figure  2.  The  first  of  these  is 
characterized  as  the  dissolution  of  the  a,',  and  is  associated  with  the  mi^  peak  for  each  heating  rate,  the 
shape  of  this  peak  being  representative  of  a  difliisoo  controlled  transformation  (17).  While  the  onset  of 
primary  a,'  dilution  cannot  be  precisely  defined  fiom  the  CDTA  tbermograms,  the  appearance  of  the  aj* 
satellite  reflectioo  at  appranmately  1338  K  (107S*C)  in  the  x-ray  pattern  suggests  that  a  difference  in  chemical 
composition  between  the  primaiy  and  secondary  a,  phases  may  develop  during  dissidution  at  Ugh  temperature, 
as  eiqiected  in  a  diffusion-controlled  transformation.  Similar  alloy  partitkwmg  between  the  a,  and  0  phases, 
which  beemne  respectively  Al-enriched  and  Nb-cnriched,  has  also  been  observed  in  'n-24Al-llNb  (14,16).  It 
is  proposed  therefore  that  T^.*  represents  the  transitian  temperature  where  a,'  becomes  predominant  in  the 
alloy  structure,  the  a,'  morphology  being  virtually  extinct.  The  x-ray  results  further  indicate  that  the  m,  phase 
is  present  till  1423  K,  completion  of  the  Sfw  discudering  transfbtmioion  occuring  slightly  below  the  0  transos, 
T,*,  1432  K  (1159*C). 

The  CDTA  thermograms  suggest  that  an  additional  tranafomatian,  identified  by  Td‘,  takes  place  in 
the  high  tenmmature  range  immediately  below  the  0  transos.  This  reactioo  may  be  associated  with  the 
dissolution  of  either  grain  boundary  a/’*  or  martensitic  a'  (hep),  the  former  reverse  transformatioii,  Aw,"*, 
being  a  cellular-type  associated  the  growth  of  Uocky  m/m,  (3),  the  latter,  #<o',  involving  a  shear 
transformation  of  4  to  a'  with  subsequent  ordering  to  a^  (15,16). 

Similarly,  the  first  transfoimatioo  invoived  upon  cooling  from  the  0  phy  is  the  formatioa  of  primary 
o'  which  begins  at  the  temperature  Tq*.  This  is  followed  by  a,'  ordering,  as  depicted  in  Figure  3  by  the  broad 
peak  between  Tp*  and  T(.‘.  Moreover,  prior  to  completiaa  of  a/  fanaatkm,  preripitatioa  of  secondary  a/  fiom 
the  0  phase  occurs,  teuiperature  Hk  extent  of  %*  preripitatioa  is  emected  to  be  a  fimetioo  of  cooling  rate. 
Figure  3  supports  this  condusioa,  the  difference  in  intenaily  of  the  a^'  peak,  relative  to  a,',  increasmg  whh 
increasing  cooling  rate.  In  contrast,  an  mf*0  mkroatmeture  is  characteristic  of  slower  cooling  rates,  i.r.  those 


'  The  presence  of  O  at  room  temperature  after  cooliag  predndet  this  phase  being  an  artifiKt  due  to 
sample  preparation. 

’  The  I  phase  hat  been  shown  by  others  (4-7)  to  undergo  an  ordering/disordering/ordering  transformatioa 
within  the  T,‘-T|‘  temperature,  bei^  ditardeted  above  1432  K,  ordered/ditatdeied  between  12(17  K  and  1432 
K,  and  finally  disordeied  below  1207  K.  However  the  x-ray  and  CDTA  tedniqnes  utiKied  far  tUt  study  were 
unable  to  ififferadiate  these  reactions.  Therefore,  the  pseteuce  of  the  I  phase  was  considered  wiOout  regard 
to  its  possiUe  ordered/disordered  reactions, 


MO 


pennitting  long-range  difiusion  processes  to  occur.  Therefore,  by  analogy  with  the  transformations  observed 
on  beating,  the  TJ  temperature  represents  the  transition  from  a  predominant  to  an  inaeasing  quantity  of 
with  increasing  cooling  rates.  TaUe  V  summarizes  the  phase  transformations  path  on  cooling  where  the 
temperatures  are  given  at  equilibrium. 


High  temperature  phase  stability  has  been  fathhlMird  for  the  Ti-2SAl-llNb  (tt.%).  Tranafomations 
on  heating  involve  the  seqaeadal  disaotetioa  of  orthorhombic  O  and  the  aaotphofo^cany  dfstinct  a,  phases, 
such  as  0,  and  a,*,  present  in  the  as-received  alloy.  Smsflar  reversible  reactioas  oociir  on  cooling  from  the  high 
temperature  sin^  phase  $,  the  relative  amount  of  the  morphologically  (Ufferent  a,  phases  ezhihiting  a  clear 
cooling  rate  dependency. 
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Abstract 


The  textures  formed  in  ot  -  and  (  0^  +  ^  ) -titanium  alloy 
rolled  rods  have  been  examined.  The  relationship  of  tex¬ 
ture  to  the  conditions  of  deformation  has  been  establis¬ 
hed.  It  is  shown  that  the  character  of  texture  changes 
during  annealing  depends  on  the  initial  structural  condi¬ 
tion  of  the  deformed  metal. 


INTRODUCTION 


Among  deformed  semifinished  Ti-alloy  items  the  rolled 
rods  for  producing  stampings. blanks . fasteners  etc  are  widely 
used.  As  shown  in  (ref.i)  mechanical  properties  of  the  rods 
to  a  great  extent  depend  on  the  character  of  their  crystal¬ 
lographic  texture.  Hence. the  knowledge  of  peculiarities  of 
forming  preferred  orientations  during  rod  production  can  be 
an  additional  source  for  improving  the  properties. 

The  present  paper  gives  the  results  of  studying  the  cry¬ 
stallographic  texture  in  o(  -  and  (  ol  +  )  -alloys. 

MATERIALS  AND  PROCEDURE. 

Unalloyed  titanium  rods  were  deformed  at  the  initial  rol¬ 
ling  temperature  of  850  C  while  for  BT5-1  ^  -alloy  rods  (Ti- 
5.8%Al-2.7HsSn)  and  BT6  (Ti-6 . 8»Al-2 . 1%V) . BT3-1  (Ti-C.3%A1- 
2,4%Mo-l,4»Crl  .nT-3B  (Ti-4 ,8%A1 -1 . 9%V)  (  o*-  +  lalioys  it 
was  1100  C.  The  strain  ( £  )  in  all  the  cases  ranged  from 
54%  to  77%  while  for  nT-3B  alloy  it  was  from  54%  to  85%. 

The  texture  has  been  examined  by  analysing  the  distri¬ 
bution  curves  of  X-ray  reflection  intensity  along  the  section 
of  direct  pole  figure  (2)  and  also  by  direct  and  inverse  pole 
figures  (3).  X-ray  examination  was  made  from  the  rod  cross- 
section.  Hence, we  could  obtain  some  information  about  crystal- 
lograpphic  planes  located  in  this  section. 
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EXPERIMENTAL  RESULTS  AMD  DISCUSSION 

As  a  result  of  rolling  unalloyed  Ti-rods  in  the  -region 
with  S  -54%  the  <0001> . (lOTl)  orientations  and  also  a  very 
weak  {10t0>  orientation  are  formed  (fig.l).  Increasing  strain 
up  to  £  >69%  changes  the  ty£e  of  the  texture.  In  this  case 
it  is  represented  only  hy  {1010}  cookponent  having  high  inten¬ 
sity. 

The  heating  temperature  for  rolling  BT5-1,BT3-1-  and  IIT- 
3B  alloys  was  in  the  ^  -region.  After  54%  deforming  in  the 
cross-section  of  BT5-1  and  BT6  alloy  rods  (fig.  2_a,b  )  the 
<10ll>  and  (OOOll  orientations  and  the  weaker  {lOlO}  orien¬ 
tation  have  been  revealed.  Higher  reductions  (£  69%)  of 

BTS-1  alloy  can  result  in  abrupt  increasing  the  intensity 
of  the  (00011  orientation  which  with  £  -77%  becomes  the  main 
one  while  the  intensity  of  other  components  changes  only 
slightly.  Similar  changes  have  been  also  observed  in  BT6 
al  loy . 

The  BT3-1  alloy  texture  (fig. 2c  )  with  fc.  -54%  is  repre¬ 
sented  only  by  the  (1011)  orientation  whose  intensity  in¬ 
creases  with  increasing  the  strain.  Under  £  >  69% 
the  (00011  orientation  appears. 

The  study  of  ITT-SB  alloy  texture  using  direct  and  inverse 
pole  figures  has  shorn  that  the  rod  texture  is  not  strictly 
axial.  As  seen  in  fig.  3  the  maxima  of  pole  density  lie  on 
mutually  perpendicular  directions  corresponding  to  the 
radial  sections  of  the  rod.  The  data  in  fig. 4  can  prove  that 
the  (10121, (lOlll, (00011. (loloi  planes  are  parallel  to  the 
cross-section  of  the  rods  (  £  -54%1 ,  e.g. texture  are  multi¬ 
components  .With  £  -65%  the  main  and  most  intense  orientation 
is  _ (00011.  At  the  same  time  there  are  relatively  weak 
(10121,  (loril.doloi  orientations  (fig.  4b  ). 

The  texture  formation  during  hot  deformation  is  due  to 
the  crystallographic  mechanism  of  deformation. the  intensity 
of  developing  recrystallization  processes  and  phase  trans¬ 
formations  taking  place  according  to  definite  orientation 
correlations.  The  study  of  texture  formation  processes  atakes 
it  possible  to  single  out  the  jnain  of  the  above  factors. 

Thus  forming  the  main  (10101  orientation  in  unalloyed 
titanium  rods  rolled  in  the  eC  -region  with  <10T0>  direction 
being  parallel  to  the  rod  axis  makes  it  possible  to  conclude 
that  slip  deformation  of  the  -phase  is  prevailing.  This  con¬ 
clusion  results  from  the  teoretical  analysis  of  reorientation 
of  crystal  lattice  in  the  course  of  uniaxial  deformation 
carried  out  by  the  method  given  in  (ref. 4). 

The  deformation  of  BT5-l.BT6.BT3-l,nT-3B  alloys  mainly 
occured  in  •  -region  and  therefore  the  texture  formation 
is  influenced  by  the  slip  deformation  of  the  ^  -phase  fol¬ 
lowed  by  the  oriented  ft ->  •<•  transformation  on  cooling.  The 
analysis  carried  out  oy  the  method  (5)  shows  that  in  case 
of  uniaxial  deformation  of  B.C.C.  crystals  resulting  from 
the  slip  along  the  (1101  <111>.(112>  <111>  and  (1231  <111> 

systems,  the  <110>  orientation  parallel  to  the  axis  of  ten¬ 
sion  appears  and  the  higher  the  strain  the  more  perfect  it  be¬ 
comes.  Further  with  ^  ->  ^  transformation  according  to 

Burgers  orientation  relation  <110>a  //  <0001 >  the 

<0001>  orientation  is  formed.  •<'  ^ 
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The  similar  orientation  was  observed  in  BT5-1 ,BT6.BT3-1 , 
alloys.  Since  during  the  final  rolling  stages  the  deforma¬ 
tion  was  carried  out  in  the  oi  -  or  (  of  *  )-region 

the  formation  of  the  <loio>  orientation, with  the  (loToi 
plane  being  parallel  to  the  cross-section, can  be  attributed  to 
the  slip  deformation  of  the  of -phase. 

The  <1011>  component  has  resulted  from  numerous  variants 
of  transformation  and  also  from  the  spread  of  the  main  compo¬ 
nent  of  the  (0001 >  texture. 

The  extent  of  changing  the  texture  during  annealing  the 
rolled  rods  depends  on  the  structural  condition  of  the 
alloys  formed  during  deformation.  If  the  recrystal lization 
has  been  completed  or  sufficiently  developed, the  texture 
changes  during  annealing  practically  do  not  occur.  It  app¬ 
lies  to  nT-3B  (  £  -54».To^  -870*C  ,  C  -1,5  hr),BT3-l  {£  - 
54, 69, 77%,  -950'’C,  -0,5  hr)  and  BT5-1  (€  -54%,T_ -960“  C, 

't  “1  hr)  alloy  rods. 

In  unalloyed  Ti-rods  (  £  -54%)  no  initial  recrystal¬ 
lization  degree  was  observed.  Annealing  at  680“  C  du¬ 
ring  one  hour  resulted  in  increasing  the  intensity 
of  the  (0001)  and  (loTl)  orientation  (flg.l).  The  Increase 
of  the  (0001)  component  intensity  was  also  observed  during 
annealing  (T<l«. -870“  C,  t -1,5  hr)  partially  recrystallized 
nT-3B  (  £  -85%)  alloy  rods.  It  should  bo  noted  that  during 
annealing  nT-3B  alloy  rods  some  structural  changes  take 
place, namely  :  lamellar  structure  in  the  deformed  metal  is 
replaced  with  the  globular  one  in  the  annealed  rods. 

The  obtained  experimental  results  have  shown  that  the  tex¬ 
ture  type  of  Ti-alloy  rolled  rods  depends  on  the  temperature 
region  of  deformation  and  the  character  of  the  texture  chan¬ 
ges  during  annealing  is  determined  by  the  structural  condi¬ 
tion  of  the  deformed  metal . 
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Figure  3.  The  (0002)  pole  figure  for  the  croee-section  of 
ITT-3B  alloy  rods  if  •05%). 
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ABSTRACT 

NiTi  shape  memory  alloys  are  studied  as  a  function  of  the  texture.  On  the  one  hand,  it 
appears  that,  in  the  range  of  alloys  studied,  die  texture  has  not  a  simficant  effect  on  the 
recoverable  strains.  On  the  other  hand,  the  intnnal  stren  develomed  u  highly  dependent  on 
the  texture,  so  do  die  transfonnation  teaqicratuies.  The  overall  b^viour  of  sha^  memory 
alloys  in  tension  is  analysed  in  the  scope  of  plauicity.  It  is  proposed  that  the  linear  relation 
between  the  stress  and  the  strain  during  sta^  D,  u  well  as  the  rise  in  the  mnsfoimaiion 
temperatures  observed,  should  be  an  effea  of  an  intetnal  stress  which  is  the  result  of 
deformation  incompatibilities. 


INTEQDUCnON 

Nickel-Titanium  alloys  are  well  known  for  undergoing  a  diermoelastic  martensitic 
transfonnation.  This  transformation  propnties  endow  diese  alloys  widi  various  and  complex 
mechanical  behaviours  such  as  pseudwlasticity  and  shape  memory  effect  (which  can  be 
reversible  or  not). 

NiTi  alloys  are  among  the  most  technologu^y  important  shape  memory  alloys 
because  of  their  ^ood  mechanical  propertm  and  of  neir  good  resistance  to  conrosion. 

Miyazaki  eta/.  [1],  who  studied  both  a  solution-ireaied  single  crystal  and  an  aged 
single  crystal,  clearly  sho«^  that  die  optima  recoverable  strains  may  hi|dily  dniead  on  the 
crystal  (uiemation.  Thus,  one  can  wonder  if  it  is  worthwhile  to  use  texunedmatersds  in  order 
to  inqirove  shape  memory  properties. 

Our  purpose  is  to  studw  the  stroctme  and  the  mechanical  behaviour  of  three  alloys 
having  quite  the  same  chemical  composition  but  which  underwent  different  forming  processes 
in  such  a  way  that  diey  can  develop  afferent  textures. 


MATERIALS:  STRUCTURES  AND  PR 


ES 


Tablet  shows  the  chemical  compositiCTis  and  the  manuftctuiing  characteristics  of  die 
three  alloys  studied.  Bar  1  and  3  are  stemming  from  die  tame  ingot 
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Different  experimental  methods  such  as  dilatometry.  X-ray  scattering,  EDX  analysis, 
optical  microscopy  and  transmission  electnn  microtccpy  were  us^  in  order  to  deMnoine  the 
metallogrophic  structure  and  the  transformation  properties  of  the  alloys. 


reference 

~Tr“ 

(at.%) 

^at.%) 

"O' 

(p.p.m.) 

— T 

(p.p.m.) 

— fT” 
(ppm.) 

Manufacturing 

process 

Annealing 

1 

50,47 

4942 

1580 

107 

68 

Fbr^ 

I>=l4mm 

airare 

under  vacuum 
during  1  hour 

2 

50,32 

49,67 

1210 

114 

37 

Orawn 

Ds36mm 

"  atlM^  ' 
under  vacuum 
during  1  hour 

3 

50,47 

49,52 

1580 

107 

68 

tlrawn 

DsSOmm 

at  7(1^ 
undraair 
during  15  mn 

Tablel:  Bar  characteristics 


Phases  and  transformation  temperatures 

It  is  well  known  that  TiNi  alloys  may  have  three  different  crystallojpiqihic  fmms: 
austenite,  martensite  and  R  phase.  The  austenite  has  got  a  CsQ  structure  (B2);  the  R  phase 
has  got  a  structure  which  is  a  rhombohedral  distortion  of  B2  [2];  the  martensite  has  got  a 
monoclinic  structure  (819*)  [3-4]. 

X-ray  scattering  showed  the  alloys  to  undergo  both  the  R  and  the  martensitic 
transformations  on  cooling  at  temperatures  below  room  temperature.  Conventional 
transformation  temperatures  [S]  on  headng  were  determined  using  dilatometry,  the  results 
obtained  are  written  out  on  table  2.  X-ray  scattering  pointed  out  that  the  materials  are  not 
totally  transformed  into  martensite  at  room  temperature.  Even  after  cooling  in  liquid  nitrogen 
little  austenite  remained. 


Bar  reference 

“snrr 

1 

6^ 

85,5 

2 

SI 

8o 

3 

59 

7J3 

Table  2;  Transformation  temperatures 


OiaiicalmicrogaBhY 

The  specimens  were  mechanically  polished  and  etched  widi  a  solution  consisting  of 
S%HF.  10%HN03  and  8S%H20  [6]. 

Figures  1(a),  1(b)  and  1(c)  show  optical  micromihs  of  samples  rqwesentative  of  the 
niicrostructure  of  each  bar  transversely  and  ImigitudinaJly.  On  thm  micttrartqihs,  one  can 
observe  many  small  particles  vrich  are  non-unifomily  scattered  in  the  TlNi  matrix.Tbose 
particles  are  TiaNi  precipitates,  identiried  using  EDX  analysis  and  electron  diffraction 
patterns.  It  is  noiewoithy  diat  the  {necipilale  distribution  becoim  mote  homogorteous  as  the 
bar  diameter  decreases,  and  that  bar  1  and  bar  2  have  got  flirty  identical  precipitate  repartition. 

Ttananission  electron  mtawenm 

0,12  mm  diick  disk  qiecimens  were  mechamcaUypoUshed  and electropotished  at 
room  temperature  in  an  electrolyte  cooristing  of  95%  GHjOCSOH  and  5%  HCSOj. 

Figure  2  shows  the  iniamal  structure  of  bar  2  at  room  tenmerature,  afto  cooling  at 
liquid  nitrogen  tempoature.  The  jdiases  labelled  A  are  Ti2Ni  precipitates,  the  phases  labelled 
B  are  grown  up  laths  of  martensite  euy  to  reoogim  because  of  their  fine  internal  twins.  The 
phases  labelled  C  are  small  austeidle  grains  wmin  which  one  can  observe  few  dislocations. 
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Those  dislocations  were  identified  to  be  { 

iSJ  talcrti.  tototos  smionJ W pi«lpl.^  (B- 1. i. 

ttoi  L  conligOTlim,  namely  a  manenailn;  maTO  raMaimnj  jpoups  of  Ti^i  piecipiiiles  m 
between  which  small  austenitic  grains  extend,  was  firequcntly  found. 

Texhires 

Fittures  3(a).  3(b)  and  3(c)  show  the  (110)  pole  figures  of  ? 

resDCcdvely  M<‘P«»'"»nent  was  canied  out  at  roren  temperature  after 
a  the  materials  were  mainly  austenitic  during  the  eiqienmcnt  (with  a  small  amount  of 

maitenshc  andR  i*^).^tp  that  the  textures  are  all  identical,  that  is  »  “X  » 
texture^-^e  36  mm  diaiMter  bar  texture  (fig.3(b))  is  the  stwgest  with  « 


ngures,  out  tncy  are  noi njusyu^u**.. 

pole  figures  are  not  uniformly  distributed  around  i 

be  close  to  the  single  crystal. 


Tensile  tests 

I  iniaxial  tensile  tests  were  performed  using  an  Instron  4505  testing  mach^  fttled  out 
aiifh  a  inOkN  load  cell  Strains  were  measured  by  means  of  an  extensome^  tteatiHg  was 

retell  l«C.mn‘.  All  testing  was  performed  in  air.  at  a  stram  rate  of  2.63.10-^*^ 
Sindrical  ones*with  a  40  mrn  gauge  ien^  «.d  a 

ww  machined  from  die  bars  in  such  a  way  tha  the  teistle  axis  IS  paralld  to  the  bar  axis. 

Fracture  data 

Figure  4  shows  a  scanning  electron  micrograph  trf  a 
surface  was  alwavs  normal  to  the  tensile  axis  and  no  neckmg  of  the  saniple  was  oIisot^ 
gS  o  “S  SSToaWled  A)  ae  clealy  observdi^tte  fact 
S?  suggests  tSti  totri  decoheaoo  of  the  the  tensile  test 

TaWe  3  :wsenu  the  ultimate  tensile  stresses  and  the  ulmnaie  tensile  stiaiiis. 


3af  reference  |q,(MPa)t  eK(») 


f«hv.  3;  Ultimaa  tensile  stresses  and  straina 
The  ultimate  ansile  strew  seems  »  be  dependent » the 

predpitate  contenu of  ba  1  aid 3  « exactly  da 


As  far  as  the  uldmate  tensile  strains  are  concemed  the  oiigine  of  differences  is  not 
clearly  understood.  There  roust  be  an  effect  ctf  both  the  predintates  the  texture. 


Rccovgy  propcaics 

Figure  S  shows  the  true  stress-true  strain  loading  curves  obtaiited.  Those  curves  can 
be  divided  into  the  three  sages  which  have  been  formerly  defined  by  Rozner  a  al.  and  Qoss 
et  al.  (quoted  by  [7]).  Our  samples  seem  to  have  a  good  texture  as  fer  as  the  shqre  memory 
effect  is  concern^  The  stress  level  reached  for  a  given  qrplied  strain  differs  ouatandingly 
from  one  bar  to  anothers:  the  mote  the  texture  comes  close  to  an  ideal  wire  texture,  the  lower 
the  stress.  It  may  be  an  effect  of  strain  incompatibilities  which  should  increase  as  the  texture 
intensity  decreases. 

Samples  were  deformed  to  different  total  strains  (ej,  on  unloading  an  elastic  strain 
was  recovered  (e«).  The  sartqrle  was  then  heated  and  the  recoverable  strain  was  measured 
(E,).  The  plastic  strain  (Cp)  was  assessed  feom  dw  strain  remaining  at  the  end  of  the  test  (after 
cooling)  and  from  the  strain  due  to  the  change  in  the  crystal  structure  measured  by 
dilatometry. 

Figure  6  shows  the  evolution  of  die  deforttation  recovered  e,  as  a  Ainction  of  the 
plastic  apparent  strain  o’  ained  after  unloading  (Cpp  >  tt  ■  Ce).  During  sage  I  the  strain  is 
totally  recovered,  during  .uge  n  the  recoverable  defennation  goes  on  increasing  and  reaches 
a  maximum  at  the  end  ''  the  stage  but  little  plastic  defexmation  appears.  During  stage  in  the 
recoverable  strain  slightly  decreases  and  the  plastic  deformation  drastically  increases.  The 
recovered  deforttation  is  exacdy  the  same  whatever  the  bar  but  it  is  itrqiortant  to  take  into 
account  the  fact  that  the  stress  level  readied  ftx  a  given  defonnatioa  is  not  the  same  at  all  Grom 
one  bar  to  another. 

Figure  7  shows  the  evolution  of  the  transfonnation  teir^eratures  as  a  function  of  the 
total  strain  (maximum  strain).  In  order  for  die  figure  to  remain  clear  we  idolted  out  only  the 
results  obtained  for  bar  2.  It  pno  die  stress  on  the  feet  dot  those  temperatures  ate  not  constant 
but  depend  on  the  strain  level  whatever  the  bs^  they  remain  constant  during  sage  I,  they 
increase  during  sage  n  and  teach  a  maximum  dming  stage  Dl 


PISCUSSIOW 

Our  putpose  is  to  aitem|it  to  ^lain  first  the  ovcndl  shape  (rf  tensile  curves  (especially 
sage  I  and  sage  II),  and  second  the  increase  in  die  transfonnation  temperatures. 

It  is  generally  ackowledged  that  when  qiplied,  a  stress  can  cause  a  rise  of 
transformation  temperatures.  Patoor  et  al.  [8]  clearly  demonstrated  that  die  stress  applied  and 
the  transformation  temperatures  are  link^  by  a  Unear  relation.  Cfonsequendy.  tte  rise  in 
temperatures  observed  brings  us  to  propose  that  there  should  be  an  internal  stress  acting 
within  the  material.  We  mentionned  abow  that  transfasmation  tenqieratures  remain  constant 
during  sage  I,  that  is  to  sav.  as  long  as  true  plastic  strain  does  not  appear.  Thetefoie,  diete 
must  be  a  relation  among  the  plastic  strain,  the  internal  stieu  and  the  rise  in  transformation 
teiTiperatuies. 

In  order  to  characterize  dds  relation  we  used  the  macroscopic  approach  commonly 
used  within  the  set^  of  dasio-plasticilv.  According  to  this  qiproach  an  iniemal  stress  field  is 
represented  by  a  kinenutic  stress  variable  wfaidi  is  a  tensor  proportional  to  the  phMic  strain 
tensor  [9],  though  Unear  Itinematic  hardening  is  too  rough  an  qiproximation.  In  the  case  of 
linear  kinematic  hardening  and  considBring  an  uniaxial  tensile  stress,  the  stress  can  be  written 
as  [10]: 

o  a  X  (R  ■>’  k)  where  k  is  dw  yield  stress,  X  the  kinematic  hardening  (internal 
streu)  related  to  geometticaUy  necessary  dislocations,  and  R  the  taolropic  hardening  related  to 
statistically  stroiM  dislocate  (X,  R  and  k  most  al)  be  Auctions  m  the  test  temperature). 
According  to  Prager  X  ■  Cep,  this  formula,  which  arises  fiom  Eshelby  inclusion  problem, 
remains  valid  only  for  low  values  of  die  plastic  strain.  Hgure  8  shows  die  tensile  stress 

iH 


plotted  out  as  a  function  of  the  plastic  strain  (for  stage  I  and  stage  II  only).  There  is  actually  a 
linear  relation  between  the  stress  and  the  plastic  strain  and  k  is  not  really  die  yield  stress  but 
the  stress  reached  during  suge  I.  Frotn  figure  8  it  arises  that  the  coosidnable  har^ning 
observed  during  stage  II  can  be  written  as  a  linear  function  cX  the  plastic  strain.  Hence  it 
induces  us  to  propose  that  this  very  hardening  should  be  the  product  of  the  action  of  an 
internal  stress  field. 

From  a  microstructural  point  (tf  view,  it  is  widely  admitted  that  an  internal  stress  fiekl 
is  generated  inside  a  material  by  specific  dislocation  configurations.  For  specimen  deformed 
to  stage  n  Melton  etal.[l  1]  shoiwd  that,  during  this  stage  (while  manensiie  reorientation 
goes  on),  strain  incompatibilities  wpear  and  that  it  leads  to  kx^  yielding.  Moreover  Tadski  et 
al.  [12]  (for  a  material  deformed  to  stage  HI)  suggest  that  dim  should  be  a  network  of 
dislocations  built  up  along  lath  boundaries.  This  local  dislocation  network  must  be  the  cause 
of  an  internal  stress  field. 

As  far  as  transformation  temperatures  are  concerned,  we  suggest  that  they  diould  be 
constant  during  stage  I  for  no  plastic  strain  appear.  They  should  increase  during  stage  n  since 
local  plastic  yield  lead  to  the  occurence  of  an  inter^  stress  field.  They  should  remain 
constant  during  stage  III  because  general  yield  takes  place  (the  internal  stress  docs  not 
increase  any  further).  Figure  9  shows  the  increase  in  As  (during  stage  I  and  stage  II)  plotted 
out  as  a  function  of  the  internal  stress  X  assessed  from  die  results  Stained  (figure  8).  This 
figure  shows  that  the  increase  in  transformation  temperature  is  roughly  a  linear  function  of  the 
internal  stress  whatever  the  bar  considered.  The  increase  in  both  As  and  Af  suggests  that  the 
internal  stress  field  should  be  closely  related  to  the  presence  of  manensiie  so  that  its  effect 
remains  until  the  end  of  the  transformation. 


CX?NaUSlQN 

From  this  study  two  main  results  arise; 

-  As  far  as  the  recoverable  strains  are  concerned,  the  texture  does  not  play  a  leading 

part. 

-  The  overall  behaviour  of  TiNi  shape  memory  alloys  can  be  analysed  in  terms  of 
kinematic  and  isotropic  hardenings  which  are  closely  related  to  die  deformatioii  modes 
previously  observed.  The  pan  played  by  the  internal  stress  field  coming  from  deformation 
incompatibilities  is  evidenced. 
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EFFECT  OF  STRESS  ON  HYDRIDE  FORMATION 
BEHAVIOR  OF  TI-eAl^V  ALLOY 

Keijiro  Nakasa  and  liaising  Liu  > 

Faculty  of  Engineoing,  Hiroshima  University 
Higashi-Hiroshima,  724  Japan 


Abstract 

A  microarea  X-ray  diffraction  analysis  was  carried  out  both  for  bowed- 
specimen  and  ball-indented  specimen,  which  were  cathodically  hydrogen 
charged  in  sulfuric  acid  solution,  to  investigate  the  effect  of  tensile  and 
compressive  stresses  on  the  behavior  of  hydride  formation  in  a  H-6A1-4V 
alloy.  For  the  bowed  specimen,  y^hydride  (fee)  was  formed  more  easily  under 
tensile  stress  than  und»  comisessive  stress.  The  formation  of  5-hydride  (fet), 
on  the  other  hand,  was  almost  insensitive  to  stress.  For  the  ball-indented 
specimen,  the  amount  of  y-  and  5-bydrides  showed  a  minimum  in  die  center  of 
indentation  concave  with  the  largest  compressive  stress.  Besides,  die  indmtation 
on  a  plate  specimen  after  hydrogen  charging  decreased  the  y-Hydride  but 
increa^  the  5-hydride. 

Introduction 

Titanium  alloys  have  been  used  as  structural  materials  of  high  performance 
because  of  their  high  specific  strength  and  toughness,  heat-resistance,  and 
corrosion-resistance.  However,  when  the  alloys  are  exposed  to  hydrogen 
environments,  a  hydride  which  is  formed  on  metal  surface  embrittles  the 
alloys[l,2].  So,  it  will  be  important  to  clarify  the  hydride  formation  process 
especially  when  the  titanium  alloys  are  used  for  the  structures  under  stress. 
There  is  a  possibility  that  the  hydride  formadon  is  influenced  by  stress.  For 
example,  Paton  and  Williams[3],  Hoeg  et  al.[4].  Moody  and  Gerberich[S],  and 
Stub  et  al.[6],  have  reported  the  strain-induced  stress-induced  hydride 
precipitation  at  a  crack  tip  where  tensile  strain  or  stress  is  very  large.  The 
present  authors  have  also  found  that  when  a  Ti-5A1-4V  alloy  ex'  a  pure  titanium 
is  charged  with  hydrogen  electrolytically  the  hydride  once  formed  on  a 
specimen  surface  de^mposes  to  original  a-phase  of  titanium  periuqis  due  to  die 
generation  of  compressive  stress  by  the  expanuon  of  h3nlride[7i8].  In  the  presoit 
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teseaich,  the  effect  of  stress  on  the  hydride  fonnation  was  investigated  by  using 
two  kinds  of  simple  specimens  and  a  mimoaiea  X-ray  apparatus. 


Experimental  Procedure 


The  material  used  was  'n-6Al-4V  alloy,  which  was  solution  treated  at  1073K 
and  aged  at  823K  for  14.4k8.  This  heat  treatment  resulted  in  a  mixed  structures 
of  primary  granular  a-  and  ^-phases,  secondary  fine  a-phase  precipitating  in  p- 
phase. 

Figure  1  shows  the  specimens  used  for  expmiments.  One  was  the  plate 
specimen  which  was  indented  by  a  steel  ball  of  a  Brinell  hardness  tester  (load: 
I^29.4kN,  diameter  of  ball:  d=10mm)  after  surface  finishing  of  the  specimen 
with  #400  emery  paper.  This  method  was  adopted  to  generate  the  residual 
compressive  stress  around  or  in  the  mdented  concave.  Another  was  the  bowed- 
specimen  which  was  prepared  by  rolling  a  plate  by  about  80%  reduction  and  by 
setting  the  plate  in  wire  hordes.  Both  the  tensile  and  compressive  stress  which 
were  generated  on  the  surface  of  bowed-specimen  were  calculated  from  the 
equation  for  the  buckling  probimn  of  an  elastic  plate.  However,  a  small  amount 
of  plastic  defcHnoation  rxcutted  during  specimen  setting,  so  that  the  stress 
calculated  could  overestimate  die  surface  stresses. 

The  hydrogen  charging  of  specimens  was  carried  out  elerrtrolytically  in  a 
sulfuric  acid  aqueous  solution  (O.Skm<dAn3)  kept  at  303K  by  using  a  regulated- 
current  apparatus,  where  the  hydrogen-chat^g  current  density  was  3000AAn2 
and  chaigiiig  time  was  varied  up  to  AiHa. 

The  hydrirle  framation  betovior  was  investigamd  by  using  a  mkroaiea  X- 
ray  rliffraction  apparttus  (JEOL  MAP-2,  target:CuKa,  vdtage:40kV,  current: 
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Figure  1  -  (a):  Ball-indented 
specimen,  (b):Bowed- 
^ecimen. 
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Figure  2  -  Microntea  X-ray 
diffiracdon  Systran. 
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ISOmA,  X-ray  beam  diameter:  100M.m)  which  is  schematically  shown  in  Ing.2, 
where  ^  diffracted  X-rays  were  ^tected  by  a  position  sensitive  (Moportional 
counter  (PSPC).  The  specimen  was  rotated  with^  a  cotain  angle  around  a,  %, 
and  ^  axes,  in  order  that  the  diffraction  from  many  lattice  pla^  should  occur 
homogoietmsly. 

According  to  an  X-ray  analysis,  peaks  from  y-hydride  (fee,  TiH1.5-i.99) 
and  5-hydtide  (fet,  TiH2)  as  well  as  a-titanium  (hep)  and  ^titanium  (tax)  were 
observed  as  has  been  repotted[3,4.6,9.10].  Because  tte  peaks  from  ^phase  woe 
weak  and  often  shaded  by  strong  a  peaks,  and  since  P-phase  d^  not  form 
hydride  at  room  temperahm,  so  the  change  of  y,  8,  and  a  peaks  widi  change  of 
charging  time  and  stress  were  measured,  i.e.  tte  high^t  peaks,  a(lOTl), 
y(l  1 1),  and  8(1 1 1)  were  selected  and  the  relative  peak  intensities,  lot/Qi.  iy£Ii. 
and  Ig/ZIi  (£Ii=Ia'*’Iy^l8)  were  defined  to  discuss  the  stress  dependency  of 
hydride  formation  qualitatively. 


Results 

V 

A  bowed-specimen  was  charged  with  hydrogen  at  ics3000A/m2  for  a  certain 
time  and  the  X-ray  analysis  was  carried  out  Fig.3  stows  the  relation  between 
stress  of  specimen  surface  (dotted  pomt)  and  rebdve  X-ray  intensities  for  y-  and 
8-hydrides  at  a  charging  time  of  t^lO.Sks.  The  relative  intensity  of  y-hydride 
increases  with  increasing  tensile  stress,  Le.  the  formation  of  y-hydride  is  easier 
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Figure  3  -  Relation  between  stress  and 
rdative  X-ray  intensity. 
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Figure  4  -  Reladrei  b^ween  hydrogen  chargit^  timy. 
and  relative  X-ray  intensity. 
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Hgure  S  •  Relation  between  hydrogen  charging  Hmet 
and  relative  X-ray  intensity. 

under  tensile  stress  than  under  comfaessive  stress.  On  the  other  hnnH^  the 
relative  inten^ty  of  S-hydtide  is  almost  constam  independoitly  stress. 

ngores  4  and  S  show  die  relation  between  hydrogen  charging  Hmt>  and 
relative  X-ray  intensities  of  y-  and  5-hydtides  measored  on  die  positions  where 
tensile  and  conqitessive  stresses  are  maaimum  (center  of  pltfe).  By  comparing 
the  two  figures,  it  is  understood  diat  the  tendency  shown  in  Hg.3  was  also 
observed  for  each  chatgiiig  time.  At  a  cotain  chari^ng  time,  however,  the 
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relative  inteosity  once  decreases  to  take  a  minimum,  i.e.  the  hydride  decmnposes 
to  a-phase.  This  phenomenon  is  concenred  to  the  generadoo  of  compressive 
stress  due  u>  the  expanston  hytfride  whidi  is  transformed  firmn  a-ph^[7.8]. 
Next,  after  taking  off  the  specimen  fttnn  the  wire  hooks,  the  q)ecimen  was  bem 
in  die  levme  and  the  X-ray  analyses  were  carried  out  The  rnults 

were  diown  in  Hgs.4  and  S  as  "no  cha^e"  rai^.  Only  the  y^iydiide  which  was 
formed  under  tensile  stress  decomposed  to  the  a-fdiase  (Fig.4),  while  the 
amount  of  y-hydride  which  had  been  formed  under  compresrive  stress  did  not 
increase  (Fig.5)  perhaps  because  enough  hydrogen  fix  additional  hydride 
formation  did  not  diffuse  to  the  specimM  surface  umler  revosed  tension.  On  the 
other  hand,  5-hydride  which  was  formed  under  tension  (Fig.4)  or  compression 
(Hg.S)  did  not  change  even  when  the  stress  was  reversed,  a  behavior  which 
corresptHided  to  the  results  of  Hg.3  that  the  formaricm  of  5-hydrids  was  not 
smsitive  to  stress. 

The  distribution  of  hydritte  amount  in  the  longitudinal  direction  of  ball- 
indented  specimen  was  also  examined  by  using  the  microatea  X-ray  analysis. 
The  results  for  two  charging  times  are  shown  in  Fig.6.  Because  the  center  of 
ball  indentaticm  was  locat^  at  about  4mm  from  the  left  edge  of  specimen 
(ref:Fig.6),  it  was  anticipated  that  the  stress  distribution  was  asymmetric  and 
stress  relief  occurred  at  the  positions  near  die  edge.  The  amount  of  y  tmd  5- 
hydrides  take  minima  at  the  center  of  indmitation,  i.e.  the  compressive  stress 
prevents  for  the  ftxmation  of  both  hycfrides,  and  the  amount  of  hydride  is  larger 
at  the  position  near  the  left  edge,  where  stress  relief  would  have  occurml,  than 
Che  right  side.  The  change  of  relative  intensities  with  incxeMiitg  charging  time 


Hgure  6  -  Distribution  rtf’ relative  Hgure  7  -  Distribution  of  relative 
X-ray  intensity.  X-ray  intensity  before  and 

after  ball-indostation. 
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are  rather  complex:  When  tcs:39.6ks.  both  relative  intensities  for  y-  and  5- 
hydrides  reveal  minima  in  the  com^ave  and  almost  ctmstant  values  cwtside  of  the 
omcave.  Because  the  difference  in  idadve  intensity  between  inside  and  outside 
of  the  concave  is  large,  the  effect  of  stress  qq>cars  most  strongly  at  the 
beginning  of  hydrogmi-charging.  When  tc=64.8ks,  die  relative  intensity  is  the 
smallest  in  die  concave  but  the  variation  of  relative  intensity  is  diffment  from 
posititm  to  position. 

Figure  7  shows  the  effect  of  indentation  for  a  specimen  which  was 
precharged  before  indentation.  The  Y*hydride  was  partly  (tecreased  and  5- 
hydride  was  increased,  which  suggest^  that  the  y-hydride  was  changed  to  8- 
hydride  by  the  qiplied  compressive  stress.  Thus,  the  results  for  indented- 
specimen  revealed  almost  the  similar  tendency  to  die  results  of  bowed-specimmi, 
i.e.  both  hydride  are  difficult  to  form  under  compressive  stress  and  5-hydride  is 
more  stable  than  y-hydiide  under  compressive  stress. 

Discussions 

The  experimems  on  both  bowed-  and  indented-specimens  showed  diat  the  y-  and 
5-hydrides  formation  was  affected  by  extenud  or  residual  stress.  Moreover,  the 
stress  dependency  of  y-hydride  was  stronger  than  5-hydride.  The  reason  for 
these  facts  can  be  expbdned  <m  die  basis  of  diree  standpoints. 

First,  from  die  analysis  of  diffraction  angle  from  each  phase,  dm  latdce 
constant  of  a-phase  (hep)  are  a^.29Snm,  c«0.469nm,  that  of  y-byMdc  (fee)  is 
aos0.433nm,  and  those  of  5-hydride  (fet)  are  aos0.428nm,  co3B0.393nm 
(co/ao»0.92).  By  referring  also  to  another  literature{9],  the  volumetric 
expansion  from  a-phase  to  y-hydride  is  15-20%,  while  thm  to  5-hydride  is  5- 
15%.  Thus,  when  tte  a-fdiase  niiich  contains  super-saturated  hydrogen  atoms 
should  be  transformed  to  hydride  under  stress,  y-hydride  will  be  more  stable 
under  tensile  stress  dian  5-hydride,  while  5-bydride  will  be  more  stable  under 
compressive  stress. 

Next,  in  addition  to  die  volumetric  consideration  above,  it  will  be  necessary 
to  discuss  the  stability  of  hydrides  under  stress  also  from  the  cobmency  between 
a-fdiase  and  hydride-phases  near  the  phase  boundary  during  die  {weeipitatirm  of 
each  hydride  in  a-phase,  because  it  has  been  reported  that  haUt  pianes  exist 
when  a  hydride  is  formed  in  a-pha8e[6,10]: 


(0001)a  //  (lll)Ti-H 
(2nOJo  //  [lIOlTi-H 

(1) 

(10r0)a//  (110)Ti-H 
[T2T01a  //  [iTOFi-H 

(2) 

Hgure  8  shows  the  habit  planes  of  eqs.l  and  2,  reflectively.  In  the  case  of  eq.l 
(left  figore),  a  closed  packed  plane  (111)  of  y- w  5-hydride  should 
accomimxlate  to  a  closed  packed  plane  (p(X)l)  of  a-phase,  adime  the  atmnic 
distance  of  y-hytbide  in  the  direction  of  [110],  do,  is  3.7%  as  large  as  die  lattice 
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Hguie  8  -  Habit  planes  between  hydride  (fee  or  fet)  and  a-phase. 

eonstant  of  a-phase,  a,  while  the  atomie  distanee  of  5-hydride  in  the  [iTO] 
direction  is  2.4%  larger  or  1.4%  smaller.  Thus,  5-hydride  will  be  more  stable 
than  Y-hydride  under  no  stress  or  com{»essive  stress,  while  y-hydride  is  more 
stable  under  tensile  stress. 

For  the  case  of  eq.2  (right  figure),  the  atomic  distance  in  the  [llO] 
direction  of  y-hydride,  do,  is  3.7%  larger  tium  the  lattice  constant  of  a-phajw,  a, 
while  the  lattice  constant  of  y-hydride,  ao,  is  7.7%  shorter  than  the  lattice 
constant,  c,  of  a-phase.  On  the  other  hand,  when  the  lattice  constant  of  5- 
hydride  ,  ao.  corresponds  to  the  lattice  constant,  c,  of  a-phase,  ao  is  8.7% 
slKxter  than  c,  and  the  atmnic  di^ance  in  the  [lIO]  direction,  do,  is  1.4%  sbmter 
than  the  lattice  constant,  a,  of  a-phase.  When  the  lattice  ctxistant  co  of  5-hydride 
corresponds  to  the  lattice  constant,  c,  of  a-phase,  co  is  16%  shorter  than  c  and 
do  is  2.4%  longer  than  a.  Thus,  the  reaction  of  eq.2  suggests  that  the 
transformation  of  5 -hydride  from  a-phase  is  more  difficult  than  the 
transfemnation  of  y-hydride  from  a-phase  because  of  larger  misfit  of  lattice 
constant  ao  or  co  of  5-hydride  to  the  lattice  constant,  c,  of  a-phase.  The 
formatiem  of  y-hydride  wU  be  easier  undor  almost  no  stress  and  the  formation 
of  5-hydride  is  rather  easy  only  sriien  the  large  ctmqwessive  stress  is  apfdied  to 
the  qiecimen. 

Thirdly,  a  micleation  the(»y  may  be  ^rplied  to  explain  the  effete  of  stress 
on  hydride  formation.  The  aiq)lied  tensile  stress  will  decrease  tiie  elastic  enngy 
caus^  by  die  compressive  stress  in  y-hydri^  and  the  tensile  stress  in  a-fdiase 
near  a-y  bounds^,  and  will  decrease  the  activation  en^y  for  hydride 
formation. 


A  microarea  X-ray  diffraction  analysis  was  carried  oat  both  for  bowed- 
specimen  and  ball-indented  specimen,  which  were  cathodically  hydrogen- 

IK 


charged  in  a  sulfuric-acid  aqueous  solution  under  a  current  density  of 
3000A/m2,  to  investigate  the  effect  of  tensile  and  compressive  stress  on  the 
behavior  of  hydride  formation  in  a  'n-6Al-4V  alloy.  The  results  obtained  are  as 
follows: 

(1)  For  the  bowed-specimen,  y-hydride  (fee)  was  formed  more  easily 
under  tensile  stress  than  under  con^Hessive  stress.  The  formation  of  6-hydride 
(fet),  on  the  odier  hand,  was  almost  independent  of  stress.  The  y-hydride  which 
was  formed  under  tensile  stress  decomposed  to  the  a-titanium  phase  when  the 
stress  was  reversed  to  compression,  leaving  the  6-hydride  unchanged.  However, 
the  Y-  and  6-hydrides  finm^  under  compressive  stress  did  not  change  when  the 
stress  was  revosed  to  tension. 

(2)  For  die  ball-indented  specimen,  the  amount  of  y-  and  6-hydrides  showed 
a  minimum  in  the  center  of  indentation  concave  with  the  largest  compressive 
stress.  Besides,  the  indentation  on  a  plate  specimen  after  the  hydrogen  charging 
decreased  the  y-hydride  but  increased  the  ^hydride. 

(3)  The  effect  of  stress  on  hydride  formation  and  decomposition  tppear  to 
be  explained  by  habit  plane  of  hydride  relative  to  a-lattice,  and  the  expansion 
during  hydride  formation. 
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Abstract 

The  response  of  TA6Zr5D  alloy  to  thermomechanical  processing  in  the  p  field  has  been 
determined.  The  observations  of  the  deformed  prior  p  grain  size  reveal  no  dynamic 
lectystallizadon  by  nucleadon  and  growth  for  the  tested  conditions  (t=  2  10*^  lO'U'^  and  e 
up  to  60  %).  The  prior  p  grain  size  variations  have  been  studi^  after  thermomechanical 
treatments  during  a  further  annealing  treatment  in  the  p  temperature  range  and  for  different 
deformation  parameters.  A  "static  recrystallization"  scheme  is  obtained  with  a  critical 
deformation  cupendent  on  the  deformation  parameters.  The  schematic  static  recrystallization 
diagram  is  obtained  by  the  study  of  the  grain  size  evolution  of  homogeneously  deformed 
specimens  and  heterogeneously  deformed  specimens.  The  knowledge  of  the  critical 
deformation,  and  its  variations  with  the  parameters  of  the  thermomechanical  treatment  allows 
one  to  modify  the  thetmomechanical  transformation  paths  in  order  to  enhance  the  control  of  the 
grain  size  variations. 

Introduction 

During  thermomechanical  treatments,  the  material  is  subjected  to  deformation  and  temperature 
V. riations  inducing  numerous  changes  in  the  microsuucture.  The  mechanisms  which  are  at  the 
basis  of  these  changes  i.e.  deformation,  recovery,  recrystallization  and  phase  transformations 
(if  cooling  in  Ae  appropriate  temperature  range)  occur  or  may  occur  and  can  interact,  these 
interactions  being  quite  complex. 

In  the  case  of  the  TA6Zr5D  alloy,  industrial  pttrts  developed  large  heterogeneities  in  the  prior  p 
grain  size,  when  deformed  above  the  p  transus.  Indeed,  most  studies  on  the  thermomechanical 
behavior  were  carried  out  in  the  a  +  p  temperature  range.  In  this  study,  we  focus  on  the 
tiiermomechanical  behavior  above  the  p  transus,  and  the  microstructural  variations  associated 
with  varying  deformations  in  this  range. 

The  mechanical  behavior  was  studied  by  tensile  deformation  at  different  temperatures  and 
deformation  rates.  The  microstructural  evolution,  i.e.  the  prior  p  grain  size  variations,  was 
studied  by  optical  microscopy  for  different  deformation  parameters  (e,  T,  e)  on  two  types 
specimens,  "laboratory"  specimens  (uniformly  deformed)  and  "massive"  specimens  (with 
heterogeneous  deformation).  nonim  V2 

SdMct  Ofid  Tscitmolofly 
EdHid  by  F.H.  from  wd  L  woplon 
Mlntrali,  Mttak  A  MaMrii  Soddy,  1993 
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The  chemical  composition  of  the  alloy  is  given  in  Table  I 


Table  1  -  Chemical  composition  of  the  alloy 
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-TT- 
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Ppm 

15“ 

wt% 

5.97 

0.4^5 

5.22 

b.220 

0.007 

6.018 

0.003 

17 

130) 

The  specimens  were  taken  from  a  bar.  p  forged,  200  mm  in  diameter,  which  had 
heterogeneities  in  the  p  grain  size  from  the  surface  to  the  center.  After  heat  treating  at  lOSO^C, 
above  tte  p-transus  (1(U0°C),  the  mean  grain  size  varies  from  the  surface  of  the  bar  to  the 
center  in  a  ratio  1  to  3.  Specimens  for  ”iaboratoiy”  tests  were  taken  so  that  the  tensile  axis  is 
parallel  to  the  bar  axis  and  were  classified  according  to  their  initial  P  grain  size  measured  on  the 
surface  of  the  etched  specimens,  before  any  treatments.  Specimens  showing  large  variations  in 
the  p  ^rain  size  on  their  surface  were  eliminated.  Large  massive  specimens  were  obtained  from 
the  initial  bar  by  deformation  at  10S0°C,  in  order  to  reduce  the  bar  diameter  to  about  SO  mm. 
After  deformation  a  thermal  treatment  was  carried  out  at  10S0°C,  for  one  hour,  followed  by  oil 
quenching.  After  machining  the  specimens  were  4S  mm  in  diameter  and  45  mm  in  height  The 
mean  grain  size  of  these  specimens  was  440  ±  SO  pm. 

Figure  1  represents  schematically  the  thermomechanical  and  thermal  treatments  applied  to  the 
specimens.  The  specimens  were  all  P  solution  treated  at  1060°C,  O.Sh  for  “laboratoiy” 
specimens  and  0.66  to  0.83h  for  the  "massive"  specimens. 

The  "laboratory"  tests  were  carried  out  on  a  thermomechanical  simulator  OITHEM  (1),  able  to 
apply  controlM  thermal  and  mechanical  variations.  After  solution  treatment,  the  specimen  is 
deformed  homogeneously  at  a  controlled  deformation  rate.  The  deformation  level,  the 
deformation  rate,  and  the  deformation  temperature  were  variable  parameters.  Hie  tests  were 
carried  out  under  vacuum. 

The  massive  specimens  were  isothermally  deformed  at  1060°C  on  a  hydraulic  press  whose 
displacement  is  controlled,  corresponding  to  a  mean  deformation  rate  of  2  10'^  and  0.1S  s'^ 
The  mean  deformation  is  about  24  %,  but  it  is  heterogeneous  and  varies  locally  between  0  and 
60  %.  The  thermal  treatment  after  deformation  was  lOSO’C  for  I.Sh. 

The  microstructures  were  observed  at  three  states  as  defined  on  Figure  1,  state  0.  prior  any 
deformation,  state  1  after  deformation  and  cooling  and  state  2  after  thermal  treatment.  Mean  p 
grain  size  corresponds  to  the  mean  linear  intercept  measured  by  optical  microscopy. 


Figure  1  -  Schematic  tiieimomechanical  treatments 

(28 


Evolutions  During  Defomarion 

From  the  laboratory  tests,  we  obtain  the  stress/strain  curves  in  the  ^  temperature  range  for 
different  deformation  rates  and  temperatures  (Figure  2).  At  1060°C,  for  0.15  s'*,  the  flow 
stress  continuously  increases  up  to  a  constant  value  of  34MPa.  At  lower  strain  rates,  a  small 
softening  occurs  at  the  beginning  of  the  deformation.  For  a  deformation  rate  of  2  10~^s'*  the 
stress  strain  curves  display  similar  behavior  at  different  test  temperatures.  A  small  peak  is 
obtained  followed  by  smooth  softening  as  deformation  increases,  whatever  the  temperature. 
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Figure  2  •  Stress  strain  curves  obtained  at  lOtiO’C  for  various  deformation  rates  (a )  and 
obtained  at  different  temperatures  for  a  deformation  rate  of  2  lO*^  S'l  (b). 


The  results  can  be  expressed  by  the  power  law  equation  ; 

o  =  A  e*"  exp(mQ/RT) 

were  m,  the  sensitivity  to  the  deformation  rate,  is  about  0.29  and  Q  the  apparent  activation 
energy  255  KJ/mole. 


The  microstnictural  evolution  during  deformation  is  observed  after  deformation  for  two 
deformation  rates  2  and  0.15  s‘*,  at  different  deformation  levels,  after  cooling  the 

specimen.  We  give  Figure  3  two  micrographs  for  each  deformation  rate  at  IS  %  and  30  % 
deformation.  The  microstiuctures  consist  of  lamellar  a  phase  obtained  during  cooling ;  if  we 
focus  on  the  prior  p  grain,  we  observe  serrated  grain  boundaries,  with  an  increase  in  the 
serration  level  as  the  deformation  increases.  The  serrations  are  less  severe  for  the  deformation 
rate  of  2  lO'^s'*  than  for  0.15  s-*.  No  new  p  grains  are  observed  for  the  applied  deformation 
levels.  Measurements  of  the  prior  p  grain  size  reveal  no  variation  of  the  g^n  size  between 
undeformed  specimens  and  defcsmed  ones. 


e  =  0.15  S'*  6*210'^  S'* 

"■  lOOum 

Hgure  3  -  Microstructural  evolutions  after  different  deformations  for  two  deformation  rates 

0.15  S'*  and  2  10'^  s'* 

The  macrography  of  the  "massive"  specimen  deformed  28  %  at  2  10*3  s'*  is  presented  Figure 
4.  The  "massive"  specimens  present  heterogeneities  in  the  microsmicture  auer  deformation, 
with  equiaxe  prior  p  grains  at  the  surface  of  the  specimen  and  high  deformed  serrated  grains  at 
the  center.  A  calculation  of  the  iso-deformation  map  by  code  VULCAIN  estimates  the 
deformation  level  at  the  surfwe  near  0,  while  it  reaches  60  %  at  the  center.  Again  no  new  p 
grains  were  observed,  even  in  Uie  nx»t  deformed  area  and  for  the  two  defomuition  rates.  These 
results,  clearly  show  that  no  dynamical  recrystallization  for  the  p  phase  occurs  in  the 
deformation  range  studied. 

Mictostnictural  Evolution  during  Thermal  Treatments 


The  prior  p  grain  size  evolution  was  determined  for  the  different  treatments  without  any 
deformation.  These  results.  Table  II,  show  that  the  grains  grow  during  the  two  treatments, 
depending  on  the  initial  grain  size  (at  state  0). 


For  a  mean  initial  grain  size  of  510  the  high  tcm{wrature  p  grain  grows  and  the  standard 
deviation  increases.  For  a  higher  initial  p  mean  grain  size  (lOSOtim),  the  mean  grain  size 
remains  constant ;  however  the  standard  deviation  increases.  Also  the  noimal  growth  leads  lo  a 
spreading  of  the  grain  size  distribution,  and  an  increase  of  the  mean  size  essentially  for  medium 
initial  viuues  of  ^  grains. 


Table  n :  P  grain  size  evolution  during  thermal  treatments 


Hgure  4  -  Macrography  of  the  deformed  massive  specimen 
e  =  2  10-V>.£  =  28%  - lOOOtun 

In  order  to  put  out  the  effect  of  the  deformation,  the  grain  size  variations  are  given  as  a 
difference  between  sizes  at  state  2  and  state  0.  Figure  S  presents  the  variations  of  the  p  grain 
size  versus  the  applied  deformation  and  for  three  couples  of  deformation  parameters  (e,  T).  The 
results  are  given  as  a  mean  value  with  dispersion  brackets  (95  %  of  the  measured  mean  values 
are  insi^  £e  brackets).  We  observe  that  the  difference  of  size  between  state  2  and  state  0  is  the 
same  up  to  a  critical  value.  At  that  value,  a  maximal  increase  of  the  difference  occurs,  which 
lowers  as  die  ^formation  increases.  The  deformation  at  which  the  maximal  increase  is  noticed, 
calM  the  critical  deformation,  is  dependent  on  the  high  temperature  deformation  parameters 
(Table  ID). 


Table  III :  Variation  of  the  critical  strain  versus  high  temperature  deformation  parameters 


The  observations  of  the  massive  specinwns  deformed  and  heat  treated,  reveal  a  similar  scheme 
(Figure  6).  Near  the  surface,  small  grains  are  observed,  whose  size  increases  and  then 
decreases  when  observing  along  the  deformation  axis.  The  superposition  of  the  calculated 


defonnation  pattem  on  the  inicrostructiire  reveal  that  the  large  grains  are  observed  between  the 
isodefonoation  lines  10  and  20  %  for  the  deformation  rate  of  2  10'^  s'l  and  S-10  %  for  the 
defonnation  rate  of  0.1S  s'^ 
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i^ariations  of  the  P  mean  grain  size  between  state  2  and  state  0  versus  die  applied 
deformation  for  three  deformation  conditions 

m 
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Figure  6  •  Macrography  of  the  massive  specimen  after  deformation  and  heat  treatment,  and 
superposed  deformadon  map  {i-2  10*3s-l,  e  =  28%)  —  lOOOpm. 


Discussion 

Stress-strain  curves  yield  to  a  mean  value  of  m  equal  to  0.29  and  an  apparent  activation  energy 
of  2SSKJ/mole  for  the  8  phase.  The  m  value  is  large  compared  to  the  one  obtained  by  Makor 
(2)  on  TA6V4  alloy  (0.18  at  lOlO^C).  but  less  differences  are  noticed  when  comparing  to 
Hanald  (3)  (m  =  0.24  for  TA6V4  at  1050°C),  or  to  Cdme-Dingremont  (4)  (m  =  0.29  fw 
TA6V4  at  101 5”C).  The  larger  values  are  obtained  when  studying  a  range  of  deformation  rate 
including  low  deformation  rates  (lO'^  to  lO^s'l)  and  more  generally  using  tensile  tests  (for 
Malcor  m  deformadon  was  obtained  by  torsion).  For  the  apparent  activation  energy,  the  value 
obtained  is  larger  than  the  one  measured  on  TA6V4  alloy  above  the  p  transus.  The 
miciDstnictural  observations  of  the  deformed  specimens  revealed  that  the  alloy  does  not 
dynamicallv  lecrystallize  by  nucleadon  and  growth,  in  the  deformation  range  studied.  The  small 
softening  ooserv^  is  then  related  to  dynamic  recovery. 

After  defortrution  and  further  thermal  treatment,  the  grain  size  variations  observed  for  difforent 
primary  deformations,  follow  a  scheme  similar  to  the  one  obtained  for  different  materials 
during  static  recrystallization  (S).  For  titanium  alloys  ver^  few  results  were  trotted  on 
recrystallization  above  the  p  transus.  In  our  case,  even  if  the  sue  variations  are  sometimes  low, 
both  the  laboratory  and  the  massive  specimens  present  these  variations  and  the  "critical 
deformation"  is  dependent  on  the  deformation  parameters.  In  order  to  approach  the 
recrystallization  kinetics,  one  sample  was  maintained  180s  after  deformation  (S%)  and  no 
structural  change  was  observed  compared  to  the  sample  cooled  just  after  deformaiion.  Also  the 
mechanism  of  that  static  recrystallization  has  been  further  studied  on  a  TA6V4  alloy  (4,6) 
showing  diat  rectystallizatton  occurs  by  migration  of  the  existing  p  grain  boundaries. 

In  Older  to  explain  the  difference  in  the  p  grain  size  between  "laboratory"  and  "massive" 
specimens,  some  specimens  were  heat  treated  after  deformation  under  a  constant  apidied  stiess 
of  1.SMPB.  For  the  non  deformed  specimen,  no  increase  in  grain  size  was  observed  compaitd 
to  the  specimen  heat  treated  without  applied  stress ;  however  an  increase  in  the  grain  s»  Is 
observ^,  especially  for  the  15%  deformed  specimen  (e  «  2  lO-^s'l,  T  >■  1060^  that 

m 


deformation  cmesponding  to  the  "critical  deformation" .  The  mean  grain  size  and  the  maximal 
size  hn:  the  “laboratory"  \5%  deformed  specimens  and  for  the  "massive  specimen"  in  the  15% 
deformed  area,  are  teponed  Table  IV . 

Table  IV :  Variations  of  grain  size  for  specimens  heat  treated  with  or  without  applied  stress  after 

a  pre-deformation  of  -15%. 


Laboratory 

specimen 

Massive 

specimen 

Laboratory  ^lecimen 
with  constant  stress 

5?05 

1500 

1  maximal  sizefiim) 

5705 

3000 

5500 

The  larger  grain  size  obtained  when  the  last  thermal  treatment  occurs  under  an  applied  stress 
can  be  relam  to  a  higher  velocity  of  the  grain  boundary  as  observed  on  TA6V4  alloy  (4)  or  in 
in  other  smdies  (7).  Aso  the  difference  between  the  "massive"  and  the  "labcKatoty”  specimens 
can  be  pardy  related  to  an  internal  stress  state  during  static  recrystallization  which  will  lead  to  an 
increase  in  the  p  grain  boundary  mobility.  Another  factor  can  be  a  slower  recrystallization 
kinetics  as  it  can  be  suggested  regarding  the  kinetics  results  versus  the  recrystallization 
temperature  obtained  by  U^-Dingremont  and  al.  (4,6). 

Conclusion 

The  mechanical  behavior  of  TA6Zr5D  alloy  has  been  studied  by  tensile  testing  in  the  p  phase 
field.  TIk  results  show  that  dynamical  recrystallization  does  not  occur  for  the  deformation 
range  studied  (0-30%).  During  further  heat  treatment,  the  p  mean  grain  size  varies  with  the 
previous  defotmadon  level  according  to  a  static  recrystallization  scheme.  The  critical  strains  are 
obtained  for  different  defontiation  parameters.  Modifications  of  the  tbermomecbanical  path  can 
dicn  be  planned  in  order  to  enhance  the  control  of  the  mean  grain  size. 
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Abstract 

The  diange  in  the  grain  size  distribution  during  grain  growth  has  been  investigated  for 
a  commercially-pure  titanium.  The  one-  and  two  dimensiona]  distributions  were 
measured  experimentally.  Further,  the  grain  diameter  distrfoution,  whidi  is  one  of  the 
three-dimensional  grain  size  distributions  corresponding  dkccUy  to  grain  growth,  was 
estimated  by  the  method,  whkA  was  based  on  an  assugqttion  of  the  log-normal 
distribution  of  the  grain  diameter  (the  equivalent  volume  diameter)  D;  the  distribution 
of  this  grain  diameter  was  clearly  defined  by  the  geometric  mean  grain  diameter  Dg  tad 
the  standard  deviation  of  In  D  or  In  o,.  The  thtee-rfimensional  analysis  revealed  that  the 
change  of  the  grain  diameter  distiibutioa  of  titanium  during  gram  growth  was  similar  to 
that  of  its  one-  or  two-dimensional  distribution,  which  is  in  contrast  to  the  previous 
result  of  aluminum.  This  im}tiies  that  the  increase  in  Dg  with  annealing  time  is 
analogous  to  that  in  the  one-  or  two-dimensional  mean  grain  size;  such  a  tendency  was 
definitely  supported  by  the  foct  that  the  standard  deviation  of  logarifom  of  the  grain 
diameter.  In  Og,  was  almost  constant 

Intmduciiaa 

The  kinetics  of  grain  growth  have  been  investigated  theoretically  or  experimentally  in 
the  light  of  dunge  in  mean  grain  size  with  time  [1].  Sudi  invortigations  were  on  the 
basis  of  a  prerequisite  that  the  form  of  grain  size  distribution  is  time  invariant  during 
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normal  or  steady  state  grain  growth.  Alternatively,  grain  growth  can  be  described  only 
by  the  change  in  mean  grain  size,  because  the  ^>read  of  the  grain  size  distribution 
normalized  by  the  mean  value  does  not  vary  during  the  steady  state  grain  growth. 
However,  this  is  supported  by  limited  experimental  results  [2-4].  Since  most  of  these 
results  were  obtained  from  tte  measurement  on  two  dimensional  structure  of  the  cross 
section,  the  change  in  three-dimensional  structure  corresponding  directly  to  grain  growth 
was  estimated  insufficiently. 

In  this  study,  the  changes  in  one-  and  two-dimensional  distributions  of  grain  size  are 
investigated  experimentally,  and  moreover,  the  change  in  three  dimensional  distribution 
is  estimated  by  the  method  proposed  previously  [S]. 


F.trprriincntal  Prntxdtirr 

A  commercially-pure  titanium  used  as  the  specimen  was  a  rolled  sheet  of  6mm  in 
thickness.  Chemical  compositions  of  the  specimen  were  shown  to  be  oxygen  of  760, 
hydrogen:  14,  nitrogen:26,  iron:S00  in  ma.ss  ppm  and  Tiibalance.  Rolled  specimens  of 
1.2mm  in  thickness  were  annealed  for  100s  to  lOOks  ar  973  or  1023K  and  then  micro¬ 
structures  of  the  rolled  surfaces  were  observed  optically.  The  shape  of  the  grains  was 
confirmed  to  be  almost  uniform  and  equiaxed  in  all  specimens  after  annealing. 

The  measurement  of  one-dimensional  grain  size  distribution  or  linear  intercept  length 
distribution  was  carried  out  for  tracing  of  micrograph  of  grain  structure  using  an  image 
processor  with  a  microcomputer.  The  data  obtained  were  analyzed  statistically  to 
calculate  mean  value,  standard  deviation,  etc.  The  two-dimensional  distribution  or  grain 
intercept  area  distribution  was  determined  by  weighing  the  tracing  sheets  using  an 
electrical  balance  combined  wiUi  the  microcomputer.  Data  obtained  were  analyzed  in 
the  same  way  to  the  one-dimensional  analysis. 

The  distribution  of  "grain  diameter”,  which  is  defined  as  the  equivalent  volume  diameter, 
was  taken  up  as  one  of  three-dimensional  distribution  in  this  study.  The  grain  diameter 
distribution  was  derived  by  an  estimating  method  proposed  in  the  previous  paper  [S]. 
The  method  was  based  upon  the  theoretical  distention  of  linear  intercept  Icngde 
calculated  numerically  from  a  t^rakaidecahedron  grain  structure  model  with  l^-normal 
distribution  of  grain  diameter.  The  distribution  of  the  grain  diameter  D  was  expressed 
by  Dg  and  In  a ,  where  Dg  is  the  geometric  mean  of  D  and  Og  is  the  geometric  standard 
deviation  for  D.  The  values  of  Dg  and  Ina^  ate  determined  by  apfrfying  the  "decrete" 
least  square  method  to  the  measures  distribution  of  linear  intercept  ksigths  on  the  basis 
of  the  calculated  one. 

Fundamental  expression  of  the  grain  size  distribution  used  here  is  the  distribution  of 
natural  logarithm  of  each  quantity. 


Results  and  Discuision 

linear  Intercept  length  and  Mean  nrain  Intercept  Area 

Figure  1  shows  the  relation  between  the  arithmetic  mean  of  linear  intnoept  length  I  and 
annealing  linw  for  titanium  samples.  The  value  of  f  increases  with  annealing  time  fr>r 
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Fig.  1  The  change  of  arithmetic  mean  linear 
intercept  loigth  /  during  aimealing  at  973K  and 
1023K  for  a  commercially  pure  titanium. 
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Fig.  2  The  change  of  geometric  mean  linear 
intercept  length  during  annealing  at  973K  and 
1023K  for  a  commercially  pure  titanium. 


Fig.  3  Nonnal  i»obabi)ity  plot  of  cumulative 
frequeiiqr  versus  In  /  for  a  commercially  pure 
titanium  annealed  for  lOks  at  973K. 
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Fig.  4  Nonnal  probability  plot  of  cumulative 
frequency  vmus  In  0  for  a  oommerdally  pure 
titanium  annealed  for  lOks  at  S173K. 
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each  sample  with  a  considerable  scatter.  In  goieral,  grain  growth  has  been  expressed 
by  an  empirical  equation, 

(1) 

where  R  is  the  mean  grain  radius,  t  is  the  annealing  time^  and  K  and  n  are  parameters 
depending  on  material  and  temperature.  If  the  diange  in  /  corresponds  to  that  in  R,  the 
values  of  grain  growth  exponent  n  are  retained  as  0.12  at  973K  during  period  from 
lOO-SOOs,  0.44  during  2ks-100ks,  0.30  at_1023K.  Figure  2  shows  the  diange  in  the 
geometric  mean  of  linear  intercept  length  I  during  grain  growth.  The  values  of  n  in 
Eq.(l)  are  0.11  and  0.42  during  reriods  of  lOO-SOOs  and  2ks-100ks,  respectively  at 
973K  and  0.30  at  1023K.  Similar  results  were  obtained  in  Figs.  1  and  2. 

Distribution  of  Linear  Intercept  Lengths  and  Grain  Intersect  Areas 

In  order  to  compare  these  distributions  with  a  log-normal  one,  the  cumulative 
frequences  were  plotted  on  log-normal  prdiability  papers,  as  shown  in  Figs.  3  and  4. 
As  a  result,  the  distribution  of  linear  intercept  lengths  was  found  not  to  be  log-normal. 
This  fact  was  consistent  with  the  results  in  several  studies  [6-8].  It  was  confirmed  that 
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Fig.  S  Examples  of  application  of  the  method 
for  estimating  the  three-dimensional  grain  size 
distribution,  to  a  specimen  series  of  a  com¬ 
mercially  pure  titanium  annealed  at  1023K  for 
various  periods.  Histgrams  represent  experi¬ 
mental  frequencies  and  the  points  denot^  by 
drcles  represent  calculated  ones  used  in  tlw 
estimating  method  [6]. 
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grain  intersect  area  distribution  was  nearly  log-normal. 

The  spreads  of  these  distributions  are  expressed  by  standard  deviations  for  In  /  and  In 
a.  These  standard  deviations  were  regard  as  almost  unchanged  during  grain  growth, 
although  the  distribution  forms  were  alternated  significantly  as  described  above. 

Grain  Siie  Distribution  in  Three  Dimensioas 

Figure  S  shows  examples  of  application  of  the  estimating  method  to  a  series  of  titanium 
samples.  The  Figure  indicates  a  very  good  agreement  between  the  experin^ntal  and  the 
calculated  values  far  each  qrecimen.  Thus,  a  very  good  estimation  of  the  three- 
dimensional  distribution  is  confirmed. 

The  change  in  the  geometric  mean  grain  diameter  Dg  during  grain  growth  is  shown  in 
Fig.  6.  The  value  of  Dg  inoeases  remarkably  with  increment  of  annealing  time  in  the 
range  of  this  experiment  The  n  value  is  derived  0.054  and  0.44  during  periods  of  100- 
SOOs  and  2ks-100ks,  respectively  at  973K  and  0.27  at  1023K.  These  are  similar  values 
to  those  in  Figs.  1  and  2.  On  the  other  hand,  the  value  of  Dg  varied  similarly  with 
annealing  time  and  then  it  became  undianged  or  slightly  decreased.  Thus,  it  is  clear  Out 
the  change  in  three-dimensional  mean  grain  size  Dg  is  different  from  that  in  one-  or 
two-dimensional  mean. 

The  standard  deviations  In  Og  representing  the  ^read  of  three-dimensional  distribution 
are  shown  as  a  function  of  ann^ing  time,  in  Hg.  7.  The  value  of  In  Og  shows  little 
change.  This  means  that  the  spread  of  the  distribution  decreases,  that  is,  the 


Fig.  6  The  change  of  geometric  mean  grain 
diameter  Dg  during  grain  growtt  m  973K  and 
1023K  far  a  commercially  pore  titanium. 
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Fig.  7  The  change  of  arithmetic  standard 
deviation  of  In  D,  In  during  grain  growth  at 
973K  and  1023K  for  a  commercially  pure 
titanium. 


recrystallized  structure  approaches  the  perfeclly-unifurm  one.  The  value  of  In  is 
found  to  decrease  in  the  range  of  short  annealing  time,  and  then  to  turn  to  a  sudden 
increase  when  the  annealing  time  reached  a  level.  Sudi  dianges  in  In  o  correspond  to 
that  in  D.  (Fig.  6).  The  value  of  In  decreases  with  the  increase  in  Dg,  or  increases 
as  the  value  of  stagnates  or  decreases  slightly. 

Summaiy 

(1)  The  one-  and  two-dimoisional  mean  grain  sizes  increased  with  annealing  time, 
while  the  standard  deviations  of  the  distributions  were  almost  undianged  during  grain 
growth.  The  time  dependence  index  of  grain  growth,  n,  was  found  to  be  constant  at 
1023K,  while  it  increased  during  annealing  at  973K. 

(2)  The  three-dimensional  mean  grain  size  Ti  increases  remarkably  with  annealing 
time.  The  tendency  of  the  change  in  for^  was  shown  to  be  similar  to  those  in  the 
one-and  two-dimensional  mean. 
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Abstract 

Beta  to  alpha  transfonnation  in  a  near  8  titanium  alloy  -  the  8-CEZ  -  was  investigated  in  detail 
and  CCT  or  TTT  curves  were  derived.  The  kinetics  and  morphological  features  of  the  phase 
transformations  were  discussed.  Furthermore,  the  effects  of  beta  and  alpha/beta  solution 
treatments  on  the  microstructure  and  tensile  properties  were  investigated  in  older  to  control  the 
stability  of  the  8-phase  and  the  variation  of  die  primary  alpha  phase  amount.  The  age-hardening 
reactions  were  studied  in  the  high  and  low  temperature  aging  range.  Various  phase 
transformations  can  occur  depending  on  the  aging  time  and  temperature.  Aging  curves  of  this 
alloy  are  presented.  The  mechanism  of  the  dmtic  reduction  in  macroscopic  ductility  at  low 
temperature  aging  is  discussed. 


Introduction 

The  8-CEZ  alloy,  which  was  mainly  developed  for  engine  turbine  disk  applications  (1),  is  a 
metastable  beta  titanium  alloy.  These  near  8  alloys  are  heat  treatable  and  &ecp  hardendiie.  A 
wide  variety  of  phase  transformations  and  attendant  microstructures  are  possible  in  these  alloys. 
In  addition,  the  type  of  heat  treatment  plays  an  important  role  in  varying  the  properties  of 
materials.  The  god  of  this  present  work  is  ^t  to  understand  some  effects  of  the  various  heat 
treating  steps  upon  microstructures  (solution  treatment,  quenching  and  aging)  and  then  how 
mechanical  properties  are  affected  by  mictostructural  changes.  Since  the  tranrformations  and 
their  rates  that  occur  during  fabrication  and  heat  treatment  are  dependent  on  conventional  time  - 
temperature  effects,  it  seemed  useful  to  describe  graphically  the  particular  reaction  products  by 
means  of  isothermal  and  non-isothermal  transformation  diagrams  (usually  referred  respectively 
to  as  TIT  and  CCT  diagrams).  Furthermore,  haidenability  and  tensile  tests  were  carri^  out  on 
various  kind  of  heat  treated  specimens  and  correlations  between  miciostructures  and  mechanical 
properties  were  investigated. 


This  work  has  been  realized  in  the  framework  of  "G.S.  Titane  -  Traitements 
Thermomicaniques"  supported  by  C.N.R.S.,  M.R.T.,  D.R.E.T.-D.G.A.,  Aerospatiale, 
C3ezus,  Fortech  Division  Air  forge  Pamiers,  S.N.E.C.M.A.  and  Turbomeca. 

TMonivm  '92 
S6*ne«  and  T«chnobgy 
Edited  by  F,H,  Fro«t  ond  I.  Coplon 
Th«  Min«rot».  &  MolvfioU  Society,  1993 
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Two  alloys  were  siq^lied  by  Cezus  Company,  in  the  fonn  tA  120  and  55  mm  diameter  stock 
bars.  The  theimomechanical  sequence  was  clastdod :  triple  vacuum  arc  lemeldng,  rough  forging 
operation  in  the  B  field,  final  forging  in  the  o/B  field.  Table  I  shows  chemical  conqtosition  ot 
alloys  used.  The  B-tiansus  temperature  is  close  to  890-895'*C.  The  SEM  micn^raph  for 
the  as-received  alloy  1  (Fig.  la)  shows  a  large  prior  B  grain  size  (1150  |w)  with  WidtruuisdUten 
microstructure  due  to  B  annealing  (910°Cy50h).  In  the  as-received  condition,  die  alloy  2  consists 
of  a  fuie  grained  equiaxed  mictostnicture  (Hg.lb). 

Table  I  -  Chemical  comoosition  of  B-CEZ  alloys  used  (wt  %) 


The  trsnsformation  diagraim  ((XT  and  TTT)  were  constructed  by  studying  the  microstructure 
and  by  measuring  the  Vickers  hardness  after  heat  treatment.  The  analysis  of  length  changes, 
perfonned  in  DTIOOO™  dilatometer,  provides  also  a  preferential  method  to  descrite  solid-state 
transformatians  during  heat  treatment. 

The  main  scheme  for  heat  treatments  was  to  study  the  effect  ctf  the  various  processing  stqis 
upon  microstructures,  (i)  The  solution  treatment  temperature  was  chosen  above  and  below  the 
B-transus  temperature  (between  920  and  750°C)  for  OJS  or  1  hour. 

(2)  The  solution-treated  samples  were  continuously  cooled  with  sevenl 
cooling  rates  (between  2.10-3  gn,]  100”Os)  or  isothermally  held  at  the  tenqienture  in  o(B  field 
(between  2M  and  800X^  for  times  up  to  1000  houn. 

(£The  age-hardening  reactions  were  studied  in  the  high  and  low  tenqie- 
racute  aging  range  for  various  times  afier  quenching  fiom  the  solution  treatment  tcnverature. 
Mkrostrucreral  analyses  were  conducted  using  quantitative  OM  and  SEM  or  TEM  observations 
and  selected  area  electrm  diffraction.  Thin-foils  were  produced  b^r  twin  jet  electropolishing 
using  the  conditions  described  by  Blackburn  and  Williams  (2).  Ten^e  tests  were  perfonned  at 
room  temperature  on  round  qiecimens  widi  diameter  of  5  mm  and  gauge  length  of  25  mm. 


a)Aciculard^  b)  Equiaxed  alpha 

Hgure  1  -  Microstructure  of  as  received  B-CEZ :  a)  alloy  1 ;  b)  alloy  2. 


Solution  treatment  controls  the  size,  distribution,  morphology  and  volume  fraction  of  pi  nary  a 
particles  (Fig.2).  In  addition,  this  heat  treatment  controls  composition  and  stttnlity  ot  the  B- 
matrix  (Fig.3).  Recrystallization  and  grain  growth  of  the  Bphase  are  also  influenced  (Rg.4).  At 
920°C,  B-grain  giowdi  in  the  B-CEZ  follows  the  common  relationship :  D  >  K.t°  widi  n  >  0.45. 

It  is  shown  that  these  variations  versus  solution  treating  tenmerature  are  significant  parameters 
for  adjustment  of  he«  treatments  and  therefore  of  mechaniciu  properties,  (janelatkm  between  B 
stability  and  uniged  stren^  is  obvious  in  figure  5.  Hi^ier  solution  treatment  temperatures  lead 
to  lower  <b  amount  The  remaining  Bmatrix  becomes  depleted  in  B  stabilizing  eletnents  (Mo, 
Cr  and  F^and  enriched  in  Al.  This  decreases  the  sttbility  of  the  B-phase  and  enlarges  its  capa¬ 
bility  to  form  stress-induced  martensite  during  testing.  Thus,  B  solution  treatment  results  in  the 
least  stable  matrix  composition  and  highest  UTS/YS  ratio  values  in  the  quenched  and  unaged 
sate. 
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Figure  2  -  Alpha  percentage  as  a  function  of  temperature  and  cooling  rate 


In  figure  6,  ST  ductilitjr  data  (expressed  by  the  elonga^)  are  plotted  as  a  fiuiction  dt  solutioa 
treanng  temperature.  It  is  enlight^  that  thm  is  competition  betvraen  two  nucrosmictural  trends. 
On  the  one  hand,  decreasing  the  amount  of  primary  a  increases  ductility  because  probably  vnd 
nucleation  sites  at  a-8  int^aces  are  fewer.  On  the  other  hand,  recrystallization  and  grain 
growth  of  &-phase  decrease  ductility  because  the  void  growth  rate  in  the  B-mairix  is  larger.Thus 
IS  %  of  0^  particles  is  sufficient  to  pin  B  grain  boundaries  and  provides  the  balance  (x  ductile 
fracture  ($. 
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Figure  7  suggests  that  die  law  of  mixtiBes 
applies  adequately  to  0.2  yield  strengdi  of 
a^uenched  equuuted  mioosinicttiies  (4) 
and  that  the  interaction  term  lo-g^is  aero 
for  this  part  of  the  curve.Thi8  is  depaadent 
on  B-matrix  oirichmenL  In  die  cate  of  the 
B-quenched  condition,  theic  is  a  great 
scatter  in  yield  strength  levd,  which  woidd 
teem  to  be  primarily  due  to  the  onaet  of  a 
stress-inducM  maitfiiiitp  transfomtatinn. 
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Various  phase  transformations  occur  in  B-CEZ  during  cooling  and  therefcae  are  of  particular 
interest  in  determining  the  find  microstiuctuie  and  mechanical  pn^teities  of  the  alloy. 


Types  of  Phases 

In  the  B-solution  treated  and  quenched  condition,  equiaxed  grains  of  metastable  B  are  observed 
metallographically.  In  addition,  evidence  of  athemial  c»-ph^  can  be  seen  on  electron  diffrac¬ 
tion  patterns  (Fig.Sa).  Further  patterns  (Fig.Sb)  reveal  particular  reflections  which  can  be  ex- 
plaiiMMl  by  the  presence  of  martensite  in  this  as-quench^  structure.  The  latter  evidence  is  not 
unambiguous  with  regard  to  its  naode  of  framation.  Tiansfonnation  can  occur  by  quenching  or 
by  applying  a  sufficient  stress  to  induce  martensite  during  thin-foil  preparation. 

When  the  S-phase  present  at  high  temperature  decomposes  via  a  precipitation  on  cooling,  the 
precise  microstructure  devek^ed  deprads  on  a  numbn  of  factms.  The  reaction  involved  in  the 
transformation  from  B  to  cH-B  is  controlled  by  nucleation  and  growth  processes.  There  ate  four 
characteristic  features  of  nucleation  sites  for  a-phase  precipitation. 

-  In  the  case  of  a-t-B  solution  annealing,  nuclei  are  present  in  the  form  of  the  primary  a  and 
transformation  can  occur  by  the  equiax^  a  growing  into  the  B-matrix  (termed  on)-  Observation 
shows  that  a  growing  nodule  is  quickly  established  at  B/S/op  junctions  and  fotnrs  a  typical  out¬ 
growth  from  which  it  follows  that  the  diffusion  is  predominantly  along  B-grain  toundaries 
ffig.9a). 

-  There  is  always  a  preferential  formation  of  a  at  the  prim  B-grain  boundaries  (termed  ogb)- 
Nevertheless,  several  types  of  grain  boundary  a  precipitates  can  be  found :  continuous  layers, 
sontetimes  very  fine,  or  a-allotrionxrrphs.  Opticd  observations  show  that  the  a-allooiomorph 
can  simultaneously  nucleate  at  several  sites  along  the  B-GB,  dqrendiog  on  orientation  relation¬ 
ships  with  the  B-matrix  grains,  and  then  ^w  with  the  same  typical  geometric  morphology 
(Ftz.9c).  One  of  the  most  notable  features  is  that  often  planar  facets  are  present  at  grain  boun¬ 
ds^  from  which  it  follows  tiuu  tiiese  interfaces  are  coherent  In  addition,  the  B-gi^  boundary 
is  displaced  during  the  precipitation  process  (Fig.9c).  By  analogy,  this  defle^on  might  be 
described  by  a  "pucker"  mechanism  (5)  devised  as  a  nucleation  proc^  of  the  cellular  reaction. 

-  The  third  nucleation  site  is  active  upon  extant  o/B  interfaces  (termed  aw(CB)).  Precipitation  of 
Widmanstiitten  opiates,  described  as  secondary  side|tiates  in  the  Ehibe  moq>hoiogical  classifica¬ 
tion  system  (6),  occurs  on  the  oqb  precipitates.  Observatiems  (Fig.9d)  show  that  often  these  o- 
sideplates  fiom  o-allotriomorphs  selectively  grow  into  one  of  the  two  adjoining  B-grains,  in 
agreement  with  published  results  (7).  On  the  other  hand,  the  continuous  o-layer  in  the  grain 
bwndaries  grows  sideways  and  forms  a  "saw  tooth  type"  tnotphology  (Fig.9b)  probably  con¬ 
trolled  by  die  diffusivity  of  alloying  elements  (8).  Thus,  it  results  in  a  WidmanaUen  structure. 
In  addition,  acicular  a-phase  can  nucleate  at  ^ap  interface  and  then  form  a  pecular  shape 
(Fig.9e).  Thus,  it  is  apparent  that  there  is  modification  of  nucleation  scenario  during  cottiing. 


a)  <1 10>B  aone  axis  (and  schematic)  b)<lIl>Baoneaxis(andacliemaiic) 

Figure  8  -  BCEZ  alloy  quenched  from  B-field  (920°C/4IV  WQ).  SAD  patteim 
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and  sub-gnin  boundaries  are  initiators  of  the  a-nudeatum  process.  Very  fine  pce^tatcs  resuk 
fiom  nucteatkMi  and  povvdi  on  arystaQognq>hic  planes  of  the  nxiastable  ft-malrix  (Rg.9f). 


CXn*  curves  for  B-CEZ  have  been  accurately  constnicted  (Fig-lO)  for  specimens  heated  initially 
into  the  all-B  field  (920*Cy30Diin)  or  hi^  in  the  a-«4  field  (820kVlh).  These  indicate  various 
schenys  of  a-precipitadon  during  continuous  coding  and  delineate  the  areas  of  specific  a- 
nudeadon  features. 

Hgure  2  illustntes  the  spidicadon  of  vdume  fraction  measurenoents  to  characterize  die  kinetics 
of  B-decotnposition.  Metallographic  sam¬ 
ples  corresponding  to  various  coding  rates  *  '  . ^  ‘  “ . ; 

were  characterized  using  a  SEM  interfaced  *  (sUoy2)  ' 

with  an  image  analyzer.  Evaiuadon  of 

kinetic  reaction  parameters,  as  activation  £  ^  ’  e 

energies,  could  be  based  on  this  « 

quantitative  analysis.  9  2  •  « 

Another  quantifying  {Miameter  to  under-  ^  ,  1 

sund  how  heat  treating  changes  affect  ^  ^  o  o 

micTOstructure  is  the  width  of  the  a-  o'  y*  . . *  »««■“»«  * 

lamellae.  Figure  11  depicts  die  relationship  ^i.—  .w 

between  wi^  J**®  o-lamell«  and  die  Rgure  1 1  -  Width  of  a-lamellae  vs  coding  rate 
cooling  rate  foom  the  B-phase  region. 
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The  TTT  curves  for  the  alloy  B-solution  annealed  (Fig.  12a)  were  derived  Cma  hardness  data 
^g.l2b),  dilatometiic  analysis  md  metallr^iqihic  examiiiations.  These  delineate  the  same  pre¬ 
vious  areas  which  summatia  die  possible  decomposition  processes  in  continuous  coding  The 
minimum  incubation  time  (12  s)  and  maximum  velocity  is  realized  at  570^C  correqioiidiiig  to 
the  a-piecipitation.  The  low  tenqierature  minimum  (close  to  350^Q  is  due  to  the  isodiermal « 
transformation.  Then,  the  u  a  transition  fmms  very  fine  and  uniform  a-phaa  and  the  two 
phases  can  coexist  for  some  period  of  time.  The  same  low-iemperatuie  sequence  of  transforma¬ 
tions  would  te  dso  invdved  during  various  rate  heating  of  quenched  alloy  to  the  aging  lempe- 
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iBtint.  Hgine  13  shows  dilaiomeiiic  changes 
in  the  process  of  heating.  Adiennaal 
is  decomposing  early  during  heating 
(150°C).  At  higher  temperatine  and  low 
heating  rate,  two  transformations  can  be 
disceri^  associated  with  a  decrease  and 
then  an  increase  of  relative  length,  due 
reqtectively  to  the  isothermal  w-phi^  and  a- 
phase  precipitations.  This  structural 
interpretation  is  supported  by  electron 
diffr^on  data.  Figure  14  shows  thu  wuq 
and  a-phases  are  presoit  for  the  S^C/min 
heating  rase  to  3S(FC  aging  tempenture. 
son 

by  isochronal  aging. 


a)  <110>S  acme  axis  (and  schematic)  b)<lll>8  acme  axis  (and  scfaemaiic) 

Figure  14  -  B-CEZ  alloy  quenched  6om  B-field  and  aged  (3S(FC  /  Imin).  SAD  patterns 


The  aging  responses  of  S-CEZ  were  determined  in  the  temperature  range  350  to  650^  The  HV 
hsidness  response  in  each  case  is  presented  in  Figioe  IS.  At  580  and  6S0°C.  the  alloy  shc^  an 
initial  rapid  luadening  reaction  toeing  place  wimin  a  few  minutes  but  then  overages  with  the 
coarsening  of  a-plaies.  In  this  case,  Umw  aging  tenyerature  leads  to  higher  peak.  At  low  tem¬ 
peratures  (350-550^,  the  aging  kinetics  are  slower.  The  times  required  to  teach  the  maximiim 
hardness  increase  with  decreasing  temperature.  The  B-phaae  of  the  ^tecimen  sdution-tteated  m 

the  Held  is  more  stable  for  the  existence  of  the  op-phase  and  ^  hardening  response  is 
slower  and  slightly  less  pronounced.  The  initial  heating  rate  has  a  significant  effect  tm  subse¬ 
quent  aging,  patticularily  in  dm  tenqterature  range  350-550^ :  extremely  fines  piec^taies  are 
obse^  for  low  heating  rate  due  to  the  precursor  w-phase  pteciintalioa. 

Hardening  at  35(FC  aging  temperature  of  specimens  sduiioii-trMied  in  the  B-fieU  at  920^  and 
water-quenched  leads  to  die  emluittlement  of  the  alloy  1  during  subseqimt  cooUng.  Undoubte¬ 
dly,  the  embrittlemeat  and  no  jdastic  ductility  ate  common  process  oocuring  in  the  hardened 


(a-f B)  high  alloys  during  low  aging  (9).  This  Imttle  behavior  after  3S0°C  aging  treatment  de¬ 
pends  on  specimen  section  size  and  ^grain  size.  The  occurrence  of  cracking  is  related  to  the  a 
fine  and  Mjso  precipitation.  This  decomposition  involves  anisotimy  of  the  thermal  expansion 
and  elastic  moduli,  great  increase  in  Young's  modulus  (E<i»-2Eb  (10)),  dilatometric  effect 
(contraction),  strengthening  of  the  B-matrix,  inhomogeneous  slip  distribution  due  to  intense  slip 
bands  and  pile-ups  at  grain  boundaries.  ’The  gene^  features  of  resulting  fracmgrqihy  are 
intergranular  fracture,  microvt^  coalescence  and  transgranular  cleavage  appearance  (Fig.  16). 
Thus,  the  drastic  reduction  in  tnaciosct^ic  ductility  at  low  temperature  aging  results  from 
double  effects.  The  presence  of  non-unifimn  volumetric  changes  in  the  specimen  may  give  rise 
to  thermal  and  structural  stresses.  In  addition,  local  stress  concentration  resulting  from 
inhomogeneous  distributed  slip  bands  piling-up  against  grain  boundaries  may  reach  the  critical 
value  to  crack  nucleation  for  dw  age-haidened  conations  investigated  in  this  study. 


Figure  16  -  Scanning  microscopy  of  tensile  fracture  surfaces. 

B-CEZ  alloy  qnendied  from  B-field  and  aged  at  35(fC :  a)  1  min ;  b)  30  mia 
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Abatrael 

An  electron  beam  evaporation  and  vapour  cpjencHng  route  has  beeif  used  to  make  thick  deposits 
of  titanium-magneskim  and  tKankim-calcium  aloys.  Alloying  UMnium  wth  these  aNcatt  metals  is  not 
possible  by  conventional  ingot  mefalurgy,  due  to  the  low  meidng  points  and  high  vapour  pressures 
of  the  alloy  additions.  Magnesium,  tar  eKBmple,  bols,  at  atmospheric  pressure,  below  the  malting 
temperature  of  titanium.  A  fiM  range  of  solid  solution  ttanium-magneslum  alloys  have  been  pro¬ 
duced,  and  a  microhardness  and  TEM  study  has  been  carried  out  on  Ti  4wt%Mg  alloy  aged  at 
600°C.  An  appreciable  increases  in  hardness  has  been  found  to  be  associated  with  both  magnesium 
and  MgO  precipitation . 


Intmdudlso 

Conventional  tlianium  alloys  derive  their  strength  mainly  from  solid  sdution  hardening  or  micro- 
structural  hardenirrg.  MIcrostructural  hardening  Is  achicrred  by  creating  a  dupleK  microstructure, 
usually  by  the  precipitation  of  beta  from  Utanlum  martensite,  or  the  predpilation  of  alpha  from  beta. 
Dispersion  strerrgthenhrg  of  titanium  oilers  the  potential  for  room  temperature  and  elavatsd  tem¬ 
perature  property  Improvements.  Although,  scma  hardening  of  corrventlonal  titanium  altays  has 
been  derived  from  predpilation  of  compounds  such  as  TIsAI,  TKiz  or  TisSis.  altacOi/a  dispersion 
strengtherring  has  only  been  exploked  In  one  commercial  titanium  aloy,  binary  ttanium-copper. 
where  a  irMderate  age  hardening  rasportse  is  achieved  by  the  predpilation  of  Tl2Ca  The  tem¬ 
perature  range  of  this  aloy  is  restrtated  to  below  3S0°C. 

Much  recent  work  has  focussed  on  dispersion  strengtherring  of  rapMy  soNdinod  powder  metalhjrgy 
titanium  alloys  with  rare  earth  oxides.  Srrral  amounts  of  yttrium  or  erbium  added  to  corrventlonal 
ingot  metalrirgy  titanium  had  been  shown  to  produce  line  dispersions  of  tare  earth  oaddes  by  irttomal 
oxidation.  However,addltlonsoflargeramounlsofthesaaiemantsrasuRadlncoarae(>  lpm)brtlie 
predplales  of  £1263  or  Y2O3  (1].  Rapid  sdldMcation  has  boon  donronstratod  as  a  route  to 
producing  dispersion  strengthened  titanium  aloys  wlh  up  to  lat.%  rare  earth  arMWon.  However. 
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diniculties  remain  over  the  consolidation  of  liquid  quenched  products,  such  as  splats,  powder  or 
ribbon.  Also,  tare  earth  eleinaias  are  extremely  expensive,  and,  with  the  exception  of  scandium 
oxide,  an  the  rare  earth  oxides  have  a  greater  density  than  titanium. 


Thermodynamic  considerations  suggest  that  oxides  oi  the  alkali  metals  Ca  and  Mg  may  be  stable 
in  solid  titanium  at  elevated  temperatures.  The  equMbrium  sdubllty  of  both  elements  in  titanium  is 
very  low  (<<1  At%),  no  IntennetaWc  compounds  are  formed  In  the  binary  systems  [1]  and  at  low 
temperatures  the  free  etwrgies  of  formation  of  their  oxides  are  each  more  negative  than  for  the 
formation  of  TIO2.  However,  practical  problems  have  hltheito  precluded  the  introduction  of  these 
oxides  as  a  fine  dispersion  In  titanium.  The  very  high  vapour  pressures  of  these  elements  compared 
with  that  of  titanium  makes  mixing  these  aloy  additions  wM  titanium  in  the  liquid  state  vktuaNy 
impossible  and  calcium  Is  probably  knmiscible  with  titanium  In  the  liquid  state. 

Work  by  Petrova  etal.  (3]  on  the  extrusion  of  powder  compacts  consisting  of  mixtures  of  titanium 
and  various  oxide  powders  has  confirmed  that  both  CaO  and  MgO  we  reasonably  stable  In  tHanium 
at  elevated  temperature.  Some  chemical  reaction  was  obeenred  between  the  titanium  and  MgO 
after  heating  and  extrusion  at  1050°C.  This  was  accompanied  by  an  increase  In  the  matrix  micro¬ 
hardness,  presumably  due  to  partial  dissolullon  of  the  M^.  No  reaction  or  matrix  hardness  increase 
was  observed  for  CaO  at  this  temperature. 

The  production  of  Tl-Mg  and  Ti-Ca  aSoys  by  a  vapour  quenching  route  has  been  described  [2].  In 
this  paper  the  microstructure  and  ageing  behaviour  of  these  alloys  are  described. 


ritanlum-magnesium  artd  tlianium-calcium  aloy  depoelte  were  made  by  E6  evaporation  and 
mixing  of  vapours  before  conderaation  on  to  a  heated  metal  substrate.  The  electron  beam 
heated  rod-fed  titanium  source  was  corwirinad  In  a  water  coaled  copper  crucUe.  and  the  radi¬ 
antly  heated  magnesium  source  was  positioned  around  and  above  the  Ulanium  source  The 
resultant  deposits  were  up  to  8nwn  thick,  and  100mm  In  diameter.  Aloy  composUon  was 
determined  by  electron  probe  micro-analysis  (EPMA),  using  a  Cambridge  Instruments  Microscan 
9,  and  confirmed  by  wet  chemical  analysis.  Microhardness  was  carried  out  with  a  pyramidal  dia- 
mond  microhardness  Indentor  at  80g  toad. 


Microhardness  of  the  as-deposited  Ti-Mg  aloy  after  exposure  at  eoo^  In  air  or  in  vacuum  is  shown 
In  Fig.  1.  The  hardness  In  vacuum  doubled  after  l/2h  but  then  remained  unchanged  up  tot  Oh.  The 
correapoixllng  hardness  curve  for  an  unaloyed  tkanhim  deposR  was  ailghily  lower  than  for  the 
Ti-Mg  aloy  after  l/2h  and  was  unchangad  after  lOOh  at  7D0*C.  These  results  suggest  the  MUai 
Increasa  In  hardness  was  caused  by  oxygen  present  In  the  porous  deposis  and  no  oxygen  pick-up 
occurred  In  the  vacuum  envkonmenL 

The  deposK  porosHy  was  eUnlnated  by  pressing  at  600%.  Pressing  in  vacuum  increased  the 
hardness  to  about  3S0VPN,  but  after  lOh  in  vacuum  the  hardness  decreased  to  the  value  for  the 
corresponding  os-deposlsd  material  heated  In  vacuum.  The  higher  Mdal  hardness  is  attrtouted  to 
the  worked  microstructure,  which  recovers  at  600%. 
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For  the  Ti-Mg  alloy  exposed  in  air  in  the  as-deposited  or  pressed  condition  nrwxrfi  higher  hardness 
values  were  obtained.  The  material  pressed  in  \mcuum  artd  subsequerdy  exposed  bt  air  did  not 
exhibit  the  softening  found  for  the  vacuum  annealed  specimen.  When  the  results  for  the  Tl-Mg  alloy 
are  compared  with  those  for  the  unaloyed  titanium  deposit  It  Is  dear  that  the  hardening  is  much 
greater  for  the  Tl-Mg  alloy  in  an  oxygen  envIronmenL  The  hardening  does  not  therefore  appear  to 
be  caused  solely  by  oxygen  in  sduUon  In  the  titanium  lattice. 

The  as-deposited  Ti-Mg  aNoy  microstructura  was  characterised  by  columnar  grains  vdth  a  diameter, 
parattel  to  the  substrate,  of  <  lOOnm  as  shown  In  Flg.2(a);  In  this  state  X-ray  data  Indicated  al  the 
magnesium  was  in  solid  solution  [4].  No  predpttates  were  detected  but  the  high  density  of  dMo- 
catlons  prevented  high  resolutfan  studies.  Energy  dispersive  spectroscopy  (EDS)  showed  the 
as-deposited  material  contained  titanium  and  magnesium  only  (Fig.2(b)).  An  aRoy  depositad  at 
200°C  and  aged  In  vacuum  at  600%  showed  evidence  of  particles  at  grain  boundaries.  The  larger 
particles  appeared  to  be  cuboids  with  edges  about  200itm  loitg.  These  particles  were  Identified  by 
electron  diffraction,  EOS  and  electron  ettergy  loss  spectroscopy  (EELS)  as  MgO  (Fig.3). 

An  alloy  deposited  at  300%  and  pressed  in  vacuum  arhibited  a  mixture  of  residual  columnar  grains 
and  recrystaHrsed  equlaxad  grains  with  grain  diameters  in  the  range  lOtMOOnm  (Fig.4);  in  the  latter 
the  preferred  orientation  was  less  marired.  In  thin  fols  prepared  by  ion  bombardment,  smal 
SO-t  OOnm  diameter  particles  at  the  grain  boundaries  were  Identified  as  pure  magnesium.  The  fols 
were  then  thinned  further  by  etoctropolishing,  which  produced  a  cleaner  fol  surface  but  the  Mg 
particles  at  grain  boundaries  were  etched  out  as  shown  in  Flg.4.  At  higher  magnification,  precipitates 
I0-20rtm  diameter  were  visible  within  the  grains  and  predpltate  free  regioits  ware  present  along 
grain  boundaries  (Fig.S).  Some  precipitates  shewed  displacemeia  fringe  contrast  and  had  a  hex¬ 
agonal  shape  (see  Insert  In  Fig.S).  No  oxygen  was  detected  by  EELS.  Selected  area  dHraction 
(SAD)  patterns,  from  an  area  conurining  small  particles,  agreed  vWh  computer  simulated  patterns 
generated  for  a  titanium  lattic^conlaining  epitaxially  related  magnesium  precipilates.  An  example 
corresponding  to  the  <2TTo>  zone  axis  i^shown  In  Flg.6:  the  epiiaxW  relalionship  was 
{0001  }TI//{0001  }Mg  and  <1  120>T1//<1  I  20> Mg.  Further  studies  confirmed  these  resuRs 
[S]  and  observations  of  the  particle  shape  during  rotation  aboU  the  <0001  >  axis  indicated  the 
partfde  was  egg-shaped  with  ma(or  axis  paraM  to  <0001>. 

A  TKCa  alloy  in  the  as-depositad  state  showed  Iwge  variations  In  Ca  content  and  it  was  not  possUe 
to  obtain  evldeix»  of  solid  solution  formation  using  X-ray  lattice  parameter  data.  In  a  thin  fim  a 
grain  cortalnlitg  about  9wt%  Ca  showed  no  coarse  paiticies  (6]  but  very  smal  particles  were 
detected  sknlar  in  appearance  to  those  found  in  the  Ti-Mg  aloy  (Figs.7a-b).  This  suggests  that  Ca 
can  be  retained  In  solid  solulion  or  predpllaled  as  smal  potlicies  simlar  to  Mg  in  TVMg  aloy. 

ni«M wlww  ranchwlnw 

The  experimental  data  suggest  that  Ti-Mg  and  Tj-Ca  soMd  sdutlons  can  be  produced  by  vapour 
queiwhing.  These  solid  solullons  degrade  by  predpftatlon  of  very  smal  pamdes  of  Mg  or  Ca  In  the 
grains  orxf  (In  the  absence  of  oxygen)  of  larger  particles  at  gmln  boundaries.  The  mMI  between 
the  doee  podred  lattice  planes  and  directions  Is  much  greater  lor  Ca  03-38%)  than  for  Mg  (9-1 1%) 
and  is  partlculatly  smaM  for  MgO  (1 -4%) .  These  misfits  are  less  than  for  the  9  "  phase  In  Al-Cu  aloys. 
The  Hume-flothery  atomic  aba  fador  is  also  smal  lor  Mg  in  Tl  which  is  consistent  with  the  shsyre 
of  the  Mg  predplate.  Portidas  of  Ca,  Mg  and  MgO  may  therefore  be  coherent  or  seml-coheretit 
suid  give  rise  to  age  hardening  In  Ti.  The  evidanca  suggests  that  MgO  may  be  a  very  effective 
dispersed  phase. 
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The  effect  of  heat  treatment  is  probably  dependent  on  both  deposition  temperature  and  ambient 
oxygen  concentration.  The  pores  in  the  deposits  increase  and  become  interlinked  with  decreasing 
deposition  temperature.  The  oxygen  present  In  the  pores  alter  exposure  to  air  wll  be  gettered  by 
Ti  and  the  solute  during  subsequent  anneals  and  lead  to  solid  solution  hardening  in  the  titanium 
and  to  the  formation  of  MgO  grain  boundary  partides  In  theTi-Mg  alloy.  This  may  be  the  cause  of 
the  initial  increase  In  hardness  in  as-deposited  or  pressed  material  in  vacuum.  This  Initial  increase 
was  greater  for  the  Tl-Mg  deposit  than  for  the  Mg-free  TI  deposit.  Isothermal  anneals  in  vacuum 
had  little  effect  on  subsequent  hardness.  The  hardness  increases  for  the  Ti-Mg  alloy  in  air  were 
significant  and  depended  on  compodtion  and  ageing  temperature.  The  precise  role  of  Mg  emd 
oxygen  in  the  hardening  of  the  alloys  is  not  yet  clear. 


The  authors  wish  to  acknowledge  Mr.I.C.Wailis  who  carried  out  the  heat  treatments  and  hardness 
tests. 
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Figure  2(a)-  Figure  2(b)- 

Transmission  electron  micrograph  (TEM)  ot  as-de-  Energy  dispersive  spectrum  from  grain  (A)  in  Fig. 
posited  Ti-7wt%  Mg  alloy  (collector  200°C).  2(a). 


Figures-  (a)  TEM  (b)EDS(atA)  (c)EELS(atA) 

(a)  TEM  of  Tl-4wt%  Mg  (collector  200°C)  aged  in  vacuum  for  30  mins  showing  MgO  particles  at  A  (inset 
shows  SAD  pattern  Identified  as  [001]  zone  axis  of  MgO),(b)  Energy  Dispersive  X-Ray  spectrum  (EDS) 
from  large  MgO  particle  (A).(c)  Electron  Energy  Loss  sp^rum  (EELS)  from  large  M^  particle  (A). 


TEM  from  Tl-4v*t%  Mg  alloy  (tMllector30(rC)  High  magnfflcation  TEM  from  pressed  TMvrt%  Mg 

pressed  In  vacuum  and  electropollshed  8fx)wrlng  alloy  showing  fine  scale  precipitation  (arrowed), 
grain  size  and  holes  due  to  Mg  dissolution.  precipitation  free  zone  at  grain  txxmdaries  (A)  and 

hexagonal  shape  of  precipitates  (inset  arrowed) 


Selected  aiM  dWracllon  pattern  Including  precipitate  In  TIA»g  tfoy  a)  pattern  b)  shnulatod  SAD  For  Tl 
lattice  with  Mg  precipitate. 
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A  range  of  thanhim-magnesiufn  alloys  have  been  produced  by  an  evaporation  and  vapour  quenching 
route.  At  least  28  wt%  Mg  was  retalnad  in  solid  solulion,  and  grain  sizes  were  In  the  rartge  I00-200nm. 
DIute  Tl-Mg  alloys  deposited  onto  a  substrate  at  200°C  md  heat  treated  In  the  range  up  to  TOITC  showed 
very  substantial  hardening,  probably  due  to  predptation  of  MgO.  Alloys  corttMng  20-30  wt%  Mg  pro¬ 
gressively  decomposed  on  heat  treatment  to  magrresium  and  titanium. 


A  reductlan  in  density  of  titanium  aSoys  is  extremely  attractive  for  aeroepaceappllcatians.  However,  of 
the  possMe  substitutional  aHoy  addRnna  with  densitlee  lower  than  dtanium  o^  aluminium  and  sWcon 
are  avalable  as  solid  solution  addWorts  via  conventional  Ingot  metalurgy.  Other  light  elements.  Hsled  In 
Table  1.  are  either  highly  volatle,  or  have  nedigStle  equMbrium  sotuElity  m  titanium.  Magneeium,  at 
atmospheric  pressure,  bols  at  a  temperature  Mow  me  melting  temporahae  of  tkanlum.  umKed  data 
avalable  for  the  titanium-magnesium  system  is  based  mainly  on  dlluHon  couple  worK  and  mote  recent 
work  on  mechanical  alloying  [1-5]. 

In  this  study  a  rapid  soUdMIcatlon  route  has  been  used  to  produce  titanium  magneeium  aloys  ranging  in 
composition  from  &<0wt%  magneeium,  and  up  toBmm  In  thictoiese.  Magnesium  It  parttciwyattnKave 
as  a  solid  solulion  aloying  addnon  fbr  tHankim,  because  >  hae  a  low  denety,  me  aame  crystal  sbuctue 
as  tNanfum,  and  Hume  Rothery's  atomic  sizs  (actor  criterion  suggeals  that  scud  aoliJbMy  Is  favourable, 
and  moreover  the  electronegativliy  and  valency  crteria  suggeat  that  compound  formation  Is  unlikely. 
Previous  studies  have  confirmed  that  no  compounds  are  found  In  the  TMMg  system  [88]. 

A  physical  vapour  deposition  (PVD)  technique  has  been  devalopad  eMch  enables  MgnMcart  magnesium 
sdn  solublliy  to  be  adamed.  A  prevkHis  paper  [8]  descrtiad  Ihs  production  of  Tl-Mg  aliora  by  this 
method,  and  discussed  possible  errors  In  the  Interpretation  of  wnce  parameter  dam  pubRshad  lor 
mechanically  alloyed  material. 

In  this  paper  evidence  wR  bo  presantod  lor  ful  aoNd  soiubllty  of  magnaelum  in  ttankim  up  to  27  wt% 
magnedum  and  above  52  wt%:  kxlexlng  of  diffractometer  traces  for  afayem  me  range  between  27  wt» 
and  52  wt%  mameslum  was  not  possnie  due  to  peak  broadening  and  a  consequent  lack  of  reeolutlon 
between  peaks.  The  effect  of  heat  treatment  on  the  titanium  magnesium  aloyewll  be  InveatigaMd. 
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TKanhim-magiiesliim  alloy  dMoats  mn  made  by  EB  awaporailon  a(  ttanhjm  and  magnealum  from 
separata  aoutces  and  mbanQthavapouribafatacondanaallonontoahiatadfnalalaubatiatamalnialnad 
at  200°C.  The  eo<patlnianlal  arrangamant  la  Bualtalart  achamadealy  hi  Rg.i.  Tha  alactron  beam  heated 
rocMad  ttankim  aourca  waa  conlalnad  In  a  walar  eoolad  coppar  crudfala.  and  the  radtandy  haaead 
magnesium  aoufcavraapoaMonad  around  and  abowa  tha  ttawiimaourea.  Tha  raatdiantdapowawew 
up  to  8  mm  thldc,  aitd  too  mm  In  diarnalar*  Moy  oompoadlon  waa  datacminad  by  alaraion  proba 
micrchanalyais  (EPMA),  using  a  Cambtidga  Inatrumanla  MIctaacan  8,  and  conllimad  by  vrat  chemical 
analysis. 

LaltlcapaiamalewwswdatennlnadbyX-raydlltaetlon(XRt^uslngCuKn  radlallonowsrthaangiiar 
rwiga  2S-14S*  20,  In  a  PhMps  PW1060  X-Ray  OMractomatar,  and  paak  poaUons  ware  datarmlnad  using 
tha  second  dadvaHwe  method.  Peak  poakkina  wara  subaaquaraiy  uaad  In  a  laasi  aquaras  laflhamant 
method  to  obtain  tha  a  and  e  Miloo  paramaiars.  Tha  crystaaognpMc  taaiurae  wan  maaaurad  by  Cu  Ka 
radlatkm  on  an  automatad  texture  gonkmaiar,  up  to  a  maximum  tit  aniye  of  86*.  Al  X-ray  daiamilnallons 
ware  carried  out  on  iQxtOmm  sampiaa,  grou^  back  appraodmataly  O.Smm  from  the  final  surface,  and 
polishad  parallal  to  the  deposklon  parw.  Microhardness  tasting  was  canted  out  wth  a  pyramidal  (fiamond 
mlcrohardnasa  Mentor  at  80g  load. 


A  sortea  of  dapoaks  vwre  producad  wfih  compoaklona  in  tha  range  ORO  «d%  magnealum;  al  ware  afighfiy 
porous,  wkhdanakteaolabout  90%.  Mawlnaaataatfaatfita(Flg.2)suggaalad  soma  sofidsolullonhardaning 
In  tha  tangs  4-1 S  vik%  magnealum . 


Maiallogtaphic  examination  of  tha  aa<teposkad  aamptea  under  polatlaad  IM  showed  graina  elongated 
In  the  deposition  ditaction  (Flg.3a).  A  0.5  h  vacuum  anneal  caused  tactysttiisailon  of  a  magnaslum-ftaa 
dapoak  at  a  temperature  bahreanStXfC  and  800^  (FtgJb),  which  Is  conalstarewkh  tha  tactytitaklaslinn 
temperature  ot  about  aiXfC  for  convanUonaky  produced  pure  tkanlum  [7].lncotataat,a4wt%Mg-Tlaloy 
showed  rwootlreatite  change  In  mlcroetructure  up  to  7txrC(fi0.4c).  Akhough,  soma  magnesium  was 
losi  during  heat  trsabnert,  this  affect  was  confined  to  aRhIn  a  tew  microna  of  tha  sutlBca.  and  throughout 
tha  aampte  the  magnesium  concentrallon  waa  apparently  sufficient  to  itebfilee  tha  grain  steal  For  afioya 
containing  more  than  about  20  wt%  Mg  heat  treatment  above  500*  reacted  In  severe  dtetortlon  and  soma 
cracking. 

A  tranamisaion  etectron  micragraph  hom  a  TVt5  wt%  Mg  afioy  (Fig.4)  ahowsd  a  vary  amai  grain  stea  b> 
the  rangs  I00-200ran  and  a  raw  dtelocatton  darteky.  there  was  no  evidanca  of  second  pteea  partictea 
and  afima  grains  gave  selacted  area  dkbactlmpaBwnaconeapondkig  to  an  hop  teMca. 


X-ray  rfilbytomrear  tyea  for  aa-dyosked,  0  wt%,  4wt%,  t7vw%,atxf  80  vdTk'ITMgafioy  are  shown 
in  FIgR.  Thaae  show  tkanlum  peaks  dteptacad  to  krarer  2Q  aniyae  wkh  fcKreasing  magnealum  content, 
MMdng  an  kicreasa  In  tha  tnnium  tefflco  paremelara.  Tha  ma(oilfy  of  the  peon  coud  be  fined  to  an 
hep  etnjcture  although  soma  apurlouepeMa  were  ktentfitednorlubMitlng  bore  Wtacontemlnsklon  of 
the  X-ray  tube;  then  are  labsfiedirr  the  figure.  No  other  dfifiactlur  >  j>eaka  were  detactraf  ag.  at  M  20 
anten  correapondkrg  to  pure  magnesium,  and  there  wn  no  eMdenoa  for  the  foe  phan  reported  In 
macharfieafiy  afioyedrl-Mg  materW  (5]. 

It  was  noted  bom  tha  X-Ray  traon  that  most  peaks  were  broad,  sepocWly  at  high  20  angtea  Thta  Is 

pf008Diy  OU9  lO  iMn  nijjffi  ^xvoCmBO^  oveiSnyi  sIQIR  sWBUV  wDoMs  flno  Sosbi  QWin  i  rmridst  of 

peaks  dacrerraed  wkh  krcreaabrgmagnaalumcontara.  poaskilyrfua  to  compoeWtonal  vartaBon. 

LaMcapanmelere  for  afi  tha  aloys  are  given  Id  Table  2,  araf  are  preaantedgrephlcaly  In  Flg.6.  Errors  In 
a  and  0  parameters  are  of  the  otdar  of  0.001a  and  0.004A  raapwitesly  for  pure  tkaraum,  ktpreaalng  to 
0.002A  and  0.006A  roteteo^ely  for  the  Tl^  afioya  The  tettoe  dkillon,  teoathar  wkh  the  abeenoe  of 
•ocond  phMO  poilictoi  inttwm  dopooiitd  tflnfinrit  (1^/^).  is  oofwiMnlwih  dittw  inognMium  bolng 


prasent  In  solid  solution  In  an  hep  titanium  lattica.  it  is  dear  from  F)g.6  that  the  data  were  subject  to 
consktetable  scatter,  and  that  consequently,  changes  in  lattice  parameters  due  to  magnesium  in  solid 
solution  are  not  discernible  below  about  10  wt%  Mg . 

Interstitial  aloying  etements,  such  as  carbon  and  oxygen,  also  Increase  Ulanlum  lattice  parameters  [8]. 
These  elements  lead  to  a  rapid  increase  In  the  hardness  of  Utanium  [7,9].  Oxygen  anal^  of  an  as-de- 
poaltedtkanlum  sample  without  ntagnoahimgaweabulk  axygsn  level  of  aeoo  ppm  (by  wem).  The  oxygen 
contents  required  to  produce  the  lattice  paiwneiers  of  the  mUg  alloy  deoodb  gr^  In  Table  2  would.  If 
present,  give  dee  to  haidness  values  much  greater  than  the  measured  nardneeses.  Hardness  tests  of 
as-depoMled  afciys,  shown  In  Flg.2,  show  a  maximum  hardness  of  about  300  VPN  The  above  restAs 
Indicde  oxygen  was  not  reeponuble  for  nxMt  of  the  Increase  In  the  tKanhim  lattice  parameters. 


All  the  deposits  showed  a  rtxxierate  to  high  intensity  of 


.  crystalographic  textu 
figures  for  six  representative  alloy  composloons  are  shown  In  Flg.7.EXMnlrMtlon  of  these  figures  togdher 
wllh  data  for  the  other  compositions,  snowed  that  the  texture  depended  on  composition,  vMh  basaTpolrw 


texture.  The  basal  plane  pole 


f  that  the  texture  depended  on  composition,  vvhh  basafpolrw 
iltothesubstrate(basel-edge)ornormaltothe8ubetrMe  (basal  normal)asthecompoeMonchanged 
from  no  magnesium  (weak  basJ-edqe),  o.s-i.S  wl%  (basM  rionnal).  A-Xt  vwss  (bassil  edge)  and  52-80 
wt%  (basaf-rtorTTMl).  The  basal-rKxmal  texturee  had  rotsllortal  symttiatry  about  the  depoeiion  direction, 
whereas,  the  basal-edge  textures  had  a  much  greater  concentration  of  (1 120)  poles,  rather  than  (1010) 
polee,  ki  the  daposMon  direction. 


Heat  treatments  have  bean  carried  out  on  the  atoys  listed  In  Table  2  up  to  27  wt%  magnesium  ovarthe 
range  200-700%,  for  periods  of  30  ndhules  In  vacuum  Aloys  in  the  range  4  wl%-l5  wt%  magnaelixii 
showed  a  conslstert  and  very  substantial  Increase  In  hardness  with  tampersture,  and  this  Is  shown  for 
three  representative  aloycon>poeltloi4lnFlg.8.  together  vAhherdneeedsila  tor  magnesium  tree  Manlum 
The  maximum  effect  was  a  more  than  two  told  increase  In  hardness  tor  the  4  wt%  magnesium  dapoel 
heat  treated  for  30  mtoutas  at  800%.  PossMe  changes  in  laltice  parameters  aseodsted  wkh  the  heat 
trerdment  of  these  dime  aloysvrere  too  smal  to  meast»ebyX-rayrfllltactton.ATEM  study  of  the  hardening 
reaction  Inatlianium4wt%  Mg  allay,  which  Is  thought  to  be  due  to  Mg  or  MgOpraclp8Btton.leihe  subject 
of  a  separate  paper  |io].  The  high  magneelum  contoining  al^  &i  wn>  and Wvm)  both  showed 
soRening  on  heat  treatment  at  m  tamporatures.  but  suosiareisl  hardening  at  Ismparaturae  above 
appraxhnataly  500%.  In  the  latter  casrrs  the  heat  treatment  was  arxxxnpanled  by  toes  of  magneelum  to 
below  10  wt%  and  some  distortion  and  craddng.  Samples  wHi  toUtI  magrieslum  contents  bslow 
approximately  10  wt%  dU  not  show  any  magnesium  toss  on  heat  traatmere. 

X-ray  dWrectometertteces  of  27  wt%  magnesium  samples  heattrested  in  the  range  up  to400*  are  preesraed 
In  Flg.9.  These  curves,  togethywjth  ttwee  far  t^totsrmedlaletompereturee.  Indicato  die  proyeeslve 
tomiatton  of  magnesium  arxf  titanium  from  the  tltenlunwnagnestom  so8d  solutfan  begtonlng  pstwaen 
250%  and  300%.  The  way  In  which  the  dianlum  peaks  Increaes  In  hesnaty  at  the  siyense  of  the  tta- 
nksTMTiagnesium  peaks,  rather  than  the  Ikanium-magneslum  peaks  gradualyshMng  towards  pure  iRa* 
nium.  may  indicale  that  magnesium  mobMty  In  the  tknnlum  lontoe  Is  Rrnasd,  and  that  magnesium 
iniHsky  hlgh^tocijissd,  possfely  on  sub-flein  boursfislee.  would  leave  some  areas 

unaffected,  arvi  other  areasoontelnlng  magneelum  prediMtse  derwdsd  of  mogneslian  In  sohidorL  These 
res^  ate  oonaittent  wkh  TEM  data  [10]  which  show  v^smsd  Mg  psstlclse  to  the  grains  and  large  Mg 
porticlee  on  the  grain  bourxfarlse,  assooalad  wRfi  precipaals  free  zonae. 


TKaniuttHnagnosium  oRoys  produced  by  vMxxa  quenching  retain  up  to  at  least  28  «8%  magnesium  in 
sold  sohitton,  and  hove  greto  stMS  In  the  range  lOOW  nm.  The  deposRs  ore  highly  tsKhaed.  wtti  the 
character  of  the  texture  oependere  upon  a>oycomposBoaDluiaTmgMtoys  heat  hesisd  In  the  tangs 
up  to  700%  show  very  substantial  hardening,  probably  duo  to  preelpMlon  of  MgO.  Aloys  containing 
2M0  wt%  Mg  progtesatosly  decompose  on  heat  treabnsre  to  magneelum  and  tkanlum,  starting  at  a 
temperature  of  about  300%. 


The  authors  wish  to  thank  Professor  J.W.9tesds  and  Dr.QemaQotttsIsa  of  Bristol  Untosrsty  tor  thin  Urn 
data.  (c)Coniio«arHMSO  London  1991. 


TaUel  Properties  of  alemenUwthderwMes  less  than  ttanlum 


Element 

Density 

Melting 

Bolling 

Tendency  to 

Solid 

poN 

point 

form  compounds 

sduUlty 

(9/cc) 

(^ 

ro 

inTlat20°C 

U 

0.63 

180 

1330 

No  compounds 

negHgHe 

Be 

1.85 

1280 

2500 

Forms  Irteniietsllcs 

zero 

B 

2.47 

2030 

3700 

Forms  hearmelalics 

necnone 

1.74 

2.70 

660 

880 

1100 

2400 

Nocoiinpoun^_ 

Foims  IntaffUflliMcs 

nepiQoe 

I1al% 

Si 

2.33 

1410 

2500 

Forms  heannelallcs 

<0.5  at% 

Ca 

1.54 

850 

1450 

No  compounds 

negHgMe 

Tl 

4.51 

1680 

3300 

- 

*• 

Tat)le2  Lattice  parameters  of  Tl^fg  deposits  from  X-Ray  dlllractlon  data 


Aloy 

code 

Mg 

|vrt%) 

a 

(*) 

c 

(ft 

c/a 

Strongest 

peM( 

No.  ofpeMcs 
measured 

Ti 

0 

2.956 

4.688 

1.586 

1011 

19 

MG28 

0.5 

2.967 

4.686 

1585 

0002 

19 

MG29 

1.5 

2.960 

4.701 

1501 

0002 

15 

MG37 

4.0 

2.962 

4.701 

1.587 

1011 

11 

MQ32 

7.0 

2.986 

4.764 

1.803 

1120 

8 

M633 

15.0 

2.998 

4.742 

1561 

1120 

5 

MQ24 

17.0 

2.988 

4.807 

1.602 

1120 

8 

MQ2S 

19.0 

2.963 

4.804 

1.610 

1120 

6 

MQ31 

25.0 

3.010 

4.883 

1.622 

1120 

7 

MG4 

27.0 

2.996 

4.827 

1.611 

1120 

10 

MQ20 

52.0 

3.169 

5.009 

1.580 

0002 

9 

MQ18 

60.0 

3.154 

5.060 

1.801 

0002 

11 

11] 

12] 

13) 

W 
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m 

m 
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Rgurel- 

SdwmaUc  dtagtBm  showing  vapour  quenching 
apparatus 


Flgura2- 

Micfohardnaas  versus  magnesium  content  tor 
as-deposited  tkanium-magnesium  aloys 


Figuroa- 

Polarised  light  micrographs  of  (a)  as-depoafted  Mg-frse  ttanium  (b)  Mg-trae  ttanium  anrtaalod  aoirc. 
0.5  h.  In  vacuum,  (c)  as-dsposilad  Tt-4  vw%  Mg  (d)  TM  wi%  Mg  annaaM  eoirc,  0.5  h,  m  vacuum 


pureTi 


Figure  4- 

Transmission  electron  micrograph  al  a  TI-IS  wt% 
Mg  alloy 


Figure  6- 

Lattice  parameters  versus  magnesium  content  tor 
as-deposited  tltaniunvmagnesium  alloys 


Figures- 

Microhardness  versus  Isochronal  annealing  tem¬ 
perature  for  three  vapour  quenched  IVMg  alloys 
and  vapour  quenched  pure  Manfom,  after  O.S  h 
anneal  In  vacuum  ^Iguiee  dancfte  as^lepoalied 
magieslum  contents  and  magnesium  coraents 
after 500%  armeal-notemagneslumloss  In  27Wl% 
Mg  sample). 


FlgureS- 

X-ray  dffiactomelar  traces  for  Tl-27yit%  Mg  heal 
treaMd  at  200%,  300%  and  400°C 
(0.5  h  in  vacuum) 
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Abstract 

Thermomechanical  processing  in  the  p  temperature  range  must  be  controlled  accurately  in  order 
to  obtain  an  acceptable  final  grain  size.  To  study  grain  size  evolution  during  a  complete 
thermomechanical  treatment  (deformation,  cooling  and  annealing),  we  have  followed  the  grain 
size  variations  after  deformation  in  the  p  temperature  range,  for  different  strain  levels ;  and  after 
annealing  at  the  same  temperature.  The  grain  size  evolution  has  been  established  versus  the  prior 
strain  level,  and  versus  the  temperature-time  of  the  annealing.  In  addition,  an  analysis  was  made 
of  the  grain  size  variations  during  annealing  versus  deformation  level,  when  the  deformation  is 
followed  by  transformations  during  cooling  to  room  temperature,  and  further  heating  to  the 
annealing  temperature.  The  results  are  discussed  taking  into  account  the  stored  energy  of 
deformation,  and  the  driving  forces  for  grain  boundaries  migration. 


Introduction 

After  ^‘astic  deformation,  materials  can  undergo  large  modifications  during  thermal  treatment, 
such  as  recovery  or  recrystallization,  by  rearrangement  and  (or)  annihilation  of  the  dislocations 
introduced  by  plastic  deformation.  In  the  case  of  the  pseudo  a  titanium  alloy,  TA6Zr5D,  it  has 
been  observM  an  important  growth  of  p  grains  in  industrial  parts  after  a  thermomechanical 
treatment  canned  out  in  the  p  field.  It  has  been  shown  (1)  that  the  exaggerated  p  grain  growth  has 
the  main  features  of  static  recrystallization.  This  study  has  been  extended  to  the  TA6V  alloy  in 
order  to  establish  the  way  by  which  this  growth  occurs.  The  deformation  has  been  performed  by 
tensile  test  in  the  p  temperature  range,  followed  by  a  thermal  treatment  generally  carried  out  at 
the  same  temperature. 

The  structural  evolutions  have  been  analysed  by  the  variations  of  p  grain  size  after  plastic 
deformation  and  after  annealing,  with  the  strain  level,  and  with  the  temperature-time  of  the 
annealing.  The  influence  of  the  phase  transformations  between  the  two  treatments  has  also  been 
studied. 


Titanium  *92 
Sctane*  ond  Tucknobm 
EdHnd  hff  F.H.  From  ond  I.  sSoidon 
Th«  Minurab,  Mutab  &  MotarMt  Sodut/,  1993 


The  TA6V  alloy  used  in  thi?;  investigation  has  the  chemical  composition  shown  in  Table  I. 
Table  I  Chemical  composition  of  TA6V  alloy 


A1  wt% 

V  wt% 

Fe  wt% 

N  ppm 

O  ppm 

6.17 

3.95 

0.15 

88 

1955 

Its  p  transus  temperature  is  98S°C,  and  the  as-received  microstructure  is  a  equiaxed,  p 
transformed.  The  specimens  used  are  cut  hrom  the  bar,  so  that  the  tensile  axis  is  parallel  to  the 
bar  axis.  All  the  treatments  are  performed  under  secondary  vacuum  with  a  thermomechanical 
simulator  DITTIEM,  which  allows  to  control  the  main  parameters  such  as  heating  and  cooling 
rates,  strain  rate  and  strain  level.  The  thermomechanical  treatments  applied  on  the  specimens  are 
schematically  given  in  Figure  1. 


Temperature  state  1  state  2 


a 


time 


Temperature  state  2 


b  time 


Figure  1  -  Schematic  representation  of  the  thermomechanical  treatments 


A  constant  heating  rate  of  5°C/s,  and  cooling  rate  of  O.S'’C/s  were  chosen  for  all  the  heat 
treatments.  Before  deformation,  specimens  are  p  solution  treated  at  101  S°C  for  30  minutes. 
Then,  deformation  at  various  strain  levels  (<  30  %)  is  carried  out  at  a  strain  rate  of  lO’^  s'*.  The 
deformed  specimen  is  either  immediatly  cooled  at  room  temperature  (figure  la),  ex’  is  annealed 
just  after  deformation  (figure  lb).  The  annealing  treatment  is  mainly  performed  at  lOlS^C  for  30 
minutes.  However,  for  the  kinetics  study,  the  annealing  temperatures  are  lOOS,  1015  and 
1025*’C,  for  various  times  between  S  and  60  minutes. 

The  microstructures  were  observed  in  a  plane  containing  the  tensile  axis  at  different  stages  of  the 
thermomechanical  treatments,  at  states  1  and  2  as  defined  Figure  1.  Mean  p  grain  sizes 
correspond  to  the  mean  linear  intercept  measured  with  an  optical  microscope  at  a  magnification 
of250x. 


Rgsulls 


Macrostructural  Observations 

We  first  consider  the  results  from  the  thermomechanical  treatments  of  Figure  la.  In  order  to 
reveal  the  grain  size  evolution  between  states  1  and  2,  photographs  of  samples  only  deformed, 
and  deftxii^  and  annealed  are  presented  Figure  2  at  a  low  magnification. 

For  state  1,  deformed  specimens,  all  the  macrostructures  show  an  homogeneous  and  constant  p 
grain  size  whatever  the  degree  of  deformation.  At  30  %,  a  diffuse  aspect  can  be  observed,  due 
to  the  serration  of  p  grain  boundaries.  For  state  2,  whatever  the  strain  level,  the  grain  structure  is 
coarser  than  the  as-deformed  specimens.  It  can  be  seen  that  the  grain  boundaries  are  recovered 


after  annealing,  and  are  continuous  and  generally  curved.  For  the  sample  deformed  to  S  %,  very 
large  grains  appear  in  comparison  to  the  non-defbrmed  specimens.  Sometimes,  only  two  grains 
are  observed  in  the  diameter  of  the  specimen.  When  the  strain  level  increases,  these  very  large 
grains  progressively  dissapear,  and  the  0  grain  size  is  lowered,  as  can  be  seen  at  30  %.  So, 
these  macrosmictures  reveal  that  thermal  treatment  has  an  important  effect  on  the  p  grain  size  of 
the  TA6V  alloy. 


— —  1.25  mm 

state  1  state  2 

Figure  2  -  Macrostructures  of  the  samples  only  deformed  (state  1),  and  deformed  and 
annealed  (state  2) 


Grain  Size  Variations 

The  variations  in  mean  grain  size  versus  strain  level  are  reported  Figure  3. 

On  this  figure  the  grain  size  at  state  1  is  also  indicated.  The  following  remarks  are  relevant : 

-  all  the  as-deformed  samples  exhibit  a  constant  grain  size  about  330  pm,  whatever  the  strain 
level  between  0  and  30  %. 

-  for  the  annealed  samples,  and  for  deformation  below  5  %,  the  grain  size  remains  constant, 
about  6(X)  pm.  At  5  %,  the  p  grain  size  suddenly  i,  creases,  from  600  to  17CX)  pm.  Above  this 


critical  strain  value,  the  grain  size  slowly  decreases  as  the  strain  level  increases.  Nevertheless, 
the  resultant  grain  size  is  larger  than  that  at  strains  below  S  %. 


Figute  3  -  Variation  of  the  B  grain  size  Figure  4  -  Variation  of  the  B  grain  size  versus 
versus  the  degree  of  previous  the  degree  of  previous  defoimation, 

deformation  without  cooling  at  room  temperature 

after  deformation 


Effect  of  Phase  Transformations 

After  deformation,  cooling  at  room  temperature  involves  the  phase  transformation  p  -» a.  and  a 
->  p  during  subsequent  heating  for  annealing.  In  order  to  determine  the  influence  of  phase 
transfcxmations  on  the  grain  size  evolution  during  atuiealing,  thermomechanical  treatments 
without  cooling  after  deformation  (Figure  lb)  have  been  performed.  The  results  ate  reported 
figure  4.  Some  results  have  been  obtained  on  compression  specimens  defmmed  in  the  same 
experimental  conditions  by  Brioctet  (2). 

By  avoiding  phase  transformations,  the  grain  size  evolutions  are  similar  to  the  previous  one. 
NeverAeless,  the  critical  strain  is  translate  towanls  larger  strain  levels,  about  10  %.  Above  this 
value,  and  again  up  to  90  %,  the  largest  applied  deformation,  the  mean  grain  size  slowly 
decreases  but  still  remains  larger  than  that  of  samples  which  undergo  deformation  below  10  %. 

Kinetics  Study 

The  kinetics  study  has  been  performed  for  the  thermomechanical  treatments  trf'  Figure  la.  The 
strain  level  has  bMn  set  at  10  %.  Three  annealing  temperatures  of  the  p  field  1005, 1015  and 
lOZS^C  have  been  tested.  The  mean  grain  size  versus  annealing  time  is  reported  Hgure  5. 

An  S-shape  of  the  grain  size/time  evolution  can  be  observed.  It  appears  that  an  incubation 
period,  then  a  fast  growdi  period,  and  Bnally  a  slowing  down  period  have  occuied.  When  the 
annealing  temperature  decreases,  the  incubation  period  of  the  phenomenon  slightly  increases 
(approximatly  7  minutes  at  lOOS^C  against  5  minutes  at  1015  and  1025'’C).  The  annealing 
temperature  (foes  n(K  have  a  significant  effect  on  the  kinetics  of  the  grain  growth.  At  lOOS^C,  the 
resultant  grain  size,  between  30  and  60  minutes,  is  larger  than  that  at  the  other  annealing 
temperatures. 


Piscussign 


Qirical  Strain  Values 

We  have  cleariy  demonstrated  that  after  deformation  and  annealing  in  the  p  field,  the  p  ^n  size 
varies  with  the  degree  of  deformation  previously  applied.  The  grain  size  evolution  exhibits  a 
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Figure  S  •  Kinetics  of  the  B  grain  growth  during  annealing  at  1005, 
1015,  and  1025  “C.  Prwious  strain  value :  10  % 


classical  variation  observed  in  static  recrystaiiization  process.  This  graph  shows  a  relatively 
small  critical  deformation,  ^proximately  5  %,  for  which  a  maximum  grain  size  is  revealed 
(1700  pm).  Before  this  critical  strain,  the  grain  size  is  constant.  Above  the  critical  value,  a 
proc^sive  decrease  of  the  grain  size  is  observed  with  an  increasing  deformation.  Withewt 
cooUng  after  defomiation  the  same  schettK  is  again  observed,  but  in  this  precise  case  the  critical 
defonnation  is  larger,  about  10  %. 

For  titanium  alloys,  only  the  study  conducted  by  J.M.  Kempf  et  al.  (1)  on  TA6Zr5D  has 
rqrotted  a  similar  mkrostructural  evolution  after  defonnation  in  the  p  tempmtuie  range.  These 
authors  have  shown  that  the  thenrtomechanical  treatment  conditions  can  rtxxlify  the  crit^  strain 
value.  A  strain  rate  increase,  or  a  deformation  temperature  decrease,  impiys  a  lower  critical 
strain.  So,  the  variations  of  the  critical  deformation  ate  linked  with  the  dietmomechanical 
parameter  and  thermal  treatments  (^meters.  To  understand  these  variations,  we  establish 
relationships  between  the  critical  strain  value  and  the  stored  energy  due  to  the  high  temperature 
deformation,  for  the  two  idloys  TA6V  and  TA6ZrSO.  The  defonnation  stored  energy  which  is 
necessary  to  initiate  the  grain  ^wth,  has  been  estimated  by  the  product  of  the  flow  stress  (at 
tire  critical  strain)  with  critical  strain  value.  These  values  ate  given  in  table  II  for  the  two 
alloys  and  for  diffetent  deformation  conditions. 

As  it  can  be  seen,  the  defontution  stored  energy  necessary  to  initiate  p  grain  growth  takes  values 
near  1  MJ/m^  (for  relatively  different  treatment  parattKters).  Nevertheless,  for  two  cases,  this 
value  is  larger :  for  the  TA6ZrSD  alloy,  a  value  of  1.5  MJ/m^  has  been  obtained  when  tensile 
test  is  performed  at  1060”C,  at  a  strain  rate  of  2.10'3  s'*.  For  the  TA6V  alloy,  a  larger  value  of 
1.8  MJ/m3  is  obtained  when  defonnation  is  realized  at  101S*’C  with  a  strain  rate  (tf  s'*  and 
without  cooling  after  defonnation.  In  Table  U.  we  have  only  rqxxted  the  deformation  stored 
energy  of  the  alloys  at  the  minimal  deftHmation  for  which  g^n  growth  occurs.  In  fact,  during 
deformation  or  thermal  tteatmentt,  softening  phenomena  can  occur  and  then  result  in  a  change 
of  (hslocations  airangements  and  of  the  stot^  energy. 

Moreover,  the  oitical  deformation  is  modiHed  by  phase  tnuisformatioas  between  deformation 
test  and  annealing.  Then,  we  assume  that  grain  no^  mechanism  initiation  requires  a  constant 
energy  E,  whatevo'  the  deformation  conditions,  we  can  express  E  by  the  relationship ; 

E  ■  Edefo  (1  -  X)  +  Egmsfo 


0 

i 

I 
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Table  II  Defoimation  stored  energy 


test  conditions 
TiOQ  e(s-l) 

Oj(MPa) 

Oj,xep(MJ/m3) 

1010  2.10'^ 

14 

0.07 

0.98 

TA6Zr5D 

10 

0.15 

1.5 

„  „  2.10-3 

1060 

0.15 

35 

0.03 

1.05 

with  uansfo. 

18 

0.05 

0.9 

TA6V 

1015  10*^ 

without  transfo. 

18 

0.1 

1.8 

with  Edefo  the  defonnation  stored  energy,  which  has  been  piecedently  calculated.  The  term  (I- 
X)  express  a  reduction,  in  order  to  take  into  account  a  dynamic  or  static  softening  phenomenon. 
Eu^o  is  the  energy  introduced  by  phase  transformation.  This  last  energy  can  be  conskfered  as 
being  constant  for  reladvcly  medium  cooling  rates.  We  now  can  discuss  the  higher  values  of  the 
defonnation  energy. 

For  the  TA6Zr5D  aUc^,  all  the  thermomechanical  treatments  ate  petfcxmed  with  cording  at  room 
temperature  after  deformation  *  0).  For  the  thermomechanical  treatment  carried  out  at 

lObCfC,  at  a  strain  rate  of  2.10*^  s*l,  the  authors  note  that  the  p  grain  boundaries  are  less 
serrated  than  those  obtained  after  the  treatment  at  the  same  temperature  at  a  faster  strain  rate  of 
O.IS  s'i  (for  the  same  strain  level).  This  has  been  associated  with  a  dynamic  recovery 
phenomenon.  For  this  reason,  X  can  not  be  neglected,  and  the  deformation  energy  must  be 
higher  to  compensate  and  finally  teach  the  same  total  energy  E.  (We  assume  that  for  the 
deformation  rates  of  10*^  s'l  (TA6V)  or  0.15  s'i  (TA6ZrSD),  X  is  negligible  because  E  doesn't 
vary). 

For  the  TA6V  alloys,  the  effect  of  phase  transformations  is  to  lower  the  critical  strain  value. 
This  implies  a  decrease  of  the  defonnation  stored  energy  from  1.8  MJfrn^  to  0.9  MJAn^.  Then, 
it  can  be  staled  that  the  phase  transframations  provide  an  amount  of  energy  wUch  is  ^  the  same 
order  of  magnitude  as  the  deformation  energy.  The  phase  transfrsrmation  effect  on  the 
deformation  state  has  been  studied  by  Gastaldi  and  Jourdan  (3).  They  have  shown  that  during  a 
-*  8  transformation,  strains  are  intr^uced  at  the  interface,  insule  the  fi  grains.  The  main 
conclusion  of  their  investigation  is  that  the  phase  transformation  introduces  a  large  deformatkm 
energy  for  recrystallization  of  titanium.  Our  results  are  consistent  with  this. 

Oriain  of  the  Grain  Boundaries  Migration 

The  kineiics  study  provides  information  about  grain  growth  mechanisms.  We  observe  that  dieie 
is  no  nucleadon  or  new  strull  grains  which  are  smuler  than  the  initial  grain  size.  Grain  size 
variations  result  from  the  prior  grain  boundaries  migration.  Ttien,  the  mechanism  is  not  the 
current  static  recrystallization  by  nucleadon  and  growth  of  new  grains. 

In  a  general  point  of  view,  the  grain  boundary  migration  lakes  its  origin  from : 

-  die  reduction  of  the  grain  boundary  curvature 

-  the  dislocation  density,  due  to  plastic  deformation 

-  the  chemical  poMtials. 

To  put  forward  the  origin  of  the  grain  bound^  migra^  we  can  con^iaie  our  results  to  foe 
normal  grain  growfo.  In  this  last  case,  foe  driving  force  is  foe  reduction  of  foe  grain  boundaries 
curvature.  The  grain  growfo  law  for  normal  grain  growth  is 


in 


D-Do  =  k.t“ 

with  D  mean  grain  size  at  time  t.  Do  initial  grain  size  (in  our  study  Do  =  100  |im),  k  a  consttm 
dependent  on  temperature,  and  n  time  exponent.  In  Figure  6  are  given  the  variations  of  Ln  ^  • 
Do)  versus  Ln  L  For  normal  grain  growA  we  <ti)tain  a  linear  variation.  The  slope  is  the  time 
exponent,  and  takes  a  value  of  O.S. 


Figure  6  -  Ln  (D  -  Ch)  versus  Ln  t,  with  Dd=  100  pm. 
t  is  the  annealing  lime  at  lOlS  °C 

This  Figure  also  contains  data  concerning  grain  growth  of  the  specimens  deformed  by  tensile  or 
compression  tests  (2).  In  order  to  report  these  points,  we  have  cumulated  time  before  and  after 
defoimation  at  lOlS^C  The  deformation  is  fixed  at  10  %  in  tension  and  22  %  in  compression. 
We  show  that  if  a  deformation  is  applied,  a  strong  deviation  from  normal  grain  growth  appears. 
A  fast  growth  happens,  followed  by  another  donwn  of  slow  growth,  compared  to  normal  givn 
growth.  The  first  deviation  foom  normal  growth  is  observed  after  a  few  minutes  at  die  annealing 
temperature  (~  incubation  period),  and  for  strain  levels  largo-  than  the  critical  strain  (not  for  the 
undOTormed  san^le).  Clearly,  the  observed  deviation  is  linked  to  the  applied  deformation.  This 
kind  of  deviation  fi^  normal  grain  growdi  has  already  been  obsoved  in  abnormal  grain 
growth  studies.  Heckelmann  et  id.  (4)  have  shown  similar  results  for  two  aluminium  alloys. 
However,  in  their  investigation,  the  abnormal  grain  size  variations  are  clearly  related  to  die 
texture. 

Concerning  our  results,  it  can  be  stated  that : 

-  the  p  grain  growth  could  be  compared  to  abnormal  growth  because  the  two  phenomena 
proceed  by  grain  boundary  migration,  without  nucleation  of  new  grains.  But  in  our  case,  a 
critical  strain  is  necessary. 

-  the  p  g^  growth  could  be  a  static  lecrystallization  process  because  of  the  necessary  critteal 
defoimation  to  initiate  the  phenomenon.  The  major  difrerence  is  the  nature  of  the  nucim :  in  our 
case  they  can  be  considered  as  the  prior  grains.  It  is  the  prior  grain  boundary  which  moves,  not 
a  subboundaiy. 

In  our  case,  grain  growth  r^uires  a  minimum  strain  level.  Below  this  level,  |nin  growth  is 
only  normal  growth,  resulting  from  thermal  treatment.  The  critical  strain  wlwh  is  a  typical 
feature  of  staoc  lecrystallization,  is  in  fact  the  lower  deformation  level  required  to  actWale  grain 
boundaries.  As  die  p  grain  boundary  mobility  is  linked  to  plastic  defbrmation  heterogeneities,  it 
can  then  be  suggested  that  for  die  weak  strain  level  applied  (<  30  %).  heterogeneities  of 
defoimation  exist  and  could  be  the  driving  forces  for  grain  boundinnes  migniion. 

Most  of  the  time,  heterogeneities  of  deformation  have  been  seen  at  large  levels  of  deformation 
and  high  dislocations  density  can  be  observed  near  prior  grain  botmavies  (S).  In  that  cases, 
new  small  grains  appear  in  the  vicinity  of  the  seirat^  grain  boinidary.  Such  heterogeneities 
require  hi|ner  strain  levels  than  that  applied  in  our  studjr.  Another  distribution  trf  these 
heterogenmties  could  be  suggested  for  snuuler  strain  levels ;  it  means  grain  to  grain.  In  this  last 


case  dislocations  density  is  leladvely  unifonn  inside  each  grain,  but  differences  exist  between 
grains,  involving  grain  boundaiy  migration. 

In  our  study  this  last  assumption  seems  to  be  the  more  realistic,  and  leads  to  explain  the  grain 
growth  scheme  as  followed  ;  at  or  near  the  critical  strain  value,  the  low  strain  level  inv^ves 
larger  heterogeneities.  Few  grain  boundaries  are  submitted  to  a  large  driving  force  and  migrate 
rapidly  towards  the  much  name  deformed  grains,  resulting  in  a  very  large  grain  size.  When  die 
strain  level  increases,  the  gimn  to  grain  Ireterc^eneities  are  loweral.  In  diis  case,  the  driving 
force  is  weaker  and  more  grain  boundaries  can  move.  The  final  grain  size  is  then  smaller. 

This  study  allows  us  to  define  more  imcisely  the  gnw  growth  phenomenon  observed  for  the 
TA6V  and  TA6Zr5D  alloys  as  a  "static  recrystallization  by  prior  grain  boundaries  migration" 
mechanism.  This  mechanism  can  te  companKl  to  that  obsmed  by  Hamelin  and  Goux  (6)  for 
aluminium  bkiystals.  They  introduce  two  typm  of  critical  strains : 

-  the  critical  strain  required  for  nucleation,  that  means  new  grains 

-  die  critical  strain  to  invdve  growth. 

This  last  value  is  two  to  four  times  smalier  than  the  first  one,  in  the  case  of  aluminium  single 
crystal.  In  comparaison,  in  our  investigation  the  critical  strain  level  could  also  be  defined  as  a 
critical  strain  to  induce  grain  growth. 


Conclusion 

Microstructural  evolutions  in  the  p  field  after  plastic  deformation  have  received  litde  attention. 
We  have  clearly  shown  that  p  grain  growth  ha^iens  in  titanium  alloys  TA6V  and  TA6Zr5D  after 
deformation,  llie  phenomenon  proceeds  by  pnor  grain  boundaries  migration.  The  critical  strain 
value  can  be  preduned  dqiending  on  the  thermomechanical  parameters,  taking  into  account  die 
effect  of  phase  transformations. 
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Abatract 

Phase  equilibria  studies  in  the  systems  Ti-N,  Ti-Zr-N  and  Ti-Hf'N  were  perfotmed  using 
dtffiision  couples  and  arc>meited  or  hot*pressed  buttons.  In  the  Ti*N  system  diffiiskm  couples 
were  annealed  isothermally  as  wdl  u  in  a  temperature  gradient  parallel  to  the  difiiision  layers. 
The  latter  technique  also  made  the  non-variant  phase  reactions,  as  a  function  of  both 
temperature  and  composition,  metaHographicaliy  visibie  [1,2].  A  phase  diagram  of  the  Ti-N 
system  is  presented. 

The  Ti-Zr*N  and  Ti-Kf-N  systems  were  investigated  using  arc-melted  and  hot-pressed  buttons 
which  were  heat  treated  for  homogenization  and  equdibration.  When  substituting  Ti  with  Zr  the 
titanium  subnitride  phases  are  destabilized  and  extend  oafy  s^itly  in  the  ternary  Ti^-N 
system.  Phase  diagrams  of  the  systems  Ti-Zr-N  and  Ti-Hf-N  are  presented.  Some  properties  of 
the  refractory  fix  phases  S-TiN,.,,  8<ri,Zr)N,^  and  8-(ri,Hf)N,^ ,  such  as  hardness,  color  and 
dectrkal  and  thermal  conductivities,  ate  pven  as  a  function  of  the  [N)/[Ti],  [ri]/[Zr]  and 
[Tiy[Hf]  rmios,  respectively. 

1.  Introdvctioa 

The  transition  metal  nittides  TIN,  2^N  and  HIN  are  of  tagh  technological  interest  because  of 
their  special  properties  sudi  as  high  hardness,  chemical  stability  and  corrosion  resistance, 
metallic,  thermal  and  electrical  conductivities,  among  others.  It  is  the  combination  of  such 
properties  that  makes  these  materials  interesting  for  ap^ications  such  as  fix  ccmductive 
diSbston  barriers  in  microdectronk  devices,  goM-colored  and  hi^  wear-resistant  coatings 
fbr  jeweleiy,  and  in  catbonitride4>saed  hard  metals  (cermets)  for  cutting  tools  [3]. 

Ofinteiest  were  the  effiKU  of  the  substitution  of  Ti  by  Zr  or  Hf  This  is  subiect  of  the  preaem 
paper,  in  which  the  phase  equihbria  of  the  binsy  Ti-N  system  and  of  the  ternaries  Ti-Zr-N  and 
Ti-Hf-N  are  reported.  Several  material  properties  of  fr<Ti,Zr)N,^  and  $-(Ti,Hf^,^  were 
measured  and  are  included.  The  properties  of  UN  were  recently  reported  [4]. 
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Infonnation  on  the  systems  Ti-Zr-N  and  Ti-Hf-N  is  scarce.  Complete  miscilnlity  of  TiN  whb 
ZrN  as  ^  as  of  TiN  with  HfN  was  reported  [S,6,7].  This  is  an  interestii^  reauh  since  the 
lattice  parameters  of  ZrN  and  HfN  difSsr  fiom  that  of  TiN  by  about  6-8%,  making  the  existence 
of  a  miscibility  gap  likely,  as  in  the  corresponding  systems  Ti-  Zr-C  and  Ti-Hf-C  [8]  where  the 
relative  differences  in  lattice  parameters  are  very  similar.  In  ftct,  only  recently  a  spinodal 
decomposition  of  sputtered  8-(Ti,Zr)N  films  and  a  coneqxmding  increase  in  the  microhardness 
was  reported  [9,10].  No  detailed  infbrmation  exists  fi>r  the  subnittide  r^kms  of  either  system. 

2.  Sample  preparatkm 

Because  of  the  severe  loss  of  N  dutii%  the  arc-melting  process,  only  sanqiies  with  a  N  content 
below  about  38at%  could  be  prepared  by  this  technique,  hfixtures  of  powders  of  Ti,  ZiH,  and 
nitrides  were  pressed  at  room  temperature,  dehydrogenated  in  vacuum  at  IOOO°C  and 
arc-mehed  in  an  Ar  atmosphere  (200  mbar).  These  samples  were  heat  treated  for  homogen¬ 
ization  under  Ar  for  6-7  d  at  1300-I600°C  and  then  equilibrated  at  1  lOOX  in  silica  tubes. 
Samides  with  higher  N  coments  were  prqtared  by  hot-pressing  mixtures  of  ntetal  and  nitride 
powders  in  graphite  dies  at  2200-2S00°C.  The  mixtures  were  wrapped  in  Zr  foil  as  an  oxygen 
getter  and  a  dififiision  barrier  for  carbon.  These  samples  were  then  heat  treated  and  equilibrated 
as  described  above. 

Alloys  of  Ti/Zr  and  Ti/Hf  prepared  by  arc-mehing  pressed  mixtures  of  Ti  and  Zr  or  Ti  and  Hf 
powders  were  homogenized  at  1250-1300*0.  These  buttons  were  cut  into  discs  1-3  ram  thidc. 
The  sanqrles  were  nitrided  in  an  autoclave  under  a  N,  pressure  of  S- 10  bar  at  1 100*0  and 
1300Tr  for  48  and  14.3  h,  respectively. 

Binary  difiRision  couples  TiN-Ti  were  prepared  by  nhridii^  Ti  sheet  in  the  tenqterature  r^ion 
of  1000-1300*0,  further  annealed  in  sifica  capsules  at  various  tempentures,  and  quenched. 
Furthenmre,  difiiision  couples  were  also  prepared  by  anneaiing  in  a  temperature  gradient. 
Single-phase  specimens  were  prepared  by  nhriding  Ti  sheet  or  slices  cut  finom  arc-mehed 
buttons  of  Ti-Zr  and  Ti-Hf  alloys  at  a  ten^ierature  of  1600*0  fix’  S00-6S0  h.  These  conditions 
were  not  suflBcieiit  to  obtain  fiiBy  stoichiometric  homogeneous  single-phase  samples. 
Mkrosoopic  invest^ations  of  the  cross  sections  of  such  nitrided  samples  revealed  a  zone  ot 
oxide  precipitations  and  pores  accumulating  in  the  cemers  of  the  samples  pen>cndicular  to  die 
diffusion  path.  In  order  to  remove  this  thin  zone  the  sanqdes  were  diamond  sawed  in  half  and 
ground  to  make  a  plane  surfime.  The  sample  halves  were  nitrided  once  more  for  4S0-6S0  h  at 
1600-I6S0°C  to  reach  near-stoiclmmetric  composition. 

3.  Sample  charactcrixatioii 

Nitrogen  analysis  was  done  usmg  an  aihomated  Dumas  method  [1 1].  For  EmA  die  intensities 
of  the  Ti^a,  ZTl,  and  Hf|^  lines  weie  measured.  Due  to  the  coincidence  of  the  Tiy  and  N^.  fines 
[12]  nitrogen  was  determined  by  difference  in  ternary  alloys.  In  binary  Ti-N  sanqeles  a  reoendy 
devised  standard  cafibration  method  [13]  made  it  poaaible  to  correct  for  the  coincidence. 

Phase  analysis  was  carried  out  by  X-ray  difflaction  of  the  powdered  samples  using  Ni-fihatad 
Cu-K.  radiation.  Lattice  parameters  were  either  determined  by  using  the  five  higheit  diffiaction 
peaks  and  external  Si  standardization  in  m  X-ray  diffiactometer  or  by  the  Debye-Scherrer  film 
technique.  For  metallography  die  samples  were  embedded  in  coM-settiiv  resin,  ground, 
diamond  polished  and  finally  polidied  using  an  aqueous  sifica  suspension. 
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4.  MeMurements  of  physical  properties 

Vickers  miaohardness  measurements  were  made  on  diamond  polished  samples  at  a  load  of 
0.98  N.  Standardization  was  done  by  calibrating  the  measurements  against  a  hardened  steel 
standard. 

The  visible  light  reflectance  of  polished  samples  was  measured  in  a  wavelength  range  of 
approximately  300-800  nm.  The  angles  between  primary  beam  and  the  sample  surface  as  well 
as  between  the  reflected  beam  and  sample  were  45*  for  all  samples.  Since  the  angles  could  not 
be  exactly  reproduced  and  the  sur&ce  finish  was  not  always  the  same,  the  reflectance  values 
can  only  be  given  in  aibhraty  units  and  the  absolute  values  obtained  for  different  samples 
cannot  be  compared  to  each  other. 

Thermal  dififusivity  measurements  were  nuule  using  the  laaer-flash  technique  up  to  1400°C,  for 
which  cylindrical  samites  of  10  mm  in  diameter  and  0.8-1. 5  mm  height  were  used.  The 
refiability  of  this  method  is  approx.  ±  4-5  rel%.  The  density  of  these  samples  was  measured  at 
room  temperature  using  CHBr,as  a  buoyancy  fluid. 

Finally,  the  specific  heat  was  measured  using  a  Netzsch  heat  flux  diffimntial  scanning 
calorimeter  in  the  range  of  S0-1000°C  in  steps  of  50^  against  a  sapphire  reference. 

Electrical  conductivity  measurements  were  perfixmed  by  the  method  of  inductive  resistivity. 

5.  Results  and  discussion 

5.1.  The  Ti-N  system 

The  temperature  ranges  in  which  the  subnittide  phases  in  the  Ti-N  system  are  stable  and  the 
sequence  of  transformation  between  them  were  detomined  firom  the  microstructural  and  XRD 
iiwestigatioru  of  temperature-gradiefit  difliiskm  couples  (TGDCs).  The  non-variant  peritectoid 
formation/decomposition  temperatures  of  the  subnitride  phases  could  be  detected  rather 
exactly,  an  example  of  which  is  given  in  Pig.  1 .  Tins  TfHX  shows  the  formation  of  il-Ti,N,^ 
from  the  reaction  of  e-Ti^  with  a-Ti(N)  at  1066*C. 


F«.l. 

Drawiitg  of  the  nucrostructure  of  a 
temperature-gtadieot  diffiiskm  couffle 
drawing  the  reaction  a-Ti(N)  +  e-T^N  -» 
T)-r^  1^  at  1066T  (drawing  obtained  by 
ttacuig  die  ^ain  boundaries  of  the 
microatructure). 
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Phue  diagnon  of  the  Ti-N  lysteiii 
compiled  by  Wriedt  and  Murray 
[14]  with  a  revised  subnhride 
r^ion[2]. 


Combined  results  fiom  metallography  and  EPMA  obtained  on  isothennal  and  T(HX!s  in  the 
Ti-N  system  were  combined  to  construct  a  phase  diagram  for  the  Ti-N  system  with  a  revised 
subnhride  region  (Fig.  2). 

5.2.  The  ternary  systems  Ti-Zr-N  and  Ti-Hf-N 

The  results  of  combined  XRD  and  microstructural  phase  analyses  rni  arc-melted  and 
hot-pressed  samples  and  difiusion  couples  for  both  ^ems  are  shown  in  Fig.  3  and  Fig.  4  in 
isothermal  sections  at  1 100*C.  In  the  Ti-Zr-N  system  the  homogeneity  range  of  5-(Ti^r)N,^ 
extends  to  below  30  at%  N  at  [Ti]/[Zr]»l.  No  proof  of  the  existence  of  a  misdbility  gap  in  the 
8-phase  rqpon  could  be  detected,  but  neither  could  h  be  ruled  out:  The  distinct  alAx2  line 


Fig.  3. 

Tentative  isothennal  section  of 
the  Ti-Zr-N  system  at  1 100°C 
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splitting  at  higher  diffiiKtion  angles,  which  is  indicative  of  very  homogeneous  phases,  could  not 
be  attained.  Whether  this  is  due  to  the  very  sluggish  metal/metal  difiiision  or  whether  it  is  the 
result  of  a  spinodal  demixing-process  cannot  unambiguously  be  decided. 
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In  the  diffiision  couples  (Ti,Zry(Ti,Zr)N  and  (Ti,Hf)/(Ti,Hf)N  the  difiiision  of  N  into  the  bulk 
alloy  is  accompanied  by  a  shift  in  the  [Ti]/[ZrJ  and  [TiypS]  ratios  at  the  rhSSuioa  boat.  This 
leads  to  uneven  metal  distributions  even  in  iiilly  nhrided  single-phase  alloys  as  illustrated  in 
Fig.  S.  During  the  difiiision  of  nitrogen  into  the  starting  alloy  the  phases  coexisting  at  the  front 
tend  to  adjust  their  respective  compositions  in  such  a  way  as  to  come  as  near  as  possible  to 
local  equilibrium.  This  is  obviously  the  dn\dng  force  that  leads  to  this  uneven  distribution  of 
[Ti]/[Zr]  and  [Tij/jHI].  Apparently,  the  conodes  between  adjacent  phases  do  not  point  ideally 
to  the  N  comer  but  are  somewhat  inclined  to  that  direction. 

Since  nitrogen  difiiision  is  much  fiuter  than  the  interdifhiaon  of  the  metals  in  the  host  lattice, 
the  local  shifts  in  composition  persist  even  after  the  single-phase  sample  has  been  fuDy  nhrided. 
In  the  Ti-HF-N  system  these  compositional  shifts  are  not  as  pronounced,  but  stiU  do  exist . 

The  C-Cri,Zr)4N^,  phase  extends  only  slightly  from  ^-Ti4N^  iirto  the  ternary  r^km  (up  to 
about  S-6  at%  Zr  at  31.S  -32.0  at%  N).  This  value  for  the  extern  of  substitution  of  Ti  by  Zr  in 
the  (-phase  was  measured  by  EPMA  and  was  accompanied  by  an  increase  of  lattice  parameters 
from  s-0.29795(l)  to  a-0.29988(7)  run  and  from  c>2.896S5(47)  to  c-2.92223(SS)  ran. 
According  to  the  Fegardl’s  rule  and  assuming  a  hypothetical  Zr^N^,  calculated  from 
geometrical  relationships  between  the  hexagonal  and  the  fee  ceil,  the  lattice  parameters 
corresponded  to  a  Zr  content  of  6-7  at%.  The  extension  of  the  phase  field  was  also 
located  by  microprobe  analysis.  The  conodes  in  the  O'fS  phase  field  point  fiom  a  rdatively 
Zr-iicb  a-phase  to  a  Zr-poor  5-phase  on  the  titanium-rich  side  and  vice  versa. 

In  the  Ti-Hf-N  system  the  5KTi,Hf)N,^  phase  does  not  have  a  homogeneity  r^km  as  broad  as 
the  correspondii^  phase  in  the  Ti-Zr-N  system.  A  miscibility  gap  in  the  5-(Ti4iON,^  region 
could  not  be  detected  here,  either.  The  solid  solutions  of  the  subnitride  phases 
and  T|-(Ti,Hf),  N,.,  extend  between  the  corresponding  binaiy  subnitrides. 
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Fig.  5. 

Normalized  [Ti]/[Zr] 
ratio  calculated  from 
the  concentration 
profiles  of  single¬ 
phase  5-(Ti^)N,., 
with  [Ti]/[Zr]=5/5  in 
the  starting  alloy 


Path  of  the  electron  beam  parallel  to  the  direction  of  nitrogen  difiiision  /  |im 


5.3.  Bulk  properties  of  5-(Ti,Zr)N,.,  and  5-(Ti,Hf)N,., 

In  both  systems  an  increase  in  the  microhardness  of  the  5-phase  in  the  ternary  region  over  the 
binary  phases  was  observed  (Fig.  6).  Since  the  samples  were  prepared  by  the  diffiision  couple 
technique,  they  were  not  completely  homogeneous.  Despite  the  errors  introduced  by  that  effect, 
fiilly  dense  diffusion  samples  were  preferred  to  hot-pressed  samples  with  a  residual  porosity  of 
about  1-4%.  The  extreme  increase  in  the  hardness  values  of  the  S-<Ti,Zr)N,^  samples 
containing  only  a  small  amount  of  the  other  metal  (10  and  90  mol%  ZrN,  respectively)  is 
probably  due  to  their  lower  nitrogen  content  compared  to  the  other  samples  that  were  nearly 
stoichiometric  (in  5-TiN,.,  the  microhardness  decreases  with  increasing  nitFogen  content). 
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Fig.  6. 

Vickers  microhardness 
(load  0.98  N)  of 
5-(Ti,Zr)N.,  (closed 
circles)  and  S-(Ti,HQN., 
(crosses)  as  a  function 
of  composition 


The  color  of  S-TiN,.,  changes  considerably  vnfrun  the  homogeneity  rai^e  -  with  increasing 
nitrogen  content  ~  going  from  metallic  gray  to  brownish-yeilow  and  at  last  to  the  golden 
yellow  color  of  stoichiometric  TiN.  The  reflectance  curves,  wMdi  are  given  in  Fig.  7,  tpianliiy 
these  optical  results.  Very  substoichiomefric  TiN,,,  and  even  TiNg^T,  show  reflectance  curves 
with  ofdy  a  small  drop  in  reflectivity  around  350-380  nm.  With  increasing  N  content  tiib 
reflectivity  minimum  becomes  more  pronounced  and  »  shifted  continuoutly  untfl  it  is  located  at 
420  ran  in  TiN,M>  where  the  entire  band  readies  from  the  die  lower  end  of  die  meourenient 
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nuige  (300  nm)  to  more  than  SOO  nm.  The  reflectance  minimum  at  420  ran  corresponds  to  the 
selective  absorptance  of  the  blue  part  of  the  viable  spectrum. 


Fig.  7. 

Reflectance  curves  of  samples  in  the 
homogeiteity  range  of  b-TiN,^ 


In  Fig.  8  the  heat  conductivities  of  nitrided  samples  are  plotted  as  a  function  of  temperature  for 
5-(Ti^r)N,,,  and  5-(Ti,Hf)N,^.  The  heat  conductivity  of  8-TiN  shows  the  highest  value  of  all 
samples  prepared  by  N  difiusion  at  all  temperatures.  5-(Ti^r)N,.,  samples  with  7/3  <  [Ti]/[Zr] 

<  3/7  also  have  high  heat  conductivities,  whereas  samples  with  only  a  small  amount  of  the  other 
metal  and  6-ZrN,.,  show  quite  low  conducdvities.  A  comparison  of  the  nhrpgen  contents 
reveals  that  the  samples  with  low  heat  conductivities  also  have  lower  nitrogen  contents 
({N]/([TiMZr])  =  0.90-0.94).  A  comparison  of  fully  dense  8-ZrN,^  samples  prepared  by 
diflfiisional  treatment  of  Zr  sheet  and  hot-pressed  8-21rN,j  (not  shown)  leads  to  an  interesting 
detail:  The  heat  conductivity  of  the  hot-pressed  sample  is  even  higher  than  that  of  6-TiN.  These 
results  and  those  for  the  electrical  conductivity  lead  to  the  conclusion  that  heat  (and  electrical) 
conductivities  are  strongly  dependent  on  the  N  coittent,  especially  as  the  stoidnometric 
composition  is  approached. 

The  results  of  the  electrical  conductivity  measurements  are  given  in  Fig.  9.  The  comparison 
between  hot-pressed  and  nitrided  samples  of  5-(Ti,Zr)N,j,  leads  to  the  same  results  as  with  heat 
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Fig.  8.  Heat  conductivity  as  a  function  of  temperature  and  compoairion  for  S-<Ti,Zr)N,^  (left) 
and  Kr«.Hf)N,^  (right). 
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conductivity:  The  samples  con<  lining  30-70  mol%  ZrN  have  a  relativdy  high  electrical 
conductivities,  whereas  the  electrical  conductivity  of  hot-pressed  ZrN  is  three  times  higher 
than  that  of  a  sample  made  by  nitriding  Zr  sheet.  The  slightly  better  conductivity  of  the  nitrided 
samples  with  a  [Ti]/[Zr]  ratio  near  I,  which  are  stoichiometric,  may  be  due  to  the  higher  purity 
and  the  absence  of  porosity.  The  Wiedemam-Franz  law  is  obeyed  with  a  Lorenz  number  of 
L=2.S-2.7*10''  VK'^  indicative  of  a  predominantiy  electronic  transport  of  both  heat  and 
electric  current.  The  metallic  behavior  of  both  phases  becomes  apparent  in  their  conductivity 
properties. 
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Fig.  9. 

Electrical  conductivity  of 
hot-pressed  (HTZN)  and 
nitrided  (DTZN)  8-(Ti,Zr)N,„ 
and  nitrided  S-(Ti,Hi)N,^ 
(DTHN)  as  a  function  of 
composition 


The  &ct,  that  both  electrical  and  thermal  conductivity  are  strongly  dependent  on  the  nitrogen 
content  is  conastent  with  results  obtained  in  the  Ti-N  system  [S].  The  steep  increase  in  both 
transport  properties  as  the  stoichiometric  composition  is  approached,  as  cleariy  observed  in 
5-ZrN,^ ,  may  be  explained  by  the  scattering  effect  of  the  incomplete  metalloid  sublattices. 
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Abstractt 


Pseudo-alpha-Ti  alloy  was  tested  on  a  torsional  plastometre  in  a  wide  range 
of  temperature  and  strain  rates.  The  parameters  of  thermal  activation  of  hot 
plastic  deformation  are  defined  on  basis  of  experimental  results;  the  struc¬ 
ture  of  tested  samples  was  investigated.  It  is  shown,  that  the  obtained  re¬ 
sults  may  be  considered  as  a  methodological  base  for  regulated  structure 
prediction  in  titanium  semiproducts;  and.  therefore,  for  a  given  combination 
of  physical  and  meclwilcal  properties  as  well. 


Introduction 


As  the  physico-mechanical  properties  of  metallic  materials  are  defined  by 
their  structural  conditicxi,  appreciably,  the  investigation  of  the  conformi¬ 
ties  of  the  structure  building  with  hot  plastic  deformation  (HPD)  is  an  im¬ 
portant  technological  problem.  However,  a  sufficiently  reliable  procedure 
to  investigate  the  structure  evolution  at  the  time  of  HPD  in  a  multi-phase 
alloy  where  transformation  occurs  in  several  phases  at  a  time  during  the 
hot  plastic  deformation  doesn't  exist. 

The  structure  formed  during  HPD  is  known  to  depend  on  the  type  and  the  in¬ 
tensity  of  the  dynamic  ordering-disordering.  Their  combination  can  be  re¬ 
presented  by  Q  values,  the  apparent  activation  energy  (1,2). 

The  present  work  aims  at  an  investigation  of  possible  application  of  the 
thermodynamic  parameter,  Q,  as  an  integral  parameter  for  the  evaluation  of 
the  general  conformities  of  the  structure  building  at  the  time  of  HPD  of 
the  pseudo-alpha-titanium  alloys. 

Material  and  Investigation  Procedure 

The  Q  value  was  defined  on  the  basis  of  the  hot  torsion  test  results.  Spe¬ 
cimens  of  8  X  25  ran  size  of  the  pseudo-alpha-titanium  alloy  containing  Al, 
S,V,C,0j  and  Fe  were  tested  at  the  strain  rate.t  ,  equal  to  10**  -10  s^at 
850  -  1150°C.  The  strain  extent, £,  is  0,6-0,?,  w-  -h  corresponds  to  the 
steady  yield. 

The  specimens  were  placed  in  a  furnace  heated  uf  "he  required  temperature 
for  10  minutes,  followed  by  the  torslcxi  at  the  'ip  s,  p'  rate  at  360®C  and  a 
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fast  cooling  in  water.  The  microsection  for  toetallographlc  analyses  was  cut 
from  each  tested  specimens. 

At  the  time  of  test  the  tensometric  system  and  a  loop  oscillograph  were  ap¬ 
plied  to  record  the  "moment-torsion  angle"  machine  diagram.  The  tipical 
diagrams  are  shown  in  Figure  1. 


Figure  1  The  torsion  moment  vs  torsion  angle 

The  strain  resistance  was  designed  for  steady  state  in  accordance  with  the 
Fijidja-Beckofen  equation  (3) 

VT 

— — - M  (3  +  m  +  n  )  (1) 

o 

where  M  is  the  torsion  moment, 

m,n  are  the  coefficients  of  the  strain  and  rate  hardening,  respective¬ 
ly. 

r  is  the  radius  of  the  gauge  section  of  the  specimen, 

Q  value^was  evaluated  by  ref.  (1,2) 

Q  =  R_j - (2) 

\  -  T. 

Where  R  is  the  gas  constant  R  =  1.966  cal /grad, 

^  la  defined  using  the  plot  on  Figure  2. 

Figures  2,3  show  the  results  otG  and  Q  calculation  for  the  investigated 
range  of  T  and  £. 

Test  Results 

Figure  1  shows  the  "moment-torsion  angle"  diagram  recorded  at  the  tine  of 
the  test,  which  is  the  base  experimental  data  to  calculate  C5  and  Q  valuss. 
The  indkstes  that  the  tcrsiai  nowt  \ialue  vs  strain  e  tent  atTs900  and  950”C 
and  £=  10'*  s''  is  of  n  oscillating  type.  With  strain  rate  increase  the  re¬ 
lation  has  a  single  maxlmun  only,  so  either  the  maximum  value  or  the  inten¬ 
sity  of  M  reduction  as  a  function  of  the  strain  extent  decreases  as  the  test 
rate  increases. 

At  T  =  1000  -  1100®C  and  £=  10  s  when  "H-Jf"  curves  arrive  to  the  maximum 


Figure  2  Deformation  resistance  vs  temperature  and  strain  rate. 


Figure  3  The  apparent  activation  energy  Q  vs  temperature  md 
strain  rate. 


moment  value  with  strain  extent,  the  plateau  of  the  steady  yield  is  estab¬ 
lished.  The  type  of  the  curves  is  changed,  with  0,1  £'  is  s^lar  to 
that  of  "M  -  < "  curves  obtained  at  test  temperature  900  and  950®C with  smue 
rates. 

Figure  3  shows  the  apparent  activation  energy  as  function  of  tea^erature- 
straln  rate  conditions  calculated  by  equation  (2).  As  the  represented  data 


indicate,  either  the  absolute  Q  values  or  the  type  of  its  variation  eis  a 
function  of  the  test  temperature  1000  -  1100°C  and  900  -  950°C  differ  funda¬ 
mentally.  In  the  first  range  (1000  -  1100°C)  the  values  are  lower  compared 
to  the  second  range,  appreciably,  they  are  equal  at  both  temperatures,  in 
fact,  and  cire  small  dependent  on  the  strain  rate.  In  the  second  range  the 
apparent  activation  energv  values  is  1  -  2,5  times  eis  high  as  Q  values  at 
1000  -  1100°C,  and  at  900°C  Q  value  is  a  function  of  the  test  rate.  The  me- 
tallographlc  analyses  show  that  the  original  structure  of  the  Investigated 
alloy  is  heterogeneous,  and  c  onslsts  of  large  fragmaits  of  the  parallel 
oL-  phase  interlaid  by  the  fl-phase  (Figure  4a). 


C)  cl) 


Figure  4  The  microstructure  of  the  investigated  in  ^iglnal 

(a)  state  and  after  torsion  at  T  =  i000”C,£=  icr*s"'(b}; 

T  =  950®C,£=  10'*s"'(C)  and  T  =  900®C,e=  10'^s‘'(d). 

The  heating  of  the  specimens  before  the  torsion  tests  results  in  a 
natural  change  of  the  phase  composition  which  induces  a(.-phaae  spheroidizatl- 
on,  which  is  the  more  complete  the  higher  the  temperature. 
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The  beta-phase  cont«it  of  the  Investigated  alloy  as  a  function  of  the  hea¬ 
ting  temperature  obtained  by  a  second  method  with  an  errar  about  5%  varies 
as  follows:  850®C  -  25%,  900°C  -  35%,  gSO^C  -  48%.  1000°C  -  78%.  The  tempera¬ 
ture  of  polymorphous  transformation  (Tpt)  is  1050°C.  Heating  above  Tpt  re¬ 
sults  in  the  formation  of  the  large  grains  of  the  beta-phase. 

The  investigation  of  the  specimen  structure  after  torsion  at  1000°C  (beta- 
range)  irelicated  that,  at  relatively  high  strain  rates  (^=  1,0  s'*)  ,  the 
new  grains  of  the  beta-phase  finer  than  the  grains  occured  with  the  heating 
before  test  in  the  gauge  section  of  the  specimens. 

At  lOOO'^C,  when  the  beta-phase  dominates  quantitively  in  the  phase  composi¬ 
tion  of  the  alloy  at  strain  rates  of  10'*-  1,0  s''  ,  the  new  finer  beta- 
grains  appear.  At  the  same  time  in  the  individual  grains  the  a  relief  appears 
(Figuis  4). 

The  structural  variance  at  900°C,  when  either  the  alpha-phase  is  a  donina- 
ting  phase,  or  the  phase  correletion  is  about  similar,  is  coaq>lex  and  diffe¬ 
rent.  The  heterogeneity  of  the  origitral  structure  plays  an  important  role, 
which  results  in  an  appreciable  diffeisnce  of  a  strain  type  aiKl,  hence,  of 
structural  transformations  in  the  fragamts  of  different  orientations. 

Wigh  relatively  low  strain  rate  =  10'^-  10*' s'*),  some  ftragaents  arxl  the 
alpha-grains  are  characterized  by  twlruiing  traces,  whose  quantity  increases 
with  strain  rate  increase. 

In  some  fragments  the  spheroidization  of  the  alpha-phase  plates  occurs,  which 
seems  to  be  preceded  by  the  twinning.  The  twinning  tr*aces  itKluced  by  the 
strain  at  950°C  are  observed  with  the  rate  £  =  1,0  s'only,  at  the. same  time 
the  strxieture  contains  rourjd  grains  of  the  alpha-phase.  With£=  10* 's' 
the  beta-phase  is  obser*ved.  In  the  individual  alpha-grains  the  characteris¬ 
tic  relief  appears. 

Discussion  of  the  Results 

The  comparison  of  the  obtained  relations  of  the  appearent  activation  energy 
(Figure  3)  and  the  temperature  -  rate  conditions  of  deformation  and  results 
of  the  metallographic  analyses  show  that  the  Q  value  represents  qualitlvely 
the  general  conformity  of  the  structure  building. 

So,  in  1000-1050°C  range  with^=  0.01  -  1.0  s'*  the  Q  value  is  maximun.  In 
this  range  the  structure  building  seems  to  be  controlled  by  the  dynamic  re- 
crystalllzatlon  of  the  beta-phase.  From  the  one  hand,  it  is  certified  by 
the  beta-grain  refinement  (Figure  4b),  trom  the  other  hand,  by  the  oscil¬ 
lating  nature  of  the  yield  curves  wlth£=  0.01  ^and  the  existence  of  peaks 
with£=  0.1  s^(Figure  1). 

The  strain  at  900^C  with  rate  of  10*^  s^results  in  the  spheroidization  of 
the  alpha-(diase  plated,  which  is  in  most  cases  induced  by  the  twin  boundari¬ 
es  The  spheroidization  is  activated  by  the  diffusion  mechanism  and  is  cha¬ 
racterized  by  a  high  energy  capacity  and  high  activation  energy,  respective¬ 
ly  (1,5).  When  the  strain  rate  approaches  1.0  s  rate  range  represents  natu¬ 
rally  progressivaly  substituted  by  the  pollgonizatlon  and  twinning,  in  the 
individual  volumes  the  recrystallzed  alpha-gra^  are  obwrved.  This  indi¬ 
cates  that  the  reduction  of  the  Q  value  at  900°C  with  10**-  1.0  ^rate  rai^ 
represents  naturally  transition  of  the  processes  with  hi^^r  energy  capacity 
(the  alpha-phase  spheroidization)  to  processes  of  less  energy  capacity  (  the 
polygoniaation  and  twinning).  This  is  additionally  certified  the  |»x>gress 
ive  disappearance  of  the  assimilations  and  "peaks"  on  the  yield  curves  with 
test  rate  Increase.  At  950°C  within  the  investigated  rate  range  at  the  time 
of  the  alpha-phase  softening  the  dynamic  recryltellization  of  the  alpha- 
phase  plays  an  important  role.  This  is  certified  either  by  the  structural 
Investigation  or  the  type  of  a  yield  curve.  One  can  suppose  that  the  proces¬ 
ses  occuring  in  the  bcc  bete-ph^  of  higher  selfdiffUsion  coefficient 
compared  to  the  alpha-phase  (6)  determines  either  the  absolute  Q  values  or 


its  change  type  In  the  investigated  test  rate  range,  i.e.  the  snail  depen¬ 
dence  of  Q  value  of  test  rate  at  950®C. 

Conclusion 


The  torsion  tests  of  the  specinens  of  the  pseudo-alpha-titanlun  alloy  with 
coi^  plate  structure  were  performed  at  900  -  1100°C  and  strain  rate  of 
10“*-  1.0  a'.  The  InvestlgatlMi  results  were  applied  to  calculate  the  value 
of  the  so  called,  apparent  activation  energy.  It  is  established  that  the 
activation  energy  represented  qualitively  the  general  conformities  of  the 
structure  building  in  the  Investigated  temperature-rate  range. 
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Abstract 

The  hard  constituents  in  cermet  cutting  totds  ate  based  on  titanium  carbonitrides.  In  order  to 
gain  mote  insight  in  the  Ti-C-N  system  the  phase  diagram  of  the  Ti-C-N  system  was 
established  and  single-phaae  samides  of  compact  carbonitrides  were  prepared  by  hot  pressing 
and  various  of  their  properties  investigated. 

Temperature  conductivities  of  titanium  carbonitrides  were  measured  in  the  range  25  - 
1400^  by  die  laser-flash  method.  Using  dm  specific  heats  obtained  by  differential  scanning 
cakmmelry,  die  heat  conductivities  could  be  calculated.  The  nitrides  genoally  had  a  higher 
heat  conductivity  than  the  carbides.  In  the  region  of  solid  sidution  between  nitride  and 
carbide  the  heat  conductivity  decreased  steadily  with  increasing  carbon  content.  Vkdan 
micrahaidness  values  at  a  load  of  0.98  N  were  measured  and  showed  a  positive  deviation 
from  the  addition  rule. 

Diffusion  couples  Ti(CxNi.x)i.O(yiiquid  Ni  were  prepared  in  order  to  study  the  interaction 
between  titanium  carbonitrides  and  liquid  nkltel.  By  EPMA  measurements  a  quantification 
of  this  interaction  was  possible. 

1  Introduction 

Although  11(C,N)  is  of  substantial  interest  for  technological  apfdicalions  in  oennets  [1] 
systematic  experimental  investigations  necesnry  to  esthbUsh  a  phase  diagtam  of  the  TI-C-N 
system  have  not  been  performed.  Stone  investigated  the  metal-rich  part  trf  the  system  mid 
constructed  isothermal  sections  for  tenqienlutes  between  800  and  1300PC. 
Tqrssandier  et  al.  [3]  calculated  a  oomplele  isothermal  section  for  I400PC.  A  nuihber  of 
studies  have  dealt  with  the  investigation  of  the  thermodynamic  properties  eS  ’n(CxNi.x)i.o 
[4-7].  Generally,  there  is  a  lack  of  information  on  tfie  physical  properties  of  TlfCxNi.x). 
The  electrical  conductivities  have  been  investigated  for  sevcsal  'n(CxN|.x)i.o  compounds 
(8].  Existing  mictohatdnesa  data  scatter  considenbly  nd  no  stuities  on  the  thermal 
conductivity  could  be  found  in  the  literature.  This  study  was  performed  performed  in  order 
to  establish  a  phase  diagtam  for  the  TI-C-N  system,  to  systematically  investigate  die 
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properties  of  Ti(CxNi.x)i.o,  and  to  reinvestigate  properties  for  which  the  litmture  values 
are  too  scattered  to  be  considered  as  reliable. 

2  Experimental 

HC,  UN  and  H  powders  of  various  grain  sizes  were  mixed  and  arc  mdted  undo'  Ar.  They 
were  then  sealed  in  silica  capsules  under  Ar,  heat  treated  for  two  wedcs  at  1 ISO^  and  water 
quenched. 

For  the  preparation  of  hot-pressed  samples  TiC,  UN  and  Ti  powders  were  mixed  in  a 
planetary  mill  under  cyclohexane,  dried  ud  filled  into  the  giqihite  die  of  the  hot  iness. 
Between  sam|de  powder  and  graphite  a  2Spm  Zr  finl  was  placed  in  order  to  impede  carbon 
difiusion  into  the  samides.  After  flushing  the  hot  press  with  Ar  die  temperature  and  pressure 
were  increased  up  to  2500^  and  3S  MBs  re^ecdvdy.  These  conditions  were  kept  constant 
for  S  minutes,  and  then  the  samfdes  were  cooled  to  room  tenqierature.  The  zirconium 
carbide  scale  was  completely  removed  fitun  the  samples  by  grinding  with  a  diamond  disc. 
’n(CxNi.x)i.o^iiid  Ni  diffusion  collides  were  prepared  by  embedding  hot-^iressed 
carbonitride  pieces  in  Ni  powder  in  an  alumina  crudUe.  Coarse  grained  alumina  was  placed 
onto  the  bottom  of  the  crudble  in  order  to  ptevem  die  nickd  melt  from  sticking  to  the 
crucible  wall.  The  samfdes  were  heated  to  1300^  within  13  minutes  in  a  pure  Ar 
atmoqihere.  The  tamp  time  at  this  temperature  was  20  min. 

Conqiact  hot-pressed  carbonitride  samples  were  chosen  to  make  it  easier  to  observe  the 
interaction  of  mrdten  nickel  widi  the  titanium  carbonitride  than  is  possible  with  finegrained 
carbonitride  and  nidcd  powder  mixtures  used  for  cermet  production.  In  addition,  EPMA,  an 
exceptionally  most  powerful  quantitative  roicroanalytical  technique,  can  be  qiplied  to 
characterize  this  interaction.  This  is  impossiUe  when  typical  cermet  starting  materials  are 
used  [1 1]  because  of  the  restricted  lateral  resolution. 

3  Sample  Characterization 

The  samples  were  ground  with  a  diamond  disk  (2Qum)  ftdlowed  by  SiC  paper  (2300  mesh). 
Polishing  was  performed  first  with  3pm  diamond  paste  then  with  an  aqueous  silica 
suqxnskm.  The  Vickm  microhaidness  HV  was  measured  at  a  load  of  0.98  N.  Usually 
about  10-13  indentations  were  made  on  eadi  tangle,  and  the  mean  value  and  the  standard 
deviation  were  calculated.  Density  measurements  were  made  by  with  CHBt3  as  an 
immeraon  liquid  and  a  thin  steel  wire  to  a  tutpai  the  sanqile.  XKD  was  perfor^  with 
Ni-filteted  Cu-K^  radiation  or  by  use  of  a  secondary  grqihile  monochramator.  Fine  mortar- 
ground  powden  were  used  as  well  as  compact  sanqiles,  the  latter  being  mounted  on  a 
rotating  sample  holder. 

Chemical  analysis  was  performed  for  nitrogen  and  carbon  usiiig  Dumas  gas-dwomatogtaphy. 
V2O5  wu  used  as  a  contbustkm  booaier.  The  obtained  peak  areas  of  the  gas  chroasatograms 
were  calibrated  with  standards.  A  detailed  deecription  of  the  setup  and  prooedute  is  given  in 
[12]. 

EPMA  was  performed  at  the  IPREMER  Brest,  France,  with  a  CAMBCA  SX  30  nucroprobe, 
equipped  with  ftwr  wavdeaglh-dispertive  spectrometers.  Samples  of  'n(CxNi.x)i.o  and  M- 
Ti  alloys  served  as  standards.  Due  to  the  ooinddance  of  the  H-L)  and  the  N-Kg  Unea 
nitrogen  was  determined  as  the  balance  of  the  ooncwmatlona  of  carbon,  titanium  and  nidml. 
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From  the  hot-pressed  samples  discs  1mm  diick  and  5  or  10  mm  in  diameter  ivere  machined 
with  a  hollow  diamond  drill  bit.  The  laijer  discs  were  used  for  Oiermal  diffosivity 
measurentents  by  the  laser-flash  method  the  smaller  discs  were  used  for  heat  capacity 
measurements  by  DSC. 


4  Results  and  discussion 

4.1  Phase  equilibria 

Fig.l  shows  an  isothermal  section  of  the  H-C-N  system  at  llSt/’C  based  on  the  analysis  of 
heat-treated  arc-melted  buttons  and  heat-tre^  hot-pressed  samples.  The  phase  diagram  is 
consistent  with  the  thermod^’vunic  c  ulations  of  Teyssandkr  et  al.[3]. 


Phase  diagram  of  the  /  A  k 

Ti-C-N  system  (1 150®C) 


4.2  Properties  of  3-Ti(C][N|.x) 
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4.2.1  Microhardness 

The  microhardness  of  HfC.hOi.oo  decreased  in  a  nearly  linear  maaaer  firom  TiC  to  TW 
with  a  small  positive  deviation  from  m  additive  behavior  (Pig.2).  This  poahive  dtvialioa 
was  also  observed  in  substoichiometric  samples  TKC,N)o,g2.  In  the  letHr  case  the  hasdaeas 
curve  is  less  steep  due  to  the  fact  that  the  hardnem  decreases  ia  d-TiCi.x  srilh  decieaaiaf  C 
content  [13,14]  but  increases  in  d-TiNi.x  with  decieaang  N  ooami  [IS].  Appaeaally,  the 
hardness  of  5-'n(C,N)i.x  ■*  a"  almost  linear  fimction  of  both  the  [^([C)'l'[ND  and  the 
rni/([C]+[N])  ratios. 


4.2.2  Thermal  diffosivity 

Fig.3  shows  the  thermal  diffoshrities  of  sloichiomeiric  TKCxNi.x).  TiN  I 
diermal  diffosivity  and  it  can  be  seen  that  a  20K  nitrogen  repiacement  by  ca 
reduced  the  thermal  diffosivity.  After  this  decrease  the  diffosivity  decreased 
increasing  carbon  content  and  the  dtta  are  within  die  cnor  foahs  (shout  8%). 
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Fig.2 

Microhaidness  HVo,i  (load:0.98  N)  of  Ti(CxNi.x)i,oo  and  Ti(CxNi.x)o.82  ^  >  function 
of  the  [C]/([C]+[N])  ratio. 


The  thermal  diffiisivity  of  substmchioinetiic  HfCxNi.x),  i.e.  Ti(CxNi.xX).g2>  '"»ch 
lower  than  that  of  the  stoichiometric  samples.  At  high  temperatures  (T  =  500-1400^  the 
thermal  diffiisivity  decreased  from  TiNo.82  to  TiCo.82-  low  temperatures  the  sequence 
was  reversed  and  TiCo.g2  had  the  highest  thermal  diffiisivity. 
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Thermal  diffiiavity  of  Ti(CxNi.x)|.o 


4.2.3  Heat  capacity 

The  molar  heat  capacity  (Fig.4)  increased  slightly  with  increasing  nitrogen  content  of 
Ti(CxNi.x)l.O-  These  samples  showed  a  slightly  higho*  heat  capacity  than  samples  with  the 
composition  Ti(CxNi.x)o.82-  The  latter  showed  a  marked  jump  in  Cp  at  700-800°C  which 
would  be  indicative  of  a  phase  transition  in  this  temperature  r^on.  It  should  be  investigated 
whether  this  phetUMnenon  is  reversible  and/or  rqreatable.  XRD  patterns  of  the  samjde  at 
room  temperature  did  not  give  any  indication  of  such  a  phase  transition. 
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Fig.4 

Molar  heat  aqgacity  of  TiC,  TiN  and  TiCq  gN0  4 


4.2.4  Heat  conductivity 

The  data  sets  of  thermal  diflusivity  and  heat  cqmcity  were  interpolated  and  used  to  calculate 
the  thermal  conductivity.  It  was  assumed  that  in  the  ’n(CxNi.x)i,oo  lattice  the  Ti  nd  C-t-N 
sites  were  100%  oociqried.  Therefore  X-iay  den^ties  were  taken.  The  thermal  expenskm, 
which  would  cause  a  reduction  in  the  density  with  incroHing  tenqterature,  was  n^lected 
because  the  error  is  less  than  3%.  Fig.5  shows  the  heat  conductivities  of  Ti(CxN].x)i.oo 

and'n(CxNi.x)o.f2- 
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Fig.5 

Heat  conductivity  of  Ti(CxNi.x}i.o 

4.2.5  Reaction  of  compact  Ti(CxNi.](){,o  with  liquid  nickel 

Fig.6  shows  the  micrographs  of  the  6  diffnent  samples  diat  were  subjected  to  the  action  of 
liquid  nickel,  liquid  Ni  penetrated  along  the  grain  boundaries  of  the  carbomtride  where  the 
reaction  proceeded  to  the  center  of  the  carbonitride  grains.  Carbon  or  TiC  is  preferentially 
dissolved  by  liquid  Ni  so  that  the  reacted  carbonitride  contained  agnifkantly  more  nitrogen 
that  the  unreacted  part.  Interestingly,  the  original  grain  boundary  structure  of  the 
carbonitride  samples  sqtpeared  to  be  retained  in  the  microstructure  of  the  reacted  zone.  The 
penetration  depth  of  liquid  Ni  was  the  greater  the  higher  the  carbon  content  in  die 
carbonitride.  The  original  carbonitride  grains  were  attacked  by  the  nickd  mdt  in  sudi  a  way 
that  the  crystallites  woe  broken  up  into  smaller  carbonitride  grains  which  were  signifkandy 
richer  in  nitrogen  than  the  original  hot-{nessed  carbonitride.  Often  the  carbonitride  Conned 
via  the  liquid  phase  featured  rectai^ular  or  triangular  beetled  crystallites.  The  more  nitrogen 
the  carbonitride  contained  the  more  globular  were  the  precipiMes. 

Because  Ni  reacted  more  intensively  with  Ti(CxNi.x)i.o  with  high  carbon  ooMeMs,  tte 
grain  boundaries  whoe  Ni  had  penetrated  the  carbonitride  changed  struraure  u  a  ftnetkm  of 
the  [N]/[C]  tidio.  At  high  carbon  contents  (see  TiCo.^4o.2  1^.6No.2)  nickd 
canals  were  wide  and  the  particles  of  the  reacted  carbonitride  were  located  manly  snthin  die 
niciDel  phase.  The  more  nitrogen  the  carbonitride  contained  the  narrower  were  the  nidid 
intergrain  canals  and  the  original  carbonitride  grains  appeared  to  have  a  rim  with  a  higher 

IN 


nitrogen  content.  This  was  very  pronounced  in  the  Ti(Co.2No.g)  sample  whoe  the  intergrain 
boundary  consisted  mainly  of  reacted  Ti(CxNi.x)i.o  and  only  of  very  small  Ni  canals  in 
comparison  to  Ti(Co,gNo,2),  where  a  large  Ni  content  was  observed. 
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Fig.  6 

Microstructure  of  Ni/TiCxNi.](  diffuuon  couples  (the  bar  corresponds  to  2(htm). 

As  a  first  approach,  for  the  nitrogen-rich  catbonitride  grades  the  color  diange  as  a  function 
of  die  carbon/nitrogen  ratio  could  wdl  be  used  for  an  optical  estimation  of  the 
[C]/([C]+(N])  shift  upon  reaction  with  Ni.  Further  quantitative  information  was  obtained  by 
EPMA.  For  all  the  investigated  Ni/Il(CxN|.x)i,o  diffuskxi  couples  the  [N]/(C]  ratio 
between  the  reacted  and  the  unreacted  caibonitride  phase  diffoied  by  a  factor  of  2-2.5.  This 
is  shown  in  Fig.7  for  the  sample  Ti(Co,2No,g)i.(X)- 
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Fig.7 

Microprobe  scan  across  the 
interface  of  a  Ni/TiCo.2No.8 
diffusion  couple.  The  differences  in 
composition  between  reacted  and 
unieacted  carbonitride  can  be  seen. 
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Abstract 

For  Ti-20  to  SOaassSNb  alloys  quenched  frow  1073K.  negative  teaper- 
ature  dependence  of  electrical  resistivity  was  investigated  in  relation 
to,  reverse  transforwation  of  a  '  wartensite  and  foraation  and  dissocia¬ 
tion  atheraal  <a . 

Changes  of  resistivity  and  its  teaperature  dependence  with  aging  at 
relatively  low  teaperatures  were  related  to  phase  transforaations 
revealed  by  X-ray  diffraction. 

The  resistivity-teaperature  curve  of  Ti-AOaassXNb  alloy  showed  a  aini- 
Bua  and  a  aaxiaua  between  77  and  350K  supporting  the  previous  aodel  for 
the  resistivity  change  due  to  atheraal  <o  foraation. 

For  several  alloys,  values  of  starting((e«)  and  finishingCw r )  teaper¬ 
atures  of  atheraal  u  foraation  were  estiaated  froa  aeasured  resistivity 
-teaperature  curves.  Both  of  cus  and  r  decreased  with  Nb  content. 

The  resistivities,  especially  at  77E,  of  Ti-30  to  40XNb  alloys 
reaarkably  increased  with  isotheraal  aging  at  relatively  low 
teaperatures.  This  behavior  was  attributed  to  reverse  transforwation  of 
a  '  to  fi  . 
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1.  Introduction 


For  letastable  P  Ti  alloys,  an  apparently  negative  temperature 
dependence (NTD)  of  electrical  resistivity(  p  )  is  often  observed' 

Namely,  the  p  at  liquid  nitrogen  temperatureC p lh)  is  larger  than 
that  at  room  temperatureC p rt)  in  these  cases.  Even  in  cases  of  appar¬ 
ently  positive  temperature  dependence;  pln<prt,  anomalous  changes  are 
often  observed  on  p-T  curves.  These  anomalies  mere  qualitatively  ex¬ 
plained  by  a  completely  reversible  formation  and  dissociation  of 
athermal  u  with  cooling  and  heating  of  metastable  P  phase'*’*’. 

Ames  et  al.  made  the  first  report  about  the  NTD  in  metastable  P  Ti-Nb 
alloys'”.  Balcerzak  et  al. reported  the  formation  of  a" 
orthorhombic  martensite  in  composition  range  of  only  a  retained  p  jdiase 
reported  by  Ames  et  al. '”,  and  that  a  solution  treatment  at  relatively 
low  temperature  caused  the  a"  formation. 

There  are  many  investigations  about  NTD  in  P  Ti-Mo,  Ti-V  system 
alloys,  because  the  NTD  is  a  good  index  for  existence  of  metastable  P 
phase  and  its  decomposition'”*’.  However,  no  report  after 
Ames  et  al.'”  is  found  about  the  NTD  in  Ti-Nb  alloys. 

In  present  work,  the  p  and  its  temperature  dependence  were  related  to 
athermal  o>  formation  and  reverse  transformation  of  a'  , 


Methods  of  alloy  melting  and  specimen  preparation  were  same  as  previ¬ 
ous  reports'*''”.  Table  1  shows  the  alloy  marks,  nominal  compositions 
and  chemical  analyses. 

Table  1  Alloy  marks,  nominal  compositions,  chemical  analyses  and 
phases*. 


Alloy 

marks 

nominal 

compositions 

(massXNb) 

chemical 

analyses 

(massENb)  (massIO) 

phases* 

T20N 

20 

19.84 

0.089 

o' 

T25N 

25 

26.01 

0. 081 

o' 

T30N 

30 

30.21 

0.096 

o'  +6 

T35N 

35 

35.40 

0.072 

o'  +6 

T40N 

40 

39.83 

0.088 

P 

T4SN 

45 

45.39 

0.053 

P 

TSON 

50 

50.47 

0. 082 

P 

*  detected  by  E-ray  diffraction  at  R.T.  after  quenching  from  1073L 


Specimens  were  quenched  into  iced  water  after  solution  treatment 
carried  out  for  3.6ks  at  107SI.  Some  specimens  were  isothermal ly  aged 
at  suitable  temperatures  between  423  and  7731. 

In  T40N  alloy,  "isotharmal-isochronal”  aging  was  carried  out  for  l.Sks 
at  every  601  in  the  temperature  range  of  323  to  4731.  Data  were 
collected  *or  0.06,  0.18,  0.8  and  1.8ks  at  each  aging  temperatures. 

The  r  Rtr  aeasured  by  the  same  method  as  previous  works'*'^’. 
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Average  cooling  and  heating  rates  were  ca.  0. OSK/s  in  Beasureaent  of 
the  tenperature  dependence  of  p  below  ca.  400K. 

Phase  constitutions  of  the  quenched  and  the  aged  state  were  deteniined 
by  X-ray  diffraction. 

3.  Results  and  Discussions 

3-1.  CoBPosition  dependence  of  phase  constitution  and  p  in 
quenched  nneciaens. 

Phase  constitution  in  as  quenched  state  is  also  shown  in  Table  1. 

T20N  and  T2SN  show  reflections  only  of  the  ortborboabic  a"  aartens- 
ite.  Reflections  froa  the  a'  and  the  are  observed  both  in  T30M  and 
T35N.  T40N.  T4SH  and  T50N  show  reflections  only  froa  the  $  phase. 

These  results  coincide  with  the  report  of  Balcerzak  et  al. 

Pis.  1  shows  changes  of  the  p  with  Mb  content  and  phase  constitutions 


Fig.  1  p  values  in  the  as  quenched  state  and  after  isotberaal  aging 
state  showing  aaxiaua  pln/prt,  coapared  with  phase  constitutions. 

in  two,  the  as  quenched  and  the  aged,  states.  In  the  as  quenched  state, 
the  NTD  is  observed  only  in  the  T40N.  All  of  other  alloys  show 
apparently  positive  tenperature  dependence  of  p. 

Changes  of  p  in  the  as  quenched  state  with  coaposition  and  the  idiase 
constitutions  can  be  specified  into  following  three  types;  1)  in 
the  case  of  a'  aartensite  only,  both  of  pin  and  psr  increase,  2)  in 
P*a''  structure,  pin  increases  whereas  pnt  decreases,  and  3)  in  fi 
single  phase  structure,  both  of  piw  and  p*t  decrease  with  increasing 
Mb  content. 

Aaes  et  al.*"  observed  the  NTD  and  f  single  phase  structure  in  32.7 
and  39. 3SNb  alloys  as  shown  in  Fig.  1.  These  discrepancies  in  struc¬ 
tures  and  tenperature  dependence  of  p  in  the  as  quenched  state  should 
be  resulted  froa  the  difference  in  the  content  of  interstitial 
iapurities  of  speciaens  and/or,  as  discussed  later,  the  cooling  rate 


near  Ms  point  of  the  a*  urtensite. 


3-2.  Teanerature  dependence  of  0 

Pig.  2  shows  the  p -T  curves  aeasured  below  ca.  400K.  All  the  p-T 
curves  showed  coapletely  reversible  change  during  aeasureaent  without 
any  detectable  hysteresis.  The  p  values  of  T20N  and  T25N,  which  showed 
reflections  only  of  a"  urtensite,  increase  alaost  linearly  with 
elevating  teaperature.  Also  in  T4SN  and  T50N  alloys  which  showed  no 
reflections  except  $  phase,  the  gradients  of  p  -T  curves  are  positive 
but  very  snail.  In  T30N  and  T3SN  alloys  which  have  two  phues 

structure,  p  increases  parabolically  with  elevating  teaperature  up  to 
ca.  400K. 

In  previous  works  on  Ti-Mo  systea'^’,  a  scheutic  p-T  curve  was 


Fig.  2  p -T  curves  of  (a)  all  speciaens  and  (b)  of  T40N  with  enlarged 
p  axis. 

synthesized  froa  p-T  curves  of  several  alloys  of  different  conposi- 
tions.  However,  on  an  enlarged  p-T  curve  of  T40N  in  Fig.  2(b),  a  nax- 
inun  and  a  nininun  of  p  are  clearly  observed  at  about  120  and  307K, 
respectively.  This  fact  supports  the  validity  of  previous  nodel'*’. 

Even  after  heating  to  573K'*-''’.  a  shape  of  p-T  curve  with  heating 
was  quite  sinilar  to  that  on  cooling,  except  for  shifting  to  higher  p 
values  perhaps  by  the  reverse  transforution  of  a'  or  the  decoaposition 
of  fi  phase  accoapanied  with  diffusion. 

(!>•  and  at  were  estiaated  frwa  uasured  p-T  curves  as  teaperaturm 
at  which  deviation  froa  linear  relation  was  observed'*'.  For  T30N  and 
T35N,  also  for  T40N  as  discussed  above,  these  teaperatures  were  for  the 
P  coexisting  with  a“  ,  Fig.  3  shows  a»  and  at  as  functions  of  lb 
content.  !»'*’,  At  and  Ar'^’  points  of  a“  are  also  shown. 

The  values  of  a»  and  at  decruse  with  lb  content.  Coapering  at  saw 
coaposition,  the  at  is  always  lower  than  It  of  a"  and  the  a*  is 
higher  than  extrapolated  values  of  the  It. 


As  also  shown  in  the  Fig.  3,  the  cowposition  range,  in  which  the 
so-called  "quenched  (i)**  was  observed**’,  coincides  with  the  range  in 
which  the  rooa  teaperature  situates  between  a  a  and  or.  Then,  the 
quenched  o>  is  considered  to  be  the  atheraal  o  which  has  an  enough 
large  voluae  fraction  at  rooa  teaperature. 

3-3.  Changes  of  o  and  I-rar  diffraction  profiles  with 
isotheraal  aaina 

In  T20N,  p  and  pin/pai  decreased  with  aging  at  673  and  773K‘^’. 
This  phenoaenon  suggests  that  the  a'  directly  decoaposes  to  a  and  ^ 
accoapanied  by  diffusion  without  reverse  transforaation  to 

In  T25H,  abrupt  increases  in  pis,  psT  and  pm/ pm.  which  were 


Fig,  3  o«  and  or  estiaeted  froa  the  p -T  curves  in  as  quenched  state, 
and  ka  and  Ar  of  a"  estiaated  froa  the  p  change  by  aging  and  p -T 
curves  up  to  S73K'^’. 


iaaediately  followed  by  decrease,  were  caused  by  the  shortest  aging  for 
0. 06ks  at  673  and  7731,  though  no  change  in  these  values  was  caused  by 
5731  aging*''’.  1-ray  diffraction  also  showed  an  abrupt  transforaatira 
of  a'  to  6*^’.  This  reverse  transforaation  of  a'  to  fi  occurred  also 
in  alloys  op  to  35Xlib,  but  at  lower  tenperatures  and  acre  slowly. 

Fia.  4  shows,  for  exaaple.  the  changes  in  p-T  curves  and  X-ray 
diffraction  profiles  of  T35X  by  isotheraal  aging  at  4731.  During  first 
stage,  in  which  the  increnent  of  pm  was  larger  than  that  of  psT,  the 
ratio  of  these  values  (pin/ pm)  increased  and  then  a  p  aaxiaua 
appeared  in  range  of  77  to  3001.  Apparent  RTD  was  observed  between  1.03 
and  10.2ks.  The  teaperature  of  aaxiaua  p  is  lowered  at  first,  than  the 
Tat«.  is  increased  again  perhaps  by  a  phase  transforaation  with  diffw- 


Sion.  X-ray  diffraction  shown  in  Fig.  4(b)  reveals  that  the  transforaa- 
tion  of  a'  to  occurs  during  the  first  increase  in  pis/piiT.  After 
coaplete  reversing  of  a'  to  fi  by  3. 6ks.  no  change  in  X-ray  diffraction 
profile  is  detected  in  the  second  stage  shoeing  decrease  of  pis/psT. 

Siailar  aging  behavior  is  observed  also  in  T40N.  as  shown  in  Fig.  5. 

The  pin/prt  started  to  increase  fron  423K  aging  and  showed  a  naxinun 
during  aging  at  473K. 

Considering  previous  results  on  a  Ti-15Mo-5Zr  alloy"**,  the  relation 
between  the  changes  in  these  p  values  and  the  characteristics 


Fig.  4  Changes  in  p-T  curves(a)  and  in  X-ray  diffraction  profilea(b)  of 
T35II  by  isothernal  aging  at  47SK. 


in  node  of  phase  transforaation  can  be  assigned  as  shown  in 
Fron  changes  in  p-T  curves  with  aging  up  to  3.3ks  at  47U  shown  in 
Fig.  4(a}.  it  is  considered  that  the  ox  tends  to  decrease  with  reverse 
transforanton  of  a"  to  ^"*. 

A«  and  Ar  of  a'  in  alloys  up  to  40XRb  were  estinated  fron  aging 
curves  and  p-T  curves"*,  which  have  been  shown  in  Fig.  3.  The  !•  and 
Ar  decrease  with  Rb  content.  The  A*  and/or  Ar  can  be  distinguished  fro* 
ox  by  coaplete  reversibility  of  P  change  with  teaperatnre  and 
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difference  in  sign  of  curvature  of  p -T  curves  between  kt  and  o>«. 

Also  values  of  prt  and  pin  on  aging  of  aaxiaua  pis/piir  have  been 
shown  Fig.  1.  These  values  of  p  becaae  closer  to  values  of 
Aaes  et  al.‘".  This  fact  suggests  that  fornation  of  a'  in  their"’ 
speciwens  was  suppressed  by  soae  causes,  e. g.  solutionizing  tewperature 
or  cooling  rate  near  M*  point  etc.. 


asa  ai  1  (M  I  ai  I  0.1  I 


Aging  Tim*,^/ka 

Fig.  5  p  and  pin/ prt  changes  in  T40N  with  aging  below  473K. 

Table  2  Assignation  of  direction  of  isotheraal  change  in  p  and 

Pln/prt  for  various  phase  transforaations  in  fi  type  Ti  alloys. 


o"  -»d 

V  d  +  to  ».  •  .  ♦) 

-_^d+w«» 

”  d  +  a 

a'  -*a  +  d 

P  LN 

+  + 

+ 

— 

PRT 

+ 

+  + 

— 

— 

P  Ir/p  RT 

+  + 

— 

* 

weans  pre-aged  u  phase  of  very  snail  size  like  G.P.  zone 
in  A1  alloys. 


4.  CoBclnsions 

Froi  the  X-ray  diffraction  profiles  and  leasurenents  of  p  and  its 
tewperature  dependence  in  Ti-lb  alloys,  the  following  results  were 
obtained. 

1.  A  tendency  toward  XTD  is  lowered  by  existence  of  a'  in  d. 
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2.  The  o)*  and  car  shoe  a  tendency  to  be  loeered  eith  increasing  Xb 
content. 

3.  So-called  quenched  o  can  be  considered  as  the  athernal  u  existing 
at  roon  teiperature  eith  enough  large  volune  fraction. 

4.  In  26  to  40j[lb  alloys,  increnents  of  pin  in  initial  stage  of  aging 
were  larger  than  those  of  p*t.  This  fact  corresponded  to  the 
reverse  transfornation  of  at'  to  6  occurring  initially  by  aging  at 
relatively  los  tenperatures. 

5.  The  reverse  transfornation  occurred  slowly  during  aging  at 
low  tenperatures,  e.g.  aging  of  T35M  at  4731. 
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Abstract 

The  influence  of  aluminium,  an  a  former  for  titanium,  in  additions  up  to  10  wt%  on 
the  phase  ti-ansfor  mat  ions  in  Ti-19  and  23wtXV,  metastable  /S  titanium  alloys, 
have  been  studied  in  both  athermal  and  isothermal  processes.  Five  wt*  of 
aluminium  is  necessary  to  completely  suppress  the  athermal  w  phase  resulting  in 
the  minimum  hardness  in  quenched  Ti-19V  alloy  and,  on  the  contrary,  only  solid 
solution  hardening  with  aluminium  additions  was  observed  in  Ti-23V  alloy.  In  the 
isothermal  process,  3wtX  of  aluminium  addition  substantially  retards  the  ageing 
kinetics  in  both  alloys  and  results  in  significantly  long  incubation  times  for  o 
phase  precipitation  in  the  Ti-23V  alloy.  Aluminium  additions  to  these  allo.vs  also 
strongly  affect  the  morphology  and  the  size  of  precipitated  a  phase. 

Intix>duction 


Near  /3  and  /8  titanium  alloys  are  generally  defined  as  the  alloys  in  which 
martensitic  transformation  is  completely  suppressed  when  quenched  from  the  j0 
phase  field,  resulting  in  the  retention  of  metastable  0  phase  at  room 
temperature'''.  The  increase  of  0  stability  results  in  better  cold  workability  due 
to  the  body  centered  cubic  structure.  Furthermore,  these  alloys  can  offer 
excellent  strength  compated  to  conventional  a  *  0  type  alloys  resulting  from  the 
substantial  precipitation  hardening  on  subsequent  ageing  in  a  +  /S  field,  which  is 
very  attractive  especially  for  aerospace  application. 

Vanadium,  a  0  -isomorphous  element,  is  preferred  to  be  used  in  commercial  0 
titanium  edloys  because  of  its  relatively  light  weight  among  0  stabilizers  and 
being  isomorphous  with  titanium  in  0  field.  Aluminium  is  a  typical  o  -former  and 
an  important  element  for  the  development  of  titanium  alloys  regardless  of  alloy 
type.  The  combination  of  these  two  elements  coupled  with  other  minor  elements  in 
alloying  titanium  have  yielded  a  number  of  commercial  near  0  and  0  titanium 
alloys  such  as  Ti-10V-2Fe-3Al  and  Ti-15V-3Cr-3Sn-3Al.  The  authors  have 
systematically  studied  the  effects  of  aluminium  on  the  phase  transformations  in 
Ti-llV'*’  and  15V'®’,  in  which  a  martensitic  structure  and  a  highly  unstable /8 
phase  containing  a  large  amount  of  athermal  o>  phase  were  obtained  respectively. 
These  works  revealed  that  aluminium  strongly  influences  the  phase 
transformation  behaviour  in  these  systems. 
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The  purpose  of  the  present  paper  Is  to  study  the  effect  of  aluminium  additions 
up  to  lOwtX  on  the  S  phase  stability  in  athermal  and  isothermal  processes  in 
Ti-19V  and  23V  alloys,  in  which  the  quenched  $  phase  is  more  stabilized  than  the 
above  two  alloys  previously  investigate. 

Experimental 

The  alloy  compositions  examined  were  Ti-{19,  23)V-(0,3,5,7,10)Al(in  wtX)  and 
approximately  25  gramme  ixid  shaped  ingots  of  these  compositions  were  obtained 
by  Ar  arc  melting  using  high  purity  elemental  components.  .All  the  ingots  e.xcept 
lOX.Al  alloy  were  hot  rolled  at  873-973K  to  1mm  thick  sheet.  Oxygen  and  hydrogen 
contents  in  the  descaled  Ti-19V-5Al  were  0.094  and  O.OOSwtX  respectively  so  that 
similar  levels  for  the  other  alloys  can  be  expected.  Small  pieces  of  10mm  square 
were  cut  from  the  sheet  and  were  solution  treated  at  1273K  for  l.Sks  followed  by 
rapid  quenching  into  iced  water.  .Ageing  behaviour  in  the  alloys  except  for  lOwtX 
aluminium  was  assessed  by  isothermad  ageing  between  573  and  873K  for  periods 
up  to  eooks  using  conventional  electric  furnaces.  In  all  the  heat  treatments,  the 
samples  were  wrapped  in  molybdenum  foil  and  sealed  in  silica  capsules  evacuated 
and  filled  with  argon.  The  phase  transformations  were  characterized  by  Vickers 
hardness  measurement  with  20kg  load,  microstructure  observation  using  optical 
microscopy  and  transmission  electron  microscopy.  X-ray  diffractometry  and 
electron  diffractometry. 

Results 

Athermal  Processes 


All  the  alloys  quenched  from  0  field  in  both  Ti-19  and  23XV  systems  exhibited 
single  phase  0  regardless  of  aluminium  concentration  according  to  optical 
microscopy  observations.  The  hardness  and  phase  condition  in  quenched 
samples  as  functions  of  the  aluminium  concentration  in  the  both  systems  are 
shown  in  Figure  1,  in  which  the  results  on  Ti-llXV'®'  and  15XV‘®’  previously 
investigated  by  the  authors  are  superimposed.  The  hardness  of  binary  Ti-19XV 
alloy  is  considerably  lower  than  that  of  the  15XV  alloy  but  still  higher  than  the 
23XV  alloy  which  exhibits  the  lowest  hardness  in  the  four  binary  alloys. 
Aluminium  addition  to  the  19XV  alloy  results  in  the  substantial  decrease  of 
hardness  and  attained  the  minimum  at  5wtX  and  it  increases  again  with  the 
further  addition,  which  is  similar  to  behaviour  observed  in  Ti-15XV  alloy'®'.  On 


concentration  in  quenched  Tl-V  alloys.  quenched  0  v.s.  Al. 
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Figure  3-Electron  diffraction  patterns  of  quenched  /8  phase  with  the  zone 


axis  niO]  P  in  quenched  B  phase.  (a)19V',  (b)19V-3Ai,  (e)23V 

the  contrary,  this  behaviour  was  not  observed  in  the  Ti-23%V  alloy  in  which  the 
hardness  simply  increases  with  the  aluminium  addition  and  it  exceeds  the  value 
in  Ti-19V  alloy  at  5wt%.  <o  phase  in  the  binary  Ti-19V  alloy  was  also  detected  by 
X-ray  diffractometry  and  the  hexagonal  lattice  parameters  were  determined  to  be 
a=0.464  and  c=0.279nm,  however  it  was  not  detected  in  the  binary  Ti-23V  alloy. 
The  variation  of  lattice  parameter  of  quenched  $  phase  with  aluminium 
concentration  in  both  systems  is  shown  in  Figure  2.  The  lattice  parameters  of 
quenched  0  phase  decreases  with  aluminium  addition  as  a  result  of  substitution 
of  titanium  atoms  by  aluminium  atoms. 

T.vpical  electron  diffraction  patterns  of  quenched  j8  phase  by  TEM,  obtained 
using  the  (1101  B  beam  orientation,  are  shown  in  Figure  3.  Distinct  spots 
reflecting  a  phase  appeared  in  the  binar.v  Ti-19V  allo.v.  These  spots  became  faint 
with  the  addition  of  aluminium  or  the  increase  of  vanadium  by  stabilizing  the  B 
phase  and  by  suppressing  the  athermal  (o  phase,  however  diffuse  streaking 
still  remained  even  in  sufficiently  stabilized  B  phase  as  in  Ti-23V-o.M.  The  above 
results  Indicate  that  hardness  in  quenched  samples  sti-ongly  depends  on  the 
volume  of  athermal  cu  phase  pi-esent. 


Isothermal  Processes 

Ti-19V  System  The  age  hardening  behaviour  between  573  and  873K  in  the  binary 
and  aluminium  containing  alloys  is  shown  in  Figure  4.  The  aluminium  free  alloy 
exhibits  an  enormous  increase  of  hardness  in  early  ageing  time  at  the  lower 
temperatures  of  573  and  673K.  The  results  show  that  3%  aluminium  addition 
substantially  changes  ageing  characteristics  as  in  the  Ti-15XV  alloy'-'. 
.\luminium  addition  retai-ds  the  age  hardening  response  at  short  ageing  times  at 
573  and  673K.  It  must  be  noted,  however,  that  the  hardness  reaches  almost  the 
same  level  at  longer  aging  times  such  as  600ks  at  573K  and  60ks  at  673K.  Dark 
field  images  through  TEM  in  Ti-19V-Al  alloys  aged  at  573K  are  shown  in  Figure  5. 
The  binary  alloy  aged  0.6ks  exhibits  numeixtus  fine  isothermal  w  phase  reflecting 
the  high  hardness.  The  u)  phase  was  coarsened  and  changed  its  morphology  to 
cuboidal  form  at  600ks  without  significant  decrease  in  hardness! Figure  5b)  .  The 
3X.\1  containing  alloy  aged  for  600ks  also  exhibits  w  phase  but  the  morphology  is 
fine  and  ellipsoidalCFigure  5c)  as  in  the  above  binary  alloy  aged  for  0.6ks, 
indicating  that  aluminium  retards  the  nucleation  and  the  growth  of  u  phase  as  in 
the  above  athermal  process.  The  7XA1  alloy  aged  for  600ks  exhibits  the  fine  and 
thin  plate-like  a  phase  which  is  sympathetically  nucleated! Figure  5d).  These 
results  confirmed  that  the  same  hardness  level  can  be  achieved  with  completel.v 
different  substructures,  although  the  composition  of  the  alloys  is  different. 
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Figure  4-Age  hardening  curves  for  Ti-l9V-Al  alloys  at  (a)573K  (b)673K  (c)773K 
and  (d)873K. 

The  hardness  in  the  binary  Ti-l9V  alloy  decreases  with  longer  ageing  time  at  773 
and  873K.  On  the  contrary,  significant  age  hardening  occurs  in  the  aluminium 
containing  alloys  and  the  hardness  obtained  in  longer  ageing  times  longer  than 
depends  on  the  aluminium  content.  TEM  micrographs  in  Ti-19V  and  Ti-19V-5.Al 
ailoys  both  aged  at  773K  for  60ks,  in  which  the  latter  is  substantially  harder,  are 
shown  in  Figure  6.  The  binary  alloy  shows  well  coarsened  and  elongated  a  phase 
particles  which  were  formed  during  the  ageing.  5XA1  addition  to  this  alloy 
i-esults  in  the  significant  refinement  of  precipitated  a  particles,  reflecting  the 
higher  hardness.  These  particles  became  smaller  and  thinner  in  proportion  to 
aluminium  content. 

Ti-23V  System  Figure  7  shows  age  hardening  response  between  573  and  873K  in 
the  Ti-23V-Al  alloys.  The  binary  alloy  exhibits  substantial  hardening  from  short 
ageing  times  at  lower  temperatures,  e.g.,  573  and  673K.  However,  incubation 
periods  appeared  in  the  other  three  aluminium  containing  alloys  at  all  the  ageing 
temperatures  e.xamined.  Increasing  aluminium  content  progressively  increases 
incubation  time  at  573  and  673K,  although,  for  a  given  aluminium  content, 
incubation  time  decreases  with  increase  in  temperature.  However,  these 
aluminium  contained  alloys  exhibit  substantial  hardening  in  ageing  times  of  60ks 
and  longer.  The  TE.M  micrographs  of  the  Ti-23V  and  Ti-23V-7A1  alloys  both  aged 
at  573K  for  60ks  are  shown  in  Figure  8.  In  the  binary  alloy,  co  phase  is  observed 
in  the  former  with  a  very  high  associated  hardness  as  Hv490.  In  contrast,  the 
two  aluminium  containing  alloys  exhibit  small  a  particles  nucleated  on 
dislocations  which  sympathetically  nucleate  the  heterogeneously  distributed 
rafts  of  a  which  are  associated  with  some  what  lower  hardness  values. 
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Figure  8-TEM  micrographs  of  aged  T1-23V-A1  alloys  aged  at  573K  for  60ks. 

(a)  OwtX  showing  isothermal  (o  phase,  (b)  TwtXAl  showing  a  rafts. 


At  773  and  873K,  it  is  interesting  to  note  that  all  the  alloys  examined  exhibit  very 
little  age  hardening  when  aged  less  than  6ks.  However,  age  hardening  is  store 
significant  in  the  alloys  with  higher  aluminium  concentration  when  aged  SOks 
and  longer.  Figure  9  sho'-’s  the  optical  microstructure  of  the  Ti-23V  and 
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Figui’e  9-Opticai  micrographs  of  aged  Ti-23V-Al  alloys  aged  at  773K  for  60ks.  (a) 

Owt%,  (b)7wt%Al  showing  the  precipitation  free  zone  and  grain  boundary. 


Ti-23V-3A1  alloys  both  aged  at  773K  for  60ks,  in  which  the  hardness  is  245  and 
303  respectively.  In  the  binary  alloy,  a  phase  precipitates  heterogeneously  on 
grain  boundaries  and  as  sympathetically  nucleated  rafts  of  plates  in  the  B 
grains.  The  addition  of  3%  aluminium  produces  a  higher  volume  fraction  of  finer 
a  plates  in  rafts,  which  reflects  the  increase  of  hardness:  however,  the 
precipitation  is  rather  heterogeneous  as  PFZ  and  precipitation  free  grain 
boundaries  are  observed.  The  Ti-23V-7.A1  alloy  aged  at  873K  for  SOOks  e.vhibited 
blocky  a  phase  which  is  ordered  indicating  the  formation  of  a  sCTsAl)  phase. 

Discussion 

.\thermal  Processes 

The  hardness  of  binary  Ti-19V  alloy  is  significantly  lower  than  that  of  the  Ti-15\' 
alloy  which  e.xhibifs  the  most  unstable  B  phase'^'  in  the  Ti-V  system.  The 
quenched  B  phase  in  the  Ti-19V  alloy  is  still  highly  unstable  and  contains  a  large 
amount  of  afhermal  a>  phase,  which  was  confirmed  by  both  X-i’ay  and  electron 
diffractometries.  The  increase  of  B  stability  by  further  addition  of  vanadium  to 
23X  resulted  in  substantial  decrease  in  hardness,  reflecting  the  much  low-er 
volume  fraction  of  cj  phase  in  this  alloy:  it  has  previously  been  noted  that  such 
low  volume  fractions  may  not  significantly  affect  the  hardness 

The  hardness  of  Ti-19V  alloy  also  deci'eased  as  aluminium  was  added  as  a  result 
of  suppression  of  athermal  co  phase  as  observed  in  the  Ti-15V  alloy  The 
minimum  in  hardness  with  5X  aluminium  and  the  disappearance  (o  spots  with  3X 
aluminium  suggested  that  5X  aluminium  addition  completely  suppresses  athermal 
(I)  phase  in  the  Ti-19V  alloy.  This  is  consistent  with  the  result  on  the  Ti-20V-6A1 
alloy in  which  only  diffuse  streaks  were  observed.  Since  the  diffuse 
streaking  was  observed  in  highly  stabilized  alloys  such  as  Ti-23V-.5.'\1  in  the 
present  study,  this  diffuse  streaking  may  be  related  to  other  forms  of  instability 
of  B  phase,  such  as  displacement  defects'-*'  rather  to  the  w  phase  itself.  These 
results  suggest  that  aluminium  addition  shows  the  same  effects  of  increasing  the 
B  stability.  The  decrease  and  increase  in  hardness  by  aluminium  addition  is 
interpreted  as  the  competition  between  the  depression  of  the  o)  ,  temperature 
and  the  solid  solution  hardening  of  the  B  phase. 
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Isothermal  Processes 


The  effects  of  aluminium  on  the  isothermal  ageing  characteristics  in  the  alloy 
systems  investigated  significantly  diffei-s  at  low(573-673K)  and  high(773-873K) 
temperatuies.  This  relates  to  the  different  kinetics  in  precipitation  and 
coarsening  of  a  phase  during  ageing.  The  precipitation  of  a  phase  occui-s  via 
isothermal  co  phase  in  both  alloy  systems  with  low  aluminium  concentration 
especially  at  lower  ageing  temperatures,  otherwise  a  phase  directly  precipitates 
from  the  metastable  0  phase  resulting  in  the  heterogeneous  microstructure 
shown  above.  The  present  results  showed  that  aluminium  additions  to  metastable 
/9  Ti'V  alloys  strongly  suppress  isothermal  o)  phase  formation  as  well  as  athermal 
CO  phase,  which  is  consistent  with  the  previous  results  in  Ti-15V-Al‘®'  and 
Ti-20V-Al‘®’  alloys.  This  effect  retards  the  precipitation  of  a  phase'  since  the 
formation  of  a  phase  through  an  transition  phase  a>  needs  much  lower  energy 
compared  to  one  for  the  direct  precipitation  from  the  j8  phase.  Although 
isothermal  cj  phase  was  confirmed  in  Ti-19V-3.Al  alloy  as  shown  Figure  5c.  the  age 
hardening  behaviour  is  close  to  those  in  the  alloys  with  higher  aluminium 
concentration  rather  than  the  binary  alloy.  This  is  attributed  to  the  volume  of  ai 
phase  contained  is  not  being  sufficient  to  dominate  the  total  kinetics  of 
isothermal  transformation,  which  is  reflected  in  the  changes  in  the  mechanical 
properties'’’. 
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AllSliact 

An  investigation  of  the  phase  equilibria  and  the  phase  stability  in  the  Ti-Al*Ta  system 
has  resulted  in  the  refinement  of  the  1100*  C  isothermal  section.  Major  revisions  mdude 
the  extension  of  the  binary  i  ^,Ta)  and  r  (AlTa)  phases  into  the  ternary  ]diase  field 
and  the  establishment  of  the  B2  phase  field.  Quenching  studies  have  allov^  for  the 
construction  of  a  preliminary  1440^  C  isothermal  section.  Stable  two  phase  regions  in  the 
1440*  C  isothermal  section  include  the  p  (bcc)  -  o  (AlTa, ),  o  •  a  (hep),  o  -  £  and  j  •  9 
(Al,  Ta)  phase  fields.  The  solid-state  phase  transformations  that  result  in  the  formation 
of  tne  e  phase  were  determined  by  quenching  studies  and  itiformation  obtained  from 
differential  thermal  analysis,  x-ray  diffraction  and  electron  miaoprobe  analysis.  These 
studies  provide  a  useful  lesson  on  the  reaction  pathways  involved  in  the  approach  to 
phase  equilibria  in  hi^  temperature  intermetallic  systems.  In  addition,  the  metres  and 
the  microstructural  characteristics  of  the  order-disorder,  B2  -  transformation  have 
been  studied. 


IniToduaiQD 

As  a  result  of  the  recent  interest  in  high  temperature  alloy  development,  intermetallic 
compounds  including  a  variety  of  titanium  aluminides  have  received  considerable 
attention.  Work  on  these  systems  has  been  centered  on  the  development  of  high 
temperature  structural  materials.  Among  the  information  necessary  for  the  development 
of  such  alloys  and  their  processing  are  accurate  data  regarding  the  phase  equilibna  and 
phase  transitions  in  the  system  of  interest.  Qne  alloy  system  that  has  been  examined 
recently  is  the  Ti-Al-Ta  ternary  tystem.  To  date,  work  on  the  Ti-Al-Ta  system  has 
consisted  of  several  limited  studies  of  various  isothermal  sections  [1-41.  The  current 
work  expands  upon  the  previous  examinations  by  providing  additional  detail  on  the 
phase  equilibria  at  1100*  C  and  1400*  C. 

Espcrimcnial  Procedures 

Bulk  alloy  samples  were  prepared  from  Al(99.999%),  Ti(99.8%)  and  Ta(99.98%)  by 
repeated  arc-melting  in  a  gettered,  argon  atmosphere.  Bulx  samples  were  homogenized 
at  either  1200*  C  or  1300*  C  for  peric^  up  to  2  weeks  in  a  gettered,  argon  atim^here. 
The  samples  were  then  re-equilibrated  for  24  -  72  hours  at  the  temperature  of  interest  in 
a  vertical  quench  furnace  in  a  purified  argon  atmosphere,  and  then  quenched  into  a  brine 
solution  with  a  minimum  cooling  rate  of  about  8(X)^  CVsec. 

The  annealed  samples,  and  a  number  of  the  as-cast  samples,  were  checked  for 
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compositional  variation  by  chemical  analysis  from  several  places  v/ithin  the  ingots.  The 
ingots  were  found  to  contain  no  gross  inhomogeneities  and  the  annealed  samples  were 
found  to  have  low  interstitial  impurities.  In  general,  the  oxygen  levels  were  below  1000 
wt  ppm  and  the  carbon,  nitrogen  and  hydrogen  levels  were  at  least  an  order  of  magnitude 
lower.  Phase  equilibria  in  tne  equilibrated  samples  were  determined  optical  and 
scanning  electron  microscopy  (SEM),  x-ray  diffraction  fXRD),  electron  microprobe 
analysis  (EMPA),  transmission  electron  microscopy  (TEM)  and  differential  thermal 
analysis  (DTA). 


An  investigation  of  the  1100*  C  isothermal  section  of  the  Ti-Al-Ta  system  has  indicated 
extensive  solubility  of  several  phases  in  the  ternary  phase  field.  Figure  1.  These  include 
the  p  (bcc-Ti),  B2  (Ti,AlTa  -  CsCl  structure),  ^  (Ti,  Al-DO, ,),  ^  (TiAl-Ll,),  a 
(TajAl-D8jj)  and  ij  (Alj(Ti,Ta)-DOj3,)  phases.  Tne  remaining  pnases  present  at  Uiis 
temperature;  the  a  (hcp-Ti),  S  (AUTa  or  Al,  Ta, -tentatively  identmed  as  a  complex  bcc 
with  aQ  ==  19  J  nm  [S,6])  and  t  (TaAl-tentativefy  identiHed  as  a  monoclinic  [6j  phase) 
exhibit  narrower  or  less  extensive  solubilities  than  the  aforementioned  phases.  Due  to 
problems  retaining  single  phase  0  or  B2,  in  alloys  containing  greater  than  about  50  at% 
Ti  and  greater  than  about  20  at%  Al,  the  extent  of  the  fi,  a  and  a,  phase  fields  into  tte 
ternary  systems  were  determined  from  diffusion  couple  studies.  ITie  resulting  diagram 
closely  resembles  that  of  the  1200*  C  section  of  the  Ti-Al-Nb  system  [7]  and  the  high 
temperature  Ti-Al-Mo  system  [8]. 


<f 

#  40, 


/eo. 


''  B2 


60  ^  40  ^ 

Atomic  Percent  To 


Figure  1  -  The  1100*  C  isothermal  section  of  the  Ti-Al-Ta  ternary  ^tem. 
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The  difficulty  in  retaining  the  single-phase  fi  appears  to  result  from  the  inability  to 
suppress  low  temperature  phase  transformations  upon  cooling.  This  problem  was 
alleviated  in  part  Ity  using  diffusion  couples  to  probe  this  redon  of  the  phase  diagr^ 
Sometimes  it  is  not  possible  to  obtain  elevated  temperature  phase  equilibria  information 
from  bulk  annealeo  samples  due  to  some  unavoidable  phase  tranaormation(s)  during 
the  cooling  of  the  samples.  In  this  case,  diffusion  couple  experiments  can  plsty  a  maior 
role  in  establishing  the  tie-lines.  The  diffusion  couple  measurements  provide  a  retention 
of  the  composition  information  established  during  the  interface  equilibration  at  hi^ 
temperature  during  the  annealipg  treatment.  Upon  cooling  a  diffusion  couple,  this 
compositional  information  is  retained,  even  thouw  the  structural  identity  of  the  phases 
involved  in  the  high  temperature  inteifacial  equilibrium  m^  have  undergone  alteration 
to  other  crystal  structures.  One  point  of  caution  is  that  the  cooling  rate  of  the  diffusion 
couple  must  be  rapid  enough  so  that  the  size  scale  of  any  decomposition  is  smaller  than 
the  electron  miaoprobe  sampling  size. 


The  various  three-phase  fields  identified  in  this  isothermal  section  include  the  i|  -  <  -  < ,  9 
-S  -T,s  -y  -a  and  7  -  e  -  B2  fields.  Representative  micrographs  of  the  samples  from 
these  phase  fields  are  shown  in  Figure  2.  The  conqiositions  of  the  individual  phases  in 
each  of  the  three^hase  fields  were  ttetertnined  by  EMPA  of  the  quenched  bulk  ^Iqy 
ingots,  see  Table  1.  However,  the  composition  of  the  c  phase  in  the  9  -  s  -  <  field  and 
the  7  phase  in  the  £  •  7  -  o  field  had  to  be  interpolated  because  the  size  of  these  regions 
was  much  smaller  than  the  electron  probe  size. 


Figure  2  •  A)  Micr( 


A)  Micrograph  of  alloy  348  fTi-433AI-46JTa),  B)  inicrograpi 
alloy  339  (Ti-60Al-2STa),  C)  micrograph  of  allm  : 
(Ti-70AI-27Ta),  D)  Micrograph  of  alloy  335  (Ti-43A1-12T4): 
annealed  for  72  hours  at  1100*  C  and  then  quendied  into  brine, 
ns 


Table  I  Ingot  Composition  and  Phase  Identification  at  1 100*  C  with 
Compositions  Given  in  Atomic  Percent. 


Sample 

Number 

Composition 

Ti  A1  Ta 

Phase 

Phase  Composition 

Ti  AI  Ta 

335 

45.0  42.9  12.1 

o 

273 

363 

36.4 

y 

43.7 

473 

8.8 

B2 

47.6 

372 

153 

338 

18.0  51.4  30.6 

a 

. 

y 

263 

60.1 

13.6 

€ 

8.6 

48.1 

433 

339 

15.1  59.8  25.1 

e 

7.2 

48.1 

44.7 

y 

232 

62.6 

143 

n 

14.0 

73.4 

12.6 

309 

3.0  70.0  27.0 

€ 

0.9 

49.7 

49.4 

V 

3.1 

773 

19.6 

348 

10.0  43.5  463 

s 

o 

10.0 

413 

483 

y 

253 

603 

143 

€ 

73 

48.0 

443 

Note:  The  compositions  denoted  as  —  indicate  that  the  phase  regions 
were  smaller  than  the  spot  size  of  the  EMPA. 


The  initial  phase  equilibria  work,  involving  both  diffusion  couple  and  bulk  alloystudies, 
definitely  indicated  the  presence  of  a  ternary  phase  (B2)  near  the  conuwsitionTi,  ATTa 
[3].  The  extent  of  the  phase  Held  has  yet  to  be  fulfy  established  at  1100*  C  However, 
work  to  date  has  shown  tnat  the  B2  phase  Held  extends  at  least  to  the  composition  of 
all(^  34S,  Ti-30Al-20Ta.  A  transmission  electron  micrograph  and  the  seized  area 
electron  diffraction  patterns  (SADP)  of  the  B2  phase  present  in  alloy  203,  Ti>33Al>20Ta, 
are  shown  in  Fi^re  3.  The  ternary  phase  is  indicated  in  the  micrograph  as  B2,  the 
second  phase  regions  are  probably  a,.  Several  diffraction  patterns  were  obtained  with 
the  incident  electron  beam  parallel  to  ail  the  mmor  low  index  zone  axes  of  the  ternara 
^kase.  The  <001>,  <011>,  <lli>  and  <012>  patterns  are  shown  in  Figure  i. 
These  difffaction  patterns,  except  for  the  <  1 1 1  > ,  contain  superlattice  qiots  as  inma^ 
by  arrows.  From  the  subseq^nt  analysis  it  is  dear  that  tne  crystal  structure  of  the 
ternary  phase  is  ordered  bcc,  B2.  The  <011  >  SADP  of  Hgure  3  was  obtained  at  a  very 
long  exposure  time  and  shows  diffuse  intensity  maxima  at  g  >  2/3<211>  and  ■  - 
l/3<  111>.  The  diffuse  intensity  maxima  mw  arise  due  to  the  devdi^imem  of  the 
ordered  w-related  phase.  The  w-related  phase  forms  as  a  decompodtiott  product  fitom 


the  B2  phase  duriiu  aging  or  oooUng,  A  deuiled  sa^  on  tiie  ordering  ^  the  B2  phase 
in  the  alloy  Ti*33A*l7In  has  been  published  [9].  Inermal  anaWsis  siMgeds  that  the 
ordering  of  the  B2  phase  is  most  likely  taking  place  around  120Gr  C  No  temperature 
hysteresb  was  observed  for  this  transformation  with  the  change  in  headiig  ana  cool^ 
rates  in  DTA  experiments.  Thermal  antiphase  boundaries  were  also  obsen^d  in  the  K 
phase,  suggesting  a  solid-state  ordering  reaction.  On  the  basis  of  these  rraults,  it  was 
inferred  tnat  the  ordering  of  the  B2  phase  is  most  likely  a  second-order  phase 
transformation. 


nt 


Figure  3  •  The  transmission  electron  microgr^  of  the  Ti-33Al-2QTa  sample 
showing  the  B2  phase  and  the  plate  like  second  rinse  (probibfy  tt,) 
along  with  a  set  of  selected  area  electron  oiffraraon  patterns 
obtained  from  the  K  phase. 
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In  attempting  to  determine  the  thermal  stability  of  the  t  (TaAl)  phase  several  alloys 
were  quenched  from  1440*  C  The  choice  of  this  temperature  was  due  in  part  to 
experimental  data  from  DTA  measurements  and  in  part  to  furnace  temperature 
limitations.  This  data  was  combined  with  that  from  several  other  groups  [6,10,11]  to 
produce  a  conqwute  isothermal  section,  Hgure  4  [121.  This  diagram  was  suteequently 
adopted  by  Weaver  et  al.  [13].  Hie  three-phase  nefds  identify  at  this  temperature 
include theo  •<  -a,theo  -^•a,theS  -n-y  andthea  -7  -L. 


-Tia-ines  from 
Weover  et.  oL 

-Tie-lines  from 
BoeMInger  et.  ol. 

-Tie*lines  from 
McCullough  et.  ol. 

-Tie-lnes  from 
tMe  work. 


80  60  40  8  20 

To  Atomic  Percent 

Figure  4  -  The  1440*  C  isothermal  section  of  the  Ti-Al-Ta  ternary  tystem. 


Although  only  the  o  •  4  -  a  and  the  a  *  7  *  L  three-phase  fields  are  identified  on  the 
diagram,  Fuuire  4,  the  other  three-|Aase  fields  can  be  extrapolated  finmn  the  given  two 
-phase  tie-lmes.  The  a  ~0  -a  and 4  -  a  * «  three-fdiaie  fields  lunw been  tmutted  from 
the  diasram  due  to  the  possiUe  confusion  the  extra  tie-lines  may  cause,  tlie  a  -ft  -a 
three-pnase  field  is  bouaded  bythee-^anddieo-a  two-phase  tMines  determined  by 
this  work.  X-ray  analysis  of  the  quenched  sample  indicates  the  presence  of  ^  in  the 
sample  yielding^  o  -  a  two^ihaae  tie^ine,  but  the  p  legions  were  too  small  to  focus  <» 
usin^  EmPA.  llie  4  •  a  •  a  three-|riiaBe  field  is  bounded  by  the  4  -  ■  and  the  a  -  a 
tie-linesgivenby  Weaver  etaL  [11]  im  by  thee  •tt-4  three  poase  field  from  this  work. 

Another  item  to  note  Miout  the  1440*  C  isothermal  section  is  the  absence  of  thee  phase. 
Work  by  McCullough  et  aL  [6]  indicates  that  the  t  phase  does  not  exist  at  1440*  C,  as 
shown  tty  their  o  -  4  two  phase  tie-line.  Quenching  and  DTA  studies  ot  the  allays  in  this 
region  revealed  that  the  solubility  of  the  <  phase,  into  the  ternary  fidd,  decreases  as  the 
temperature  is  increased  from  llOO'C,  eventually  disa|>pearin|  via  a  periteetdd 
reaction.  At  the  same  time,  the  4  fdiase,  which  has  almost  no  solubility  imo  the  temaiy 
field  at  1100*  C,  steadily  extends  into  the  ternary  as  the  tenqierature  increases. 


Conclusions 


This  study  has  resulted  in  the  establishment  of  the  phase  equilibria  at  1100*C  in  the 
Ti>Al-Ta  ternary  ^tem.  In  addition,  the  phase  equilibria  of  this  isothermal  section  have 
been  shown  to  be  consistent  with  the  nigh  temperature  phase  equilibria  for  other 
chemically  similar  mtems  of  Ti-At-M,  where  M  is  Nb  or  Mo.  The  existenoe  of  the  < ,  B2 
and  «  phases  and  their  solubilities  were  determined  for  the  1100*  C  isothermal  sectirm. 
Initial  information  of  the  phase  equilibria  at  1440*  C  has  allowed  a  preliminary 
isothermal  section  to  be  constructed.  Based  on  these  two  sectirms,  it  is  apparent  that 
alloys  in  the  remon  of  TiTaAl.  undergo  significant  phase  transformations  between  these 
temperatures.  Knowledge  of  uiese  reactions  and  those  of  other  regiorts  of  interest  in  the 
phase  diagram  will  greatfy  aid  in  the  processing  of  su(±  alloys. 
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Abstract 

A  nsM  explanation  of  the  crystalline  lattice  syeeetry  of  eartensite  phases  in 
titaniue  alloyed  by  isoeorphic  /}-stabilizing  eleeents  is  given.  Beginning  froe 
soee  critical  solute  content  elastic  stresses  arising  at  coherent  conjugating 
in  ttm-dieensi anally  nodulated  structure  of  the  eartensite,  spinodal 
decoeposition  Mere  shoun  to  lead  to  transition  froe  hexagonal  to  orthorhoebic 
syeeetry. 

Introduction 

In  titaniue  alloys  Mith  an  increase  in  the  isoeorphic  fVstabilizing  eleeent 
(  Mo,Ta,Re,Nb,H,V  )  content  the  aab/'^  relationship  bstueen  the  eartensite 
lattice  paroeeters,  uhich  is  true  for  hexagonal  lattice,  gradually  disturbs 
and  splitting  of  sane  x-ray  diffraction  naxina  is  observed  Ill.  For  instance, 
the  CHOI  line  of  hexagonal  eartensite  splits  on  two  lines  1200]  and  1130]. 
Since  the  angular  positions  of  the  neM  lines  correspond  to  on  ortho’-honbic 
lattice,  the  conclusion  about  new  type  of  eartensite,  a* '-eartensite,  Mhich 
differs  froe  hexagonal  a'-eartsnslte  by  lattice  syeeetry  nas  node  Ill. 
Atteepts  Mere  nede  to  explain  the  transition  of  hexagonal  lattice  to  ortho- 
rhoebic  by  superposition  of  the  ordering  on  the  nertensitic  transforeation 
12]  or  by  the  Influence  of  iepurities  C3].  Nevertheless,  these  explanations 
Mere  not  verified  by  the  experieental  results.  Another  point  of  viON,  uhich 
has  not  been  proven,  consists  of  the  assueption  that  the  a"-aartensite  is  not 
an  independent  phase  and  oust  be  thought  as  o'-eartensite  distorted  due  to  the 
increase  of  the  allaying  elenent  content  14]. 
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In  the  current  investigation,  a  new  explanation  -for  the  nature  oi  the  narten- 
Bite  lattice  syeaetry  transition,  based  on  experiaental  data  t5I,is  given. 
According  to  ISl,  spinodal  decoaposition  o-f  o' '-ear tensile  in  Ti-tio  and  Ti-V 
alloys  takes  place  on  quenching  and  aging.  As  a  result  of  decoaposition,  a 
aodulated  structure  with  periodic  distribution  (the  period  is  about 
2.0-2. Sna)  of  enriched  and  depleted  in  solute  regions  is  foraed.  The  o'^" 
transition  is  explained  as  the  phase  transforaation  of  the  second  order.  How¬ 
ever, it  is  considered  that  the  spinodal  decoaposition  occurs  in  aartensite 
with  orthorhombic  lattice. 

Model 

The  following  aodel  of  o"-BartBnsite  foraation  is  offered  in  this  paper.  The 
high-teaperature  BCC  phase  transforas  on  quenching  to  htxmgomml  aartensite. 
Beginning  froa  soae  concentration  of  the  solute  (  for  the  Ti-tio  alloys  this 
concentration  is  about  4  wtM  Mo  >  the  transforaation  takes  place  within  the 
cheaical  spinodal.  This  results  in  decoaposition  of  aartensite  on  two 
htxagonml  phases  which  differ  both  froa  each  other  and  froa  the  aatrix  by  the 
coaposition  and  the  specific  voluae.  It  was  established  earlier  [61, that  ela¬ 
stic  stresses  arising  at  coherent  conjugation  of  cubic  phases  with  different 
lattice  paraaetcrs  can  lead  to  changing  of  cubic  mymmtry  to  tetragonal.  The 
nature  of  such  tetragonal ity  is  explained  by  the  tendency  of  the  systea  to 
alniaize  the  elastic  energy.  According  to  Cbl,  a  two-diaensional  periodic 
aacrolattice  is  foraed  on  spinodal  decoaposition  of  cubic  solid  solution.  The 
rods  of  the  two  phases  (coaposition  and  C^>  with  square  cross  sections  and 
rods  of  third  phase  (coaposition  (C^-iC^)/2  )  with  rectangular  cross  sec¬ 

tions  are  foraing  the  aacrolattice.  Experiaental  observations  151  allow  to 
suppose  that  two-dlaensional  periodic  aacrolattice  also  is  foraed  on  decoapo- 
sltion  of  the  titaniua  aartensite.  All  the  rods  are  elongated  along  the  COOOIJ 
and  have  the  habit  plane  <n^,n^,o},  which  varies  froa  <3401  to  {tt0>  CSl  in 
rhoabic  coordinates  depending  upon  the  duration  and  teeperature  of  aging. 
Proceeding  froa  the  orientation  of  the  habit  of  the  precipitation  152,  the 
assuaption  can  be  put  forward  that  the  crystallographic  axes  <n^,n^,o>  are 
the  directions  of  coaposition  aodulatien,  while  in  alloys  with  cubic  lattice 
the  aodulations  proceed  along  the  cubic  directions. 

The  two-diaensional  distribution  of  concentration  in  a  three-phase  coaplex  is 
described  by  the  function  C63  i 

C<r)  «  ♦  C®*!*"**",  <  1  ) 

which  is  a  superposition  of  the  two  one-diaensional  distributions  along  the 


m 


Cn^iti^iOl  and  Cn^,n^«a]  directions. 

Distribution  (  1  )  gives  three 
values  of  concentration  only 
Mhen  each  of  the  functions, 

and  has  tuo 

values  only,  C  -  C  1  /  2  and 

t  C^-  C  1  /  2.  Here  the  and 
are  close  to  equilibrlua 
values,  t .e.  they  correspond  to 
einiaa  at  the  free  energy  curve 
(  Fig.  1)  and  the  =  CC^  ♦  C^J/2 
corresponds  to  eaxieue  of  this 
curve,  i .e.  is  close  to  the 
coeposition  of  the  initial  solid 
solution.  Such  a  three-phase 
coeposition  corresponds  to  free 
energy  ainieua  of  the  coeplex  uith  two-dieensional  distribution  (1). 
Nevertheless,  this  ainieua  is  not  absolute  since  one  structural  part  of  the 
coaplex  has  the  coaposition  Mhich  is  close  to  the  coeposition  of  the 
initial  aartensite  and  its  aetastable  state  is  ensured  by  coapetition  betueen 
elastic  and  surface  energies  Cbl.  Therefore  the  rods  Mith  the  coaposition 
have  a  tendency  for  secondary  decoaposition  nhich  leads  to  aodulation  of  the 
coaposition  along  the  COOOll  axis  and  to  the  foraation  of  plates  of  and 
coapositions  noraal  to  this  direction. 

Theory 

As  a  result  of  coherent  conjugation  of  spinodal  decoaposition  products, 
internal  stresses  (elastic  deforaations)  arise  inside  the  aartensite  plates. 
These  stresses  can  significantly  change  not  only  the  paraaeters,  but  syaaetry 
as  Nell  of  crystalline  lattices.  He  suppose  that  structural  deforaation  *•(?) 
attributed  to  concentrational  inhoaogeneities  AC(r)  ■  C(r)  -  C  is  described 
by  the  Vegard  rule* 

<r)  -  Uo  6..  4C(r),  (  2  ) 

A  rfH 

uhere  ^  ^  *3c  *  concentrational  factor  of  hexagonal  lattice  expansion  in 

the  basal  plane.  Than  the  stress  tenser  corresponding  to  deforaation  (  2  )  is 
as  folloNsi 

Mhore  8  is  a  tensor  of  aodulus  Mhile  K  >  ;<C  fC  «C  )  and  K  ■=(C  ) 

ijln  iSuuts  s3asis 

are  the  bulk  aoduli  of  the  hexagonal  crystal. 
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Figure  1.  Free  energy  curve  for 
spinodal  decoaposition  of 
solid  solution. 


Mi. 


According  to  C6],  tho  anorgy  of  internal  atrassM  of  non-hoooganaaua  solid 
solution  E  can  bs  calculated! 


E  -  5  riJLB{^HC(k»  I'j  C(k)  -  Jd^r  [C(r>-CJ  expt-tkrl.  (  4 
^  <2n>"  * 


For  «n  hoxagonal  crystalyth*  e-ffoctivo  olMtic  oodulus  6(-)  depends  on  the 
boundery  orientation  nt 


B<i) 


B(n) 


3ICU“tl-3n^O^  (n)nj. 


(  S  ) 


Mhere  K-(2K  0"*<n)-<B,  .n  n  > 

i  S  t  i  imnj  m  n 


It  follOMS  froe  (  4  )  that  the 

deforeation  of  the  crystalline  lattice  is  connected  Mith  the  concentrations! 
distribution  <  1  )s 

«  <F)  -  r  tn  oTflnln  +  nfl"?(n>n,l  C(k>e^  —  .  (  6  ) 

a  2  J  i  11  l  j  a  i  ,2ii)* 

If  the  tensor  coeponents  from  171  are  used,  the  expression  (  6  )  for 

narrou  and  long  rods  with  the  habit  planes  n  >  tn^,n^,e]  and  In^,n^,e] 

becoees  > 


KUo 

W  p 


tn  n_ol 

n*  -n^n^  0 

Cn  n  el 

n  n_  n*  0 

c  *  •  ♦ 

-n  n  n*  0 

c  ‘  • 

X  s  s 

_  0  0  o_ 

X  a  e 

_  0  0  0_ 

<  7  ) 


Froe  <  7  )  the  values  of  lattice  paraeeters  for  all  three  stressed  phases 
appearing  on  eartensite  decoeposition  can  be  easily  obtained. 

Phasm  1 .  Since  the  depleted  phase  (coeposition  C^)  satisfy  the  condition 
c'"*"!*’  ■  *  <C^-  C)/2,  its  lattice  is  subjected  to  deforsationi 


KUe 


<  C^-  C  ) 


(  8  ) 


Hence,  the  phase  I  will  have  the  following  lattice  paraeeterst 

a,  *  at  1  ♦  *  (1)1  -  a  *  — —  (  a*  -  a  >  n*  , 

I  XK  ^  a  1  ’ 


b  ■  bC  1  +  «  <1)1  -  b  ♦  — (  b® 

1  YY  J.  * 


where  a. 


b®/i^  -  aCl  +  Uo<C^- 


•  X 

C)]  are  the 


b  )  n" 


lattice 


(  9  ) 


paraeeters  of 


phase  I  free  froe  stresses. 

Phase  1 1 .  For  the  enriched  phase  (coidiositlon  C^)  C**  -C*** 

B(C^-  C)/2  and  therefore  lattice  paraeeters  of  the  phase  II  are: 

K 


a  >  a  ' 


(  a 


-  a  )n  , 

i:  » 


b  ■  b  + 
II 


~<  b  -  b  )n  , 
C_  IS  l’ 


m 


a« 


c  B  c, 
II 


(  10  ) 


MtMT*  1  C  >3  ar*  th*  lattice  para«etars  of  phase  II 

free  free  stresses 


It  should  be  noted  that  at  both  phases  are  orthorhoebically  distorted 

since  the  relationship  a  *  b/i^  is  not  fulfilled. 

P/iast  III.  For  the  phase  uith  intereediate  coeposition  ^ 

cases  are  possiblet 


Cn  n  ol 

.  1  a 


Cn  n.ol 


Cn  n  ol 

(C^-C)/2,  C  *•  -0. 


Cn.n_o3 


0  ,  C 


•  (  C  -  C  )  /  2  . 


The  corresponding  deforeations  and  lattice  paraaeters  are  given  byt 


a  >  a  > 

tft' 


«  a,  -  a  )  n^  , 


b  +  <  b"  -  b  )  n“  , 

2C..  *  • 


c  »  c 

iix- 


»  a  + 

Ji-(  a- 

«  b  + 

-!L.<  b« 

elem 

ints  of  ( 

non-zero,  it  is  subjected  to  rhoebic  distortions  and  the  angle  betueen  the 
C2noi  and  COlIoi  directions  in  the  phase  III'  becoees  90^-  ft',  uhcrei 

(  b*-  b  ) 

ft'  «*^j<IIl')  »  — - -  n.n_  ,  (  13a  ) 


(  b]j-  b  ) 


Mhilv  in  th«  pha««  IIP*  it  bvcoMS  ?0  ♦  Nh«r»t 


(  a;,-  a  ) 


<  I3b  1 


Results 


In  Table  I  lattice  paraaeters  of  the  phases  calculated  froa  (9-12)  at  n-C3401 

for  Ti-Ta,  Ti-Ho  (see  also  Fig.  2i,  Ti-N  and  Ti-Nb  alloys  at  different  solute 

concentrations  are  presented.  Elastic  aoduli  of  pure  Ti  were  usedi  C^^>162,40| 

C  ■  91|96J  C  ■  69,001  C  *  180,70  (in  HPa)  C  8  1.  Unknoun  values  a*  and 
is  AS  n  s 

a"^  were  used  as  fitting  paraaeters. 

Each  phase  gives  a  set  of  lines  in  X-ray  diffraction  patterns.  The  angular 
position  of  the  lines  aust  differ  froa  these  of  the  hexagonal  aatrix.  For  ex- 
aaple,  calculation  shows  (  Fig.  3  >  that  Bragg  angles  for  C2003  and  C1303 

T& 


linM  in  Ti-llo  alloy  differ  for  each  phaac  and  have  soae  angular  dispereion 
around  the  Cl 101  line  of  hexagonal  o^’-eartenaite.  Due  to  elaatic  atraina 
each  line  haa  certain  breadth,  therefore  they  can  overlap  creating  tuo  Mide 
linea  inatead  of  the  CllOl  line  of  initial  o'-eartenaite.  The  increaae  of  Mo 
content  leada  to  the  ahift  of  theae  lines  relatively  to  the  CllOl  line,  as 
Mell  as  to  an  increase  of  their  dispersion  (breadth)  Mhich  is  observed  in  ac¬ 
tual  experieents.  In  the  saae  tiay,  the  tlOOl^  line  splits  to  CllOl^,  and 
10201^,  lines. 

It  should  be  eephasized  that  in  calculations  of  lattice  paraeeters  we  neglec¬ 
ted  by  the  rhoebicity  of  the  phase  III,  which'due  to  elastic  interaction,  can 
lead  to  rhoebic  distortion  of  phases  I  and  II  also.  This  can  change,  to  soae 
extent,  the  diffraction  patterns  attributed  to  all  three  constituents  additio- 
naly  broadening  or  even  splitting  the  diffraction  eaxiea.  Such  coeplicated 


TABLE  1.  LATTICE  PARAMETERS  OF  MARTENSITE  (EXPER. )  AND  PHASES 
FORMED  ON  SPINODAL  DECOMPOSITION  (CALCUL.). 


ALLOY 

Ti-Ta  191 

Ti-Mo  Cll 

Ti-N  tlOl 

Ti-Nb  Cll 

solute  content, wtM 

30  1  SO 

6 

8 

10 

15 

IS 

.20  1 

o'  (hexagonal )  a>b/Vs 

2.950 

2.945 

2.960 

2. 940 

o” 

(orth) 

exper. 

a 

3.060 

3.240 

2.970 

3.000 

2.980 

3.020 

2.980 

3.040 

b/T^ 

2.860 

2.720 

2.890 

2.820 

2.930 

2.860 

2.930 

2.910 

a 

1 

2.889 

2.821 

2.914 

2.875 

2.943 

2.904 

2.934 

2.923 

I 

2.860 

2.720 

2.890 

2.820 

2.930 

2.860 

2.930 

2.910 

■asm 

2.879 

2.769 

BBS 

2.847 

2.936 

2.881 

2.932 

2.916 

Phase 

II 

•i. 

3.060 

3.240 

2.970 

3.000 

2.980 

3.020 

2.980 

3.040 

‘’ii/ys 

3.146 

3.466 

2.989 

3.043 

2.996 

3.067 

3.011 

3.118 

O  S.O 

'**“  •’i./ys 

3.104 

Z.VS6 

2.980 

3.022 

2.988 

3.044 

2.996 

3.080 

•ii* 

2.925 

2.885 

2.930 

2.910 

2.952 

2.932 

2.937 

2.932 

RSI 

2.905 

2.835 

2.918 

2.882 

2.945 

2.910 

2.934 

2.925 

2.879 

2.769 

2.902 

2.847 

2.936 

2.881 

2.932 

2.916 

D 

*111”  • 

3.005 

3.095 

2.957 

2.972 

2.970 

2.990 

2.960 

2.990 

**11*”  '/i^ 

3.048 

3.208 

2.967 

2.994 

2.978 

3.013 

2.976 

3.029 

*Ill" 

3.104 

3.3S6 

2.980 

3.022 

3.044 

2.996 

3.080 
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Figure  2.  Lattice  paraeeters  of  eartensite  (solid  lines)  til  and 
products  of  its  deccwposition  (dashed  lines)  as  a  function 
of  aolyhdenue  content  in  Ti-Ho  alloys. 
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Figure  3.  Calculated  splitting  of  the  1 1 101^^  line  in  Ti-6wtt  No  (a) 
and  Ti-8MtX  Ho  <b).  Experioental  data  presented  by  arreos. 
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diffraction  pattern  of  aartensite,  in  which  separate  eaxiea  are  difficult  to 
resolve,  can  explain,  to  our  aind,  the  conclusion  on  orthorhoebic  structure 
of  aartensite,  which  was  aade  previously. 


Conclusion 

O-thorhoabic  syaactry  of  the  aartensite  crystalline  lattice  in  soae  titaniua 
alloys  can  be  attributed  to  the  spinodal  decoaposition  when  the  periodic  struc¬ 
ture  with  the  aodulation  of  the  coaposition  is  foraed  instead  of  hoaogeneous 
solution.  Elastic  deforaation  of  coherently  conjugated  depleted  and  enriched 
phases  produces  the  effect  of  orthorhoabicity  in  the  X-ray  diffraction 
patterns.  That  aeans  that  in  titaniua  alloys  which  did  not  show  the  spinodal 
decoaposition,  the  foraation  of  the  orthorhoabic  o" -aartensite  aust  not  occur. 
On  the  other  hand,  one  can  assuae  that  in  Ti-Ta,  Ti-Nb,  Ti-W,  and  Ti-Re  alloys 
in  which  the  a* '-aartensite  was  identified  the  spinodal  decoaposition  of 
aartensite  should  take  place. 
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PHASE  TRANSFOBMATICHJ  IN  COMBINED  ALLOYED  ot  -TI  ALLOYS  AND  THEIR  EFFECT 


ON  THERMAL  EMBRITTLEMENT  AND  CORROSION  (COIANICAL  PROPERTIES 


Stal  Ushkov,  Valeriy  Rybln,  Illana  Rasuvaeva,  E. Nesterova,  O.Gunbina 

Central  Research  Institute  of  Structural  Materials  "Prometey” 
Sankt-Petersburg,  Russia,  193167 


Abstract 

The  change  of  mechanical  and  corrosion-mechanical  properties  ofot-  Tl  al¬ 
loys  of  the  Ti-Al,  Ti-Al-C,  Ti-Al-Zr,  Ti-Al-C-Zr,  Ti-Al-Si,  Ti-Al-Zr-Si 
systems  in  dependence  of  aging  time  in  400-600°C  range  was  investigated.  It 
is  established  that  aging  results  in  a  thermal  embrittlement  effect,  mani¬ 
fested  as  an  Impact  values  reduction  and  a  corrosion-mechanical  strength 
decrease  of  great  extent. 


Introduction 

It  is  experimentally  established  that  at  400-600*^0  titanium  Ti-6Al-base 
dL -alloys  aging  tends  to  a  decrease  in  ductility  and  corrosion-mechanical 
strength  characteristics  deterioration  (1-4).  Within  this  temperature  range 
titanium  c*—alloys  with  more  than  6-7%  of  A1  display  the  effects  of  embrit¬ 
tlement  aund  sharp  reduction  of  corrosion-mechanicad  properties  due  to  su¬ 
persaturated  solid  solution  decay  with  oCj -phase  (TijAl)  dispersion  particles 
precipitation  (1-3).  Alloys  with  less  than  6A1  and  un-alloyed  titanium  are 
adso  exposed  to  thermal  embrittlement  at  400-600*^0.  This  effect  is  of  dif¬ 
ferent  nature  and  relates  to  redistribution  of  substitution  impurities  Fe, 
N1  between  body  and  grain  boundaries  (4).  It  is  evident  to  suppose  that 
both  processes  are  reaslzed  to  some  extent  in  Ti-6A1  batse  alloy  composition. 
But  the  way  these  processes  are  going  in  defferent  alloys  of  this  type  and 
how  each  of  them  affects  ductility  and  corrosion  mechanical  properties  are 
not  clear. 

The  aim  of  the  present  work  was  to  answer  this  question. 

Material  and  Ex  perimwital  Procedure 

Investigations  were  carried  out  on  Ti-6Al-base  alloys,  additionally  alloyed 
by  6%Zr  or  0.1%  C  and  simultaneously  by  6%  Zr  and  0.1%  C.  Besides  the  Tl- 
6Al-6Zr  system  alloy,  additionally  alloyed  by  0.5%  Si,  was  studied,  bigots 
of  10  kg  in  weight  were  bar-forged  (section  40x40  am)  at  1500...1200°C.  Bar 
forging  on  rods  0  12  and  18  nm  was  performed  at  gSO^c  which  aUoued  to  obtain 
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the  fime-grain  polyhedrc«  structure  after  recrystallization  annealing.  After 
it  ^s  were  subjected  to  quoiching  in  water  at  900°C  followed  by  aging  at 
500°C  for  10  or  100  hours  with  air  cooling.  Inq>act  bending  tests  were  per¬ 
formed  on  Menage  specimens.  The  low-cycle  endurance  value  in  air  and  corro¬ 
sion  mediun  was  determined  according  to  procedure  (5)  and  evaluated  by  the 
number  of  cycles  to  failure  Np. 


Experimental  Besults 


Mechanical  Properties.  The  results  of  impact  toughness  KCV  measurements  and 
of  the  nunber  of  cycles  to  failure  in  corrosion  medium  Np  are  pressened  in 
Figure  1  for  all  tested  materials  in  initial  state  and  after  exposure  for 
10  or  100  hours  at  500°C.  It  is  observed  that  all  tested  materials  are  pram 
to  thermal  embrittlement  vdiich  is  substantially  revealed  only  after  longer 
exposure  for  100  hours.  The  relative  reduction  of  impact  toughness  is  25- 
50%  (Figure  la)  for  all  alloys. 


Figure  1  Histograms  of  changes  in  mechanisal  properties  versus  aging  time: 
a  -  impact  toue^ess,  b  -  corrosion-mechanical  strength; 

1-Ti-6A1;  2-Ti-6Al-6Zr  ;  3-Ti-6Al-0,1C;  4-  Ti-6Al-6Zr-0,1C. 
a-  guenching  in  water  at  900°C;  B  -  qu«r»ching^+  aging  for  10  h  at 
900®C;  C  -  quenching  +  aging  for  100  h  at  500°C. 

The  effect  of  aging  on  corrosion-mechanical  strength  is  considerably  depen¬ 
dent  on  the  alloy  chemical  composition.  So,  the  Np  value  for  T1-6A1  binary 
alloy  is  almost  constant  during  the  aging  process.  In  ternary  Ti-6Al-6Zr  and 
Ti-6A1-0,1C  alloys  the  sharp  (for  about  an  order  of  magnitixle)  decrease  of 
Np  is  observed  even  after  10  hours  of  exposure  at  500°C  (Figure  1b).  In  the 
alloy  comblnely  alloyed  by  Zr  and  C  the  effect  of  corrosion-mectanlcal 
strength  sharp  decrease  shows  itself  even  in  the  initial  state  and  is  pro- 
nouncenly  gro^ng  in  the  process  of  aging.  The  similar  process  is  observed 
in  Ti-6Al-6Zr-0.5Si  alloy,  wherg low-cycle  endurance  in  the  corrosion  mediun 
also  has  low  values  in  initial  state  and  after  aging. 

After  Impact  bending  tests  in  initial,  quenched  state  the  main  fracture  com¬ 
ponent  for  all  alloys  is  throu^  bowl  transcrystalline  failure  (Figure  2a). 
Aging  for  500  hours  at  500°C  leads  to  a  sharp  increase  in  grain-boundary 
failure  fraction  in  fracture;  it  achieves  30%  for  Ti-6A1,  Ti-6Al-6Zr,  Ti- 
6A1-0,1C  and  50%  for  Ti-6Al-6Zr-0,1C  (Figure  2b).  Besides  Ti.6Al-6a>0,1C -al- 
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Figure  2  Typee  of  fracture  conponoits  for  iiqpact  bending  tested  samples, 
a  -  dlmpe  transcrystalllne  failure  (Ti-6Al-6Zr  alloy,  quen¬ 
ching  in  water  at  900°C);  b  -  gra^  boundary  failure  (Ti-6A1- 
6Zr  alloy,  aging  for  100  h  at  500°C)i  c  -  corrugated  fracture 
(Ti-6Al-6Zr-0,1C  alloy,  aging  at  SOO^C  for  100  h);  d  -  fractu¬ 
re  surface  of  Tl-6Al-6Zr-0,5C  alloy  (aging  at  500®C  for  100  h). 

Icy  has  an  increase  in  relative  fraction  of  other  fracture  component-corruga¬ 
ted  fracture  (Figure  2c)  during  aglm  which  corresponds  to  transcrystalline 
failure  along  the  prism  planes  (10  1^.  The  recorded  changes  analyses  allow 
to  conclude  that  thermal  embrittlement  of  binary  and  ternary  alloys  is  go¬ 
verned  by  the  changes  in  intercrystalline  boundaries  state.  The  effect  of 
thermal  embrittlemoit  for  the  quaternary  alloy  is  of  other  complicated  natu¬ 
re.  It  is  connected  with  processes  occuring  in  the  body  and  on  grain  bounda¬ 
ries.  The  failure  surface  of  Ti-6Al-0,5Si  cdloy  after  iapact  bending  tests 
has  a  pit  type  due  to  micropores  nucleatlon  in  silicon-seperated  impurities 
(Figure  2d).  The  pits  are  not  deep  with  little  ligaments  between  them,  in 
some  places  quasispallings  appear  together  with  pit  failure. 

The  comparative  analysis  of  failure  for  samples  with  high  and  low  parameters 
of  low-cyclic  endurance  in  corrosion  medlian  has  revealed  that  failure  Is  al¬ 
loys  taking  place  in  the  grain  body  without  any  notices  of  Intercrystalline 
failure.  A  zone  of  fatigue  crack  propagation  with  peculiar  grooves  is  cove¬ 
ring  the  main  part  of  Ti-6A1  allc^  specimens  in  the  quenched  state,  tdille  in 
the  zone  of  fracture,  a  tough  bowl  transcrystalline  failure  is  observed  (Fi¬ 
gure  3a).  In  the  fracture  of  T1-6A1-0,1C  (  and  Ti-6Al-6Zr)  alloys  fatigue 
grooves  are  observed  in  the  crack  initiation  zone,  and  then  as  the  crack  is 
developing  the  areas  of  spalling  and  corrugated  fractures  appear.  The  frac¬ 
ture  surface  of  Tl-6Al-6Zr-0,1C  alloy  speclmais  consists  of  spalling  and 
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Fl^jre  3  Types  of  fracture  canponents  for  low-cycle  endurance  tested 
samples  In  corrosion  medivm.  a  -  fatigue  grooves  (T1-6A1-0,K 
alloy,  quenching  in  water  at  900°C);  b  -  areas  of  corrugated 
fracture  and  spalling  (Ti-6Al-6Zr-0,1C  alloy,  quaiching  in 
water  at  900°C);  c  -  review  on  fracture  surface  of  Ti-€Al-6Zr- 
0,5Si  alloy. 

corrugated  fracture  areas  (Figure  3b).  Aging  at  500®C  does  not  affect  the 
corrosion-mechanical  fracture  properties  of  Ti-6A1  alloy  while  in  the  terna¬ 
ry  T1-6A1-0,1C,  Tl-6Al-6Zr  alloys  emd  Ti-6Al-6Zr-0,1C  quaternary  alloy  sub¬ 
stantial  changes  are  observed:  fatigue  grooves  zone  completely  disappears 
while  there  Is  a  sharp  increase  in  spalling  areeat  corresponding  decrease 
of  corrugated  fracture  area  (Figure  4).  Revealed  changes  in  failure  charac¬ 
ter  allow  to  conclude  that  corrosion-mechanical  strength  characteristics 
decrease  of  additionally  alloyed  by  Zr  and  C  alloys  Is  governed  by  processes 
occuring  in  grain  bodies  and  sequently  is  of  different  nature  as  compared  to 
thermal  embrittlement  effect  of  these  materials.  The  fracture  surface  of  si- 
llcleui-contalnlng  alloy  consists  in  spalling  areas  and  quasi-spalling  areas 
in  equal  proportion.  A  large  amount  of  precipitations  is  present  along  the 
whole  fracture  surface. 


Structural  Investigations.  These  were  carried  out  by  optical  metallographic 
methods  and  transmission  electrom  microscopy, and  made  it  possible  to  give  a 
detailed  expression  to  the  processes  resulting  from  aging  in  the  internal 
volumes  of  grains  and  on  the  Intergranular  boundaries  of  alloys.  Hlcrostruc- 
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Figure  4  a  -  iaiiact  bending  test;  b  -  Ion  cycle  fatl0ie  test. 

1  -  fatigue  grooves,  2  -  corrugated  fracture,  3  -  cleavage 
(brittle  fracture),  4  -  zone  of  fracture,  5  -  intergranular 
fracture,  6  -  ductile  dtaple  fracture. 

ture  of  all  the  Ti-Al-Zr-C  system  alloys  in  the  initial,  quanched  state  com¬ 
prises  a  set  of  equiaxial  grains  of  oC  -  phase  with  well-defined,  clear  boun¬ 
daries  free  from  any  precipitations  (Figure  5).  After  100  hours  of  exposure 
the  fine-dispersion  graln-botsxiary  particles  1,2-0, 3  iHaB  in  dimensions  ap¬ 
pear  on  grain-boundaries  of  these  materials.  Their  crystal  lattice  was  iden¬ 
tified  by  single  reflex  method  (6),  as  FCC  with  as  1,31  nm,  which  corres¬ 
ponds  to  the  Ti2(Fe,  Ni)  intermetalllc. 

The  sumnary  of  results  obtained  from  mechanical  tests  and  fractography  in¬ 
vestigations  allows  to  conclude  that  thermal  embrittlement  of  T1-6A1  alloy 
and  T1-6A1  base  alloys  additionaly  alloyed oi-titanium  alloys. 

No  visible  structural  changes  were  detected  in  the  Intergranular  voliaaes  of 
Tl-Al-Zr-C  system  alloy  aged  at  500”C  for  10  and  100  hours.  But  after  longer 
exposure  (for  500-1(X)0  hours)  weak  super structural  reflexes  belonging  to 
a(.2~  phase  are  recorded  in  all  materials  except  binary  Ti-6A1  alloy.  It  is 
presented  in  Figure  6  where  microdiffraction  pi  cture  (a)  and  its  sketch  (b) 
are  given.  The  arrangement  of  intermediate  rows  of  weak  additional  reflexes 
(marked-x  in  the  diagram)  precisely  in  between  the  rows  of  the  main  reflams 
in  the  plane  (100)  of  the  reverse  lattice  of  oC  -  phase,  taked  into  account 
the  known  relation  between  <A.-  andcC,-  phases  parameters:  ad^  s  28^ ,  Cit,  s 
Coc .  Theot,-  phase  precipitations  in  the  tesM  alloys  even  after  500  hours 
of  exposure  at  500°C  are  extremely  fine  dispersional.  Due  to  the  fact  that 
it  is  not  possible  to  detect  then  neither  in  bright-fleld  no  in  dark-field 
image,  one  may  consider  that  the  formations  size  does  not  exceed  Irm. 
Structural  investigations  of  silicium-containing  alloys  have  shown  that  a 
large  anount  of  rounded  precipitations  are  located  chaotically  in  the  grain 
body  and  on  boundaries  even  in  the  quenched  state.  The  quantity  and  dimen¬ 
sions  of  precipitations  are  growing  with  increase  in  aging  time  (Figure  7). 
Investigations  performed  with  the  help  of  transmission  electron  microscope 
allowed  to  establish  that  these  precipitations  have  haxagonal  lattice  with 
the  following  parameters:  a  =  0.36  and  0.70  i.e.  are  titanium  silicides 
(TiZr)^Si3,  depended  by  Sj  in  literature  (7). 
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Figure  5  Microstructure  of  Ti-6Al-6Zr  alloy 

a  -  in  quenched  state;  b  -  after  aging  for  100  h  at  500°C; 
c  -  specific  type  of  grain-boundary  precipitations  after  aging 
for  100  h  at  500  w  (transotission  electron  microscope). 


Figure  6  Electrcnogran  and  its  treatment  diagram  Hhich  bear  witness 
tool,-  phase  presence. 


Figure  7  Distinctive  view  on  precipitations  in  Ti-6Al-6Zr-0,5Si  alloy 
after  aging  for  1000  hours  at  500°C. 

Results  and  Discussion 

Metallographlcal  and  electronTinlcroscopic  analyses  results  indicate  that 
two  simultaneous  processes  take  place  at  aging  of  tested  alloys.  They  are 
diffusion  of  impurities  of  eutectold-generatlng^-stabilizers  on  grain  boun¬ 
daries  which  forms  intemetallics  TijClJi,  Fe)  onrt.-  grainboundaries  and 
the  process  of  ordering  resulting  Inota-  phase  formatinn  in  the  grain. 
Earlier  (4)  it  was  shown  that  grain-boundary  segregation  of  Fe,Mi  impuriti¬ 
es  governs  a  decrease  in  Impact  toughness  due  to  cohesion  strength  decrease 
of  grain  boundaries.  But,  at  the  same  time,  additionally  experiment  we 
carried  out  on  technically  pure  titanium  has  shown  that  it  is  not  detrlmoi  - 
tal  to  the  cgrroslon-mechiuiical  strength:  KCV  value  after  exposure  for  100 
hours  at  SOO^C  declined  from  32  to  18  kg/m*  while  the  Np  value  in  the  cor¬ 
rosion  medium  remained  on  5000  cycles  level. 

(i,-  phase  for  its  pre-preclpltatlons/formatlon  is  changing  the  deformation 
type  and  tends  to  plastic  flow  concentration  in  narrow  or  rare  slip  bands 
forming  a  shear  step  of  substantial  height  on  the  surface  of  the  specimen 
(8-9). ci.,-  phase  precipitations  being  in  the  slip  band  are  cut-off  many 
times  gibing  a  rise  to  their  dispersal  and  causing  Al-supersaturation  of 
cL -solid  solution  in  the  slip  bands  and  of  formed  shear  steps.  The  bands 
become  chemically  active  and  play  the  role  of  anodes  in  the  corrosion  medi¬ 
um  and  under  the  conditions  of  passivity  fault.  Therefore,  theot',-  phase 
preclpitatlons/pre-preclpltatlons/  are  responsible  for  a  decrease  of  cor¬ 
rosion-mechanical  characteristics. 

Intermetalllcs  Tl^Sijpreclpltated  in  sillciua  containing  alloys  in  large 
quantities  on  grain  boundaries  and  inside  the  grains  on  low  angle  boundari¬ 
es  may  have  an  effect  on  both  characteristics  mentioned  above. 

Both  processes  namely-grain  boundary  precipitations  of  intermetalllcs  and 
ordering  are  mostly  active  in  the  400-600°C  tea^erature  range.  The  low  bowd 
of  this  range  is  governed  by  the  diffusion  mobility  of  dissolved  atoms 
while  the  upper  bound  in  the  first  case  is  determined  by  the  eutectoid 
transformatlcMi  temperature  in  Ti-Fe  and  Ti-Ni  systems  and  by  the  disorder 
temperature  in  the  second.  These  processes  kinetics  and  mechanisms  are  of 
great  difference. 

cX.  2-phase  formation  is  preceded  by  arising  diffusion  of  aluminium  in  the 
Al-enriched  areas  being  inijtally  presented  in  Ti-Al  system  alloys. 

Mainly  cX-,*  phase  formation  is  a  matrix  crystal  lattice  rabuilding  due  to 
ordered  location  of  atoms  in  its  ponts,  the  new  phase  growth  is  taking  place 
in  coherence  with  the  matrix  with  a  gradual  increase  of  crystal  lattice  dis¬ 
tortion.  Zn  this  case,  there  are  bo  power  stimuler  to  aluminium  segregation 
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to  grain  boundaries  and  atoms  translation  occurs  for  distances  close  to  in- 
teratonic  as  a  result  the  process  is  going  rather  repidly. 

Developed  grain  boundary  (srecipltations  of  intermetallics  are  governed  by 
the  translation  of  ataos-  Fe  and  Ni^tabilizers  found  in  a  form  of  impuri¬ 
ties  in  solid  solution.  As  this  is  long-distance  translation  (50-100  mkm), 
the  process  of  intermetallics  generation  is  going  slower  than  ordering  pro¬ 
cess. 

The  difference  in  the  processes  kinetics  explains  the  fact  that  impact  toug- 
ness  value  decrease  is  ot»erved  at  longer  exposures  as  compared  to  corrosi¬ 
on-mechanical  stroigth. 

In  contrast  of  the  process  of  grain-boundary  precipitation  the  kinetics  of 
ordering  process  is  dependent  on  the  alloying  type.  Interstitial  impurities 
including  carbon  considerably  accelerate  the  ordering  process.  Zirconium 
beeing  more  active  element  than  titanium  enters  into  intersolutioi  interact- 
tlon  with  aluminium  forming  the  ordered  systems  of  (Tl,Zr)3Al  type  at  the 
early  stages  of  aging  (3). 

One  may  say  that  at  simultaneous  alloying  of  Ti-6A1  base  alloy  by  Zr  and  C 
the  Simula  systems  development  is  taking  place  in  the  process  of  semi-finish 
shed  product  manufacture  resultant  in  corrosion  -mechanical  strength  decrea¬ 
se  in  the  Initall  and  aged  state. 

In  sllicon-eontainting  alloys  zirconiun  is  taking  part  in  (Ti,Zr)ySi3(7)  in- 
termetalllc  development. 

Conclusions 

1.  Ti-6A1  binary  alloy  is  subjected  to  thermal  embrittlement  at  long-term 
exposures  within  400-600°C  temperature  range. 

This  effect  is  not  followed  the  corrosiai-mechanical  stnmgth  decrease 
and  is  of  the  same  nature  as  thermal  embrittlement  of  low-alloyed  titanium 
oL-alloys,  i.e.  it  is  governed  by  a  decrease  in  cohesion  strength  of  grain 
boundaries  due  to  Fe,Nl  substitutional  impurities  segregation  an  them  fol¬ 
lowed  by  Tij(Fe,Ni)  intermetsdlic  particles  precipitation. 

2.  In  Ti-6A1-0,1C  and  Ti-6Al-6Zr  alloys  after  exposure  at  400-600°C  the 
thermal  embrittlement  is  observed  as  well  as  corrosion-mechanical  strength 
decrease  and  these  correleting  effects  are  of  different  nature.  The  first 
one  is  governed  by  Fe,Ni  inprultles  re-distribution  between  the  body  and 
grain  boundaries,  while  the  second  effect  is  realized  in  accordance  with  the 
mechanism  of  Tl-Al  solid  solution  homogeneous  decay  at  early  stages.  The  se¬ 
paration  of  mechanisms  responsible  for  a  decrease  in  impact  toughness  and 
corrosion-mechanical  stren^h  reduction  is  consistent  with  the  differences 
in  the  processes  kinetics. 

3.  Simultaneous  alloying  of  Ti-6A1  by  0.1%C  and  6%Zr  leads  to  the  greater 
effect  of  Tl-Al  solid  soluticm  decay  processes  on  ductility  and  corrosion- 
mechanical  strength.  In  this  case,  the  thermal  embrittlement  of  this  alloy 
is  governed  by  the  processes  occuring  on  grain  bound^ies  ( Fe,Ni  segregation 
and  Tl2(Fe,Nl)  Intermetallic  particles  precipitation^  well  as  Ti-Al  solid 
solution  homogeneous  decay  processes. 

4.  Tl-6Al-6Zr-0m5Sl  alloy  embrittlement  results  from  (Ti,Zr)^Sl3  intermetal¬ 
lic  particles  precipitation  on  low-angle  boundaries. 
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Mistract 

The  kinetics  of  a  Q  et  B  ->  a  transformations  are  studied  by  isothermal  dilatometry  in 
high  vacuum  (typically  lO'Opa).  For  pure  Titartium  of  different  grades  both  the  a  B 
and  B  a  transitions  are  very  slow  but  non  isothermal  except  for  V.A.  Titanium.  The 
phase  transition  of  three  Ti-Zr  solid  solutions  of  different  purities  are  investigated.  The  a 
->  B  transition  is  isothermal  for  the  purest  alloy  but  the  B  -*a  one  is  isothermal  for  the 
three  alloys.  These  last  experimental  data  follow  well  a  Johnson-Mehl  equation  and  open 
the  discussion  upon  the  mechanisms  of  these  phase  transitions. 

Introduction 

The  study  of  the  kinetics  of  phase  transformation  is  of  particular  importance  when  it 
furnishes  quantitative  data  of  easy  use  in  modeling  thermal  treatments  of  metals  and 
alloys.  Obtaining  an  analytical  expression  for  the  progress  of  the  transformation  is  a  step 
in  the  same  direction,  and  in  addition,  the  form  of  this  expression  can  provide 
information  coiKerning  the  possible  transition  mechanisms.  The  transition  is  studied  by 
observation  of  a  physical  effect  providing  numerical  values  which  determine  the 
transformation  ratio  in  an  irtequivocal  manrter. 

There  is  renewed  interest  in  the  use  of  dilatometry  for  observing  the  transformations 
undergone  by  solids.  The  works  of  E.J.  Mttemeijer  et  al.(l)  is  an  interesting  example  of 
kinetic  study  using  non-isothermal  dilatometry  and  the  Johnson-Mehl-Avrani  equation. 
Recently,  M.H.  Carvalho  et  al.  (2)  propose  dilatometry  in  the  study  of  phase 
transformation  in  the  Ti  6242  alloy  rn-6Ai-2Sn-4Zr-2  Mo).  Although  the  list  is 
incomplete,  several  dilatometric  studies  on  titanium  and  some  of  its  alloys  may  be 
mentionned.  Cizeron  and  Lacombe  (3)  have  studied  the  allotropic  transformation  of  pure 
industrial  titanium  and  have  shown  the  particular  dilatometric  behaviour  depending  on 
the  a  -»  B  transformation  cycles  concerned.  Hocheid  at>d  al.  (4)  have  studied  the 
transformations  of  Ti6AI4V.  T.  Yukawa  and  al.  (5)  have  studied  the  precipitation  of  the  <<> 
-phase  and  the  order  in  Ti-8  Al;  Etchessahar  (6)  and  Etchessahar  and  Debuigne  (7,8) 
using  high  sensitivy  and  very-high  vacuum  dilatometry  have  studied  the  transitions  in 
titanium,  zirconium  and  the  titanium  zirconium  solid-solution  in  isothermal  arxl  non 
isothermal  conditions.  The  inetals  studied  by  the  latter  were  of  different  purities  ranging 
from  industrial  grade  to  the  zone-melted  grade. 
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The  influence  of  the  interstitials,  particularly  nitrogen,  has  been  precisely  stated. 
Fujishiro  et  al.  (9)  have  studied  the  phase  transformation  of  industrial  titanium  and 
confirmed  the  characteristics  previously  published.  Loier  et  al.  (10)  have  studied  the 
transformation  of  Ti6AI4V  by  dialatometry  under  stressed  conditions.  In  this  present 
study,  we  give  the  kinetic  data  obtained  by  isothermal  dilatometry. 

&(Mrimontal 

Apparatus  and  dUatometric  tests 

The  dilatometer  used  is  an  horizontal-axis  direct  type  operating  under  ultra-high- 
vacuum.  This  dilatometric  unit  was  constructed  in  our  Laboratory  and  has  been 
described  in  detail  (6,11).  More  recently  we  studied  a  special  specimen  holder  for 
carrying  out  thermal  expansion  measurements  on  thin  and  flexible  metallic  ribbons  (1 2- 
1 4),  for  example  amorphous  alloys  prepared  by  planar  flow  casting  on  a  copper  wheel. 
This  dilatometer  allows  study  of  transformation  phenomena  in  materials  submitted  to 
different  thermal  cycles.  It  also  permits  study  of  tfie  phenomerta  which  take  place  in 
tfie  course  of  cumulative  armealing  ;  if  the  sample  is  heated  to  a  temperature  situated 
outside  transition  conditions,  equilibrium  is  established  and  no  length  variation  with 
time  is  observable.  By  successive  steps  of  temperature  change  in  the  phase  transition 
region,  fine  measurements  may  be  made  of  the  evolution  of  the  sample  and  the 
transformation  temperatures  and  possible  incubation  time. 

Materials 

The  experiments  were  carried  out  on  three  grades  of  titanium,  the  composition  of 
which  are  given  in  Table  1. 

TABLE  I  •  Composition  of  the  various  grades  of  titanium  (ppm  atomic) 


0 

N 

C 

Al 

Fe 

Ni 

Si 

Mn 

Zr 

T40 

2100 

600 

900 

990 

300 

<  13S 

<  20 

TiE-B 

900 

280 

10 

ISO 

SO 

10 

meltinc 

1800 

200 

2S0 

70 

40 

Ti 

10 

70 

Van  Arkd 

ISO 

100 

The  equiatomic  Ti-Zr  alloys  of  different  impurity  levels  were  studied.  The  first  one,  Ti- 
Zr  1 ,  is  of  industrial  purity  level,  the  other  two,  Ti-Zr  2  and  Ti-Zr  3,  were  synthesized 
under  very  pure  argon.,  starting  with  bulk  metals  melted  by  rf  induction  on  a  water 
cooled  copper  crucible  and  then  homogenized  by  long  time  armealing  in  an  ultra-high- 
vacuum  furnace.  The  impurity  cotKentrations  of  the  starting  metals  are  given  in  Table  I 
I  for  Ti  Zrl ,  provided  by  CEZUS,  die  values  of  impurities  content  are  those  of  the 
alloy,  for  Ti  Zr2  and  Ti  Zr  3  the  analysis  are  corKerning  the  starting  metals. 


TABLE  n  -  Impurities  in  the  starting  materials  (ppm  atomic) 


Samolei 

Materials 

0 

N 

C 

Cr 

Hf 

Al 

Fe 

Ni 

Zr 

•n 

Tl-Zr  1 

TiZr 

3130 

soo 

4000 

Ti-Zr  2 

Ti 

900 

293 

280 

10 

ISO 

SO 

10 

38 

Zr 

22S0 

IS20 

lOS 

102 

Ti 

100 

70 

Ti-Zr  3 

Zr 

8 

8 

-i2_ 

0 

2 

740 
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Titanium 

Titanium  dilatograms  exhibit  well-known  features  showing  clearly  the  non 
proportionality  between  tht,  transformation  ratio  and  dilatation.  During  cumulative 
annealing  tests,  both  the  a  and  the  B  -*a  transitions  are  very  slow  and  non 
isothermal.  After  these  tests,  there  is  macroscopic  deformation  of  the  titanium  rods. 
This  macroscopic  deformation  is  a  result  of  the  phase  transitions  and  is  not  due  to 
stress  exerted  by  the  push-rod  of  the  dilatometer,  these  stresses  being  of  extremely 
small  value,  less  than  10'^N  on  a  sample  8  mm  diameter  and  35  mm  long. 

Equi-atomic  Titanium-Zirconium  Solid-Solution 

Recent  works  (8,15,16)  have  established  the  equilibrium  diagram  with  precision.  No 
change  in  composition  occurs  at  all  during  the  a  B  transition  in  an  equi-atomic 
solution. 

a  ->  B  transition  in  cumulative  annealing 

Only  the  purest  alloy,  named  Ti-Zr  3,  shows  an  isothermal  transition  and  this  is  of  480 
minutes  duration. 

B  ->  a  transition  in  cumulative  annealing 

The  transformations  are  isothermal  for  the  three  alloys  and  the  transition  temperatures 
are  as  follows  :  612°C  for  Ti-2r  1,  600®C  for  Ti-Zr  2  and  585®  C  for  Ti-Zr  3,  the 
purest  of  the  three  alloys.  These  transitions  are  very  slow,  of  from  500  minutes  to 
more  than  1000  minutes  duration.  The  Figures  1  to  3  show  typical  B  -»  a 
transformation  curves  for  the  three  grades  of  equiatomic  Ti-Zr  alloy  subjected  to  step 
heatings.  Contrary  to  what  is  observed  on  pure  Titanium,  experimental  results  allow  us 
to  assume  a  linear  dependence  of  length  change  versus  the  transformation  ratio. 


TIME  (min  ) 


Figure  1  -  Dilatometry  of  B  a  transformation  for  Ti-Zr  1,  SO/SO.  Isothermal  annealing 
measurement  of  the  difference  between  the  linear  expansion  of  the  silica  holder  and 
the  specimen.  Length  of  the  sample  :  35  mm 
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Figure  2  -  DUatometry  of  B  a  transformation  for  Ti-Zr  2.  SO/SO.  Length  of  the 
sample  19,5  mm 


W^mfn  for  graduation 


Figure  3  :  DUatometry  of  B  -r  a  transformation  for  the  purest  Ti-Zr.  50/50  alloy.  Length 
of  the  specimen  9,5  mm 

The  kinetics  of  isothermal  transition  of  the  equi-atomic  titanium-zirconium  solid-solution 
are  well  represented  by  equations  of  the  well  known  Johnson-Mehl  type. 

1-y  =  exp-[;i] 

where  y  is  the  transformation  ratio,  t  the  time  and  0  a  constant.  This  equation  was 
used  in  the  following  form  : 


In  I-ln  (1-y))  =  n  In  t  -  n  In 


742 


Expressing  the  time  in  minutes,  tfie  results  shown  in  Table  in  were  obtained  : 


TABLE  ni  -  Coefficients  of  the  Johnson-Mehi  equation 


Alloy 

Trartsition 

n 

n  In  6 

Ti-Zr  3 

a—y0 

621®  C 

1,24 

6,24 

Ti-Zr  1 

fi-*  a 

612»C 

1,80 

1,20 

Ti-Zr  2 

fi-ya 

600®  C 

1,63 

1,02 

Ti-Zr  3 

P-*  a 

585®  C 

1,55 

7,62 

Micrographic  sactior«s  of  Ti-Zr  alloys  having  undergone  the  B  a  transformation  in 
cumulative  annealing  are  given  in  Figure  4.  It  should  be  noted  that  the  morphology  of 
the  a-grains  obtained  show  great  similarity  with  that  of  the  a-grains  in  Van  Arkel 
titanium  having  undergone  an  isothermal  B  ->  a  trartsformation  by  cumulative 
armealings.  In  this  Van  Arkel  titanium,  the  a-grains  are  however  much  larger. 
Nevertheless,  the  micrographs  in  Figure  4  show  grains  much  larger  than  the  needles 
seen  on  samples  transformed  martensitically  during  nonisothermal  heat  treatments. 


a)  b) 


Figure  4  -  Typical  structure  of  Tt-Zr  equi-atomic  solid-solution  samples  after  isothermal 
B  -*  a  transition 

al  Ti-Zr  2  alloy  bl  Ti-Zr  3  alloy 

Discussion 

Dilatometrics  is  an  old  experimental  technique  but  its  use  provides  much  data  in  the 
study  of  transformation  in  solids.  It  is  essential  to  respect  certain  requirements,  which 
although  quite  standard,  are  not  always  respected.  Particularly,  in  the  study  of  kmetics, 
it  is  necessary  to  be  certain  that  the  length  variation  of  the  test  sample  is  proportional 
to  the  transformation  ratio.  There  are  numerous  cases  where  dilatometry  is  rwt  the 
best  method  of  qusntitavely  checking  the  progress  of  a  transformation. 

Dilatometric  study  of  metals  and  alloys  that  are  readily  oxidized  implies  the  use  of  a 
sufficiently  good  vacuum,  limiting  the  contamination  rate  by  oxygen  and  nitrogen.  In 
fact,  in  the  case  of  the  IV  A  metals  (Ti,  Zr,  Hf)  contamination  of  the  metal  by 
interstitials  is  observed  in  vacuum  levels  of  the  order  of  10'^  Pa  ;  the  increase  in 
oxygen  corKentration  is  monitored  by  measuring  the  electrical  resistivity  at  low 
temperature.  Thus  Renucci  (17)  has  shown  that  at  lOTO^C,  for  0,5  mm  thick  samples, 
the  contamination  are  19.10*6  per  hour  of  annealing  at  2.10*4  Pa  and  2,1.10*6  per 
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hour  at  1,5.10*5  Pa.  Thus  in  the  work  of  M.H.  Carvalho  et  al.  (21  we  note  a  large 
effect  due  to  contamination  by  oxygen  and,  contrary  to  these  authors  proposition, 
outgassing  is  impossible  at  higher  vacuum  levels.  Their  explanation  of  the  form  of  the 
dilatometric  curves  by  outgassing  is  errorteous  ;  it  is  well  known  (3,6,7, 8)  that  titanium 
shows  very  variable  dilatometric  curves  when  cycled  around  its  allotropic 
transformation.  The  explanation  of  this  phenomenon  is  more  complex  than  that 
involving  outgassing. 

A  technique  complementary  to  dilatometry  is  to  measure  the  electrical  resistance 
during  thermal  cycling,  in  fact,  the  electrical  resistivity  variation  ratio  is  very  generally 
proportional  to  the  transformation  ratio.  Numerous  works  have  used  this  technique,  for 
example  those  of  Cormier  et  al.  (18,19)  for  pure  titanium,  of  Loier  et  al.  (10)  using 
dilatometry  together  with  resistivity  for  Ti6AP4V  and  of  Arias  and  al.  (19)  for  the  Ti-Zr 
and  Zr-Sc  alloys.  Preliminary  results  obtained  in  our  laboratory  (21)  show  resistivity 
variations  quite  similar  to  the  dilatometric  determinations.  These  results  support  our 
assuption  of  proportionnality  between  the  trartsformation  ratio  and  dilatation.  Jourdan 
et  al  (22)  showed  in  their  study  by  synchrotron  X-Ray  topography  the  occurerKe  of 
heterogeneous  nucleation  during  the  Titanium  a  8  transformation.  They  tested  the 
diffusiortless  character  only  in  the  experiments  where  no  incubation  time  for  the  new 
phase  nucleation  had  been  detected. 

Condualon 

The  transformation  kirtetics  are  not  affected  by  Oxygen  or  Nitrogen  contamintion  owing 
to  the  use  of  ultrahigh  vacuum.  The  exponents  of  the  Johnson-MeN  equations 
representirtg  the  isothermal  kinetics  of  the  S  ->  a  transformation,  on  the  one  hattd, 
and  the  microstructures,  on  the  other  hand,  seem  in  favour  of  a  mechanism  by 
nucleation  and  growth.  This  nucleation  takes  piece  essentially  at  the  grain-boundaries, 
followed  by  growth  after  saturation  of  the  nucleation  sitas.  In  their  works  on  titanium, 
Cormier  et  al.  (18,19)  have  also  proposed  a  mechanism  of  nucleation  and  growth  for 
the  Q  a  transition  when  the  cooling  rate  is  not  too  high.  Amongst  several 
propositions  still  under  discussion,  it  appears  to  us  that  our  results  could  be  in  favour  of 
a  mechanism  of  a  slow  massive  transformation  the  speed  of  which  would  be 
determined  by  the  diffusion  of  impurities  in  the  irrterfacas  in  movement.  Such  as  a 
conclusion  was  also  examined  by  D.  Arias  et  al  (23)  in  their  study  of  8  a 
transformation  in  dilate  Titanium  base  alloys.  Clarifing  this  question  would  require 
further  work. 
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Abstract 

The  ternary  system  Ti-V-N  has  been  investigated  by  means  of  metallographic, 
X  -Ray  and  EPMA  methods.  The  system  is  characterized  by  two  continuous  solid 
solutions  :  S  Ti  -  5  VN^.x  and  p  Ti  -  a  V  (at  temperatures  higher  than 
882‘’C).  The  solubility  of  the  respective  second  metal  in  the  other  binary  phases 
is  small.  S  '  Ti  Nx  ,  Ti2N,  pure  a-Ti  as  well  as  the  nitrogen  stabilized  a-  Ti  (26 
at%  N)  dissolve  only  between  1 ,5  and  2  at%  vanadium.  Vanadium  subnitride 
8-V2Ni.y  dissolves  5  at%  Ti.  In  vanadium  rich  samples  the  banded 
microstructure  frequently  observed  and  corresponding  to  V32N3  disappears  with 
addition  of  titanium. 


Introduction 

In  technical  titanium  TA6V4,  aluminium  and  vanadium  are  the  main  additive 
elements.  To  understand  the  behaviour  of  this  alloy  under  nitriding  conditions, 
i.e.,  to  study  the  quaternary  system  Ti-AI-V-N,  knowledge  of  the  ternary  systems 
involved  is  necessary.  The  systems  Ti-AI-N(l)  and  V-AI-N  (2)  have  already  been 
published.  No  relevant  data  were  found  in  the  literature  on  Ti-V-N.  This  is  a  first 
report  on  the  ternary  system  dealing  especially  with  the  solubility  of  the  third 
element  in  the  binary  compounds. 

Experimental 

The  samples  were  prepared  from  commercially  available  pure  elentents, 
(Ti  :  99,9  %,  100  mesh.  VENTRON  ;  V  :  99,7%  325  mesh,  MALLET  SA)  and 
the  corresponding  nitrides  (TiN  :  99,5  %  325  mesh,  VN  :  99,5  %  325  mesh, 
both  from  CERAC).  Mixtures  of  the  powders  were  compacted  to  pellets  in 
stainless  steel  dies  without  the  use  of  binders  or  lubricants.  The  pellets,  each  of 
a  total  weight  of  2g,  were  arc  melted  on  a  water-cooled  copper  hearth  using  a 
non  consumable  thoriated  tungsten  electrode  under  Ti/Zr  gettered  high  purity 

tiloiiium'W  ^ 

Sdvncv  find  T#clnc4ofly 
by  r.H.  Freai  and  Ccopkn 
Th*  Minarab,  Mokib  A  MalwiBb  SocMy,  1993 
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argon.  To  obtain  homogeneous  samples  each  melted  button  was  turned  over  and 
remelted  again.  After  rapid  cooling  (•  150Ks‘1),  the  samples  were  cut  in  severai 
pieces.  In  order  to  study  the  ternary  crystallization  behavior,  one  part  was 
examined  in  the  as-cast  state.  Phase  equilibria  were  furthermore  checked  at 
different  temperatures.  Samples  were  wrapped  in  0.025  mm  Mo-foils,  put  in  an 
alumina  boat  and  annealed  under  purified  argon  (105  Pa)  in  a  constantan  wire 
wound  furnace,  employing  a  Haskins  E-270  chromei-alumel  temperature 
controller  system. 

Annealing  conditions  were  :  1400h  at  700  and  400h  at  1000°C,  and, 
additionally  3000h  at  1000**C,  in  all  cases  samples  were  cooled  by  withdrawing 
the  furnace. 

For  metaiiographic  inspection,  alloys  were  mounted  in  epoxy  resin,  ground  on 
siliconcarbide  paper  and  diamond  wheeis  and  subsequently  polished  on  a  nylon 
cloth  using  diamond  paste  of  consecutively  finer  grain  sizes  (down  to  0.25  //m) 
and  finally  examined  on  a  Olympus  optical  microscope  under  reflected  and 
polarized  light. 

X-ray  powder  diffraction  patterns  at  room  temperature  were  prepared  from  all 
experimental  alloys  in  the  as-cast  as  well  as  annealed  condition,  whereby 
sampies  were  crushed  in  steel  mortar  and  ground  to  fine  powders  in  a  846 
mortar.  X-ray  Oebye-Scherrer  (114,59  mm  camera)  photographs  as  well  as 
diffractometer  readings  using  Cu  Ka  radiation  were  evaluated  with  respect  to  the 
number  of  observed  phases,  their  structure  and  unit  celi  dimensions.  Precise 
lattice  parameters  and  standard  deviations  were  obtained  from  a  least-squares  fit 
evaluation  procedure;  powder  diffraction  intensities  were  calcuiated  employing 
the  LAZY-PULVERIX  PC  program. 

Nitrogen  losses  during  arc-melting  cannot  be  avoided  or  controlled,  therefore, 
the  total  nitrogen  content  of  selected  samples  has  been  determined.  These 
chemical  analyses  for  nitrogen  were  performed  by  means  of  a  Carlo  ERBA  CHN 
1108  Oumas-GC  analyzer  using  tin  crucibles  giving  an  exothermic  reaction  upon 
injection  of  oxygen  and  of  V2O5  as  a  flux.  As  seen  by  the  results,  all  our 
samples  contained  less  than  30  at%  N.  Typical  measurements  were  for 
example  :  starting  composition  60  at%  Ti,  5  %  V,  35%  N  yields  after  arc 
melting  67%  Ti,  5,6%  V,  27,4  %  N,  or  35%  Ti,  20%  V,  45  %  N  gives  46,7 
%Ti,  26,6%  V,  26,7%  N. 

It  was,  however,  not  only  necessary  to  perform  average  nitrogen  analysis,  but 
also  -  due  to  the  multiphase  character  of  the  studied  samples  -  microchemical 
analysis.  For  electron  probe  microanalysis  (EPMA)  a  Cameca  SX  50  microprobe 
with  four  crystals  was  used.  For  nitrogen  analysis  the  crystal  PCI  atxl  for 
titanium  analysis  an  PET  crystal  was  applied.  Vanadium  was  measured  by  UF. 
Accelerating  voltages  between  15-25  KV  with  a  beam  current  of  20-60  nA  (in 
some  cases  up  to  300  nA)  were  chosen.  The  measurement  time  per  step  was 
usually  10  sec  for  the  peak  maximum  and  5  sec  for  the  background.  Quantitative 
nitrogen  microprobe  analysis  in  the  presence  of  titanium  is  a  difficult  procedure 
since  the  N-Kq^  and  TIli  lines  coincide.  The  anwunt  of  overlap  is  such  that  both 
lines  superimpose  to  a  single  line  without  fine-structure.  Sophisticated 
procedures  have  been  worked  out  dealing  with  peak  shape  determination  (3) 
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which,  however  are  very  time  consuming  and  do  not  allow  a  sufficient  sample 
throughput.  In  this  work,  the  nitrogen  content  determination  was  performed  on 
the  basis  of  the  classical  standardization  technique.  Strictly  single  phased 
titanium  nitride  standards  of  following  compositions  were  used  :  a-Ti(N)  23.2 
at%  N,  e-Ti2N  32.8  at%N  and  5-TiNx  with  37.0  at%  N.  Another  method  was 
just  to  count  the  titanium  and  vanadium  concentrations  aruJ  define  the 
complement  as  the  nitrogen  content.  This  was  allowed  since  the  impurity  level  of 
the  samples,  especially  oxygen,  was  found  to  be  below  the  detection  limit  of  the 
microprobe  apparatus.  These  measuretnents  were  performed  at  the  "Centre  de 
Microsonde  Electronique  de  TOuest'  in  Brest  with  the  valuable  help  of  M.  M. 
Bohn. 


Bfiaultt 

The  titanium  rich  side  of  the  diagram. 

Arc  melted  samples  containing  5%  vanadium  and  various  amounts  of  nitrogen 
showed  on  metallographic  inspection  a  common  feature.  The  most  stable 
compound,  TiNi-x  >  crystallizes  first  from  the  melt  in  a  dentritic  form.  The 
dendrites  are  surrounded  by  a  small  band  of  a  second  phase.  The  colour  effect 
of  their  grains  in  polarized  light  is  much  more  intensive  than  that  of  the  dendrites 
or  that  of  the  matrix,  a  result  of  the  lower  symmetry  of  the  hep  a  phase  as 
opposed  to  the  fee  crystal  lattice  of  the  nitride  and  to  the  bcc  symmetry  of  the  B 
Ti  /  aV  solid  solution.  Precipitates  of  the  same  colours,  presumably  parallel  to  the 
(111)  planes  are  observed  within  the  dendrites  [photo  1]. 


Photo  1 

X-ray  diffraction  patterns  (Debye-Scherrer)  confirmed  these  interpretations.  We 
have  identified  three  phases  : 

-  face  centred  cubic  8  -  TINi-x  (Vss)  with  lattice  parameters  variing  between 
4,188  A  and  4,212  A 


-  hep  a  -Ti  (V.N)ss  with  little  change  in  the  lattice  parameters  :  ao  remains  near 
to  2,969  A  and  cq  remains  between  4,770  and  4,795  A, 

-  body  centered  cubic  6Ti  with  vanadium  and  nitrogen  in  solid  solution,  giving 
very  large  smeared  X-ray  peaks  which  do  not  allow  a  precise  parameter 
determination.  In  these  samples  we  found  ao  in  the  iteighbourhood  of  3,24  A 

On  the  basis  of  the  binary  Ti-N  diagram  (4)  one  can  explain  the  crystallization 
behaviour  of  the  arc  melted  samples,  even  if  equilibrium  conditions  are  not 
fuilfilled,  thus  the  isopleth  at  5  at%  V  can  be  regarded  as  a  pseudo-binary 
system. 

By  cooling  from  the  melt,  primary  crystallization  of  TiNi-x  takes  place  first.  The 
primary  axes  of  the  dendrites  do  rrat  contain  detectable  amounts  of  vanadium, 
but  the  V-concentration  increases  with  the  growth  of  the  crystals  up  to  1,5  at% 
V  near  to  the  interface  5  /  a.  Nitrogen  concentrations  in  these  mischkristalls 
depend  upon  the  total  N-content  in  the  melt  and  are  in  good  agreement  with  the 
proposed  phase  diagrams.  Typical  EPMA  results  were  for  example  ;  60  at%  Ti 
38  at%N  or  65  at%  Ti  34  at%N,  the  complement  being  vanadium. 

On  further  cooling  the  peritectic  reaction  L  -«■  S  ->  a  begins,  giving  the  coloured 
bands  around  the  dendrites.  However,  cooling  is  too  fast  and  the  reaction  is  rwt 
complete.  The  hexagonal  phase  has  been  artalyzed  in  various  samples. 
Concentrations  were  :  1,5-2  at%  V,  72-75  at%  Ti,  26-24  at%N.  The  highest 
nitrogen  concentration  corresponds  to  the  maximum  solubility  of  nitrogen  in  a- 
titaniLTi.  Even  in  this  nitrogen-stabilized  a  the  solubility  of  vanadium  remains 
low,  as  opposed  to  Al,  which  is  also  an  a  stabilizer  and  increases  the  solubility 
of  vanadium  in  a  titanium  (5).  in  pure  a  titanium  the  order  of  magnitude  of  V- 
solubility  is  the  same;  according  to  (6)  it  does  not  exceed  1,5  at%  V. 

The  bcc  matrix  shows  the  largest  variations  in  composition,  depending  upon  the 
weighed  in  concentrations  on  the  isopleth  5  at%  V.  Here  we  find  all  vanadium 
rejected  from  the  other  phases.  Extreme  values  were  83  at%  Ti,  7  at%  V.  10 
at%  N  and  65  at%  Ti,  27  st%  V,  8  8t%  N.  The  maximum  solubility  of  nitrogen 
in  6  titanium  is  6  at%  N  at  2000”C.  Addition  of  vanadium  which  is  a  8  stabilizer 
itself,  increases  the  solubility  of  N  in  these  alloys. 

Annealing  at  lOOO^C. 

The  evolution  of  the  samples  after  heat  treatment  at  lOOO’C  shows  the 
transformation  of  the  substoichiometric  6  dendrites  to  s  -Ti2N  (Vss),  the 
presence  of  stabilized  a  and  an  increased  solubility  of  N  in  the  6  phase. 

8  -Ti2N  dissolves  less  than  2  at%  vanadium,  a  dissolves  between  1  artd  2  at% 
V.  The  lattice  parameters  remain  the  same  in  all  samples  :  a  >  4,938  A, 
c  =  3,036  A  for  e  and  a  -  2,969  Ac-  4,786  A  for  a. 

The  body  centered  cubic  solid  solution  is  still  poorly  crystallized  showing  wide  X- 
ray  diffraction  lines.  EPMA  measurements  showed,  beside  the  understandable 
variations  in  the  Ti/V  contents,  a  surprisingly  high  nitrogen  coiwentration 
between  20  and  25  at%. 
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Annealing  at  TOO^C  . 


At  this  temperature,  according  to  Ti-N  phase  diagrams  (7,8)  appears  the 
metastable  5*-Lobier-Marcon  phase  with  ordered  vacancies  in  the  nitrogen 
sublattice.  Metaliographic  inspections  allowed  us  to  identify  this  phase  clearly, 
(photo  2]  but  only  in  small  quantities,  thus  precise  lattice  parameters  cannot  be 
given.  The  vanadium  content  of  this  phase  is  less  than  1at%,  in  spite  of  the 
existence  of  a  corresporvling  S'-VNx.  There  might  be  a  continuous  solid  solution 
between  these  two  phases,  but  at  lower  temperatures,  since  8'-VNx  is  not  stable 
above  520"C.  In  our  case  S'-TiNx  appears  at  the  center  of  the  dendrites  which 
crystallized  first  and  are  very  poor  in  vanadium.  The  other  dendrites  are 
transformed  to  e  -Ti2N  with  a  vanadium  content  of  less  than  1  at%.  Lattice 
parameters  change  little  in  different  samples  (ao  from  4,930  to  4,937  A.  co  from 
3,032  to  3,036  A). 

One  can  still  identify  the  small  a  -bands  around  e  -blocics.  The  vanadium  content 
in  a  is  now  less  than  2  at%.  X-ray  imaging  (photo  3]  shows  that  the  rejected 
vanadium  is  concentrated  between  the  a  -bands  and  b  .  The  6  matrix  presents 
various  aspects.  In  some  cases  uniform  as  usual,  in  other  cases  with  small 
precipitates  polarizing  like  a.  Their  compositions  are  also  quite  different,  varying 
from  73%  Ti,  25%  V,  2%  N  to  58%  Ti,  30%  V,  12%  N, 


Photo  2  Photo  3 
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The  vanadium  rich  side 


One  metallographically  very  characteristic  alloy  in  the  V-N  system  is  the 
mestastabie  phase  V32  N3  showing  a  particular,  banded  microstructure  as  a 
result  of  twinning.  One  of  our  samples  of  the  initial  composition  90%  V  10%  N 
showed  this  microstructure  [photo  4].  EPMA  analyses  confirmed  the  V32N3 
stoichiometry.  By  substitution  of  5%  V  by  Ti  the  banded  microstructure 
disappears  (photo  5].  The  alloy  5%  Ti.  85%  V,  10%  W  (initial  composition  and 
also  the  composition  observed  by  EPMA)  forms  large,  homogeneous  grains 
without  twinning.  Smali  quantities  of  titanium  are  sufficient  to  prevent  the 
twinning  and  probably  also  the  ordering  of  N  atoms  in  this  alloy.  Other  alloys, 
still  on  the  isopleth  5%  Ti,  were  of  two-phase  composition,  showing  the  bcc 
soiid  solution  and  the  subnitride  V2Ni.y.  The  iattice  parameters  of  the 
subnitride  are  slightly  increased  by  titanium  incorporation,  a  ===  4,913  A 
c =4,572  A.  A  nrtaximum  solubility  of  5  at%  Ti  in  V2Ni.y  has  been  observed. 
The  lattice  parameters  of  the  bcc  solid  solution  were  3,058  A  corresponding  to 
the  composition  5  at%  Ti.  85  at%  V,  10  at%  N  in  ail  arc  melted  samples.  After 
annealing  at  1000°C  the  nitrogen  concentration  decreases  slightly  in  the  solid 
solution.  Ti-V-N  ;  5-85-10  at%  and  Ti-V-N  :  5-80-15  at%  present  large, 
homogeneous  grains  without  twinning  with  V2Ni-y  at  the  grain  boundaries. 
EMPA  gives  Ti-V-N  :  5-86-9  at%  for  the  solid  soiution  and  Ti-V-N  :  5-66-29  at% 
for  V2Ni.y  in  very  good  agreement  with  respect  to  the  nitrogen  concentrations 
in  the  two-phase  region  as  described  by  (9). 


Photo  4 


Photo  5 


Conclusion 


We  have  measured  the  solubility  of  vanadium  in  arc  melted  and  consecutively 
annealed  Ti-N  alloys  as  well  as  the  solubility  of  titanium  in  V-N  alloys.  These 
solubilities  are  small,  not  exceeding  2  at%  vanadium  in  titanium  nitrides  under 
our  experimental  conditions.  Even  6-TiNx,  which  presents  a  complete  solid 
solution  with  S-VNx,  dissolves  only  2  at%  V  after  arc  melting  of  titanium  rich 
samples.  A  similar  behaviour  has  been  observed  in  the  corresponding  Ti-V-C 
system  (10)  Technical  titanium  TA6V4  contains  more  vanadium,  about  4  at  %, 
than  the  observed  solubility  limits.  This  explains  why,  by  nitriding  or  oxynitriding 
of  TA6V4,  vanadium  is  rejected  (11). 
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THE  EFFECT  OF  THE  i9-STABILIZING  ELEMENTS  AND  HEATING/COOLING  RATE  ON  PHASE 


TRANSFORMATIONS  IN  MULTICOMPONENT  TI-ALLOYS  WITH  CONSTANT  AL  CONTENT. 


J.  Sieniawski  and  F.  Grosman 
Silesian  Technical  University 

Department  of  Mechanics  and  Technology  of  Metal  Forming 
Krasiilskiego  8,  40-019  Katowice,  Poland 


Abstract 

Dilatometric  studies  with  heating  and  cooling  rates  controlled  in  the  range  of  0.004  -  0.08  K/s  were 
performed  to  evaluate  the  phase  transformation  temperatures  of  the  following  alloys;  Ti-6AI-3Mo, 
Ti-6AI-3Mo-V,  Ti-6AI-2Mo-2Cr  and  Ti-6AI-5Mo-5V-1  Cf-Fe.  The  values  of  activation  energy  of  the 
transformations  are  similar  to  those  of  activation  energy  of  diffusion  of  the  substitutional  elements 
in  Ti.  Two  periods  of  the  <r  -i-  8  ■*  transformation  in  the  course  of  heating  were  revealed:  a  slow 
(A'*')  and  an  intensive  (A”)  one.  To  practical  applications  the  intensive  period  temperature  was 
taken.  The  equations  showing  the  relationship  between  the  transformation  temperature  and  heating 
or  cooling  rate,  as  wall  as  the  content  of  the  ^-stabilizing  elements  have  been  derived. 
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Ipuotiuction 


Phase  transformations  in  the  titanium  alloys  containing  the  elements  stabilizing  both  o-phase  (eg. 
Al)  and  /^phase  (eg.  Mo,  V,  Cr)  are  rather  complicated  and  still  not  eittiraly  understood.  However, 
for  their  important  role  in  the  processing  of  these  materials,  they  require  further  research  to  be 
carried  out.  Some  specific  physico-chemical  and  mechanical  properties  of  these  aHoys  (1-5)  in 
comparison  with  other  construction  materials  make  the  studies  even  more  desired. 

Taking  as  an  example  some  selected  a  fi  alloys  containing  different  amounts  of  the  ^-stabilizing 
elements  (Ti-6AI-3Mo,  Ti-6AI-3Mo-1V,  Ti-6AI-2Mo-2Cr  and  ri-6AI-5Mo-5V-1Cr-1Fe|  the  phase 
transformations  taking  place  in  the  course  of  continuous  cooling  and  the  coolirtg  with  an  isothermal 
step  within  the  range  of  c-phase  stability.  The  temperature  ranges  of  diffusion  controlled  a  + 
[H  transformations  and  the  martensitic  $  —  o‘(a*)  transformation  have  been  established  depending 
on  the  cooling  rate  and  the  value  of  the  j}-phase  stability  factor  K,  (6),  and  the  TTT-curves  have 
been  worked  out. 


Materials  and  experimental  procedures 


As  a  subject  of  the  studies  a  number  of  titanium  alloys  with  constant  content  of  Al  and  with 
different  value  (0.3  -  1.2)  of  the  stability  factor  (K^were  taken.  Chemical  composition  of  these 
alloys  is  given  in  Table  1 .  The  following  experimental  research  have  been  performed  to  achieve  the 
objectives  of  the  work: 

-  dilatometric  tests; 

x-ray  structural  analysis  to  determine  the  phase  composition  of  the  alloys; 

hardness  tests; 

microstructure  studies  using  optical  and  electron  microscope. 


Dilatometric  studies  have  been  performed  in  argon  atmosphere  with  an  absolute  dilatometer  LS  and 
cylindrical  specimens  of  4  mm  in  diameter  and  15  mm  in  length.  Phillips  PW- 1130-00  x-ray 
diffractometer  with  a  Cu-tube  and  a  Ni  filter  have  been  applied  to  the  phase  composition  studies. 
As  far  as  the  hardness  tests  are  concerned,  the  Metsuzawa  Seiki  •  Micro  SA  instrument  have  been 
used  (Vickers  method  •  5N/20s  load). 


Table  1 .  Chemical  composition  of  the  alloys  being  analyzed 


Alloys 

Composition  (wt  %) 

Stabilitv  factor 

Al 

Mo 

- 1 

V 

Cr 

Fe 

Si 

Kr 

Ti-6AI-3Mo 

6.2 

3.3 

* 

- 

- 

0.3 

0.3 

Ti-6AI-3Mo-1V 

6.2 

2.5 

1.1 

- 

- 

0.1 

0.4 

Ti-6AI-2Mo-2Cr 

6.3 

2.6 

2.1 

0.4 

0.25 

0.6 

•n-eAI-5Mo-6V-1Cr-1Fe 

5.8 

5.3 

5.1 

0.9 

0.8 

0.15 

1.2 

The  specimens  for  metallographical  studies  have  been  etched  with  the  KroH's  etchant  (50%  HNO, 
40%  HP  -)■  10%  HtO)  and  for  the  electron  microscopy  studies  a  number  of  titin  foils  have  been 
prepared. 
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In  the  first  stage  of  the  investigations  the  o  t-  ^  phase  transformation  start  atuf  finish 
temperatures  were  determined  using  the  heating  rate  V,  =  0.08  K/s.  An  example  of  a  dillatogramme 
for  Ti-6AI-5MO'5V-1Cr-1Fe  alloy  is  given  in  fig.1.  In  this  way  the  temperatures  of  the  mentioned 
phase  transformation  finish  have  been  established  which  for  ri-6AI-3Mo,  Ti-6AI-3Mo-1V,  Ti-6AI- 
2Mo-2CrandTi-6AI-5Mo-5V-1Cr-1Fe  were  1260,  1224,  1239  and  1153  K,  respectively. 
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Figure  1  •  Dilatogram  of  a  selected  alloy 

The  obtained  results  served  as  a  basis  for  the  programme  of  further  studies  involving  continuous  and 
isothermal  cooling  of  the  titanium  alloys.  To  obtain  the  TTT,.curves  the  samples  of  the  alloys  being 
studies  were  first  heated  to  the  temperature  within  their  range  of  ^-phase  stability  with  the  rate  of 
0.08  K/s,  then  annealed  for  0.5  h  and  finally  cooled  in  different  media  with  average  cooling  rate 
between  48  ■  0.004  K/s  within  the  phase  transformation  range.  As  far  as  the  TTT, -diagrams  are 
concerned,  the  heating  and  annealing  conditions  were  the  same,  but  the  specimens  were  cooled  in 
water  to  the  temperature  of  isothermal  annealing.  The  isothermal  annealing  was  carried  out  within 
the  temperature  range  of  559  -  1325  K  for  5  to  10*  s.  T«vo  seloctod  examples  of  TTT.  and  TTT, 
diagrams  for  Ti-6AI-3Mo-1  V  alloy  are  given  hi  fig.2  and  3. 

It  was  found  that  during  the  continuous  cooling  from  the  ^-stability  range,  depending  on  the  cooling 
rate  the  following  transformations  of  the  supercooled  metastable  At  phase  are  possible: 

+  o’  +  o;^»a'(a*)  +  o  +  +  ft  ^  +  TiCrjrnFe,). 

Moreover,  it  was  noticed  that  the  increase  of  the  content  of  ftstabiKzing  elements  and  thus  the 
increase  of  the  stability  factor  K,  leads  as  a  rule  to  decrease  martensitic  fi  ••  o'lo'l  trartsformstion 
start  and  finish  temperatures  at  continuous  cooling,  and  that  itiffusion-controllad  transformations 
tend  to  shift  toward  the  lower  cooling  rate  (fig.4.).  In  the  case  of  the  increased  content  of  the 
elements  which  forms  an  eutectold  with  titanium  (eg.  Cr,  Fe)  the  autactoidal  transformation  was 
observed  at  the  lowest  cooling  rate  applied  (V..,  •  0.004  K/s).  In  the  conditions  of  isothermal 
annealing  the  phase  composition  of  the  sHoys  varies  quite  widely  -  from  martensitic  or  ft,  metaetable 
phase  to  stable  phases  being  the  products  of  diffusion  processes.  The  foMowittg  phMa 
transformations,  dependino  on  the  temperature  end  the  isothatmal  annseling  time  may  take  ptece: 
fimg  +  fi;  o'lo'l  ••a  +  ft  +  IT. ^ o "nCrjCTIFe,)  and A.  +  a»e  ♦ 

4'  +  Aw  •  4  +  ft 

It  should  be  mentioned  that  the  decomposition  of  the  martensitic  o'  phase,  dapartdbio  on  the 
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TTT,-dl«gtim  of  Ti-6AI-3Mo-1V  ottov  IK,  .  ,4, 

umporaturo  of  isothormal  annoaNng  can  produce  aWtor  tfiracily  ataWa  o  and  #  pitaaoa  labova  800 
K)  or  tha  imarmadiata  0*  ntartanaitic  phm  in  tha  araaa  of  the  jFphaaa  anrietad  wfdi  tha  atoytng 
alamama  wNch  takaa  place  below  700  K  and  may  have  a  conaUarable  bapowanca  In  ttia 
procaaa  of  precipitation  atranothaning  of  tha  aKoya.  Phaaa  trawafpnnatlona  In  tha  muMeemponam 
titanium  aHoya  contaMno  Al,  Mo,  V  and  Cr  at  iaothermal  cooMng  dapand  alao  on  Pm  contawt  of  tha 
P-atabWaing  damanta  content  and  vary  accordirfg  to  tha  achama  lfio.S.). 


Increase  of  the  stability  factor  impedes  +  ff  transformation  which  shifts  its  start  toward 

longer  times  of  annealing,  and  towers  the  temperature  of  the  transformations  in  the  intermediate 
phases.  The P^a  *  P transformation  at  higher  temperature  rartge  leg.  1 1 50  K|  begins  in  the  alloys 
being  studied  just  after  several  tens  of  minutes  which  is  demonstrated  by  the  precipitation  of 
acicular  o-phase  particles  along  the  primary  ^-phase  grain  boundariea.  This  is  foUowed  by  the  o- 
phase  precipitation  process  within  grains  that  leads  to  the  formation  of  colonies  of  paralM  lamellae 
of  the  ff-phase  with  varioua  orientations.  At  lower  temperature  ranges  the  transformation  starts  also 
as  a  process  of  precipitation  of  the  needle-like  particles  of  o-phase  along  the  ^-phase  grain 

boundaries;  however,  in  this  case  the  o-phase  lamellae  are  generally  smaller  in  the  colonies  both  at 
the  grain  boundaries  and  within  the  grains  131. 


Conclusions 


As  a  result  of  the  performed  studies  it  was  established  that  the  phase  composition  of  Ti-6AI-3Mo, 
Ti-6AI-3Mo-1  V,  Ti-6AI-2Mo-2Cr  and  Ti-6AI-5Mo-5V-1  Cr-1  Fe  aHoys  changes  depending  on  the 
content  of  ^-stabilizing  elements,  cooling  rate  and  the  isothermal  annealing  temperature.  During  the 
continuous  cooling  from  the  jS-phase  stability  range,  depettdirtg  on  the  cooling  rate,  the  phase 
compositions  varies  from  martensitic  &{o')  or  metasuble  py^-dhtM  structures  (in  Ti-6AI-5Mo-5V- 
1  Cr-1  Fe  alloy),  via  complex  structures  comprising  martensitic  and  diffusion-produced  phases  (o, 
to  the  structures  consisting  only  of  stable  a  and  P  phases.  At  the  conditioiM  of  isothermal  cooling 
the  phase  composition  of  the  alloys  also  changes  widely  -  from  unstable  martettsitic  o^lo*)  or  A« 
phases  to  stable  a  and  p  phases  being  the  product  of  diffusion-controlled  processes.  It  should  be 
noticed  that  the  decomposition  of  the  martensitic  o'  phase,  depending  on  the  isothermal  annealing 

terrtperature  may  lead  either  directly  to  the  formation  of  stable  a  and  P  phases  l>8(X)  K)  or  via 
formation  of  an  intermediate  martensitic  a*-phase  in  the  areas  erwiched  with  the  ^stabilizing 
elements  {p„\  ( <  700  K|  which  may  play  an  important  role  in  the  precipitation  hardening  processes 
of  these  alloys.  Appropriate  selection  of  the  isothermal  annealing  conditions  within  the  range  of  the 
P^  a  *■  p  phase  transformation  temperatures  makes  it  possible  to  control  the  morphology  of  the 
lamellar  structure  (31  which  is  of  particular  importance  when  these  alloys  are  to  be  applied  in  the 
conditions  of  heavy  dynamic  loads  and  elevated  temperature. 
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Abstract 

The  T-T-T  behaviors  of  a  metastable  ^titanium  alloy,  Ti-1 6V-3Cr-3Sn— 3AI.  during 
isothermal  decomposition  has  been  examined  using  hardness.  X-ray  diffraction  analyses,  and 
optical.  Scanning  and  electron  microscopy.  The  microstnjcture  quenched  from  above 
8-trsnsus  consists  of  retained  f  phase,  no  a,  or  stress-induced  transformation  occurs.  At 
isothermal  temperature  below  460C; ,  the  t  phase  separation  reaction  is  observed  at  ear¬ 
ly  stage  of  decomposition.  The  f  formed  rate  is  rather  high,  at  450C  -300t:  for  time  of  a  few 
minutes,  the  coherent  metastable  ^-phase  particles  can  be  detected  by  TEM.  Finally,  a  TTT  di¬ 
agram  is  presented  and  also  correlated  with  the  observed  hardness  changes. 


Introduction 


Ti-1  &V-3AI-3Ct-3Sn  Alloy  (Ti-1  S-3)  is  a  metsstable  beta  titanium  alloy  which  has  high 
strength  and  deep  hardenebility.  Usually-  't  is  used  in  solution  treated  and  aged  condition.  It  is 
important  to  understand  the  structural  transformation  of  this  alloy  during  solution  treating  and 
aging,  and  in  particular,  the  influence  of  the  decomposition  of  the  metsstable  beta  phase  on 
the  control  of  the  final  properties  of  the  alloy.  This  papar  is  based  on  the  research  of  the 
isothermal  transformation  of  Tr-1 5-3  alloy.  It  summarizes  the  charscterstics  of  transformation 
of  the  matastsbie  bets  phase  in  the  temperature  tango  of  300~  700C .  During  low  tamparsture 
aging,  tha  phase  separation  reaction  occurs  axtansivaly.  This  characteristic  has  practi¬ 

cal  significanco  whan  determining  aging  ragima  of  the  alloy. 
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Experimental 

An  ingot  of  Ti-15-3  alloy  of  160  mm  in  diameter  was  vacuum  consumable-electrode 
remelted.  After  heating  to  the  ^phase  region,  the  ingot  was  forged  into  a  slab,  and  hot  rolled 
to  plate  of  6mm  thickness.  After  ^-solution  annealing,  sand  blasting  and  pickling,  the  plated 
was  cold  rolled  to  1  mm  thick  sheet  The  size  of  all  samples  was  10x1 0mm.  The  composition 
of  the  ingot  is  listed  in  Table  I .  The  beta  transus  temperature  is  about  760C  ±  5C .  determined 
by  metallographic  examination. 

Table  I  CompostionofTi-l  5-3  Alloy 


Element 

V 

Al 

Cr 

Sn 

Fe 

Si  N 

0 

Ti 

Wt.% 

14.42 

2.92 

2.66 

2.66 

0.09 

0.063  0.0166 

0.11 

balance 

Metallographic  samples  were  heat  treated  in  a  tin-bath  at  820t1  /  20min.  They  were  trans- 
fered  to  an  isothermal  furnace  and  annealed  at  temperatures  of  from  300t:  to  TOOC ,  and  hold¬ 
ing  times  from  0.6  min  to  48h,  followed  by  water  quenching.  The  furnace  temperature  was 
controlled  to  within  ±  6C . 

The  changes  in  microstructure  after  isothermal  treatment  at  different  temperaturs  was 
observed.  The  starting  time  of  metastabla  fi  phase  transformation  was  lietermined  by  optical 
microscopy  and  SEM.  The  finishing  time  of  transformation  was  determined  by  x-ray  diffraction 
analyses.  Using  these  data,  the  isothermal  transformation  curves  were  daterminded.  The  bans- 
formation  products  of  low  temperature  aging  ware  examined  by  TEM,  and  their  structures  were 
determined  by  electron  diffraction. 

To  compare  transformation  characteristics  of  structures  in  different  aging  conditions,  this  paper 
analyzes  some  structures  in  the  direct  and  pre-cold  worked  conditions  solution  treatment. 
Finally,  the  superficial  Rockwell  hardness  of  samples  was  measured  after  different  isothermal 
treament  (Type  HR2-45  Superficial  Rockwell  hardness  tester  with  test  load  15kg)  to  analyze 
the  aging-hardening  characteristics. 
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Results  artd  discussion 

I.The  characteristics  of  isothermal  transformation  in  the  high  temperetuie  region  (600~ 
700C). 

Above  600C .  the  principal  transformation  of  the  metasteble  f  phase  is  h^m  phase.  To  observe 
the  precipitation  process  of  the  secondary  e  phase  (e,  phase).  Ti-1 6-3  alloy  spacimer»s  were 
solution  treated  at  820C  /  20  min  and  isothermal  annealed  at  500,  660.  600  and  700t;  for  0.6 
min  -•  48h,  then  water  quenched.  The  isothermal  treatment  at  700C  .  which  is  near  the  | 
transus  (760  C )  with  less  supercooling  end  driving  force  of  phase  transformation,  results  in  a 
long  incubation  period.  After  30  min.  traces  of  a,  are  just  visible  along  prior  |  grain  bounda¬ 
ries.  After  4h,  the  is  clearly  visible.  When  the  holding  time  is  extended  continuously  to 
about  1 2h,  short  plates  of  e,  start  forming,  but  its  quantity  is  still  small .  After  holding  for  48h. 
the  quantity  of  e,  remains  unchanged:  this  means  that  the  transformation  has  basically  The 
volume  fraction  of  e,  phase  Is  about  22%  as  determines  by  x-ray  diffraction. 

After  isothermal  treament  at  600C .  the  rata  of  formation  of  e,  increases  signiffoantly.  After  1 
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min, «  phase*  are  precipitated  at  prior  f  grairt  bouttdarie*.  After  1 5  min.  a,  is  claarty  visible  and 
occur*  preferentially  at  grain  boundaries  and  regularly  distributad  platelet-like 
Widmannstatten  ■  formed  within  grains.  Because  of  the  lower  transformation  temperature,  the 
dimension  of  e,  decrease  clearly,  and  its  dispersion  increases.  After  holding  isothermally  for 
24h.  the  transformation  is  completed.  The  volume  fraction  of  e,  is  41%.  which  is  determined 
by  x-ray  diffraction. 

The  characteristics  of  isothermal  transformatiort  at  SOO  and  650C  are  similar  to  that  at  600C . 
The  only  difference  lies  in  the  kinetics  attd  dispersion  of  the  microstruciuie.  The  incubation  pe¬ 
riods  at  550  and  550C  are  30aec  and  1  min  respectively.  The  transfomnation  finish  times  are  all 
1 2h.  and  the  volume  fractions  of  c,  are  60  and  62%  respectively.  The  lower  the  transformation 
temperature,  the  finer  the  a,.  In  addition,  in  the  mrcrostructure  of  isothermally  transformed 
Ti-1 5-3  alloy,  no  precipitation-free-zone  or  other  non-uniform  precipitation  at  grain  bounda¬ 
ries  were  obsenred.  However,  these  can  usually  be  fouitd  in  highly  alloyed  fi  titanium  alloys:  for 
example,  the  Ti-5V-5Mo-8Cr-3AI  alloy  (TB2  alloy).  In  titanium  alloy*,  the  nucleation  of  e, 
proceeds  auto-catalyt>cally  or  homogeneously:  the  former  happens  in  the  higher  transforma¬ 
tion  temperature  range.  The  feathered  which  grew  from  prior  fi  grain  boundaries  into  the 
grains,  and  the  Widmannstatten  a  cluster  which  formed  within  the  grains,  all  belong  to  this 
case.  The  homogeneous  nucleation  of  takes  place  at  the  expense  of  transition  phases,  as 
the  a  phase,  and  the  corresponding  transformation  temperature  is  lower,  usually  below  450C . 
Figure  1  shows  the  hardening  curves  of  TM  5-3  alloy  during  isothermal  transformation.  It  can 
be  seen  that  the  hardening  effect  is  negligible  at  TOOC .  since  the  quantity  of  a,  is  small,  and 
its  size  is  coarse.  The  hardening  effect  at  BOOC  is  higher,  but  the  peak  hardness  at  1 2h  is  still 
lower,  after  that  it  enters  into  overageed  condition.  However,  at  bOOC  the  hardening  affect  is 
obvious,  and  reaches  its  peak  after  24h.  This  aging  temperature  is  used  in  commercial  produc- 


Time ,  sec 

Fig.1  The  hardening  curves  of  Ti-1 5-3  alloy  isothermsily  treated  in  the  temperature  re¬ 
gion  of  300~700C 

2.  The  charateristics  of  istothermsi  transformation  in  low  temperature  region  (300'-460C ). 

For  the  metastable  f  titanium  alloy,  the  diffusion  process  slows  down  below  460C .  and  it  is 
difficult  to  transform  the  metastable  6  phase  into  a  phase  directly.  It  must  pan  through  some 
intermediate  transitional  phase.  The  isothermal  «•  phase  is  the  most  frequently  encountered 
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one.  for  example;  in  the  Ti-1 0V-2Fe-3AI  and  fi-M.  alloys.  The  0"  phase  is  less  observed,  as  in 
the  TB2  alloy.  The  isothermal  a  phase  has  hep  structure,  but  the  structure  of  0"  phase  is  the 
same  as  0  phase,  i.e.  bcc  structure,  but  with  less  alloying  element  content.  Both  a  phase  and  f 
phase  have  coherent  interfaces  with  the  matrix,  and  their  sizes  are  vary  fine  .  usually  tens  of 
nm.  Under  TEM  (Figure  2a).  the  morphology  of  the  precipitates  is  shown  by  clusters  of 
speckle-like,  contrast.  By  electron  diffraction  pattern  analysis,  these  are  mixture  of  two  phases. 


Fig.2  TEM  photographs  and  diffraction  pattern  of  Ti-1 5-3  alloy  isothermal  treated  at 

400C  for  1 2h 

i.e.;  hexagonal  a  phase  and  bcc  0"  phase  with  lattice  parameter  little  different  from  0  phase 
(Figure  2b).  It  shows  that  the  0"  transition  phase  formed  before  the  precipitation  of  a  phase. 
The  sequence  of  precipitation  should  be  as  follows:  0-^0’+0-^0'***-0.  In  order  to  undrestand 
the  process  further,  stnretures  of  isothermal  treatment  at  300t;  for  different  aging  times  were 
analyed  in  more  detail.  The  aging  times  were  1  Smin.  30  min.  1  h.  4h.  1 2h.  and  24h.  TEM  obser- 
vation  and  electron  diffraction  analysis  showed  that  0"  phase  began  to  form  after  isothermal 
holding  for  1  Smin.  As  the  isothermal  holding  time  is  extened.  the  size  of  0^  phase  increases 
continuously,  and  the  0"  phase  precipitates  assume  the  form  of  a  crescent  A  non-contrast  line 
exists  in  0"  phase,  as  a  result  of  a  coherent  strain  field.  When  the  isothermal  holding  time  was 
extended  to  24h.  the  transformation  of  to  «  phase  begins.  The  nucleation  of  ■  phase  takes 
place  at  the  expense  of  0  phase,  and  the  •  phase  assumes  the  form  of  colonies  which  are  clus¬ 
ter-like  or  of  snow  flake-like  with  homogeneous  distribution.  At  the  same  time.  long, 
plate-shaped  a  phase  is  present  along  grain  boundaries  and  sub-grain  boundaries  (Figure  3). 
No  doubt.  0 '  phase  promotes  nucleation  of «  phase  within  the  grains  intensively;  therefore,  the 
homogeneity  of  the  aged  structure  is  enhanced.  But  the  F  phase  itself  is  different  from  the 
isothermal  a  phase,  in  that  it  has  no  direct  contribution  to  the  hardening  effect  of  the  alloy.  The 
hardness  curves  illustrated  in  Figure  1  show  that  the  ■  transformation  starts  only  after 
isothermal  treatment  at  SOOC  for  24h.  causing  a  significant  increase  of  hardnau.  At  400C . 
this  process  occurs  earlier;  after  4h.  the  hardness  increases  rapidly,  and  after  48h  the  hardness 
cesses  to  change. 

In  order  to  assess  the  influence  of  other  hast  treatment  regimes  on  the  structural  transformation 
mentioned  above,  structure  analysis  of  specimens  in  the  direct  ai>d  pre-cold  worked  condi¬ 
tions  after  solution  treatment  has  been  carried  out.  After  water  quenching  from  solution  tent- 
paratura  at  800C  and  aging  at  300. 400  and  460  tf .  the  0'-^0  transformation  is  also  observed 
in  the  early  stage  aging,  and  the  transition  of  |'-•B  starts  earfier.  For  example,  attar  aging  at 
400C  for  4h.  many  snow-flake-like  structures  can  be  observed  by  TEM  (in  Figure  4) . 
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a  b 

Fig. 3  TEM  photographs  and  elactron  diffration  pattern  of  Ti-1 5-3  alloy  isothermally 

treated  at  300t;  for  24h 

(a)  precipitation  within  grain  ,  SO.OOOx 

(b)  electron  diffraction  pattern  and  indexirtg  from  area  (a) 


Fig.4  TEM  photographs  of  Ti-1 5-3  alloy  solution  treated  and  aged  at  400t;  4h 
As  for  the  pre-cold  worked  and  aged  specimens,  after  annealing  (air  cooling)  from  solution 
temperature  and  cold  working  32  and  78.9%  respectively,  with  a  final  aging  at  450  C  for  O.Sh. 
it  is  surprising  to  find  that  in  the  former  case  diffraction  spots  of  phase  appearing  in  the  elec¬ 
tron  diffraction  pattern  (Figure  5a).  but  in  the  latter  case  diffracton  spot  of  o  phase  is  appeared 
(Figure  5b). 


fi  titanium  alloys,  aged  at  lower  temperaturaa.  the  m  phase  forms  easily:  and  in  rich  fi  titanium 
alloys  the  /)'  transition  phase  forms  preferably.  It  is  not  clear  whether  f  phase  and  a  phase  can 
appear  at  the  same  time,  and  what  relationship  exists  between  these  two  phase.  The  content  of 
P  stabilising  elements  of  Ti-1  S-3  alloy  is  higher  then  that  of  near-fi  titanium  alloys,  for  exam¬ 
ple.  Ti-1 023;  and  is  lower  than  the  traditional  metastable  $  titanium  alloy,  for  example,  and 
TB2.  since  the  structure  and  composition  of  at  phase  is  nearer  to  that  of  the  final  equilibrJum  a 
phase.  The  transfomnation  is  more  difficult  than  f  and  more  fluctuations  of  structure 
and  compostition  are  neeeded.  The  experimental  results  mentiorted  above  show  that  in  gener¬ 
al.  during  isothermal  treatment  or  solution  and  aging  process  of  Ti-1 5-3  alloy,  only 
transformation  occurs.  However,  if  the  alloy  undergoes  cold  deformation  and.  especially,  saver 
cold  deformation,  the  transformation  can  be  induced.  Figures  5s  and  5b  show  that 

the  e>+a+0  and  fi'-HH-fi  phases  coexist  respectivety.  It  is  confimed,  therefore  ,  that  both  f 
phases  and  a  phases  can  be  the  transition  phase  preceeding  the  formation  of  a  phase  in  the 
same  alloy.  As  to  the  relationship  and  condition  of  transformation  between  0  '  and  to  phases, 
more  systematic  and  deeper  study  is  needed.  This  will  have  important  theoretical  and  practical 
significance. 

Based  on  the  above  mentioned  experimental  results,  the  isothermal  transformation  curves  of 
Ti-1 5-3  alloy  are  determined.  Since  only  limited  data  have  been  obtained  for  the  low  tempera¬ 
ture  region,  no  corresponding  curves  can  be  drawn  in  the  Figure  6. 


Fig.fl  TTT  diagram  of  Ti-1 5-3  alloy 


Conclusiont 

1 .  For  Ti-1 5-3  altov.  in  the  600~  700C  higher  tamperatura  region,  a,  phaaa  piacipitatas 
directly  from  metastable  0  phaae.  The  nose  temperature  of  the  isothermal  transformation  curves 
is  about  550C  .  The  lower  the  transformation  temperature,  the  greater  the  dispersion  and 
homogeneity  of  e,  phase,  the  higher  the  fraction  of  transformation  and  the  lower  the  fraction 
of  grain  boundary  a. 

2.  Below  450C .  the  phase  separation  reaction  0-*f*0  occurs  first,  then  transforms  gradually 
to  aquilibrium  e  phase. 


3.  In  pre-cold  worked  and  aged  condition. « transition  phase  can  appear  in  Ti-1 5-3  alloy.  For 
extended  aging  times,  at  phase  transforms  to  a  phase. 

4.  The  hardening  effect  of  e,  precipitates  is  directly  related  to  the  dispresion  and  transforma¬ 
tion  quantity,  and  phase  itself  has  no  clear  hardening  effect. 
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ABSTRACT 

The  beta  grain  size  of  forged  and  beta  heat  treated  titanium  alloys  is  an 
important  factor  in  determining  the  properties  of  a  component.  However, 
the  metallurgical  factors  that  affect  the  beta  heat  treated  grain  size  are 
not  fully  understood.  A  study  of  the  kinetics  of  beta  grain  growth  and 
the  effect  of  processing  variables  on  grain  size  and  growth  behaviour  has 
therefore  been  carried  out. 

At  least  two  different  types  of  grain  growth  behaviour  have  been 
identified.  The  most  rapid  growth  corresponds  to  classical  steady  state 
behaviour  whilst  other  types  of  kinetics  can  be  attributed  to  some 
restriction  of  grain  boundary  mobility.  Both  types  of  behaviour  can  occur 
in  any  given  alpha-beta  or  near  alpha  alloy  and  once  established,  the 
kinetics  are  relatively  unaffected  by  subsequent  processing. 

The  possible  factors  responsible  for  the  observed  differences  are 
considered.  The  results  highlight  the  need  for  consistent  process  control. 
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Introduction 


The  beta  grain  size  of  forged  and  beta  heat  treated  titanium  alloys  has  an 
important  influence  on  the  mechanical  properties.  However,  the  factors 
that  affect  the  beta  heat  treated  grain  size  are  not  fully  understood.  A 
study  of  the  kinetics  of  grain  growth  during  beta  heat  treatment  has, 
therefore,  been  carried  out.  The  effects  of  alloy  composition  and 
temperature  have  been  included.  The  results  are  discussed  with  reference 
to  established  theories  and  mechanisms  relating  to  grain  growth. 

Experimental  Procedures 

Three  different  alloys  were  included  in  this  study.  Near  alpha  alloys 
IMI  685  and  INI  829  (the  compositions  are  given  in  Table  I)  were 
considered  in  most  detail  as  these  are  commonly  used  in  the  beta  heat 
treated  condition.  Samples  of  these  alloys  with  various  processing 
histories  were  selected  for  this  study.  The  grain  growth  behaviour  in 
these  near  alpha  alloys  was  compared  with  that  in  the  alpha  beta  alloy 
IMI  318  (Ti-6A1-4V). 


Table  I.  Alloy  Details 


Alloy 

Beta  Transus  “C 

Nominal  Composition 

IMI  318 

995 

Ti  -  6A1-4V 

IMI  685 

1020 

Ti  -  6Al-5Zr-0.5Mo-0.25Si 

IMI  829 

1015 

Ti  -  5.6Al-3.5Sn-3.0Zr-1Nb-0.25Mo-0.3Si 

The  material  was  in  the  form  of  as-forged  250mm  diameter  billet  slices, 
except  for  the  IMI  318,  where  300mro  diameter  billet  was  used. 


To  determine  the  grain  growth  kinetics,  heat  treatments  were  carried  out 
at  temperatures  from  1050®C  to  1200°C  for  various  times.  After  heat 
treatment,  the  samples  were  machined  to  remove  the  effect  of  oxidation  and 
to  eliminate  the  influence  of  the  surface  on  grain  size.  The  mean  grain 
size  was  determined  by  the  mean  linear  intercept  technique  according  to 
ASTM  El  12. 


Data  Analysis 


The  macro  grain  size  data  was  plotted  as  Log...  D  vs  Log-nt  on  the 
assumption  that  the  general  expression  for  grain  growth  is  appropriate(l). 

D  =  at"  (1) 


Where  D  =  the  mean  grain  size,  a  is  a  temperature  dependent  constant,  t  is 
the  time  and  n  is  the  time  exponent  obtained  from  the  slope  of  the  Log  D 
vs  log  t  plot.  The  above  relationship  is  only  approximate,  (2)  but 
provides  a  useful  basis  for  comparing  behaviour. 

If  n  is  independent  of  temperature  and  the  constant  a  varies  exponentially 
with  temperature  according  to;- 

a  =  a^  exp  (2) 

Then  a  plot  of  In  D  vs  Vj  should  produce  a  straight  line  of  slope 
-n'^/„  when  Q  is  the  activation  energy  for  grain  growth  and  a  is  the 
pre-exponential  rate  constant.  The  activation  energy  Q  for  grain  growth 
was  determined  by  this  approach  for  selected  samples  of  IMI  MS  and 
IMI  829. 
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Results 


The  important  results  are  presented  in  Figures  1  to  4.  Substantial 
differences  in  grain  size  and  growth  rates  are  apparent.  Three  distinct 
types  of  grain  growth  behaviour  have  been  observed.  These  may  be 
categorised  as:- 


a). 

Type  1. 

Normal  growth  (Figure  1) 

b). 

Type  2. 

Slow  growth  (Figure  2) 

c). 

Type  3. 

Discontinuous  growth  (Figures  3  and  4) 

a). 

Type  1. 

Normal  or  type  1  grain  growth  behaviour  was  observed  in  samples  of  both 
IMI  68S  and  IMI  829  (see  Figure  1  for  example).  The  data  corresponds  well 
with  equation  1  and  the  exponent  n  is  independent  of  temperature,  see 
Table  II.  Values  of  n  in  the  range  0.33-0.37  are  in  agreement  with  the 
literature  for  normal  grain  growth  in  substitutional  alloys  (1,2). 

Table  II  also  shows  values  for  the  activation  energy  obtained.  Values  of 
200KJ/mol  are  typical  of  those  for  substitutional  diffusion  in  titanium 
alloys. 


Table  II.  Normal  Grain  Growth  Exponents  and  Activation  Energies 


Temperature 

Sample  IMI  685/1 

Sample  IMI  829/1 

n 

R* 

n 

R 

1050 

0.33 

0.994 

0.34 

0.989 

1100 

0.37 

0.992 

0.35 

0.995 

1150 

0.36 

0.989 

0.36 

0.995 

1200 

0.35 

0.988 

0.33 

0.989 

Q  =  203KJ/mol 

Q  =  211KJ/mol 

*  R  =  correlation  coefficient 


An  example  of  slow  or  type  2  grain  growth  is  presented  in  Figure  2  for 
sample  IMI  685/3.  Although  at  lOSO^C  the  grain  size  at  0.25hrs  is  similar 
to  that  shown  in  Figure  1.  the  growth  rate  is  very  much  slower.  The  data 
approximates  to  a  straight  line  yielding  an  exponent  of  n  =  0.10. 
Additional  data  is  given  in  Table  III. 

Limited  data  at  1200°C  suggests  a  possible  change  to  "normal''  behaviour. 
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Table  III.  Grain  Growth  Data  for  Growth  Type  2  and  3 


Growth  type 

Alloy 

Sample 

Identity 

1050“C 
Exponent  R 

1200'‘C 

Exponent 

R 

Type  2 

IMI  635 

IMI  685/3 

0.10  0.916 

0.37 

0.940+ 

Type  2 

IMI  685 

IMI  685/4 

0.13  0.916 

- 

- 

Type  2 

IMI  829 

IMI  829/2 

0.07  0.992 

- 

- 

Type  3 

IMI  685 

IMI  685/2 

0.09*  0.762 

0.44 

0.979+ 

Type  3 

IMI  318 

IMI  318/1 

0.07*  0.685 

0.36 

0.984 

+  3  points  only 
*  Up  to  16  hours 


c).  Type  3. 

Discontinuous  or  type  3  behaviour  has  been  observed  in  samples  of  IMI  685 
(Figure  3)  and  IMI  318  (Figure  4).  The  min  features  of  this  type  of 
growth  are  significant  deviation  from  power  law  behaviour  and  an  apparent 
transition  to  "norml"  behaviour  at  longer  times  and  higher  temperatures. 
This  is  shown  most  clearly  for  IMI  318  in  Figure  4.  The  initial  "average" 
growth  rate  at  1050<*C  shown  in  Figures  3  and  4  is  similar  to  that  shown  in 
Figure  2.  but  displaced  to  an  overall  higher  grain  size.  However,  between 
16  hours  and  64  hours,  perhaps  upon  achieving  a  "critical"  grain  size. 
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the  growth  rate  increases  to  a  level  similar  to  that  for  "normal  growth". 
However  there  is  evidence  to  suggest  that  this  is  due  to  abnormal  growth 
of  a  few  grains.  This  effect  is  Illustrated  in  Figure  5.  The  presence  of 
a  few  large  grains  leads  to  a  distorted  mean  grain  size. 

On  the  assumption  that  type  f  behaviour  represents  normal  grain  growth, 
then  types  2  and  3  must  be  due  to  some  restriction  of  grain  boundary 
mobility.  Given  that  IMI  685  shows  all  types  of  behaviour,  alloy 
composition  would  not  appear  to  be  a  significant  factor  in  this  regard. 
Precipitation  is  the  most  commonly  cited  reason  for  grain  boundary 
pinning.  Figure  6  shows  SEM  and  TEH  micrographs  of  grain  boundaries  in 
IMI  685  cast  SC  34199  after  treatment  at  1050®C  for  4h.  There  Is  no 
evidence  of  precipitates  in  either  case.  The  TEM  micrograph  (Figure  6b) 
shows  the  grain  boundary  to  one  side  of  the  grain  boundary  alpha.  The 
occasional  "particles"  in  the  grain  boundary  alpha  have  been  identified  as 
beta  phase. 

fl)  BMIC  SCmViM  916011011 
fiHCiognipn  6nowifi9  cioon 
grain  boundartos. 


Discussion 


As  mentioned  previously,  plotting  Log,n  D  vs  LogjQt  is  not  strictly 
valid(2).  However,  it  has  served  to  illustrate  tne  variation  in  beta 
grain  growth  behaviour  in  near  alpha  and  alpha  beta  titanium  alloys. 


It  was  stated  earlier  that  grain  growth  types  2  and  3  must  be  due  to  some 
restriction  of  grain  boundary  mobility.  In  fact,  the  abnormal  grain 
growth  in  type  3  requires  a  strong  restriction  to  growth  (3,4).  Four  grain 
boundary  pinning  mechanisms  relating  to  surface  energy,  precipitation, 
solute  drag  and  texture  have  been  recognised. 


a) .  Surface  Energy 

For  the  majority  of  samples,  sufficient  material  was  removed  to  ensure  no 
influence  of  the  surface.  This  became  impractical  for  the  very  large 
grain  sizes.  However,  in  all  samples  the  grain  size  was  uniform  across 
the  section  suggesting  little  if  any  influence  of  the  surface. 

b) .  Particle  Pinning 

The  pinning  of  grain  boundaries  by  precipitates  is  the  most  obvious 
mechanism  for  restricting  grain  size  and  for  generating  the  conditions  for 
abnormal  grain  growth.  No  evidence  for  such  mechanism  has  been  found  in 
this  instance  and  whilst  this  may  be  regarded  as  inconclusive,  the 
additional  point  that  there  are  no  known  precipitates  present  in  these 
alloys  above  the  beta  transus  leads  to  the  conclusion  that  this  mechanism 
is  unlikely. 


c).  Solute  Drag 

The  normal  alloy  content  is  not  relevant  in  this  instance  given  the  spread 
of  grain  growth  behaviour  in  IMI  685. 


Thus  to  argue  this  mechanism,  some  additonal  species  such  as  the  low 
solubility  elements,  chlorine,  sulphur  and  phosphorous  must  be  invoked. 
The  role  of  these  elements  in  titaniun  is  uncertain  and  therefore  despite 
the  high  homologous  temperature,  solute  drag  cannot  be  eliminated. 

d).  Grain  Orientation/Texture 


Texture  has  long  been  cited  as  a  mechanism  for  restricting  grain  growth 
(1,5).  From  the  theoretical  viewpoint,  it  has  been  demonstrated  that 
depending  on  the  exact  range  of  orientations  present  and  the  size 
distribution  of  the  different  grain  populations,  all  forms  of  grain  growth 
behaviour  can  occur  (6).  Evidence  of  orientation  controlled  grain  growth 
in  alpha  titanium  has  been  reported  (7),  but  there  is  no  information  for 
beta  annealed  titanium.  The  texture  in  beta  heat  treated  titanium  alloys 
is  generally  assumed  to  be  minimal  (8),  but  this  is  not  always  the  case 
(9).  Thus  it  would  appear  that  texture  effects  should  be  investigated 
further. 

Whatever  the  mechanisms  involved,  it  has  been  shown  previously  that  once  a 
type  of  grain  growth  kinetics  are  established  during  primary  manufacture 
it  is  difficult  to  change  them  by  secondary  processing  such  as  rolling  or 
simple  forging  (10). 
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The  implications  of  this  are  that  in  order  to  achieve  a  specific  grain 
size  in  a  final  forged  and  heat  treated  component  it  is  necessary  to 
obtain  the  required  grain  size  and  growth  behaviour  in  the  initial  billet. 
This  has  been  achieved  in  practice  by  close  process  control  at  all  stages 
of  primary  manufacture,  and  In  particular  by  control  of  reheat  and  heat 
treatment  practice  to  minimise  grain  growth. 

Summary/Conclusions 

A  study  of  the  kinetics  of  beta  grain  growth  during  beta  heat  treatment 
has  revealed  three  types  of  growth  kinetics.  One  corresponds  to  normal 
grain  growth  whilst  the  other  two  are  due  to  restriction  of  grain  boundary 
mobility.  Alloy  chemistry  has  been  shown  to  be  unimportant  in  this 
regard.  The  implications  of  the  variations  in  grain  growth  behaviour  for 
beta  heat  treated  alloys  such  as  IMI  685  and  IMI  829  have  been  discussed. 
The  potential  for  wide  variations  in  grain  size  in  a  beta  heat  treated 
component  is  avoided  by  close  process  control  at  all  stages  of 
manufacture. 
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Abstract 

The  grain  growth  kinetics  of  a  B  Ti-6A1-4V  alloy  has  been  determined  by  measuring 
different  grain  size  paianteters  (perimeter,  area,  minimum  and  maximum  diameter)  as  well 
as  the  ratio  of  the  grain  boundary  area  per  unit  volume  for  different  heat  treatment 
temperatures  and  times.  The  growth  order  and  activation  energy  have  been  also  evaluated. 


It  is  well  established  that  the  driving  force  for  grain  growth  is  the  reduction  in  the  energy 
associated  with  the  decrease  in  grain  boundary  area  ,  and  it  has  been  proposed  that  the  rate 
of  boundary  migration  is  inversely  proportional  to  the  boundary  radius  of  curvature  (1).  Grain 
growth  takes  place  due  to  diffusion  when  thermal  energy  is  given  to  the  material.  This  means 
that  the  ratio  number  of  grains/unit  volume  decreases,  the  size  of  the  grains  increases,  and 
both  the  ratio  of  grain  boundary  area/unit  volume,  and  the  ratio  of  stored  energy/unit  volume, 
decrease.  Consequently  a  state  of  higher  thermodynamic  stability  is  reached. 

This  grain  growth  kinetics  at  constant  temperature  and  for  ixMmal  grain  growth  of  angle 
phase  metals  follows  the  Arrhenius  equation  (2-4): 

D  -  Do  -  Kf  11] 

where  D  is  the  size  of  the  grain  at  a  certain  time,  is  the  initial  grain  size,  t  is  the  hr  : 
treatment  time,  and  K  and  n  are  constants  whidi  d^eod  on  the  metal  composition  and  the 
temperature,  but  are  independent  of  grain  size. 

Moreover,  if  atomic  diffusion  across  the  grain  bowidary  is  a  simple  activated  process,  it  can 
then  be  shown  that  K  can  be  written  as  (2-3): 

K  -  Ko  exp(-E^RT)  (21 
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where  is  the  activation  energy  for  the  process,  T  is  the  temperature  in  Kelvin  and  R  is  the 
universal  gas  constant.  Therefore,  the  law  of  grain  growth  can  be  written  in  terms  of  both 
temperature  and  time: 


D  -  Do  =  Koexp(-E./RT)t"  [3] 

In  the  present  work,  the  experimental  investigation  of  the  grain  growth  kinetics  at  different 
temperatures  and  times  of  heat  treatment  for  Ti-6A1-4V  alloy  in  B  phase  has  been  carried  out 
.  One  of  the  reasons,  usually  stated,  for  avoiding  annealing  treatments  and  hot  working  of 
the  Ti-6Ai-4V  alloy  at  tempnatures  over  fi  transus  is  the  large  grain  growth  exhibited  at  such 
temperatures.  The  aim  of  Ae  present  work  is  to  quantify  the  grain  growth  Idn^cs  when  the 
alloy  is  heat  treated  in  its  fi  phase. 


Experimental  Procedure 

Grain  growth  kinetics  have  been  studied  in  a  Ti-6A1-4V  alloy  kindly  donated  by  Industrias 
Quinirgicas  de  Levante  S. A.,  which  came  in  cylindrical  rods  of  13  mm  in  diameter  and  1 1 
cm  in  length.  Discs  6  mm  high  were  cut  and  30  q>ecimens  were  prq>aied.  The  chemical 
composition  of  this  alloys  is  shown  in  Table  I.  The  microstructure  of  the  as  recdved  material 
corresponded  to  the  ’mill  annealed*,  obtained  by  ftvging  at  9S0°C,  annealing  at  700°C  for 
2  hours  and  cooling  in  air.  Fig.l  shows  a  tranverse  cut  of  the  rod.  Both  the  chemical 
composition  and  microstructure  are  in  good  agreement  with  the  ASTM  FI  36-84  standard  (5) 
for  wrought  Ti-6A1-4V  for  surgical  applications. 

Table  I.  Chemical  composition  of  the  Ti-6A1-4V  ELI. 


A1  V  Fe  C  O,  Ni  Hj  Ti 

6.1  4.0  0.11  0.021  0.09  0.010  0.0012  Balance 


Fi(.l.  ’MiUnmneded'  inicnMtnictiire coneqpoi^ 
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Two  specimens  were  used  as  reference  samples,  whilst  the  others  28  were  subjected  to 
different  heat  treatments  above  the  8  transus  temperature  of  the  material.  The  temperatures 
used  were  1050,  1100,  1150  and  1200°C  and  the  heat  treatment  times  were  5,  10,  15,  20, 
30,  60  and  120  minutes  at  each  temperature. 


A  set  of  specimens  was  placed  in  a  tubular  furnace  with  argon  atmosphere  at  a  fixed 
temperature  for  each  experiment  and  then  removed  from  the  furnace  according  to  the  time 
sequence  and  rapidly  quenched  in  water  at  20*’C. 


The  specimens  were  then  metallographically  polished  and  etched  with  a  mixture  of  HN03 
and  HF  acids  diluted  in  water.  Metallographic  (Aservation  was  carried  out  and  grain  size 
paramenters  (perimeter,  area,  minimum  and  maximum  diameter)  were  obtained  by  Image 
Analysis  with  a  MIP  (Microm  Image  Processing)  equipment.  The  samples  were  studied 
transversally  and  longitudinally.  Fig.2  shows  the  microstructure  of  a  sample  heat  treated  at 
1050®C  for  5  minutes. 


Fig.2.  Martensitic  microstnKture  of  a  sample 
heat  treated  at  1050°C  during  S  min. 


Experimental  Results 

The  grain  size  values  obtained  (perimeter,  area,  minimum  and  maximum  diameter)  are  shown 
in  relation  to  heat  treatment  time  and  at  each  temperature  in  Figs.  3,  4,  5  and  6  for  each 
growth  parameter.  The  grain  size  increases  as  both  the  beat  treatment  temperature  and  die 
beat  treatment  time  increase.  Taking  into  account  that  the  initial  average  grain  size  of  the 
alloy  has  an  area  of  24000  ittr?,  the  final  average  grain  size  after  120  minutes  of  heat 
treatment  increases  by  a  factor  of  19  at  10S0°C,  by  a  facutr  of  31  at  1  lOO^C,  by  a  factor  of 
45  at  1 150°C  and  by  a  factor  of  58  at  1200oc. 

These  graphs  show  that  rapid  grain  growth  occurs  during  the  first  15  to  20  minutes  of  heat 
treatment,  but  subsequently  the  grain  growth  rate  decreases. 

The  grain  growth  kinetics  of  the  alloy  S  Ti-6AI-4V  fcdlows  the  Hillert  distribution  (Q,  since 
the  maximum  radius  is  smaller  than  1.8  times  the  value  of  the  average  radius.  This  means 
that  growth  takes  place  in  a  uniform  way  in  the  whole  material  and  that  die  distributiaa  of 
sizes  obeys  an  asymptotic  law,  typical  of  equilibrium  states.  Such  kinetic  behaviour  agrees 
with  equation  [1],  since  after  taking  logaridims,  linear  equations  are  obtained  with  cortelation 
coefficients  grei^  than  0.97.  The  slope  of  sudi  straight  lines  is  dte  growth  order  n.  shown 
in  Tdile  n. 
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Fig.3.  Perimeter  (/im)  in  relation  to  Fig.4.  Area  (Mm^)  in  relation  to  temperatures 

temperatures  and  times  of  heat  and  times  of  heat  treatment  (min), 
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Fig.6.  Maximum  diameter  (vm)  in  relation 
to  temperatures  and  times  of  heat 
treatment  (min). 

The  activation  energy  for  grain  growth,  using  the  dilfeicnt  growdi  parameien,  has  been 
calculated  from  equation  P].  Table  ID  shows  the  conespoading  average  values  fat  the 
different  heat  treatment  times.  Such  results  have  been  obtained  by  taking  logarithms  to 
equation  [3],  considering  the  growth  order  constant  witii  ten^erature  for  growth  patameier. 
The  activation  ener^  range  between  91  KJfmd  for  the  maximum  diam^  and  98  KJ/tnoI 


for  the  perimeter.  The  fact  that  the  values  are  all  very  similar  show  that  grain  growth  can  be 
describ^  by  a  simple  activation  law. 

Table  n.  Growth  order  and  different  heat  treatment  temperatures  for  the  measured 
parameters,  (r  is  the  lineal  correlation  coefficient). 


T(®C) 

Equation 

Growth  exponent 

Perimeter 

lOSO 

P-Po  =  2.491®^* 

0.55  (r=0.99) 

1100 

P-Po  =  2.57t®” 

0.55  (r-0.97) 

1130 

P-Po  =  2.75t®  “ 

0.52  (r=0.98) 

1200 

P-Po  =  2.84t®* 

0.49  (r=0.98) 

Area 

1030 

A-Ao  =  4.46t®‘* 

0.59  (r=0.99) 

1100 

A-Ao  =  4.67f”* 

0.59  (r=0.99) 

1130 

A-Ao  =  4.75t®“ 

0.63  (r=0.97) 

1200 

A-Ao  =  4.82t®“ 

0.65  (r=0.97) 

Minimum  diameter 

1030 

d-do  =  1.75t®“ 

0.53  (r=0.98) 

1100 

d-do  =  1.97t*^* 

0.52  (r=0.98) 

1130 

d-do  “  2.02t®^ 

0.54  (r=0.97) 

1200 

d-do  =  1.97t®^ 

0.59  (r=0.99) 

Maximum  diameter 

1030 

D-Do  =  2.nt®^ 

0.50  (r-0.98) 

1100 

D-Do  =  2.20f’-** 

0.55  (r»0.98) 

1150 

D-Do  =  2.331*^’ 

0.53  (r«0.99) 

1200 

D-Do  =  2.28t®  *> 

0.60  (r=0.99) 

Table  III.  Activation  energies  for  the  different  grain  size  parameters. 
Parameter  Equation  Activation  energies 


(KJ/mol) 

Perimeter 

K=  10’“exp(-98/RT) 

98 

Area 

K=10'®®'exp(-97/RT) 

97 

Minimum  diameter 

K=  10««exp(-94/RT) 

94 

Maximum  diameter 

K=  10*“exp{-91/RT) 

91 

The  ratk>  of  die  grain  boundary  area  per  unit  volume  (Gv)  has  been  determined  at  each 
temperature  and  for  each  heat  treatment  time.  Assuming  that  the  grains  have  the  ideal  shape 
of  a  tetrakai-decahedron,  the  value  of  Gv  cut  be  determined  from  the  mean  grain  boundary 
aiea  on  a  random  section  from  (7): 

Gv  »  3.059/A'«  [4] 


Fig.7  shows  a  steep  decrease  of  Gv  with  time  up  to  15  minutes.  For  longer  times  a  liariting 
grain  sue  is  asymptotically  approached. 

When  the  samples  were  heat  treated  at  higher  temperatures  (1300°C)  or  during  longer  times 
(more  of  120  minutes  at  1200°C),  abnormal  grain  growth  was  obser^,  as  shown  in  Fig.8. 
This  is  a  common  effect  in  o^  metals  and  alloys.  Burice  (8)  suggested  that  when  a 
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secondary  grain  has  become  considerably  larger  than  its  inmediate  neighbours,  it  can  grow 
at  their  expense,  at  a  level  of  normal  grain  growth  inhibition  which  may  still  prevent  the 
growth  of  smaller  grains  since  the  boundary  tension  forces  at  the  edge  of  an  exceptionally 
large  grain  will  be  further  from  equilibrium,  and  will  therefore  provide  a  greater  driving 
force  for  growth  by  successive  straightening  and  recurving,  than  is  the  case  for  the  (inhibited) 
smaller  grains.  Gv 

0,025 


0,02« 


0.015 


0,01 

0,005 

0 

0  5  10  IS  20  30  60  120  ISO 

t  (min) 

■  lOSO^C  1100°C  •  1150°C  "  1200»C 

Fig.7.  Ratio  of  the  grain  boundary  area  per  unit  volume 

at  each  temperature  and  for  each  hrat  treatment  time  (min). 


Discussion 


The  Figs.  3,  4,  5  and  6  show  very  rapid  grain  growth  up  to  15-20  minutes  of  heat  ti^ment 
time,  followed  by  a  decreasing  grain  growth  rate.  Such  decrease  can  be  interpreted  in  terms 
of  the  grain  size  increase  which  produces  a  decrease  in  the  grain  boundary  area  per  unit 
volume  ratio.  This  means  that  the  grain  boundary  interfacial  energy  per  unit  volume  decreases 
and  therefore,  the  driving  force  for  grain  growth  is  lower.  The  final  result  is  a  slower  growth 
kinetics  which  will  eventually  decrease  to  zero  when  the  grain  boundary  area  will  not  be  able 
to  introduce  further  growth  at  such  heat  treatment  temperature. 

The  average  value  of  the  growth  exponent  is  0.S6,  which  is  high  compared  to  that  of  other 
metals  and  alloys.  Aluminium  (99.99%)  shows  a  growth  order  of  0. 1  at  400®C,  which 
increases  to  0.3  at  600°C  (9);  for  the  austenitic  grain  of  carbon  steels  (0.8%C),  it  ranges 
between  0.1  at  760®C  and  0.23  at  980‘’C  (10)  and  for  cartridge  brass  (70%Cu,  30%Zn)  it 
is  0.2  in  the  range  of  500-700®C  (10).  In  the  case  of  b.c.c.  alloys,  where  the  structure  is 
more  open  and  prone  to  diffusion,  the  growth  order  is  higher  and  for  a-Fe  the  values 
increase  from  0.2  at  600®C  to  nearly  0.5  at  800°C  (10)  whilst  for  the  8-brasses  the  values 
range  from  0.35  at  500«C  to  0.60  at  850<»C  (9,  11). 

From  the  results  shown  in  Table  II,  k  can  be  noticed  that  the  growth  exponent  increases  with 
temperature  for  the  area,  minimum  diameter  and  maximum  diameter  parameters,  whilst  it 
decreases  for  the  perimeter.  Such  behaviour  seems  to  indicate  that  the  grains  tend  to  become 
spheroidized.  This  means  that  as  the  radius  of  curvature  of  the  grain  boundaries  increases, 
the  growth  rate  of  the  grains  decreases  since  the  atomic  transfer  through  the  grain  boundary 
varies  inversely  with  the  curvature  radius  (1).  In  fact  when  the  shape  factor  of  the  grains  is 
calculated  (ratio  between  the  ideal  spherical  area  calculated  with  the  average  diameter  and  the 
area  experimentally  determined),  as  shown  in  Table  IV,  it  can  be  noticed  that  it  tends  to 
increase  with  both  heat  treatment  temperature  and  time.  Ideally,  the  sluqre  factor  would  be 
one  for  an  equiaxed  spheroidized  grain  structure.  Such  behaviour  confirms  that  the  grains 
tend  to  become  spherical  by  reducing  their  perimeter  and  by  increasing  their  area  and  their 
maximum  and  minimum  diameters  in  the  two  dimensional  experimental  data. 

Table  IV.  Shape  factor  of  the  grains. 


t/T 

lOSO^C 

llOO^C 

1150°C 

noo^c 

5 

0.68 

0.68 

0.70 

0.70 

10 

0.69 

0.70 

0.70 

0.70 

15 

0.70 

0.70 

0.70 

0.72 

20 

0.71 

0.72 

0.73 

0.74 

30 

0.71 

0.75 

60 

0.73 

0.74 

0.76 

120 

0.73 

0.77 

In  general,  the  maximum  value  of  the  growth  exponent  in  the  kinetics  of  normal  growth  is 
0.5.  Departures  from  n^O.S  to  higher  values  have  been  currently  interpreted  in  toms  of 
solute  drag  or  the  effect  of  texture  (12).  Although  texture  is  normal  in  this  titanium  alloy,  it 
does  not  seem  to  play  a  leading  role  when  normal  grain  growth  is  observed.  It  can  be  noticed 
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from  the  results  shown  in  Table  II  that  the  growth  exponent  for  the  B  Ti-6A1-4V  alloy  is 
slightly  higher  than  O.S.  The  physical  explanation  of  such  behaviour  lies  in  the  diffusion  of 
solute  atoms  which  induces  the  grain  boundary  migration.  In  fact,  in  the  initial  mill  annealed 
structure,  the  solute  atoms  of  aluminium  and  vanadium  are  not  evenly  distributed  in  the  two 
phases  and  the  transformation  to  8  phase  produces  a  drag  effect  at  the  grain  boundaries.  The 
diffusion  process  which  leads  to  solute  deletion  at  the  grain  boundaries  induces  an  increase 
in  the  rate  of  growth  (13). 

The  activation  energies  for  grain  growth  are  virtually  independent  of  the  grain  ^  param^ers 
used  in  their  determination.  The  actual  values  obtained  are  small  when  compart  to  other 
metallic  systems  like  a-Fe  in  alpha  i^iase  where  the  value  is  239  KJ/mol,  or  in  y-Fe  which 
is  270  KJ/mol  for  Cu  in  A1  where  it  is  136  KJ/mol  and  for  Zn  in  Cu  where  it  is  171  KJ/mol 
(10).  Therefore,  it  seems  that  for  Ti-6A1-4V  the  diffusion  through  grain  boundaries  is  easier 
than  in  the  others  alloys  and  consequently,  the  grain  growth  will  take  place  faster. 
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Abstract 

Study  was  made  of  the  behaviour  of  ordering  transformation  in  Ti,Al-  Nb  alloy,  in- 
duding  the  ordering  at  hi^  temperature,  the  transformation  of  high  temperature  fi 
(4iase  during  cooling,  and  the  d^mposition  of  metastable  fl  phase  during  aging. 
Resultt  show  that  the  ordered  primary  and  hi^  temperature  in  alloy  occurred 
at  1060C .  The  transformation  of  hiipi  temperature  $  phw  proceeded  by  ^  >-04+  o> 
decomposition  during  cooling,  and  the  decomposition  of  metastable  $  and  to  type 
proceeded  by  (fi+tu  Wtaiuble  Witsble<*“^«  holding  at  700 1 . 

l.Introducton 

A  TijAl  system  containing  Nb  has  received  much  attention  because  of  the  improve¬ 
ment  of  ductility  possible  with  the  addition  of  Nb.  To  explain  the  mechanism  of  im¬ 
proving  ductility  Sastry  [1]  and  Strychorp]  have  investigated  some  aspects  of  the  or¬ 
dering  transformation  of  Ti^  -  Nb  alloys,  and  pointed  out  that  the  b^aviour  of  the 
ordering  transformation  has  a  conuderable  change  with  alloy  composition  and  heat 
treatment.  The  properties  of  some  alloys  have  been  investigated  by  the  present  au- 
dior^  who  found  that  the  ductility  and  strength  of  the  alloys  also  show  a  change 
within  a  wide  range  of  compositions  and  beat  treatment.  The  above  experimental 
results  show  that  there  is  a  close  relationdiip  between  the  mechanical  properties  and 
ordering  transformation  of  allo^.  The  present  investigation  studied  the  formation 
of  high  temperature  ordering  phase,  the  transformation  of  high  temperature  or¬ 
dered  fi  phase  during  quenching  and  the  decomposition  of  the  /I  phase  during  aging 
and  was  also  carried  out  to  provide  a  basis  for  determining  a  reasonable  composi¬ 
tion  of  alloy  and  heat  treatment. 

2.Experimental  procedure 

The  buttons  were  obtained  by  melting  n-  I4A1-  2lNb(wt-  %)anoy  in  an  argon-  fil¬ 
led  arc  furnace  for  three  times.  The  buttons  were  forged  at  1230X: ,  then  rolled  into 
bar  of  8  mm  in  diameter  at  llOOt: .  Solution  tieatment  wu  carried  out  at  lOMt:  for 
0.3  h  followed  by  water  quenching  or  air  cooling,  then  the  bar  was  aged  at  700t;  for 
I  h.  The  structures,  compositions  and  ordering  tnuisformation  of  phases  in  the  alloy 
were  studied  with  an  X  -  ray  diffractometer  a^  TBM. 
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SdMot  and  Tw 
Edhidb)rF.H.  FroanondLl 
th*  Mlnotaii.  Motah  8  AA^lob  Seittf,  1993 

78S 


3.  Resulu  and  discussion 


3.1  Microstructure  of  solution  treated  aHoy 

The  microstructure  of  Ti,AI-  Nb  alloy  consists  of  an  equiaxed  primary  Sjphase  and  a 
transformed  phase  after  solution  treatment  (Fig.l).  About  40%  volume  fraction  of 
primary  Sjphase  exists,  the  transformed  fi  phase  forms  during  water  quenching  due 
to  the  transformation  of  hi^  temperature  (riiase. 

In  the  selected  area  diffraction  pattern  of  the  the  supnlattice  reflection  of 

DO,,  structure  as  shown  in  Fig.2a  and  2b  was  observ^  according  to  the  relation  of 
lattice  parameters  by  a,2«4a,and  c^nsc,.  In  the  selected  area  diffraction  pattern  of 
the  retained  phase  in  transformed  p  microstructure.the  characteristic  reflections  of 
B2(Cta)  superlattice  structure,  such  as  streaking  along  <1109^  directions  and  faint 
reflections  at  (i  /  2)<  i>o>,  positions  as  shown  in  Fig.2c  and  "M  were  observed.  The 
above  experimental  results  show  that  both  the  primary  tempera¬ 

ture  phase  are  oideted  structures  at  room  temperature. 

3.2  Transformation  during  cooling 

3.2.1  fi  “ai  transformation.  The  electron  micrograph  of  the  a^hase  showing  the 
morphology  ot  the  a,  plate  and  substructure  arising  from  the  transformation  dur¬ 
ing  water  quenching  is  shown  in  Fig.3a.  The  selei^ed  area  diffraction  pattern  in 
Fig.3b  indicates  that  the  a^hase  is  ordered  The  compositions  of  prim^  at,,  (date 
02  and  retained  phases  are  given  in  Table  1.  It  can  be  seen  that  in  the  water 
quenched  specimen,  there  are  lower  Al  content  and  higher  Nb  content  in  plate 
Oj  than  in  primary  Uj.  From  this  information,  it  can  be  judged  that  the  plate 
ocj  forms  from  fi  phase  during  cooling,  but  not  during  solution  treatment.  In  addi¬ 
tion,  it  can  be  seen  that  there  is  a  higher  Al  content  in  plate  than  in  ft.  This  shows 
that  p  •■Oi  transformation  is  accompanied  by  a  change  of  distribution  of  Al  and  Nb 
atoms  in  P  and  sjphases.  The  composition  of  selected  alloy  deviates  from  M,  in 
TijAl-  Nb  diagram,  thus  it  is  impossible  for  nondiffiise  martensitic  transformation  to 
occur. 

3.2.2  P  •'(utransformation.  Fig.4a  shows  the  diffraction  pattern  of  transformed  P 
Qi~a  water  quenched  specunen  with  a  fiio],  zone  axis.  It  can  be  seen  that  extra  weak 
reflections  were  otnerved  in  the  electron  diffraction  pattern,  in  addition  to  reflec¬ 
tions  of  p  superlattice  structure. When  the  electron  diffraction  pattwn  was  indexed 
(3-  «]according  to  the  relation  of  lattice  parameter  of  a««  aJ.Ti  and  ^«Ca-iv  the 
extra  reflections  correspond  to  the  tuperlatUce  structure  of  *  cu  type*  phase. 


Hf.1  MferoatmetiitaorTiiAl-NbaBoT 
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Fig.2  Ordered  etructure  oocurred  in  Ti,Al-  Nb  tBojr  at  high  temperature 
(a)  bright  field  of  priiBuy  Oj;  (b)  diffraction  pattem^lO)H  zoneaxii; 
(c)  dark  field/no)f  reflection;  (d)  diffraction  pattem^l\i  zone  axis 

Table  1  Cenpeiitiaa  ef  ardtrsd  pkBiee,at-ft 
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3.3  Transformation  during  aging 

As  indicated  above,  and  *<»  type' phases  exist  in  the  alloy  after  quenching  from 
lOMC .  Transmissiott  electron  microscopic  examination  proves  that  the  phases  re¬ 
sulted  from  the  decomposition  of  metastable  fi  and  *m  ty^'phases  during  aging  ate 
wen  deflned  S]  (Fig.Sa,b)  and  staUe  oideied  f  phase  (Fig.5e/1)-  Fi|-b  shows  the 
difterenoe  in  x-  ray  dOTraction  patterns  obtahmd  on  diCmcnt  heat  treated  speci¬ 
mens  such  as  solution  treatinMt  at  lOMC  /OJhAjC.orw.Q.aada|iatatiMt:/i  h 
lespectivdy.  It  can  be  seen  that  (110;^ll)jiad  (aoowmil^ieflselioas  obtained  on 
lOMC  /OJ  h  A.C.  or  W.O-  tpeciineae  are  stronger  duui  ttoee  obtafawd  on  aged 
spedmene,  but  (eoDtj  and  (Wl)si  lefleetioas  obtainod  on  aged  tpeehneas  ate 
stronger  than  those  obtained  on  sotetioe  treated  ipechnene.  The  aging  pmtxss  de¬ 
composes  the  metastabe  d  tad  *«etype'phasse  and  alythephasecswngiMitions.lt 
can  be  seen  from  Table  1  dmt  as  eoeapared  with  eiMBmi  treated  speeiinaas,  an  in¬ 
crease  in  Al  content  and  a  decrease  in  Nb  cratent  of  the  piale  Oi,  and  in  contrast,  a 
decrease  in  At  content  and  an  increase  in  Nfc  eonteat  of  dm  asetutaUe  d- phase  oc¬ 
cur  in  aged  specimens.  This  diaage  of  composition  accords  widi  Ti,/u-  Nb  dtegram. 
Above  expemeatal  results  CMlkrm  the  decompositioa  of  metastaw  f  and  *o>  type 
'phases  during  aging. 


Fig.5  Decompotitioii  of  metiitable  f  and  a  type  in  eginc 
(e)du1cfield.(2ao)gi,  reflection; 

(b) difIiractionpnttem,iOio^  soneaxti; 

(c)  dark  field  ncint  i  niperlattioe  reflection; 

(d)  diffraction  pattemjlllV  none  axis 
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Fig.6  X-  ny  diffractioa  |>«ttem,CnKa 


4.  Coaclmioa 

The  ordered  primary  Oj  aad  hi^  temperattm  f  in  Ti,Al-Nb  aDoy  oocuired  doriof 
whitioa  treatmeat  at  lotet: .  The  traatfonnatioB  of  temperature  fi  pham  pro¬ 
ceeds  by  ^  » «u-f  *(»  type*  durhif  oooKai,  aad  the  deoompiofitioB  of  metaatable 
fi  aad 'm  type'foes  oa  aoeordSag  to  reactkm  (fi+  *»  type')n,tutBMe  *'(<b'''^)iisble 
duriag  aginf  at  TOOt; . 
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Abstract 

The  sdentificAechnological  areas  treated  in  this  paper  are  advanced  synthe- 
sis/prooessing  methods  which  aHow  production  of  titanium-based  materials  with  redu¬ 
ced  cost  or  increased  performance  for  aerospace  and  terrestrial  systems.  Powder  me¬ 
tallurgy  is  discussed  under  four  categories  ;  blended  elemental,  preeiloyed,  rapidly  so¬ 
lidified  and  mechanically  alloyed  products.  The  advantages  to  be  gained  from  nanos- 
tructund  materials  are  emphittized  along  with  recent  work  including  the  titanium  aki- 
minides  Ti^AI  (x«1or  3).  Finally  the  thermochemical  processing  technique  is  reviewed. 


InUadugian 

Reduced  cost  and  enhanced  behaviour  are  desirable  goals  tor  all  type  of  stnictu- 
ral  materials,  including  titanium-based  alloys.  And  of  the  six  approaches  to  synthesis 
of  titanium  materials  covered  in  this  paper,  one  is  concerned  mainly  with  cost  reduc¬ 
tion,  one  with  cost  reduction  at  an  e(;pihralont  mechanical  behaviour  level,  and  four 
with  enhancing  property  levels. 

The  blended  elemental  (BE)  powder  metallurgy  (PM)  approach  is  designed  to 
produce  net  or  near-net  shapes  at  reduced  cost,  with  some  degradation  in  mechanical 
behaviour  generally  being  accepted.  For  the  prealloyed  (PA)  PM  technique,  reduced 
cost  is  again  a  goal  but  mechanical  properties  at  least  at  in^  nretallurgy  (IM)  levels 
are  required,  and  have  been  obtained. 

The  other  four  synthesis  techniques  -  rapid  solidification  (RS),  mechanical  al¬ 
loying  (MA),  nanostructund  materials,  and  thermochemicai  processing  (TCP,  the  use 
of  hydrogen  as  a  temporary  alloying  element)  -  are  all  concerned  with  enhanced  pro¬ 
perties  at  acceptable  cost  levels.  RS  and  MA  lead  to  constitutional  and  micro^ructural 
effects  not  possible  in  IM  material.  Nanostructures,  with  extremely  small  dimensions 
<100nm,  offer  novel  processing^ysicai/mechanical  properties  combinations.  Finaiiy, 
the  TCP  method  allows  improved  processability,  and  mforostrudural  refinement  lea¬ 
ding  to  enhanced  mechaniosi  behaviour  particulaily  in  net  shape  products  such  as  PM 
pmorcMIngt. 

SdwiM  flfirf 

Med  hr  F  JT.  riM*  and  I.  Caphni 
Tlw  Mkiorab,  MolDb  S  MoWlali  SecM*.  1993 


The  BE  approach  is  basically  a  conventional  press  and  sinter  method  [1 ,2].  The 
BE  material  is  currently  made  from  a  mixture  of  ’sponge  fines*  and  elemental  or  mas¬ 
ter  alloy  powder.  The  sponge  fines  are  the  small  (<l50pm)  irregular  shaped  particles 
of  nominally  pure  titanium  which  are  produced  during  the  conversion  of  titanium  ore  to 
an  ingot.  Since  the  commercial  conversion  processes  involve  reacting  the  titanium 
ores  with  chlorine,  sponge  fines  normally  contain  approximately  0.15wt%  Cl. 

After  blending  to  the  desired  buHt  aUoy  composition,  the  powder  is  cold  compac¬ 
ted  under  vacuum  by  either  a  mechanical  press  or  cold  isostatic  press  (CIP)  to  85- 
90%  density.  The  'green*  compacts  are  vacuum  sintered  at  about  1 260X  to  a  density 
of  95-99%.  A  further  increase  in  density  can  be  achieved  by  post  sinter  hot  isostatic 
pressing  (HIP)  and  densities  as  high  as  99.8%  can  be  obtained  from  a  standard 
sponge  fine  blend.  The  existence  of  chlorides  in  the  BE  material  prevents  achievement 
of  100%  density. 

Recently,  a  chloride  free  (<0.00lwt%)  powder  produced  by  the  hydride-dehy¬ 
dride  process  (HDH)  became  available  and  100%  density  was  achieved  in  CiP-i-HiP 


BE  material  [3].  As  expected,  both  static  and  dynamic  mechanical  properties  of  BE  ti¬ 
tanium  coT'pt  jts  improve  with  density.  The  99%  dense  sintered  products  meet  mini¬ 
mum  required  IM  properties  in  tensile  strength,  elongation  and  frar^re  toughness.  Ho¬ 
wever,  *he  small  levels  of  porosity  lead  to  a  d^radation  in  fatigue  strength.  At  99.8% 
density,  the  BE  fatigue  strength  is  still  slightly  lower  than  the  lower  bound  of  the  IM 
scattertoand.  Only  the  100%  dense  BE  compacts  resulted  in  fatigue  strength  equiva¬ 
lent  to  IM  material  [3,4,5]  (Fig.  1). 

The  fatigue  strength  of  both  99.8  and  1 00%  nKrterial  can  be  improved  by  innova¬ 
tive  heat  treatments  such  as  the  ’broken  up*  structure  treatment  (BUS)  [4],  the  TCP 
method  described  in  a  following  section  [6],  and  by  a  technique  in  which  the  material  is 


quenched  from  the  beta 
phase  field  before  HIP'ing 
[5].  1000 

This  improvement  in  <n 
density  and  fatigue  has  ope-  E 
ned  the  door  for  use  of  BE  f  eoo 
components  in  critical  aeros- 
pace  applications.  w 

Orte  problem  with  BE  ^  eoo 
parts  is  the  dHficulty  in  wel-  ^ 
ding  owing  to  the  inherent  | 
salt  content  and/or  porosity.  | 
However,  the  recently  deve-  | 
loped  BE  titanium  powder  joo 
compacts  with  less  than 
lOpi^  chloride  should  be 
weldable  just  like  IM  material 
of  the  same  composition. 

The  most  attractive  as- 
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pect  of  the  BE  technology  is  Baum  1  Fatigue  data  scatterbands  of  oonvanlional 
Its  relatively  low  cost.  Be-  BE.  low  chloride  BE,  treated  low  chtorWe  BE  and 
cause  of  this,  several  compo-  pmailoysd  (PA)  compacts,  compared  with  wrought  Ti- 
nents  are  already  manufoctu-  6AI-4V  annealed  material  [2]. 
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red  for  the  aerospace  and  non  aerospace  industries. 

Prealtoved 

For  the  production  of  high  integrity  near-net  shapes,  ciean,  spherical,  PA  powder 
is  generally  required  [1 ,2].  However,  because  of  the  extreme  reactivity  of  the  molten 
metal,  titanium  powder  cannot  be  easily  produced  by  the  atomization  processes  routi¬ 
nely  practiced  tor  less  reactive  metals  such  as  aluminium.  This  has  led  to  the  develop¬ 
ment  of  a  number  of  processes  in  which  only  local  melting  occurs.  Today,  f'  the  ro¬ 
tating  electrode  process  using  a  plasma  heat  source  (PREP)  is  at  a  full  prodi  '  on  sta¬ 
tus  to  yield  powder  that  is  not  contaminated  with  tungsten  [7].  The  PSV  process  (Pul¬ 
verisation  Sous  Vide  -  Electron  Beam  Vacuum  Atomization)  appears  promising  and  it 
was  shown  that  fatigue  properties  of  PSV  compacts  are  at  least  as  good  as  those  of 
PREP  compacts  [8,9].  Other  emerging  processes  which  relate  more  to  rapid  solidifica¬ 
tion  technology  will  be  discussed  in  the  following  section. 

Powder  consolidation  can  be  achieved  by  HIP'ing,  fluid  die  compacting,  the  Ce- 
racon  process,  vacuum  hot  pressing  and  extrusion.  A  number  of  techniques  are  being 
used  to  produce  complex  shapes  [2]. 

Mechanical  properties  such  as  ductility  and  fatigue  resistance  can  be  improved 
by  either  deforming  the  powder  prior  to  densification  or  by  compacting  the  powder  at 
relatively  low  temperature  and  high  pressure  [1 ,2].  The  normal  microstrocture  of  PA 
compacts  can  also  be  modified  using  the  BUS  or  TCP  processes  previously  mentio¬ 
ned. 

At  the  present  time,  each  PA  product  is  made  from  a  single  alloy  powder  compo¬ 
sition  (tor  example  Ti-6AI-4V).  An  interesting  prospect  offered  by  the  PA  route  is  the 
possibility  of  mixing  different  alloy  powders  in  order  to  obtain  compacts  with  specific 
properties.  For  instance,  the  creep  strength  of  the  Ti-6AI-2Sn-4Zr-2Mo  alloy  can  be  si¬ 
gnificantly  improved  by  incorporating  30vol.%  of  PREP  T13AI  or  TiAl  alloy  powder 
(Fig.  2)  [10].  Similarly,  ductile-phase  reinforcement  of  brittle  materials,  a  conc^  that 
has  been  successful  in  the  toughening  of  ceramics,  is  now  been  explored  In  the  case 
of  intermetallics  (Fig.  3)  [1 1].  The  toughening  ratio  where  K  is  the  applied  stress 
intensity  and  K,^  is  the  matrix  toughness  is  given  by 

K/Km  -  1 +2V21C  (CnOylTKJ 

where  C,  n,  represent  respectively  the  volume  fraction,  the  strain  hardening  coeffi¬ 
cient  and  the  ^eld  stress  of  the  ductile  phase  and  L  is  the  bridge  length.  Thus,  it  has 
been  shown  that  the  fracture  toughness  of  a  T13AI  base  material  (Ti-25AI-10Nt>-4Mo, 
at.%)  which  is  only  SMPaVm  can  be  increased  up  to  21MPaVm  by  adding  20vol.%  of 
100pm  particles  of  a  tough  Ti-15AI-23Nb  (at.%)  alloy  [12]. 

Recently,  the  use  of  PA  powders  has  been  demonstrated  in  the  field  of  metal 
matrix  composites.  Innovative  PM  processes  have  been  employed  to  obtain  an  homo¬ 
geneous  cKspersion  of  10  to  20.vol%  of  cerunic  particles  (SIC,  TIC,  Tl^)  in  different  ti¬ 
tanium  aHoy  matrices  with  a  resultant  improvement  in  hardness,  stiffness  and  high 
temperature  tensile  strength  [13,14]. 

Also,  a  ’powder  doth*  process  has  been  used  tor  the  fabrication  of  oonttouous 
fibre-reintorood  titanium  ahiminide  composites  (15).  The  advantage  of  this  process  is 
that  a  variety  of  matrix  compositions  can  be  used  espedaily  those  which  are  not  easy 
to  obtain  in  the  form  of  rolled  toil  due  to  thdr  low  deformabiWy. 
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Rqure  3  The  toughening  of  bfittle  ma¬ 
terials  reinforced  with  a  ductile  phase 
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Figure  2  Creep  elongation  versus  time  of  Ti- 
6242  alloy  reinforced  with  Ti3AI  and  TiAl  [10]. 


Rapid  solkfification 

solidification  (RS)  results  in  significant  undercooling  of  the  melt  and  leads 
to  refinement  of  microstructural  features  and  constitutional  effects  such  as  formation  of 
metastable  supersaturated  solid  solutions,  crystalline  and  quasicrystaHine  intermediate 
phases,  and  metallic  glasses  (16-21).  A  number  of  techniques  have  been  used  to  pro¬ 
duce  RS  titanium  alloys  inducting  melt  spinning  and  gas  atomization. 

Conventional  alloys-  A  study  of  the  T1-6AI-4V  alloy  showed  that  the  p  grain  size  dra¬ 
matically  decreases  at  very  high  soKctification  rates.  As  a  consec^ence,  the  a  phase 
which  subseciuently  forms  on  anneating  changed  from  the  normal  lenticular  morpholo¬ 
gy  to  a  more  fatigue-  resistant  giobuiar  shape  [24]. 

Rare  earths.  At  high  enough  solidification  rates,  rare-earth  elements  can  be  reUtined 
in  solid  solution  at  levels  approacNng  1at.%  [22,23,25],  and  can  subsequently  result  in 
a  uniform  dispersion  of  second  phase  particles. 

Erbium  is  the  rare-earth  element  which  has  been  stuctied  most  extensively  as  an 
addition  to  RS  titanium  alloys  [26,27].  A  oomparison  of  the  dispersoid  dtetribuHon  and 
coarsening  in  a  series  of  rare-eath  contairting  titanium  alloys  indteated  that  alloys  with 
Dy,  Er,  La  and  Nd  had  the  highest  resistance  to  coarsening  at  800”C  [22].  The  stabilty 
of  the  (tispersoids  has  been  shown  to  be  excellent  as  long  as  the  aH^  temdns  in  the 
a  phase  field.  However,  coarsening  is  significant  in  the  p  phase  field  due  to  increased 
ctifhjsivity  [28].  The  highest  volume  fraction  of  etispersoicte  was  reported  in  mell-spun 
and  aged  'n-24AI-lOCr-8Er  alloys,  oftoring  good  potential  for  enhancement  in  etevated 
temperature  strength  [29].  • 

The  possibility  of  dsveloping  new  high  temperature/high  strength  titanium  alloys 
through  the  disper^n  of  rare  earth  oxide  partidss  was  evalualad  within  the  fram^ 
work  of  a  collaborative  European  programme.  The  work  showed  that  ^though  the 
REP  was  c^BaWe  of  achieving  a  line  dsperaion  of  Y2O3,  tiite  technique  wee  not  sui- 
tabie  for  eliminating  the  pre-existing  macro-segregatKin  of  Y20^.  Hwdening  through 
Y2O3  (tispersion  was  significant  when  it  was  not  offset  by  the  grain  size  effect.  The 
consdidcbon  through  HIP  avoiding  the  recrystaWzation  enhances  the  high  tempera- 
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ture  strength  and  the  hardening  by  Y2O3  dispersion  becomes  very  effective  [X]. 

Mechanical  properties  of  dispersoid  containing  RS  alloys  are  improved  due  to 
grain  refinement,  solid-solution  hardening  and  Orowan  strengthening.  Consistently  lo¬ 
wer  steady-state  creep  rates  were  also  observed  in  these  alloys  [28,31].  Thus,  there 
appe^  to  be  some  advantage  to  RS  processing  of  dispersoid  containing  alloys  but 
not  to  the  same  extent  as  in  the  aluminium  system,  where  a  much  higher  volume  frac¬ 
tion  of  second  phase  particles  are  formed. 

Metalloids.  Addition  of  boron  to  titanium  decreases  the  density  and  increases  the 
elastic  modulus.  RS  processing  of  Tl-B  alloys  results  in  non-equilibrium  supersatura¬ 
ted  solid  solutions  (containing  as  much  as  I0at.%  boron,  as  opposed  to  0.5at.%  under 
equilibrium  conditions)  and  uniformly  distributed,  high  aspect-ratio  TiB  needles  [32].  In 
addition  to  solid-soiution  strengthening,  the  hardness  of  boron  containing  RS  titanium 
alloys  can  be  increased  by  as  much  as  20-40%  by  ageing  from  the  as-quenched  state. 

Solid  solubilities  of  carbon,  silicon  and  germanium  in  titanium  also  can  be  increa¬ 
sed  by  RS  processing.  Subsequent  annealing  produces  fine,  spherical  dispersoids  in 
these  systems  contributing  to  high  strength  and  acceptable  levels  of  ductility. 

Eutectoid  formers.  RS  processing  of  the  eutectokf  formers  (e.g.  Ni,  Co,  Cu,  Fe,  Cr,  Si 
and  W)  ieads  to  minimization/avoidance  of  segregation,  refinement  of  the  microstruc¬ 
ture,  arxJ  a  change  in  the  kinetics  of  decomposition  behaviour  of  the  supersaturated 
solid  solution  obtained  [33].  Unfortunately,  most  eutectoid  transformation  temperatures 
are  below  900X  and  the  stability  of  the  eutectoid  products  is  not  high.  However,  eu¬ 
tectoid  forming  alloys  offer  good  potential  as  high  strength  and  transformation  harde- 
nable  alloys  for  intermediate  temperature  applications,  provided  that  ductility  problems 
can  be  overcome.  Work  on  the  Ti-1  AI-8V-^e  alloy  has  shown  that  it  can  be  aged  to 
very  high  strength  levels  (>1400MPa  yield  strength)  while  maintaining  acceptable  duc¬ 
tility,  and  could  have  applications  for  example  in  landing  gears  [34]. 

Intermetallics.  RS  processing  offers  the  potentietl  for  improved  ductility  in  these  inter- 
metallics  by  disordering,  grain  refinement  and  development  of  fine  dispersoid  particies 
[35].  When  these  fine  dispersoids  are  oxides,  an  additional  gain  in  ductility  can  result 
from  deoxidation  of  the  matrix. 

TigAI  (oa) 

The  solid  solubility  of  erbium  and  other  rare  earth  elements  in  T13AI  has  been  in- 
aeased  by  rapid  soNdificatiori  [36]  leading  to  a  uniform  distribution  of  fine  EraOa  par¬ 
ticles  which  restrict  the  motion  of  grain  boundaries  so  that  consolidation  below  the  p 
transus  temperature  does  not  significantly  increase  the  grain  size  relative  to  as-rapkfly 
solidified  powder.  In  some  cases,  consolidation  of  dispersion  modified  alloys  results  in 
a  refinement  of  the  grain  size.  Grain  refinement  and  chemical  homogeneity  of  RS 
Ti3AI-Nb-Er203  alloys  lead  to  room  temperature  ductility  improvements  relative  to  IM 
alioys.  However,  the  elevated  temperature  (815°C)  tensile  ductility  of  consolidated 
Ti^l-Nb  based  alloys  is  markedly  reduced  in  alloys  containing  Er203  ttispersoid  par- 
tiaes.  This  is  probably  due  to  grain  boundary  segregation  of  erbium  and  associMed 
elevated  temperature  grain  boundary  decohesion  [37].  To  date  there  has  been  no  dra¬ 
matic  advantage  noted  for  RS  of  the  a2*typ«  alloys. 

TIAI(7) 

Alloys  in  the  49-55at.%  Al  composition  range  soKdify  by  a  peritectic  reaction  so 
that  chemical  homogeneity  is  a  problem  in  IM  alloys.  RS  TiAl  base  alloys  are  ^mi- 
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cally  much  more  homogeneous  and  microstructurally  much  finer  than  IM  alloys  [36]. 

The  tensile  yield  strength  of  RS  and  consolidated  binary  TiAl  alloys  is  consistent¬ 
ly  higher  than  equivalent  IM  allr^s  over  the  temperature  range  20-900X  [39]. 

Ternary  alloy  additions  (Co,  Cr,  Fe,  Ge,  Mn,  Ni,  V,  W)  have  a  dramatic  effect 
upon  the  strength  and  ductility  of  RS  TiAl  based  alloys  [40,41].  Additions  of  Co,  Fa,  Ni 
and  W  result  in  the  greatest  hardening  of  TiAl  alloys  while  additions  of  Cr,  Mn  and  V 
enhance  the  ductility  of  RS  Ti-48at.%  Al  alloys  [41].  The  maximum  room  temperature 
tensile  ductility  is  3.5%  as  compared  with  1%  in  a  binary  Tt-46at.%  Al  alloy. 

K  appears  that  there  may  be  some  advantages  to  RS  processing  of  the  TiAl  base 
composition  in  addition  to  the  net  shape  possibility  offered  by  the  RS/PM  approach  for 
this  very  difficult  to  work  composition. 

Mechanical  alloying 

Like  rapid  solidification,  mechanical  alloying  (MA)  is  another  non-equilibrium  pro¬ 
cessing  technique  that  has  been  developed  in  recent  years  to  produce  entirely  novel 
compositions  in  order  to  improve  material  performance.  This  process  consists  of  re¬ 
peated  welding,  fracturing  and  rewelding  of  powder  particles  in  a  dry,  high-energy  ball 
charge.  There  is  much  to  be  gained  from  the  mechanical  alloying  of  titanium  alloys. 
The  whole  process  takes  place  in  the  solid  state  ;  it  is  possible  to  increase  the  solid 
solubility  limits  of  alloying  elements  and  form  metastable  crystalline  and  amorphous 
phases.  Also,  alloys  produced  from  virtually  immiscible  components  can  be  obtained 
[42]. 

Addition  of  magnesium  to  titanium  can  reduce  the  density  and  potentially  pro¬ 
duce  very  light  alloys  with  a  high  specific  strength.  Attempts  to  make  Ti-Mg  alloys  have 
met  with  only  limited  success  because  magnesium,  with  its  boiling  point  well  below  the 
melting  point  of  titanium,  cannot  be  retained  in  the  molten  titanium  metal  using 
conventional  melting  methods.  Besides,  the  solid  solubility  of  magnesium  in  a-titanium 
is  very  small  under  equilibrium  conditions  (0.5wt%  at  650°C).  It  has  been  shown  that  a 
non-  conventional  method  such  as  rapid  solidification  did  not  improve  the  situation  any 
further  [43].  Hence,  mechanical  alloying  has  been  tried  and  this  led  to  the  production 
of  a  f.c.c.  nanocrystalline  solid  sokition  containing  approximately  2.5  to  3wt%  magne¬ 
sium  [44].  /n-situ  hot  stage  experiments  revealed  that  this  storcture  is  quite  stable  and 
does  not  coarsen  appreciably  at  least  up  to  500°C. 

Although  considerable  work  has  been  done  to  develop  alloys  based  on  the  inter- 
metalKcs  Ti3AI  and  TiAl  through  both  ingot  metallurgy  and  rapid  solidification/powder 
metallurgy  routes,  it  has  yielded  only  limited  success.  A  study  was  undertaken  to  eva¬ 
luate  the  effects  of  mechanical  aiio^ng  on  TigAl-based  alloy  systems,  both  with  and 
free  of  rare-earth  element  additions  [42].  Screening  experiments  were  carried  out  and 
the  Ti-25AI-10Nb-3V-lMo  (at.%)  alloy  was  chosen  for  a  detailed  investigation.  It  is 
worth  mentioning  that  due  to  a  careful  experimental  procedure,  the  oxygen  pick-up  cki- 
ring  mechanical  alloying  was  only  about  200  to  300ppm  (wt.%).  Figure  4  shows  a 
comparison  of  the  microstructures  of  HIP  compacts  from  the  rapidly  solidified  and  me¬ 
chanically  alloyed  products.  Even  after  HlPing  at  a  higher  temperature,  the  MA  mate¬ 
rial  exhibits  a  fine  grain  size,  a  small  dispersoid  size  and  the  absence  of  dispersoid- 
free  zones.  The  observation  of  a  high  density  of  dislocations  and  stacking  faults  in  the 
MA  product  can  be  easily  rationalized  in  terms  of  the  large  amount  of  plastic  deforma¬ 
tion  experienced  by  the  individual  powder  particles  during  the  milHng  operation.  The 
continued  presence  of  the  deformation  structure  after  annealing  at  12(X)°C  suggests 
that  this  microstructure  is  extremely  stable  and  omens  well  for  strength  retention  up  to 
very  high  temperatures. 


Fioura  4  TEM  micrographs  showirrg  the  size  and  distribution  of  dtepersoids  in  rapidly 
solkffifld  (RS)  and  mecharticaily  aHoyed  (MA)  products,  (a)  RS  T13AI  -i-  2wt.%  Er  alloy 
HIPed  at  8S0«C  and  (b)  MA  Ti-25AI-10Nb-3V-lMo  -i-  2wt.%  Er  alloy  HIPed  at  lOOO^C 
142]. 


Nanostructured  materials 

Nanostmctured  materials  exhibit  at  least  one  dimension  in  the  nanometer  range, 
generally  <100nm.  Because  of  their  novel  combinations  of  mechanical  and  physical 
properties,  they  have  received  considerable  attention  in  the  past  few  years  (45^7]. 
The  nanostructures  can  be  one-<Smensional  (layered),  two  dimension^  (fibres)  or 
three  dimensional  (crystallites).  The  vast  majority  of  the  work  conducted  to  date  has 
been  on  the  third  type  and  is  the  only  type  produced  in  the  titanium  system. 

A  schematic  representation  of  a  nanostnjctured  crystalMe  material  is  shown  in 
Figure  5  [48].  The  large  fractton  of  atoms  located  in  the  grain  boundary  regions  aHow 
unusual  combinations  of  physical  and  mechanical  behaviour.  Production  of  nanostruc- 
tured  materials  has  concentrated  on  gas  condensation  methods  but  chemical  and  me¬ 
chanical  methods  have  also  been  used  [47].  For  the  titanium  system,  the  majority  of 
the  nanostructured  material  has  been  produced  by  mechanical  alloying  and  magne¬ 
tron  sputtering  methods. 

.As  described  in  the  previous  section,  MA  of  titanium  and  magnesium  results  in 
the  formation  of  lO-1Snm  sized  grains  containing  about  3wt.%  (6aL%)  magnesium. 

Nanostructured  grains  of  6-8nffl  size 
were  produced  in  a  Ti-10at.%Cu  alloy  by 
MA  [49].  These  grains  were  found  to  be 
very  stable  which  was  attributed  to  grain 
growth  suppression  due  to  segregation  of 
Cu  atoms  to  grain  boundaries.  Also,  na- 


FiQurB  S  Schematic  representation  of  a 
nasv'structured  material.  Atoms  in  normal 
(Xfsition  (black  ckdos)  and  atoms 
;riat  cue  'reiaxecr  at  grain  boundaries 
circles). 


m 


nostructures  have  been  found  in 
the  Ti-Ni  system  when  fabrica¬ 
ted  by  either  MA  [50]  or  magne- 
tron  sputtering  [51]. 

In  the  case  of  intermelai* 
lies,  the  very  fine  grain  size  of¬ 
fers  an  intri^ing  way  for  erfoio- 
ration  of  these  normally  brittle 
materials.  A  number  of  papers 
have  reported  on  formation  of 
nanostructured  grains  (<15nm) 
in  TigAI-Nb  alloys  (Fig.  6) 

54]. 

The  magnetron  sputtering 
method  was  used  to  produce  an 
amorphous  TiAl  condensate 
which  crystaHized  to  a  lOnm 
grain  size  on  annealing  [5^. 
This  material  displays  a  two 


Figure  6  Electron  micrograph  of  ramostructured 
grains  in  MA  Ti-24At-1 1  Nb  (at.%)  alloy  [53]. 


times  increase  in  hardness  over  conventional  TlAI  and  an  inverse  Hall-Petch  relations¬ 


hip  (Fig.  7).  This  behaviour  is  considered  to  be  unrelated  to  a  pore  density  effect. 


In  an  equiatomic  TiAl  alloy,  MA  produces  a  lamellar  stmeture  which  is  followed 


Gnla  DiaaMtar,  d  [nm] 


0.30  0.22  OM  0.26  038  OJO  033 
Graia  Diancter,  d-i/s  [an-i/*] 


by  grain  size  refinement  to  about 
20nm,  and  finally  amorphization  [56]. 
The  decrease  in  grain  size  with  MA 
time  in  TiAl  was  also  demonstrated 
by  Frefor  et  al.  [57]. 

Work  by  Valiez  has  indicated  that 
after  extremely  high  deformation  a 
nanostructured  TiAl  can  be  produced 
which  exhibits  a  5%  room  tempera¬ 
ture  ductility,  considefably  higher 
than  in  materitri  with  a  conventional 
grain  size  [58]. 


Fxiure  7  irtverse  Hall-Petch  rela¬ 
tionship  in  nanostructured  TiAl  [5^ 


Thermochemical  processing  (TCP),  that  is  the  use  of  hydrogen  as  a  temporwy 
alloying  element,  has  been  dewHoped  to  enhance  both  hot  workabiMy  and  final  me¬ 
chanical  properfies  [56].  in  tMs  process,  hydrogen  is  added  to  the  titwiium  aloy  by 
simply  hokfirig  the  material  at  a  relatively  high  temperature  in  a  hydrogen  environment. 
The  presence  of  hydrogen  then  afiows  the  titanium  aloy  to  be  prooessed  at  lower 
stresses/tower  temparttures,  beewsa  of  the  increased  amount  of  p  phase.  Furdier, 
the  subsequent  removal  of  hydrogen  produces  novel  fine  mterosiiuciures  «Mh  impro¬ 
ved  mechanical  properties.  The  hydni^  is  simply  removed  by  a  vaowan  annealng 
treatment  to  levels  below  which  no  detrimental  effects  occur. 


TCP  is  particularly  amenable  to  near-net  shapes,  such  as  powder  metallurgy 
products  and  castings,  since  this  treatment  does  not  rely  on  work^l  the  material  to 
modify  the  microstructures.  However,  tlw  technique  can  also  be  applied  to  IM  pro¬ 
ducts. 

TCP  can  be  applied  to  a  wide  range  of  titanium-based  alloys,  due  to  their  high 
hydrogen  solubility,  although  the  vast  majority  of  the  work  reported  to  date  has  been 
on  the  TI-6AI-4V  alloy,  the  most  commonly  used  titanium  alloy  for  both  aerospace  and 
non-aerospace  appKc^ns. 

HYrirogftn-flMiatfld  ptooBaaino 

A  comprehensive  study  of  the  effects  of  hydrogen  on  the  forgeability  of  wrought 
TI-6AI-4V  was  conducted  by  Kerr  et  ai.  f60]  and  it  was  shown  that  peak  flow  stresses 
displayed  a  minimum  at  0.3-0.4wt.%  hydrogen  content.  It  was  suggested  that  the  re¬ 
duction  in  flow  stress  was  a  result  of  the  increased  proportion  of  the  p  phase,  stabili¬ 
zed  by  hydrogen.  At  hydrogen  contents  higher  than  0.4wL%,  it  was  proposed  that  the 
flow  stress  increased  due  to  the  presence  of  hydrides  in  the  microstructure. 

At  the  present  time,  TCP  is  not  being  u^  commercially  to  improve  the  proces¬ 
sability  of  wrought  titanium  alloys.  Only  laboratory-scale  studies  are  in  progress. 

The  use  of  TCP  in  the  oonsoUd^on  of  titanium  alloy  powders  was  investigated 
by  Kao  et  al.  [61].  Two  types  of  powders  with  quite  different  morphologies  were  stu¬ 
died  :  a  spherical  rotating  electrode  process  (REP)  powder  and  an  angular  hydrfde-de- 
hydride  (HDH)  powder.  It  was  detennined  that  the  presence  of  hydrogen  enhanced 
processability  rather  than  any  differences  in  particle  size  or  shape. 

Early  work  demonstrated  that  hydrogenated  powder  did  not  lose  hydrogen  during 
hot  isostatic  pressing  (HIP)  in  an  evacuated  mild  steel  can.  The  dehydriding  after  com¬ 
paction  causes  void  formation  due  to  the  much  larger  specific  volume  of  the  hydrides 
compared  to  the  parent  matrix  (••■17.2%).  Consequently,  it  is  critical  that  the  product  af¬ 
ter  dehydriding  be  subjected  to  further  compacting,  such  as  HIP,  forging  or  extrusion 
to  dose  cracks  and  voids  and  thus  provide  the  necessary  integrity  of  the  material  [62]. 

Modilifiation  of  nacmstnictuiB.and.prawrlifls 

One  of  the  few  contributions  to  understanding  of  the  microstructure  development 
during  TCP  is  the  work  of  Mahajan  et  al.  [63].  It  is  dear  that  at  sufficient  levels,  the  ad- 
dKion  of  hydrogen  can  give  rise  to  an  eutectoid  reaction  p  a  ••■  hydride.  When  the 
material  is  dehydrogenated  below  the  eutectoid  temperature,  the  hytkide  decomposes 
to  a  mixture  of  fine  a  and  spheroidized  0  phase  ;  the  kmer  the  dehydrogenation  tem¬ 
perature,  the  finer  the  microstrudure.  Thus,  TCP  can  be  used  to  control  the  micro¬ 
structure  and  improve  the  mechanical  performance  of  different  products. 

In  powder  material,  thermochemical  processing  of  low  diilorfde  BE  and  PA  com¬ 
pacts  resulted  in  a  refined  microstructure  and  a  substantM  enhancement  of  fabgue 
behaviour  (Fig.  1). 

The  interior  fatigue  performance  of  71-6Ai-4V  castings  corifoared  to  IM  material  is 
due  to  the  ptresence  of  a  continuous  grain  boundary  a  phase  and  a  coarse  a  pleie 
structure  (Rg.  8a).  The  TCP  treatment  eliminates  the  thick  grain  boundary  a  and  the 
large  o  plate  colonies  (Fig.  8b)  [64].  As  a  consequence,  both  the  strength  level  and  the 
fatigue  Nmit  are  greatly  impro^. 


Ill 


Fioura  8  The  refinement  in  microstructure  of  cast  Ti-6At-4V  given  a  TCP  treatment, 
(a)  as-cast  and  (b)  after  TCP  [64]. 


Conclusions  and  future  thoughts 

The  six  synthesis  techniques  discussed  in  this  paper  all  offer  either  cost  or  per¬ 
formance  advantages  for  titanium  based  materials. 

The  low  cost  BE/PM  method  is  showing  some  growth  but  at  a  stow  rate. 

The  PA/PM  approach  offers  cost  advantages  at  equivatont  performance  levels  to 
IM  material  but  there  are  virtually  no  flying  applications. 

The  RS  method  for  produ^n  of  titanium  alloys  has  yet  to  demonstrate  the  ad¬ 
vantages  which  occur  in  other  systems,  such  as  aluminium,  using  this  approach.  Spe¬ 
cifically,  the  volume  fraction  of  second  phase  dispersoid  partides  is  always  <5%  in  the 
titanium  system  while  it  can  be  >30%  for  RS  aluminium  alloys.  However,  it  may  be  that 
very  difficult  to  process  intermetalHcs,  such  as  T1AI  (7),  may  be  produ^  net  shape 
using  RS  material. 

The  MA  approach  is  at  an  early  stage  of  development  in  the  titanium  system  but 
advantages  in  terms  of  producing  alloys  which  (i)  are  impossible  to  make  by  fusion 
methods  and  (H)  with  higher  volume  fractions  of  dispersoids  than  possible  using  the 
RS  method,  are  apparent.  A  stumbling  block  here  may  be  maintaining  acceptable  le¬ 
vels  of  cleanliness. 

Nanostructured  titanium-based  materials  are  also  only  of  recent  interest.  Howe¬ 
ver,  the  novel  property  levels,  particularly  enhanced  ductility,  are  very  Interesting  espe¬ 
cially  for  the  nomially  brittle  irtiermetaHics. 

The  TCP  method  offers  dear  processing  and  final  mechanical  property  advan¬ 
tages,  espedally  fatigue  initiation  resistance  in  near  net  shapes  such  as  pow^  pwts 
and  castings.  Some  semi-commercial  use  of  TCP  in  processing  tt  dHRcult  to  ttbricate 
alloys  has  been  reported,  and  one  casting  house  in  the  USA  has  exterwively  evalua¬ 
ted  the  technique.  However,  wide  spread  use  is  stiN  to  come. 

The  bottom  line  is  that,  as  alw^,  accsfNanoe  of  new  materials  and  processes  is 
extremely  stow.  And  unless  dearly  defined  substantial  cost  or  performance  improve¬ 
ments  are  present,  along  with  a  new  system  which  demands  titese  new  techniques, 
this  transition  from  laboratory  to  production  will  not  speed  up. 


The  authors  recognize  useful  discussions  with  C.  Suryanarayana.  A.  Prefer  and  G.H. 
Chen. 


[1]  F.H.  Frees.  D.  Eyion,  THaniuni  Sdanee  and  Technology.  voi.1  (DGM,  Germany, 
1985),  267. 

[2]  F.H.  Proes.  0.  Eyion,  Intemalionai  Materiate  Ravtowa.  35  (1990),  161. 

[3]  S.  Abkowitz,  O.  Rowell.  il  nfMntnlli  38  (1986),36. 

[4]  D.  Eyion,  F.H.  Froes,  Prooieaa  In  Powder  Metallumv.  vol.  42  (MPIF,  Princeton, 
19861,625. 

[5]  M.  Hagiwara  et  al.,  ISU  Intemalionai.  31  (1990),  922. 

[6]  R.G.  Vogt  et  al.,  Titankan  Wet  Shaoe  Tachnotaaies  (TMS  Publications.  1984),  145. 

[7]  E.J.  Kosinsid,  Ptogtesa  In  Pnmftor  Uataiiiiy^y  vol.  38  (MPIF,  Princeton,  1983),  491 . 

[8]  J.  P.  Herteman,  D.  Eyion,  F.H.  Froes,  PoM»<i>r  UBraihtmw  intAmatiBnat  17  (1985), 
116. 

[9]  M.  Marty,  H.  Odor,  C.  Renon,  A.  Waider,  La  Rachetehe  AAmapaWain  No  3  (1979), 
165. 

[10]  M.  Hagiwara.  S.  Emura,  J.  Takahashi.  this  conference. 

[1 1]  S.M.L  Sastry,  R^l.  Lederich,  T.C.  Peng,  i)  ntflHltnlll  40  (1986),  1 1 . 

[12]  M.J.  Blackburn,  M.P.  Smith.  U.S.  Patent  4.927.458 .  Sep.  1988. 

[13]  S.  Abkowttz,  S.  Abkowitt,  1990  InL  Conf.  on  Titar^m  Pmrfurra  and  Aooicalions. 
vcl.  2  (T.O.A.,  Dayton,  1990),  700. 

[14]  A.  Vessel,  M.  Marty,  Franch  Patent  90 16350.  Dec.  1990. 

[15]  R.A.  MacKay,  P.K.  Brindley,  F.H.  Froes,  J.  of  Metals.  43  (1991),  23. 

[16]  F.H.  Froes,  R.G.  Rowe, 
oneBc  Pmoerriaa  (MRS,  Pittsburgh,  1986),  309. 

[17]  F.H.  Froes,  D.  Eyion,  eds.  Titanium  Raokf  Soaficalion  Tachndoav  (TMS,  Warren- 
dale,  1986). 

[18]  T.R.  Anantharaman.  C.  Suryanarayana.  Rapidlv  SoMWari  Mtate .  a  Tachnoloaf- 
cal  Overview  (Aedermannsdorf,  Switzerland :  Trans.  Tech.  Publ.,  1987). 

[19]  F.H.  Froes,  R.O.  Rowe.  Simh  WCrM  Confetencaon  TBanhim.  vol.  2  (Les  EdWons 
de  Physique,  Les  UKs,  France,  1989),  801. 

[20]  C.  Suiyansaayana,  F.  H.  Froes,  J  t^uetaie  42  (1990),  22. 

[21]  C.  Suryanarayana,  F.  H.  Froes,  R.G.  Rowe,  int  utf  Rev..  36  (1991),85. 

[22]  S.M.L  Sastry,  P.J.  Msschter.  J.E.  OWeal.  Mai  Trans.  A.  ISA  (1984).  1451. 

[23]  S.  Naka,  M.  Marty.  H.  Odor,  J.  Mat.  ScL.  22  (1987),  887. 

[24]  T.F.  Broderick  at  al.,  Met  Tims.  A.  ISA  (1964),  1951 . 

[25]  D.G.  Konitzer,  R.  Kirchhsim,  H.L.  Fraser.  lllhfMiMt  MMltMl 

(Elsevier,  New-YorK1984),  381. 

[26]  D.G.  KoniUer,  B.C.  Muddle.  H.L  Fraser.  SerintaMet..  17  (1983),  963. 

[27]  D.G.  Konitzer  et  al.,  4«»ei4et  34  (1986),  1269. 

[28]  M.F.X.  GigNotti  et  al.,  as  ref.  [16],  343. 

[29]  A.Q.  Jackson  et  al.,  Maler  Eng  98  (1986).  239. 

[30]  T.  Khan  et  al.,  this  confsrsnee. 

[31]  S.M.L  Sastry,  T.C.  Peng,  LP.  Beckerman,  Met  Trans.  A  ISA  (1984),  1465. 

[32]  S.M.L  Sastry,  T.C.  Peng,  RJ.  LedSrich,  Madianleal  Behavior  d  Hapmy  Salrt- 
fiad  Materials  (TMS,  Warrendals,  1986),  207. 

[33]  S.  Krtohnamurthy,  F.H.  Froes,  Inf  llllgir  fllY  34  (1989).  297. 


i,  35  (1990),  161. 

Ott.  vol.  42  (MPIF,  Princeton, 


Boils  (TMS  Publications,  1984),  145. 

,  vd.  38  (MPIF,  Princeton,  1983),  491 . 

RactBfChl  ^fPaWtifllB,  No  3  (1979), 


S,  Warren- 


[34]  F.H.  Frees  et  al..  BuU.  Mater.  Sd.  (India).  12  (1989),  293. 

[35]  F.H.  Frees,  C.  Suryanarayana,  D.  EHezer,  J.  of  Iren  and  Steel  Inst,  of  .lapan  31 
(1991),  1235. 

[36]  J.A.  SutKff,  R.G.  Rowe,  as  ref.  [16],  371 . 

[37]  R.G.  Rowe,  as  ref.  [19],  979. 

[36]  S.C.  Huang,  E.L  HaH,  M.F.X.  GigHotti,  as  ref.  [19],  1109. 

[39]  S.C.  Huang,  ScrlpteMat..  in  press. 

[40]  D.  Vujic.  Z.X.  U.  S.H.  Whang.  Met.  Trans.  A.  19A  (1996).  2445. 

[41]  E.L  HaH.  S.C.  Huang.  Hinh  Temoetalure  Ordered  Metallic  AHovs  III  (MRS,  Pitts¬ 
burgh.  1969).  693. 

[42]  C.  Suryanarayana,  R.  Sundareaan,  F.H.Froes.  Ptoenadhigs  of  the  Confarence  on 

SitiiraiBii  ri  MitchanicM  AHrwfno.  (ASM.  Materials  Park,  1990),193. 

[43]  R.  Sudaresan,  F.H.  Frees,  key  Eng.  Matar.  29  (1989),  199. 

[44]  C.  Suryanarayana,  F.H.  Frees,  J.  Matar.  Res..  5  (1990),  1680. 

[45]  H.  GMter,  PmaiMS  In  Matatials  Srianoa  33  (1990),  223. 

[46]  F.H.  Frees,  C.  Suryarunqrana.  .1  nt  Metals  June  1969. 12. 

[47]  R.W.  Siegel,  Materials  Secure  anrt  Tarf<nft|ggY  vol.  15,  Processino  of  Metals 
and  Alleys  (VCH  Weinheim.l  991 ). 

[48]  R.  Birringer,  U.  Herr,  H.  Glelter,  Suorri.  Trans  .lanan  if»«t  Met.  27  (1986),  43. 

[49]  Y.R.  Abe,  W.L  Johnson,  paper  presented  at  the  •International  Swrnnoaium  on  Me¬ 
chanical  AHoving*.  Kyoto,  Japwi,  May  1991,  Prooaedinf^  to  be  pubisfied  1992. 

[50]  W.  Schlump.  H.  Grawe,  New  Materia|n  hy  Mnfihnn»«»i  Afloying  (DGM,  Germany, 
1988),  307. 

[51]  R.S.  Averback  et  ai.,  AnoL  Phvs.  Letters.  57  (1990),  1745. 

[521 E.  Bonnet!  et  al..  Mat.  Sci.  and  Tech..  6  (1990),  1258. 

[53]  G.H.  Chen,  C.  Suryanarayana,  F.H.  Frees,  work  in  progress.  University  of  Idaho, 
Moscow,  Idaho. 

[54]  T.  Christman,  M.  Jain,  Scriola  Mat,  et  Mat..  25  (1991),  767. 

[55]  H.  Chang  et  al.,  as  ref.  [54],  1 161 . 

[56]  J.H.  Ahn  et  al.,  as  ref.  [49]. 

[57]  A.  Frefer,  C.  Suryanarsyana,  F.H.  Frees,  this  conference  proceedings. 

[58]  R.Z  VaKez,  private  communication  to  F.H.  Froes,  January  1991 . 

[59]  F.H.  Froes,  D.  Eylon,  C.  Sury»iarayana,  il  nTMntillll  42  (1990),  26. 

[60]  W.R.  Kerr  et  al.,  TltatAim'ao  ScietiBa  and  Tachnoloav.  vol.  4  (TMS,  Warrendale, 
1980),  2477. 

[61]  W.H.  Kao  et  al..  Prooresa  in  Powder  Matefcimv.  vol.  37  (MPIF,  Princeton,  1982). 
289 

[62] 'C.F.  Yolton,  F.H.  Froes.  UA  Patent  4.219.3S7 ,  Aug.  1980. 

[63]  Y.  Mahi^an,  S.  Nadhr,  W.R  Karr,  ScrioiaMaL.  13  (1979).  695. 

[64]  C.F.  Yolton,  D.  Eylon,  F.H.  Froes,  Stvth  Wnrid  ContetMiea  on  Titanium,  vol.  3 
[Las  Editions  do  Physi^,  Las  UHs,  France,  1989),  1641. 


m 


A  SPRAY-REACTION  PROCESS  FOR  PRUXICTION  OF  TITANIUM  PONDER 


4 

tif-’ 


Hironhi  KAMETANI*  and  Hidenori  SAKAI** 

*NKR  Co. Ltd.,  NKF  Bldg.  2-11.  Kanda  Nishiki-cho.  Chiyoda-ku. 

Tokyo  101.  Japan,  and  Lecturer.  Faculty  of  Science.  Science 
University  of  Tokyo.  Tokyo.  Japan. 

**Technical  Research  Center.  Kokan  Mining  Co. Ltd. .  6-2.  Ohgiaachi. 
Kawasaki -ku.  Kawasaki  210.  Japan. 


Abstract 

A  process  for  producing  Ti  powder  fro*  TiCl4.  was  studied  on  a  laboratory 
scale.  The  process  consisted  of  a  spray- react  ion  and  successive  leaching. 
The  spray- react  ion  involved  spraying  a  falling  streaa  of  wolten  Mg  at  a  rate 
of  about  100  g/nin  with  a  jet  of  preheated  TiCla  gas  at  a  stoichiowetric 
ratio,  thereby  inducing  instantaneous  reduction  of  TiCl^.  on  the  surface  of 
the  atowized  Mg  droplets.  The  reaction  product  was  then  leached  in  dilute 
HCl  solution.  The  residual  Ti  powder  was  ground,  sieved  to  pass  a  75  pn 
screen,  and  leached  again.  The  total  yield  of  Ti  was  around  90k,  70  to  SOk 
of  which  was  recovered  as  the  product.  The  wedian  diaaeter  of  the  Ti 
product  ranged  froa  about  iO  to  40  pa.  The  oxygen  content  was  around  0.2Sk. 
A  flowsheet  of  the  process  is  presented. 


1  INTRODUCTION 

Titaniua  and  its  alloys  have  a  low  density,  a  high  aelting  point,  and 
excellent  aechanical  and  corrosion-resisting  properties,  and  they  are  widely 
used  as  construction  water ials  in  the  aircraft,  aachine.  and  cheaical 
industries.  There  is  also  a  great  potential  deaand  for  low-cost  titaniua 
powder  for  use  in  powder  aetaliurgy.  because  the  cost  of  raw  aaterial  for 
the  production  of  various  parts  can  be  reduced  by  near-net -shape  foraing 

in. 

At  present,  titaniua  powder  is  produced  using  the  Hunter  Process,  but 
production  is  Halted  by  the  fact  that  fine  powder  suitable  for  powder 
aetaliurgy  is  restricted  to  the  portion  obtained  by  screening  the  wain 
process  product.  A  nuaber  of  studies  are.  therefore,  aiaed  at  aethods  for 
the  production  of  titaniua  powder,  such  as  Hsrdride  De-Hydride  (HIH)  and  the 
Rotating  Electrode  Processes.  Because  the  starting  aaterial  used  in  these 
studies  is  sponge  titaniua  produced  by  the  Kroll  and  Hunter  Processes,  high 
production  costs  are  inevitable. 

In  order  to  produce  titaniua  powder  directly  froa  titaniua  tetrachloride, 
efforts  have  been  aade  to  develop  a  new  process  which  is  coaprised  of  a 
spray- react  ion  and  successive  leaching.  This  paper  presents  experiaental 
results  obtained  by  fundaaental  studies  at  our  laboratory. 
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2  SPRAY  SYSTEM 


Most  spray  systeas  can  be  divided  into  oiie-fluid  spray  systeas  and 
two-fluid  spray  systeas  [2].  One-fluid  spray  systeas.  using  various  types 
of  hollow-cone  pressure  nozzles  and  rotating  nuzzles,  are  widely  used  for 
spray  drying  (2],  and  for  spray-decoaposit ion  for  the  production  of  ferric 
oxide  froa  pickle  solutions  [3],  These  nozzles  of  coaplex  construction  are 
not  suitable  for  aolten  aetals  at  high  teaperatures.  The  aetallurgical 
applications  of  two-fluid  spray  systeas  include  spray-atuaization.  spray- 
deposition,  and  spray -react ion.  There  have  been  a  nuaber  of  studies  of 
spray-atoaization  [4-8]  and  soae  of  spray-deposition  in  recent  years  [9,10], 
but  there  has  been  only  one  study  for  spray- react  ion  [11].  The  spray- 
reaction  involves  spraying  a  falling  streaa  of  a  liquid  reactant  with  a  jet 
of  a  gaseous  reactant,  thereby  inducing  an  instantaneous  reaction  on  the 
surface  of  the  atoaized  liquid  droplets.  The  spray- react  ion  process  was 
originally  applied  to  the  oxidation  of  aolten  white  actal  (cuprous  sulfide) 
with  oxygen,  aiaiug  at  a  continuous  furnace  in  place  of  a  copper  convertor 

[in. 

The  reduction  of  titaniua  tetrachloride  gas  (above  b.p.  :  laS'C)  with 
aolten  aagnesiua  (above  a.p. :  651*r)  is  represented  by. 

TiCl4(g)  +  2  Mg(l)  =  Ti(c)  ♦  2  MgClad)  (1) 

In  the  spray- react  ion.  aolten  aagnesiua  is  sprayed  with  tetrachloride  gas  at 
a  stoichioaetric  ratio,  i.e..  Mg  ;  TiCla  2  :  1  in  aoie  and  1  :  3.902  in 
weight.  The  aaount  of  titaniua  produced  (47.90  g,  1  aole)  is  nearly  the 
saae  as  that  of  aagnesiua  exhausted  (48.62  g.  2  aoles).  naaely  Ti  :  Mg  =  1  : 
1.015. 


3  EXPERIMENTAL 

3.1  Spray- react  ion 
Apparat us 

The  apparatus  used  for  spray -react ion  experiaents  is  shown  in  Figure  1  in 
scheaatic  fora.  The  apparatus  consisted  of  4  sections,  naaely  a  glovebox 
for  feeding  the  liquid  tetrachloride,  a  tubular  transparent  quartz  vessel 
with  a  gas  nozzle,  a  cylindrical  aagnesiua  vessel,  and  a  cylindrical 
reaction  chaaber  A  cooler  and  a  gas  washer  were  attached  to  treat  the 
outlet  gas  froa  the  reaction  chaaber. 

The  glovebox  contained  an  air  tight  pressure  vessel.  Two  bottles  each 
containing  2  kg  of  the  liquid  tetrachloride  were  placed  in  the  pressure 
vessel.  The  tetrachloride  was  fed  under  pressure  through  a  flowaeter  into 
the  quartz  vessel.  The  tubular  part  of  the  quartz  vessel  (4  ca  diaaeter  and 
1  a  length)  consisted  of  an  evaporator  and  a  preheater.  The  tubular  part 
was  heated  with  three  furnaces  to  evaporate  the  liquid  tetrachloride  and  to 
preheat  the  chloride  gas  up  to  600*-800*C.  A  4- lance-type  gas  nozzle  (2  aa 
diaaeter)  was  attached  to  the  end  of  the  quartz  vessel. 

The  aagnesiua  vessel  (11  ca  diaaeter  and  45  ca  height)  was  aounted  on  top 
of  the  reaction  chaaber.  The  vessel  was  fitted  with  an  Ar  blow  pipe  to 
aeasure  the  head  of  the  aolten  contents,  a  aagnesiua  nozzle  (1.5  aa  diaaeter 
and  4  ca  length)  at  the  bottoa,  and  a  stopper  for  plugging  the  nozzle.  The 
aagnesiua  nozzle  was  surrounded  by  the  gas  nozzle.  One  kg  of  aagnesiua  was 
aelted  in  the  vessel  at  750*C. 

The  upper  half  of  the  reaction  chaaber  (25  ca  diaaeter  and  80  ca  height) 
was  heated  to  about  650* C.  The  chaaber  was  lowered  during  heating,  and 
raised  during  cooling,  to  coapenaate  for  expanaion  and  contraction,  and  so 
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1:  Glovebox,  2:  Quartz  vessel,  3:  Ng  vessel,  4:  Reaction 

chaaber,  5:  Gas  cooler,  6;  Gas  washer.  7:  Pressure 

vessel,  8:  Liquid  TiCl  ,  9:  Flowaeter,  10:  Evaporator, 

11:  Preheater.  12:  Gas  nozzle,  13:  Ng  nozzle.  14:  Blow  pipe, 

IS:  Stopper,  16:  Molten  Ng,  17:  Peeping  window,  18:  Spray  cone, 

19:  Bath,  20:  Reaction  prpdnct.  21:  Furnaces. 

Fig.  1  Illustration  of  apparatus  for  spray  experiaent 


aaintain  the  gas  nozzle  at  a  constant  height.  A  bath  was  placed  in  the 
chaaber  about  30  cm  below  the  gas  nozzle  to  recover  the  reaction  product. 

The  aagnesiua  vessel,  the  reaction  chaaber,  and  the  bath  were  aade  of 
stainless  steel,  which  was  slightly  corroded  by  unreacted  tetrachloride. 
Contaainants  in  the  product  due  to  this  corrosion  were  analysed,  but  no 
attempt  was  made  to  reduce  then. 

Procedure 

After  the  tei^wrature  of  each  furnace  had  risen  to  a  set  value,  the  liquid 
tetrachloride  in  the  bottle  was  fed  to  the  top  level  of  the  flowmeter  (this 
was  to  minimize  the  time  lag  due  to  feeding).  The  stopper  of  the  magnesium 
nozzle  was  lifted.  After  the  downward  stream  of  molten  magnesium  had  been 
observed  through 'a  peeping  window  in  the  wall  of  the  reaction  chamber,  the 
tetrachloride  was  fed  at  half  of  the  full  rate  for  the  first  20  s.  In 
accordance  with  a  smooth  increase  in  chloride  gas  pressure  in  the  quartz 
vessel,  the  feed  rate  was  then  gradually  increased  to  the  full  rate.  The 
head  of  residual  magnesiun  in  the  vessel  was  cheched  regularly.  Nhen  it  had 
decreased  to  zero,  feeding  of  the  tetrachloride  was  stopped. 

3.2  Leaching 

Leaching  was  carried  out  in  two  steps  using  two  conventional  agitated 
vessels,  each  fitted  with  electrodes  for  measurement  of  pH  and  suspension 
potential,  and  a  temperature  controller.  The  pH  of  the  solutiMi  in  each 
vessel  was  controlled  at  a  value  of  about  3  by  the  automatic  addition  of  2  R 
HCl  solution. 
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Experiments  were  conducted  in  the  following  steps; 

First  leaching;  The  products  (Ti  powder  and  aggregates,  NgCl2  ,  and 
unreacted  Mg)  were  collected  in  the  bath.  At  the  end  of  an  experiment,  the 
bath  and  its  contents  were  removed  from  the  chamber  and  leached  with  dilute 
HCl  solution  at  about  50" C.  After  the  products  separated,  the  bath  was 
removed.  Leaching  continued  until  the  demand  for  HCl  was  satisfied. 
Screening:  After  decantation,  the  residue  was  screened  to  separate  it  into 

the  >150,  150-75,  and  <75  pa  screen  size  portions,  and  each  portion  was  wet- 
weighed  . 

Grinding;  The  portions  larger  than  75  pa  %«ere  ground  to  pass  a  75  pa 
screen  using  a  saall  vibrating  aill. 

Second  leaching:  The  original  <75  pa  portion  and  the  ground  aaterial  were 

separately  leached  again,  washed  with  deionized  water  and  dried  in  Ar  at 
about  80*C. 


4  EXPERIMENTAL  RESULTS 

4.1  Spray  experiaent 

Experiaents  were  conducted  with  a  charge  of  1  kg  of  aagnesiua  and  with  a 
charge  of  4  kg  of  the  tetrachloride.  The  flow  rate  of  aagnesiua  varied,  run 
by  run.  in  the  range  90  to  110  g/min,  and  the  duration  of  the  experiaent 
varied  correspondingly  froa  11  to  9  ain.  The  feed  rate  of  liquid 
tetrachloride  was  increased  froa  one  third  of  the  stoichioaetric  ratio  in 
the  initial  runs  to  the  full  rate,  i.e.,  390  g/ain.  Various  difficulties 
were  encountered  during  the  course  of  our  experiaents,  concerning  irregular 
evaporation  of  the  liquid  chloride  due  to  buaping,  blocking  of  the  aagnesiia 
and  gas  nozzles,  sealing  op  between  quartz  and  stainless  steel,  aeasureaent 
of  gas  pressure,  leaching  conditions  and  other  aspects.  These  were 
gradually  overcome  through  iaproveaents  in  the  apparatus  and  procedure. 

A  spray  experiaent  began  by  lifting  the  stopper  to  allow  the  downward  flow 
of  aolten  aagnesiua.  The  liquid  chloride  was  then  fed  and  increased  to  the 
stoichioaetric  rate,  as  the  chloride  was  fed  the  gas  pressure  rose  to  a 
level  of  0.4  to  0.6  ata.  As  the  spray- react  ion  took  place,  a  bright  orange 
spray  cone  was  observed.  Not  wore  than  a  few  seconds  later,  the  reaction 
chamber  was  filled  with  white  smoke,  and  the  bright  orange  changed  to  orange 
shiaaers.  The  experiaent  continued  in  a  stable  state  for  about  10  ain. 
When  the  head  of  residual  aagnesiua  decreased  to  zero  and  the  orange 
shiaaers  vanished,  feeding  of  the  chloride  was  stopped.  The  gas  pressure 
then  decreased  to  zero  as  the  residual  liquid  in  the  quartz  vessel 
evaporated  off. 

4.2  Leaching 

After  the  spray  experiment,  the  apparatus  was  cooled  in  Ar.  The  products 
in  the  bath  were  clearly  separated  into  two  layers,  an  upper  transparent 
layer  of  NgClq  and  a  bottoa  gray  layer  of  Ti  powder  and  unreacted  aagaesiw. 
There  was  a  rise  in  tcaperature  at  the  beginning  of  the  first  leaching,  due 
to  exotheraal  dissolution  of  NgClg.  The  duration  of  the  first  leaching  was 
dependent  upon  the  nature  of  the  products,  especially  the  aggregate  phase  of 
Ti  particles.  It  usually  required  30  to  40  h. 

The  grinding  of  Ti  particles  in  the  portions  larger  than  75  pa  after 
screening  was  very  easily  accoaplished,  because  the  particles  consisted  of 
aggregates  of  saaller  spherical  particles.  The  second  leaching  usually 
required  4  to  7  h. 

4.3  Cone  temperature 

The  temperature  of  the  spray  cone  could  be  measured  by  inserting  a  thermo¬ 
couple  through  the  peeping  window  during  the  reaction.  Hessur ament  at  a 
chloride  feed  rate  of  120  cm* /min  gave  a  value  of  about  1000*C,  which  is 
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about  400 “C  higher  than  the  teaperature  before  spraying.  HoMever.  this 
■easureaent  is  dangerous,  since  a  “stalagaite'*  of  Ti  particles  grew  upwards 
very  rapidly  froa  the  protective  stainless  tube.  The  second  aeasureaent  at 
the  saae  feed  rate  recorded  1200*C,  at  which  point  the  run  was  interrupted 
by  the  stalagaite  growth  reaching  the  gas  nozzle  and  blocking  the  jet 
streaa.  Extrapolation  of  the  recorded  curve  gave  a  teaperature  of  about 
1300°C.  The  cone  teaperature  varied  aainly  with  the  teaperature  of  the 
chloride  gas. 

4.4  Ti  powder  produced 
Yield 

Precise  estiaation  of  the  yield  was  difficult,  because  there  was  a  tiae 
lag  between  Hg  and  TiCla  feed,  as  previously  noted.  The  aaount  of  TiCla 
left  in  the  bottles  after  the  experiaent  could  not  be  used  in  the 
calculation,  because  an  aaount  of  TiClt-  reaained  evaporating  in  the 
evaporator.  Furtheraore,  the  distribution  of  Ti  particles  in  the  spray  cone 
aeant  that  not  all  products  fell  into  the  bath.  Yield  was,  therefore, 
estiaated  froa  the  aaount  of  Ti  powder  recovered  froa  the  bath,  plus  that 
recovered  froa  the  reaction  chaaber,  coapared  with  the  aaount  of  TiCla  in 
the  outlet  gas  recovered  in  the  cooler.  In  this  way.  the  total  yield  of  Ti 
powder  was  estiaated  at  about  90h.  of  which  80  to  90%  was  recovered  froa  the 
bath,  regardless  of  the  feed  ratio  of  Hg  to  TiCla. 

The  aaount  of  unreacted  aagnesiua  in  the  product  could  be  calculated  froa 
the  aaount  of  HCl  added  during  leaching.  About  90%  of  the  aagnesiua  reacted 
at  the  stoichioaetric  ratio. 

Particle  size 

The  distribution  of  Ti  particles  in  the  three  screen  size  portions.  <75, 
150-75,  and  >150  pa,  was  in  aost  cases  around  30-60%,  30-50%,  and  10-20%. 
respectively,  by  using  wet  weighing.  The  distribution  seeaed  to  be 
dependent  upon  the  cone  teaperature.  that  is,  aggregation  of  Ti  particles  by 
collision  in  the  spray  cone  would  proceed  aore  rapidly  at  a  higher  cone 
teaperature.  resulting  in  an  increase  in  coarse  aggregated  particles.  The 
final  products  recovered  were  around  40-60%,  60-40%,  and  a  few  %  for  the 
original  <75  pa  portion,  the  ground  aaterial  (also  <75  »*).  and  the 
reaainder  which  did  not  pass  the  screen,  respectively.  The  a^ian  diaaeter 
and  specific  surface  area  were  roughly  10  and  40  pa.  and  0.5  and  0.05  a'*/g, 
for  the  original  <75  pa  portion  and  the  ground  aaterial,  respectively. 

Host  of  the  fine  Ti  particles  were  roundish  in  shape,  while  the  coarse 
particles  were  aggregates  of  fine  particles,  soae  containing  twisted 
strings,  showing  that  the  particles  were  foraed  under  a  half-aelt  condition, 
as  shown  in  Figure  2. 


lapurities 

A  aajor  iapurity  in  th<>  products  was  the  oxygen  content.  In  the  early 
experiaents,  the  content  was  as  high  as  1%,  however  this  was  reduced  to 
about  0.25%  by  iaproving  the  apparatus  and  procedure.  The  latter  value 
seeaed  to  be  a  lower  Halt  for  the  present  apparatus  on  a  saall  scale.  The 
aagnesiua,  chlorine,  and  hydrogen  contents  ranged  froa  0.4  to  0.6%,  0.01  to 
0.02%.  and  1.0  to  1.2%.  respectively.  Other  aetal  contents,  iron,  nickel, 
and  chroaiuB.  which  originated  froa  corrosion  of  the  reaction  chaaber.  fell 
in  a  wide  range,  in  the  order  0.1  to  0.5%.  These  levels  could  be  reduced  by 
using  a  corrosion- resistant  aaterial  in  place  of  stainless  steel. 


5.  DISCUSSION 

5.1  Spray-atoaization  and  spray-reaction 

There  have  been  a  nuaber  of  studies  on  spray-atoaization  of  aolten  aetals 
with  an  inert  gas  {4-15}.  The  size  and  distribution  of  atoaized  aetal 
particles  are  dependent  upon  the  design  of  the  nozzles  and  various  spray 
conditions.  The  latter  include  the  gas  speed  and  iapingeaent  angle  of  the 
lance,  the  aass  flow  ratio  of  the  liquid  to  the  gas.  the  surface  tension  of 
the  aolten  aetal,  and  the  density  and  kinetic  viscosity  of  the  gas  and  the 
aolten  aetal.  Effects  of  these  factors  can  be  inferred  froa  previous  papers 
on  spray-atoaization.  Two  apparent  differences,  however,  are  that  the 
reaction  takes  place  on  the  surface  of  aetal  droplets  and  that  the 
tetrachloride  gas  is  exhausted  in  the  course  of  the  reaction. 

As  for  the  spray  reduction  of  TiCla.,  the  aass  flow  ratio  of  the  liquid 
(Mg)  to  the  gas  (TiCl4)  is  deterained  by  the  stoichiuaetric  ratio  given  by 
Eq.  (1).  i.e.,  100  ;  390.2.  Therefore,  gas  speed  is  the  only  variable  which 
affects  foraation  of  the  spray  state.  The  gas  speed  is  dependent  upon  the 
voluae  and  pressure  of  the  gas.  and  upon  the  lance  diaaeter  for  the 
4- lance- type  gas  nozzle  used.  The  gas  voluae  is  a  constant,  about  46  da^  at 
the  standard  state,  and  increases  to  164  da’  at  TOO^C,  for  100  g  of  Ng  to  be 
sprayed.  The  gas  speed  and  gas  pressure  then  are  deterained  by  the  lance 
diaaeter  and  the  gas  teaperature. 

The  surface  tension  of  aolten  aagnesiua  in  an  inert  gas  is  known  (569 
dyne/ca  at  the  aelting  point).  However,  nothing  is  known  about  the  surface 
tension  for  aolten  aagnesiua  on  which  a  reaction  is  taking  place.  Reported 
values  of  the  aedian  diaaeter  for  aetal  particles  foraed  by  spray- 
atoaization  fall  in  the  wide  range  of  40  to  300  pa,  while  those  for  Ti 
particles  in  this  study  are  in  the  range  10  to  40  pa.  Although  the  size  of 
Ti  particles  will  not  be  the  saae  as  that  of  the  atoaized  aagnesiua 
droplets,  the  latter  low  values  suggest  that  the  surface  tension  is  being 
lowered  by  the  surface  reaction.  Thus,  calculation  of  particle  size  using 
equations  proposed  for  spray-atoaization  aay  give  false  indications  when 
applied  to  spray- react  ions . 

For  the  design  of  the  gas  nozzle,  the  iapingeaent  angle  (the  angle  between 
the  axes  of  lance)  is  of  greatest  iaportance  [8];  a  value  below  30  is 
generally  adopted.  A  special  design  is  needed  which  avoids  saearing  of  the 
gas  nozzle  with  ultrafine  Ti  particles  by  ainiaizing  irregular  eddy  streaas 
in  the  vicinity  of  the  gas  nozzle. 

5.2  Reaction  in  spray  cone 

Spray- react ion  is  a  special  reaction  which  takes  place  in  a  gas  streaa 
with  an  initial  speed  of  about  10*  a/s  and  approaches  the  end  within  a  short 
tine  less  than  0.1  s.  Analysis  of  the  reaction  aechaaiaa  involves  two 
aspects.  One  Is  that  of  cheaical  engineering  which  relates  to  the  nature  of 
a  jet  streaa  and  the  foraation  of  atoaized  droplets  and  a  spray  cone,  and 
the  other  relates  to  the  heterogeneous  reaction  which  takes  place  on  the 
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surface  of  the  disintegrating  droplets.  These  two  aspects  are  inseparably 
related,  that  is,  the  atoaization  and  the  reaction  occur  siaultaneously .  It 
is,  therefore,  very  difficult  to  aake  a  model  for  the  reaction  in  the  spray 
cone.  A  tentative  .aaction  aodel  has  been  presented  elsewhere  112].  Only  a 
brief  explanation  is  given  here. 

In  the  jet  stream  with  a  subsonic  speed,  the  partial  pressure  of  TiCl4  may 
decrease  due  to  entrainment  of  the  surrounding  gas  (Ar).  before  the  reaction 
takes  place.  The  falling  stream  of  molten  magnesium  meets  the  gas  jet  in 
the  vicinity  of  the  impingement  point,  where  the  atomization  and  the 
reaction  begin  to  take  place  simultaneously,  and  a  spray  cone  is  formed. 
The  gas  speed  relative  to  droplets  is  very  high.  The  reaction  rate 
increases  very  rapidly  as  the  magnesium  stream  is  atomized  into  fine 
particles,  and  the  rate  would  be  expected  to  be  dependent  upon  the  partial 
pressure  of  TiCla..  The  rapid  reaction  may  continue  for  about  10  cm  in  the 
upper  part  of  the  cone.  For  the  angle  of  the  spray-atomization  cone,  a 
value  of  about  74®  has  been  estimated  from  droplet  velocity  vectors  [10]. 

The  speed  of  magnesium  droplets,  including  Ti  particles  and  molten  HgCls 
formed,  is  accelerated  by  the  gas  stream,  and  then  reaches  a  maximum  speed. 
The  reaction  rate  decreases  with  a  decrease  in  the  partial  pressure  of  TiCla 
and  a  decrease  in  unreacted  magnesium.  It  seems  that  the  rate  is  not 
hindered  br  the  reaction  products.  The  gas  speed  decelerates,  firstly  with 
an  increas  in  the  cross-sectional  area  of  the  cone,  and  secondly  through 
gas  exhaustion  due  to  the  reaction.  In  the  lower  part  of  the  cone,  the 
particles  continue  to  fall  with  a  gradual  decrease  in  speed,  and  the 
reaction  approaches  the  end.  The  total  height  of  the  cone  necessary  to 
complete  the  reaction  (about  90%)  seems  to  be  from  20  to  40  cm.  The 
reaction  rate  may  be  very  slow  below  this  height. 
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5.3  Spray-reaction  process 

It  has  been  shown  that  the  spray- react  ion  process  has  a  satisfactory  yield 
of  Ti  powder  and  a  very  large  production  capacity.  Even  the  rate  of  lOOg 
Ti/min,  produced  by  the  laboratory  scale  appaaratus  used  in  this  study, 
anounts  to  a  few  tons  per  a  nonth,  which  is  quite  high  considering  the 
present  state  of  developaent .  Figure  3  shows  the  flowsheet  of  the  spray- 
reaction  process.  When  the  spray- react ion  in  the  flowsheet  is  replaced  with 
the  conventional  nagnesiua  reduction,  the  proposed  process  is  alaost  the 
same  as  the  Kroll  Process  in  the  earliest  stage  of  developaent. 

The  lance-type  gas  nozzle  used  in  this  study  would  be  replaced  with  a 
concentric  annulus-type  gas  nozzle  for  large  scale  production. 


6.  Suaaary 

Experiaents  on  the  use  of  a  spray- react  ion  for  direct  production  of 
titaniua  powder  by  reduction  of  titaniua  tetrachloride  with  aagnesiua  are 
described.  The  results  obtained  have  encouraged  us  to  continue  the  study. 
Efforts  have  been  aade  to  develop  the  spray- react  ion  process  to  a  seai- 
coaaercial  scale. 
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Abstract 

In  the  present  work,  the  possibility  of  developing  new  high  tenqreratuie/high  strength  tita¬ 
nium  alloys  through  the  Aspersion  of  rare  et^  oxide  particles  was  evaluated.  Tm  work 
shows  that  although  the  REP.  which  is  an  industrially  viable  P/M  technique,  was  capable  of 
achieving  a  fine  dispersion  of  Y2O3.  diis  technique  was  not  suitabk  for  eliminating  the  pre¬ 
existing  macro-segregation  of  Y2^.  This  is  due  to  the  fact  that  the  small  superheat  provided 
by  this  technique  cannot  overcome  the  large  difference  in  melting  points  between  Ti  and 
Y2O3.  Hatdenini  through  Y2O3  dispersion  was  signiEcant  when  it  was  not  offset  by  the 
grain  size  effect,  i.e.  at  lower  temperannes  and  in  tensile  tests  rather  than  in  creep  tests.  Very 
small  grain  sizes  observed  in  the  extruded  alloys  due  to  the  recrystallization  conoibute  to  the 
sbengtiiemng  at  lower  temperatures  but  counteract  the  effect  of  the  dispersion  at  higher 
temperatures  and  in  creep  tests.  The  consolidation  through  HIP  avoiding  the  recrystallization 
imi^es  the  high  temperature  strengdi  and  the  hardening  by  the  Y2O3  dispersion  becomes 
very  effective.  It  was  found  that  in  order  to  avoid  the  strong  embnttkment  induced  by  the 
presence  of  Y2O3.  macro-segregation  must  be  avoided. 


Introduction 

The  quest  for  higher  operating  temperatures  in  aeroengines  has  incited  work  on  new  light 
weight  materials  and  novel  processing  techniques.  The  potential  ttf  conventional  titanium 
alloys  which  are  widely  used  in  the  modem  aircraft  compressors  is  limited  to  a  tetiq>erature  of 
about  60(PC.  It  has  also  beccnne  apparent  mainly  through  the  alloy  development  work 
accomplished  by  IMI  that  with  die  advent  of  the  IM1834  alloy  we  have  almost  readied  the 
upper  limit  of  utilization  of  conventional  titanium  alloys  [1]. 

The  present  wnk  was  therefore  directed  toward  die  development  of  new  hi^ 
temperatuIe^igh  stiengA  titanium  alloys  through  die  dispersion  of  rare  earth  oxide  particle. 
This  type  of  strengthening  mechanism  was  not  effective  in  alloys  produced  by  conventional 
Ti  ingot  metallic  due  to  the  difficulties  encountered  in  con^ung  the  propn  disperdon 
parameters  (particle  size  and  inter-{^cle  spacing.  Rapid  solidification  processing  was,  ho¬ 
wever,  found  to  be  useful  in  resolving  most  of  mse  dmiculties,  as  shown  by  various  U.S. 
works  i2]. 

Since  a  moderate  cooling  rate  of  about  103-104Ks'1  during  solidification  was  found  to  be  suf- 
fident  for  obtaining  a  nne  and  homogeneous  dispersion  of  Y2O3  particles  during  previous 
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wofk  [3,4]  and  because  niost  of  the  powder  panicles  obtained  by  the  REP  (Rotating  Electrode 
Process)  are  solidined  at  such  cooUng  rates,  this  technique  which  is  a  conuneicially  viable 
industrial  {nocess  was  used  for  the  present  alloy  development  work. 

Within  the  aeroengine  complies  participating  in  this  progrartune,  there  were  two 
requirements  for  high  strengthAiigh  temperature  titanium  alloys;  an  a+P  type  high  strength  al¬ 
loy  for  use  in  the  intermediate  tempera&uc  rang^4SO-550°(r)  and  a  near  a-type  alloy  which 
coiild  push  the  temperature  capability  beyond  bOO^C. 

The  present  wmk  was  implemented  in  the  following  inter-related  stages  :  1)  Choice  of  alloy 
systems,  2)  Ingot/electrode  production,  3)  Powder  pr^uction  (REP),  4)  Powder  consolidation. 
5)  Microstrucuut^nechanic^  prc^rerty  evaluation. 

Choice  of  alloy  systems 

The  compositim)  of  the  the  near  a  titanium  matrix  was  determined  by  IMI  after  a  con^erable 
amount  of  etqrerimental  weak  and  by  taking  into  account  its  thermal  stability.  As  for  the  a+P 
base  matrix,  the  composition  of  dw  IMISSO  alloy  was  chosen.  In  both  cases,  Y2O3  was 
selected  as  Ae  disper^  phase,  as  in  the  previous  experiments  undertaken  at  ONE^  [3,4]. 
However,  in  this  programme,  it  was  decided  to  directly  incorporate  Y2O3  instead  of  yttrium. 
The  idea  behind  this  approach  was  to  maintain  the  initial  oxygen  content  of  the  titanium 
matrix,  which  is  necessary  to  presave  the  initial  strength  level  of  the  base  alloy.  It  is  also 
worth  noting  that  it  is  possibte,  according  to  a  tbeos^cal  paction  [S],  to  reduce  the 
coarsening  rate  to  some  extent  even  in  die  (1-phase  field  if  a  titanium-rare  ea^  alloy  contains 
oxygen  in  excess  after  the  fonnadon  of  rare  earth  oxide  It  should  be  en^hasized  hoe  that  the 
disfxtsed  oxide  particles  coarsen  very  rapidly  in  the  ^phase  field  inspite  of  their  remarkable 
size  stability  in  the  a-phase  Held  during  hot  consolidtuion  [3,4,6]  or  even  afta  severe  cold 
rolling  followed  by  annealing  [7]. 


Processing  route 


1.  Ineot^clcarodcBrediiciion 

1.1.  g+p  alloys.  For  a+0  alloys,  the  base  alloy  ingot  (148K^  manufactured  at  CEZUS  was 
used.  By  faging  this  ingot,  two  ba  p^ucts  were  prepared.  Eight  electrodes  of  the  base  alloy 
for  REP  were  weedy  cut  and  machined  from  one  of  the  two  bar  products.  An  alloy  ingot 
containing  2vol.%Y^)3  was  produced  by  double  melting  at  CEZUS  using  its  consumable 
electrode  melting  facilities.  On  die  electrode  corresponding  to  the  second  bar  product,  about 
2(X)  small  holes  (0sl2mm,  depdisSOmm)  were  bor^  by  machining.  Addition  of  Yt^  was 
made  by  regularly  distributing  Y2Q3  powda  into  these  small  htdes.  Afta  duoble  melting,  the 
ingot  was  thermomechanically  prooeraed  into  two  bars  of  ^50mm.  Nine  REP  elecoodes 
were  finally  prepared  by  machining  these  bars. 

1.2.  Near  a  alloys.  Both  the  base  alloy  and  the  Y2O3  containing  alloy  were  prepared  by 
double  melting  at  IMI  using  its  consumable  electrode  facilities.  Electrodes  for  this  t^eration 
were  itude  using  a  blend  powda  technique.  The  ingots  obtained  fa  both  allo^  were 
transformed  by  extrusion  at  1 170°C  to  bars  of  ^50mm.  From  these  bars,  ten  REP  electrodes 
were  irachined  fa  the  base  alloy,  and  twenty  fa  the  Y2Q3  containing  aOoy. 

2. fttw<tefiiroductkm 

Powda  production  was  carried  out  at  ONERA  using  its  REP  facilities.  The  REP  equipment  at 
ONERA  comprisa  essentially  :  an  airtight  chamba  operating  unda  inert  gas  (Ara^) 
atmosphere,  a  qnndle  which  permits  an  alloy  electrode  (anow)  to  tiqiidly  rotate  and  a 
tungsten  cathode  device  which  allows  suitable  arc-melting  of  the  alloy  electrode.  The 
diameter  of  the  electrode  was  always  41inm,  and  the  snmfle  rotating  rate  was  nKKkpm.  The 
parole  size  distribution  detenninal  after  sieving  snowed  that  the  most  frequent  particle 
diameter  is  around  123-160Mm  and  the  inuority  of  the  powda  particles  possess  a  diameter 
bekiw  200)un.  In  the  present  study,  all  the  partcles  boow  20()iim  diameter  were  used  fa 
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alloy  consolidation  after  controlling  the  oxygen  content  and  they  constituted  a  single  batch. 

3JRflaydg  fii>n»lidaaon 


The  consolidation  was  carried  out  primarily  through  extrusion  but  occasionally,  hot  isostatic 
pressing  (HIP)  was  also  used.  Mild  steel  cans  containing  alloy  powder  were  degassed  under 
secondary  vacuum  fw  two  hours  and  then  sealed  by  electiDn  beam  welding.  Extrusion  was 
carried  out  using  a  press  of  2S0  tons.  Consolidation  I9  HIP  was  performed  at  920”C  or  950°C 
under  lOOObars. 


Rfaiiilt»i  anrt  di»cm«inn 


1.  Miciosiructural  analysis 

The  ingots  containing  Y2O3,  ptraared  both  by  CEZUS  and  IMI,  showed  a  heavy  segregation 
presun^W  due  to  tlw  strong  diffemce  in  melting  pdnts  between  Y2Q3  and  the  bare  alloys. 
In  the  Y2O3  containing  a+p  alloy  {Hoductxl  by  CEZUS,  the  chemicu  analysis  revealed  that 
the  average  level  of  Y2O3  content  was  about  0.76%.  Two  thirds  of  Y2O3  were  appatendy 
lost  prob^ly  during  meldng.  In  the  Y2O3  containing  near  a  alloy  protmced  by  IMI,  the 
chettiical  analysis  showed  that  the  Y2O3  content  was  of  about  2%,  inmcating  that  die  yttria 
loss  was  avoided  through  the  blended  powder  technique. 

The  microstnicture  of  the  alloys  obtained  after  consolidating  of  the  REP  powder  by  extrusion 
shows  a  si^ificant  Y2Ch  segregation,  at  an  optical  mictoscopy  scale.  The  observed 
segregation  is  charactetized^by  the  presence  of  very  It^e  (often  larger  than  2(Him)  Y2O3  par¬ 
ticles,  either  isolated  or  clustered  (Fig.l).  This  is  certainly  due  to  the  non-dissolution  of  Y2O3 
during  REP.  Indeed,  in  the  as-R^  powder,  Y2O3  particles  or  agglomerates  were  frequently 
observed  in  numerous  powder  particles,  indepe^nt  of  the  powdo  particle  size. 

In  order  both  to  understand  why  Y2O3  was  not  dissolved  during  REP  and  to  find  how  to 
remedy  this  difficulty,  three  types  of  experiments  were  condimed.  by  using  arc-melting 
facilities  (with  water-cooled  Cu  hearth) :  (1)  re-melting  of  the  near  a-t-2%Y203  alloy  by  using 
the  non-consumed  part  of  the  REP  electrode,  (2)  melting  of  the  cold-consolidated  mixture  of 
Ti  with  Y2O3  (2%)  (Ti  sponge  +  Y2O3  powder),  (3)  melting  of  the  Ti-1.84Y  alloy  with 
Ti02.The  fust  experiment  was  undertaken  to  determine  whether  the  superheat  during  melting 
played  a  role  in  achieving  a  complete  dissolution  of  Y^Os.  It  should  be  noted  that  the  melting 
point  of  titanium  alloys  ts  around  16^C  while  that  w  Y2O3  is  around  2400°C.  The  second 
experiment  was  done  in  orda-  to  understand  how  and  why  the  regregation  occurs  in  the 
system  diroug^  a  simplified  approach.  The  third  eiqieriment  was  umtertaken  in  order  to  find 
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out  whether  the  addition  of  Y  and  Ti02  was  more  efficient  than  the  direct  addition  ttf  Y203. 
All  these  experiments  indicated  that  both  the  degree  of  superheat  and  the  heating  time  are  two 
impotmt  factors  affecting  the  complete  dissolution  of  Y2O3.  which  is  a  prerequisite  for 
obtaining  the  segicgation-fiee  P/M  titanium  alloys.  These  experimenQ  also  suggest^  that  the 
incorporation  of  Y2Q3  should  have  been  achieved  by  the  following  steps  :  (1)  near  a  (or 
a-t-P)  +  TiOj,  (2)  addition  of  yttrium.  It  is  worth  noting  that  the  melting  point  of  Ti02  is 
around  18S(rC  and  that  of  Y  around  1S(XPC 

Despite  the  presence  of  the  macro-segregation,  transmission  electron  mkroscopy  revealed  a 
fine  and  rather  homogeitetws  diqrersion  of  Y2(^  (Hg^)  in  the  as-extruded  state  in  bodi  the 
ytiru  containing  alloys  indicating  diat  a  part  ot  me  oxide  was  dissolved  in  the  molten  alloys 
during  REP.  Because  of  the  presence  of  a  fairly  homogeneous  and  fine  diqiersion,  it  was  deci¬ 
ded  to  conduct  mechanical  tests  on  these  mamrials  in  order  to  evaluate  its  strengthening  ef¬ 
fect. 

2.  Mechanical  properties 

2.1.  g+B  alloys.  The  results  of  the  tensile  tests  carried  out  on  the  a-t-p  alloys  (Y2O3  fiee 
and  Y2O3  containing  alkws)  are  piesenied  in  Table  1.  This  taUe  includes  the  vdues  specified 
as  "minimum  values^  by  SNECMA  for  the  cast  and  forged  IMISSO  alloy  as  well  as  the  values 
obtained  on  the  wrought  small  diameter  IMI530  ben.  b  this  idrle,  we  can  clevly  see  that  in 
the  whole  temperature  range,  the  Y2O3  containing  alloy  shows  a  sli|ht  strength  increment  of 
SO-bOMPa,  compared  to  the  Y2O3  nee  alloy,  while  the  presence  of  Y2O3  itxluces  a  decrease 
in  both  the  elongation  to  ruptme  (EL)  and  r^uction  in  area  (RA).  The  strengdis  of  both  the 
Y7O3  containing  and  Y2O3  free  alloys  ate  hidier  than  the  minumim  values  speciM  by 
SraCMA.  However,  whm  compared  to  the  vaiiws  oboined  on  the  wrought  small  diameier 
IMI330  bar,  only  the  Y2O3  containing  alloy  is  signifkwitly  stronger  than  the  wrou^t  alloy 
upto400°C. 

The  resuitt  of  cieq>  tests  conducted  on  die  Y2O3  containing  alloy  ue  shown  in  Table  2.  This 
table  also  includes  the  results  obtained  on  the  T2O3  free  alloy  as  well  as  minimum  values 
specified  by  SNECMA  for  the  wrought  IMISSO  alioy.  Contrary  to  the  case  for  the  tensile 
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T«Me  1  Results  <rf  the  tensile  tests  earned  out  on  the  g+p  alloys. 


Alloy 

TCQ 

UTS 

(MPa) 

0.2%  PS 
(MPa) 

EL 

(%) 

RA 

(%) 

20 

123S 

• 

6.2 

11 

IM1530 

20 

1190 

1185 

14.2 

33 

minimum  SNECMA 

1100  to  1280 

960 

9 

20 

IMI550  small  6  bar 

20 

1200 

1050 

■HSSSDQSaHI 

400 

875 

HESH 

10.3 

32 

IMISSO 

83S 

740 

17 

60 

minimum  SNECMA 

400 

680 

520 

IMISSOsmaU^bar 

8S0 

700 

IMI55O  +  Y2O3 

soo 

780 

14.2 

42 

IMISSO 

soo 

745 

670 

20.4 

75 

IMISSO  small  6  bar 

soo 

800 

600 

strength,  the  addition  of  Y^P3  was  found  to  provide  no  significant  improvement  in  creep 
strength.  The  reason  for  thu  may  be  the  lack  of  sufficiendy  effective  dispersion  of 
Inde^  because  of  the  macro-segregation  observed  in  the  as-extruded  bar  stock,  the  vofiirae 
fraction  of  dispersed  small  Y20^  particles  is  probably  much  less  than  the  nominal  value 
(0.76%).  Note  also  that  the  two  P)m  alloys  exhibit  a  poorer  creep  resistance,  consideting  the 
minimum  value  specified  by  SNECTMA.  This  is  probably  because  of  the  sm^  grain  size  (1- 
Spm)  observed  in  the  P/M  siloys  after  extrusion. 


Table  2  Results  of  the  creep  tests  carried  out  on  the  a^- 

)  alloys  alloys. 

Alloy 

Tro 

Applied  stress 
(MPa) 

Time  for  0.2% 
elongation  (h) 

IMI55O  +  Y2O3 

400 

IHIESSIHm 

IMI550+ Y2O3 

400 

55 

IMISSO 

400 

171 

minimum  SNECMA 

400 

480 

100 

4S0 

280 

85 

IMISSO +  Y2O3 

450 

280 

75 

IMISSO 

450 

280 

165 

minimum  SNECMA 

450 

280 

140 

msmi 

240 

8 

IMISSO 

500 

240 

5 

minimum  SNECMA 

240 

20 

2.2.  Near  a  alloys.  The  results  of  the  mechanical  tests  on  both  the  YtOi  free  and  Y2O3 
containing  alloys  are  shown  in  Table  3  and  Table  4.  In  tensile  tests  (Table  3),  die  Y20a 
containing  allm  shows  a  0.2%  yield  stress  of  l2S2MPa  at  room  temperature  and  its  strength 
increment  is  <tf  130MPb,  compared  to  that  of  dw  Y2O3  firee  alloy.  Ine  ehmgatiQo  to  rupture 
of  the  Y2O3  containing  alloy  is  however  very  low,  compared  to  that  of  the  Y2O3  free  aBoy 
(2.1%  vs.  13%).  This  embnttlement  ma^  be  caused  the  Y293  maoD-s^regation.  The 
strengdt  increment  due  to  the  Y2O3  cuqiersion  dimittishes  with  increasing  temperature. 
Addition  ot  Y2O3  provides  an  improvement  in  ultimate  tensile  strengdt  (UTS),  up  to  about 
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Tabk3  Results  of  the  tensile  tests  earned  out  on  the  near  a  alloys. 


Alloy 

- -  1 

TC*Q 

UTS 

(MPa) 

0.2%  PS 
(MPa) 

EL 

(%) 

Near  a  base  alloy 

20 

1122 

1122 

13 

400 

836 

776 

12 

300 

737 

674 

41 

520 

683 

633 

23 

600 

330 

390 

52 

630 

340 

244 

198 

Y2O3  containing 
near  a  alloy 

20 

1252 

1232 

2.1 

400 

891 

860 

6.5 

300 

783 

737 

12 

520 

746 

678 

14 

600 

519 

425 

26 

630 

322 

240 

160 

SSO'C.  At  6S0”C,  both  alloys  have  a  low  strength  (about  240MPa  for  the  0.2%  yield  stress) 
and  a  very  large  elongation  to  ruptute(160-200%),  showing  a  "superplasdc'*  like  b^viour. 


Addition  of  Y2O3  gives  a  limited  improvement  in  creep  resistance  at  lower  temperatures,  but 
seems  to  decrease  creep  resistance  at  high  temperatures  (Table  4).  The  transition  temperature 
is  amNind  SS0°C.  similar  to  the  tensile  test  results.  Tlie  creep  soength  of  both  the  Y2O3  free 
and  Y2O3  containing  alloys  is  quite  low  at  600  and  6S0°C. 

All  these  results  indicate  that  the  dispersion  does  not  provide  any  real  benefiL  The  poor  high 
temperature  strength  of  these  alloys  is  thought  to  be  related  to  the  very  fine  grain  size 
resulting  from  recrystallization  during  exiniuon. 

In  order  to  improve  the  high  temperature  mechanical  properties  by  preventing 
recr^tallization,  we  attempted  to  consolidate  alloy  powders  through  HIP.  The  results  of  the 
tensile  tests  undertaken  on  HIP  products  are  shown  in  Table  5.  Initially,  HIP  was  performed  at 
92(PC  at  2(XX)bars.  By  comparing  tlKse  results  with  those  of  the  extruded  alloy  (^  TaUe  3), 
it  was  found  that  the  HIP  alloy  is  much  stronger  than  the  extruded  one  at  6S0*C  (472MPa  vs. 
286MPa  for  the  0.2%  yield  stress).  It  is  also  clear  that  the  increment  in  yield  stress  due  to  the 


Table4  Results  of  the  creep  tests  carried  out  on  the  near  a  alloys. 


Alloy 

TfC) 

Applied  stress 
(MPa) 

Tune  for  1% 
elongation  (h) 

Time  for  10% 
elongation  (h) 

Near  a  base  alloy 

300 

100 

1131 

- 

550 

100 

47 

405 

600 

100 

3.2 

32 

650 

100 

0.5 

5.7 

Y2O3  containing 
near  a  alloy 

300 

100 

1246 

- 

330 

100 

63 

675 

600 

100 

2.0 

24 

650 

100 

0.3 

3.6 

Ill 


Table  S  Results  of  the  tensile  tests  carried  out  on  the  Y2O3  containing 
near  a  alloy.  (HIP  products) 


Alloy 

T(“0 

UTS 

(MPa) 

0.2%  PS 
(MPa) 

EL 

(%) 

Y2O3  containing  near  a  alloy 
HIP'edat920“C 

650 

485 

472 

0.3 

Y2O3  containing  near  a  alloy 
HIP’edat950“C 

650 

518 

510 

0.9 

Y2P3  free  near  a  alloy 
HIP’edat920°C 

650 

479 

424 

8 

Y^03  addition  is  significant  (472MPa  vs.  424MPa).  The  problem,  however,  is  with  the 
mttleness  of  the  HIP  Y2O3  containing  jnrodua  (elongation  to  nature :  0.3%).  Fracti^rqthic 
examination  showed  decoli^on  of  the  powder  particle  boundaries  in  the  Y2O3  containing 
material,  while  the  fracture  surface  of  tte  Y2O3  free  alloy  showed  notmal  ductile  fntures. 
HIP  was  also  performed  at  9S0°C  at  2000bais  in  order  to  vmy  whether  the  HIP  ten^teiature 
had  any  influence  on  the  ductility.  Indeed,  there  may  be  some  micro-potonties  left  within  the 
material,  if  the  HIP  teti^erature  is  too  low.  However,  the  result  of  the  tensile  test  conk)  not 
clearly  confirm  this  explanation;  the  elongation  to  rupture  showed  only  a  slight  irrqnovement 
(0.3%  after  HIP  at  920°C  =>  0.9%  after  HIP  at  9S(PC).  It  is  finally  worth  citing  the  work  of 
Gigliotti  et  al.  [8]  which  showed  a  similar  ductility  loss  at  high  temperatures  due  to  dispersion 
ofEr203. 


Conclusions 

The  following  overall  conclusions  can  be  drawn  from  this  investigation. 

1)  Although  the  REP  process,  which  is  an  industrially  viable  P/M  technique,  was  capable  of 
achieving  a  microscopical  dispersion  of  Y203>  it  was  not  suitable  for  euminating  any  pre¬ 
existing  macro-segregation  of  Y203.  This  is  due  to  the  fact  that  the  small  superheat  provided 
by  this  technique  cannot  overcome  the  targe  difference  in  melting  points  between  H  and 

Y2O3 

2)  Incorporation  of  Y  through  the  blend  powder  technique  is  certainly  the  most  appro|»riam 
route  for  preparing  Y2O3  containing  H  dloy  ingot  destined  to  the  powdo  induction, 
although  the  complete  suppression  m  the  macro-segregation  stiU  seemed  to  be  difficult 

3)  A  moderate  hardening  through  Y2O3  dispeision  is  observed  when  it  is  not  offset  by  the 
grain  size  effect,  i.e.  at  lower  temperatures  and  in  tensile  tests  radier  than  in  creep  tests.  Very 
small  grain  sizes  observed  in  the  extruded  alloys  due  to  the  recrystallization  contribum  to  tlw 
strengdiening  at  lower  temperatures  but  counteract  the  effect  of  the  dispersion  at  higher 
temperatures  and  in  creep  tests.  The  consolidation  through  HIP  avoiding  the  rectystallization 
im{noves  the  high  tempmture  strength  am!  also  renders  the  hardening  by  Y2O3  dispersion 
very  effective. 

4)  The  embrittlement  due  to  the  presence  of  Y2P3  was  quite  significant;  it  is  therefore 
essential  to  avoid  the  macro-segregation  of  Y2P3.  Further  efrott  in  this  direction  is  necessary 
for  the  development  of  rate  earth  oxide  dispersion  hardened  titanium  alkrys. 

Aclmowledaemenix 

This  work  was  conducted  under  the  contract  (MA1E-0()S4-Q  of  the  Euram  programme.  The 
authors  are  very  grateful  to  Dr.  Schmidt  of  the  Cortmutsion  of  the  European  Cornmuiities  for 
his  permanent  encouragement  to  the  progress  of  the  present  study.  Thanks  are  also  due  to  the 
mernbers  of  staff  of  each  partner  who  participated  in  this  collaborative  work. 

m 


References 


1.  P.A.  Blenldnsop,  "High  Temperature  Titanium  Alloys",  in  Proc.  Conf.  on  "Desipniny  with 
Titanium".  Bristol,  The  Institute  of  Metals,  1986, 191. 

2.  PlDcccdings  of  Jhe  Conference  on  "Titanium  -  Rapid  solidification  Technology".  Ed.  F.H. 
Fioes  and  D.  Eylon,  New  Orleans,  TMS,  1986. 

3.  S.  Naka,  M.  Matty  and  H.  Ocmr,  "Oxide-Oispersed  Titanium  Alloys  Ti-Y  Prepared  with 
the  Rotating  Electrode  Process".  J.  Mater.  Sci..  22  (1987)  887. 

4.  S.  Naka,  R  Octor,  M.  Marty  and  A.  Lasalmonie,  "Microstiucture  and  Mechanical  Proper¬ 
ties  of  Oxide  Disper^  Titanium  Allojn  H-Y  and  H-Al-Y  Obtaiiml  by  Powder  Metallurgy 
Processing",  in  Proc.  Conf.  on  "Desjgning  with  Titanium".  Bristol,  The  Institute  of  Metals, 
1986,64. 

5.  D.G.  Konitzer,  J.PA.  Lofvander,  S.A.  Court,  R.  Kirchheim  and  RL.  Fraser,  "Themetical 
and  Experimental  Determinatioas  of  the  Thermal  StabiliK  of  Rare  Earth  Oxide  Paitkies  in 
Rapidly  Solidiried  Titanium  Alloys",  Acta  Metall..  36  (1988)  1595. 

6.  F.R  Frees  and  R.G.  Rowe,  "Rapidy  Solidified  Titanium  -  A  Review",  in  Prnc.  Conf  nn 
"Titaniiim  -  Rapid  solidification  Technology"  Ed.  F.R  Froes  and  D.  Eylon,  New  Orleans, 
TMS,  1986, 1. 

7.  S.  Naka,  R  Octor,  E  Bouchaud  and  T.  Khan,  "Reprecipitation  Observed  in  Y2O3  Dispo'- 
sed  Titanium  during  Heat  Treatment  after  Cold  Rolling",  Scrinta  Metall..  23  (19^)  501. 

8.  MEX.  Gigliotti,  G.E  Wasielewski  and  R.G.  Rowe,  "Microstructural  Development  and 
Hi^  Temperature  Mechanical  Characterization  of  a  Dispetstrid-containing  Titanium  Alloy", 
in  hoc.  6th  World  Conf.  on  Titanium.  Ed.  P.  Lacombe,  R.  Tricot  and  G.  Bdranger,  Cannes. 
Les  Editions  de  Physique,  1988. 


no 


TENSILE  AND  FRACTURE  TOUGHNESS  FROmiTIES 
OF  P/M  Ti-1  JAI-«V-5Fc  AND  DERIVATIVES 


C.  F.  YoKon 

Cnicible  Materials  Coiporation 
Cnicible  Research 
Pittsburgh.  PA  15230 


L.  M.  Orsbom 

LTV  Aeros)>ace  and  Defense 
Aiicr^  Division 
Dallas.  TX  7S26S 


Abstract 

Ti-1.3At-8V-SFe  is  a  metastable  beta  titanium  alloy  which  can  be  heat  treated  to  vety  high  strengths  by 
solution  treating  and  aging.  Strengths  over  1400  MPa  (203  Ksi)  have  been  repotted  with  acceptable 
ductility.  This  alloy  is  segregation  prone  in  ingot  fotm.  but  can  be  readily  made  via  powder  metallurgy. 
Components  can  then  be  made  by  consolidation  of  the  powder  by  hot  isostatic  pressing  or  other  means.  A 
baseline  and  derivatives  were  investigated  to  determine  the  effects  of  additional  beta  stabilizers  and  reduced 
oxygen  on  strength  and  toughness.  Microstructure.  hardness,  tensile  properties  and  toughness  are  reported 
on  five  derivatives. 


Introductioa 

Research  over  the  years  has  demonstrated  the  potential  in  reducing  part  cost  through  the  use  of  powder 
metallurgy  (PM)  and  near  net  shape  processing(  1 .2).  This  potential  is  a  result  of  being  able  to  decrease  the 
amount  of  purchased  raw  material  and  by  reducing  the  amount  of  labor  expended  in  machining,  inspecting 
and  handling  of  parts.  To  date  these  incentives  have  not  appeared  su.Ticiently  attractive  to  lure  applications 
into  production. 

To  add  incentive.  LTV  and  Crucible  have  embarhed  on  a  joint  program  to  develop  a  titanium  alloy  that 
takes  advantage  of  the  PM  process  to  achieve  superior  properties.  Most  of  the  alloys  reported  on  in  the  past 
have  been  ingot  metallurgy  (IM)  alloys  that  have  been  converted  to  powder.  Little  attempt  was  made  to 
capitalize  on  the  benefits  of  a  faster  cooling  rate.  Rapid  solidification  enables  much  wider  variety  of  alloys 
because  of  being  able  to  solidify  solutions  of  meuils  that  would  be  impossible  in  IM  technology  because 
of  solute  segregation  during  solidification. 

A  case  for  Ti-1.3Al-8V-5Fe  (Ti-1-8-5)  (3.4)  can  be  made  on  this  basis.  This  alloy  was  developed  in  the 
1950s  by  the  Mallory-Sharon  Titanium  Cotp  (now  RMI).  It  exhibited  high  strength,  but  was  eventually 
abandoned  because  of  its  tendency  for  segregation  of  iron.  In  the  past  few  years  PM  techniques  have  shown 
the  ability  to  eliminate  this  problem.  The  objective  of  this  study  was  to  improve  the  ingot  metallurgy  and 
wrought  properties  of  this  alloy  through  composition  moditications  possible  only  through  powder  metal¬ 
lurgy  techniques. 

Ti- 1  -8-5  is  a  metastable  beta  alloy  that  can  be  heat  treated  to  very  high  strengtts.  Ultimate  strengths  of  over 
1540  MPa  (220Ksi)  have  been  demonstrated  (5).  Like  other  beu  alloys,  it  also  exhibits  good  fracture 
toughness,  deep  ha^nability.  and  excellent  corrosion  resistance.  With  this  strength  and  its  density,  it 
becomes  attractive  in  airframes  in  competition  with  high  strength  steels  (6. 7).  Landing  gear  components 
have  been  specifically  identified  as  a  potential  area  for  trade  studies. 

Figure  1  shows  a  prototypical  landing  gear  as  part  of  a  short  takeoff  and  vertical  landing  (STOVL)  transport 
concept  Traditionally,  high  strength  steel  would  be  employed  in  a  strength  range  of  1750  MPa  (250  Ksi). 
A  weight  analysis  projected  each  gear  to  weigh  7 1 3  Kg  ( I ST3  lbs)  in  steel  and.  assuming  all  parts  could  be 
converted.  554  Kg  (1223  lbs)  in  a  hypotiietical  titanium  alloy  with  a  strength  of  1680  MPa  (240  Ksi).  The 
reduction  in  gear  weight,  however,  could  also  be  used  to  reduce  the  rest  of  the  airframe  by  hundreds  of 
additional  poimds. 


Taaniwn  *92 
Sdtnca  and  Ttciineloay 
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Experimental  Procedure 


Powder  Production 

Powders  for  this  study  weie  produced  by  inen  gas  atomization.  Though  this  technology  is  not  currently 
commercial,  it  does  have  potential  for  lowering  powder  costs  over  current  methods.  Inert  gas  atomization 
produces  powder  direct  from  melted  metal,  instead  of  from  bar  that  has  been  reduced  from  ingots.  Melting 
stock  was  made  by  a  single  consumable  arc  melting  (20  lbs)  ingots  using  titanium  sponge,  master  alloy  and 
high  purity  iron.  Atomization  was  accomplished  in  an  apparatus  illustrated  in  Figure  2.  This  unit  employs 
a  water  cooled,  skull  furnace  and  a  nonconsumable  elecir^  for  melting.  As  power  is  added  to  the  fitttuce, 
an  arc  is  drawn  and  the  top  of  the  metal  charge  begins  to  melt.  Additional  power  melts  progressively  more 
of  the  charge.  Since  the  sides  of  the  crucible  ate  cooled,  the  molten  ntetal  is  always  surrounded  by  acontainer 
of  its  own  alloy.  When  the  molten  portion  reaches  the  bottom  of  the  furnace,  it  flows  throu^  the  hole  in 
the  bottom  and  through  a  ring  of  gas  nozzles.  As  the  stream  is  broken  up  by  the  gas  jets,  it  is  cooled  and 
solidifies  into  small  spherical  particles. 

Mechanical  properties  were  determined  from  compacts  of  the  powders.  The  compacts  were  made  by 
canning  the  powifer  in  pure  titanium  contairters  and  hM  isostatically  pressing  (HIP)  under  103  MPa  ( 1 5  Ksi) 
at  788*C  ( 14S0*F)  for  four  hours.  Tensile  and  fracture  toughiress  specimens  were  cut  from  the  rectangular 
blocks  and  tested  according  to  ASTM  E  8  and  E  399,  respectively. 


Figure  1.  Prototypical  STOVL  Landli^  Figure  2.  Inert  Gas  Atoinixalion  Fmace 

Gear  for  Material  Trade  Studies  Used  to  MaaufiKture  the  TManiuHi  Powders 

Ailoy  Selecthm  and  Preparatkm. 

The  emphasis  for  study  centered  on  the  weight  fractions  of  beu  stabilizers  varudium  and  iron.  Phiticular 
interest  centered  on  the  potential  for  additional  iron  in  solution,  made  possible  through  the  PM  approach. 
Patents  of  the  basic  Ti-l-8-S  alloy  cite  high  oxygen  as  one  of  its  strengthening  agents  and  yet  it  is  also  one 
of  the  three  gaseous  interstitial  elements  (others  nitrogen  and  hythxrgen)  that  lead  to  lower  toughness.  This 
study  evaluates  the  substitution  of  additional  metal  alloying  elements  for  a  reduction  of  oxygen  and  the 
effects  on  the  strength  and  fracture  toughness  combination.  Properties  of  derivatives  were  compared  with 
those  of  a  standard,  nominal  composition. 
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Results  and  Discussion 


Powder  Characterization. 

Table  I  shows  the  nominal  composition  and  the  actual  weight  fractions  along  with  the  beta  transus  for  each 
alloy.  Particle  size  distributions  were  determined  and  are  shown  in  Table  II.  Surfaces  exhibited  subtle 
dendritic  features  that  became  progressively  more  pronounced  with  increasing  beta  stabilizer  content. 

Table  I.  Chemical  Composition  of  Ti-l>8-5  and  Derivatives  Alloys 


Alloy 

Al 

Ti-I-8-S  Standard  0 

1.4 

ri-I-8-5L  Low  O 

1.5 

Ti-1-5-8 

1.2 

Ti-I-8-8 

1.3 

Ti-I-5-IO 

1.3 

Ti-l-IO-IO 

1.3 

Weight  Percent 


V 

Fe 

C 

N 

8.2 

5.0 

0.047 

0.010 

7.8 

5.1 

0.018 

0.014 

5.2 

7.8 

0.020 

0.010 

8.3 

7.6 

0.028 

0.011 

5.4 

10.5 

0.020 

0.007 

0.2 

9.8 

0.026 

0.009 

Beta  Transus 


o 

H 

°C 

°F 

0.227 

0.0053 

765 

1410 

0.398 

0.0096 

800 

1575 

0.127 

0.0065 

727 

1340 

0.147 

0.0049 

727 

1340 

0.130 

0.066 

700 

1290 

O.IIO 

0.0055 

693 

1280 

Table  11.  Particle  Size  Distributioa  of  Alloy  Powders  in  Percent  Undersize 


Standard  Mesh 


Alloy 

35 

45 

60 

W 

100 

200 

325 

Ti-1-8-5  Standard  O 

too 

78 

37 

19 

13 

3 

1 

Ti-l-8-5LLowO 

100 

78 

44 

28 

21 

7 

2 

Ti-1-5-8 

100 

87 

63 

39 

29 

4 

1 

Ti- 1-8-8 

100 

84 

63 

41 

33 

7 

1 

Ti-1-5-10 

too 

85 

67 

45 

34 

6 

I 

Ti-1-10-10 

100 

92 

69 

40 

29 

3 

1 

As  Figure  3  shows,  this  dendritic  structure  was  evident  in  the  particle  microstructure,  which  is  consistent 
with  evidence  from  previous  studies  of  other  beta  titanium  powders  (7).  Again,  the  dendritic  appearance 
became  progressively  more  pronounced  with  increasing  beta  stabilizer  content.  Grain  size  increased  with 
increasing  particle  size  because  of  the  slower  cooling  rales  experienced  by  the  larger  droplets. 


Figure  3.  Particle  Mkroatmetares  Show  Incrtaaing  Dendritic  Features 


to 


Compact  Microstnicture. 

A  comparison  ot  compact  microstructuies  was  made  with  the  corresponding  prior  particle  microstnictuie. 
Because  the  HIP  temperature  was  above  the  beta  transus,  considerable  grain  grow^  occurred.  Grain  size 
increased,  in  general,  from  less  than  20  mictometers  to  75-100  micrometers  during  consolidation.  The 
greater  the  solute  fraction,  the  smaller  the  amount  of  growth.  Figure  4  shows  the  microstrtictute  of 
Ti- 1  -8-SL  and  Ti- 1  -8-8,  which  was  representative  of  the  higher  beta  alloys.  The  Ti- 1  -8-SL  microstructure 
exhibits  partial  recrystallization  while  the  others  showed  relatively  large  recrystallized,  equiaxed  beta  with 
traces  of  alpha  in  the  grain  interiors.  This  alpha  could  have  precipitated  during  the  relatively  slow  cool 
down  from  the  HIP  temperature. 


71-14M  taox  Th1*B  I  tpum  I 

Figure  4.  Compact  Mkrostnictnrcs  After  HIP 


Mechanical  Properties. 

Initial  tests  were  conducted  on  compacts  with  a  uniform  heat  treatment.  All  compacts  were  solution  treated 
at  704°C  ( 1 300^)  for  one  hour,  water  quenched  and  aged  at  482‘’C  (900“F)  for  four  hours.  For  the  higher 
beta  derivatives,  the  beta  transus  was  below  die  solution-treating  temperature.  Tensile  bars  were  cut  from 
the  compacts  and  test  results  ate  shown  in  Table  III.  These  strength  levels  were  lower  than  the  baseline 
Ti- 1  -8-5,  as  were  the  ductilities,  particularly  in  the  higher  beta  content  alloys. 


Table  lU.  Tensile  Propertiesof  PM  Ti>l-8>5  and  Derivative  Alloy  Compacts 
with  Standard  and  Reduced  Oxygen 

Tensile  Strength  Yield  Strength  Elongation  Modnlns 


ABOy 

MPa 

(Kii) 

MPk 

(Kai) 

% 

CPh 

(Msi) 

Ti-l-8-S  Standard  O 

1394 

(202) 

1346 

(195) 

4.8 

no 

16.1 

Ti-l-8-5LLowO 

1297 

(188) 

1276 

(185) 

4.8 

no 

15.9 

Ti- 1-5-8 

1132 

(164) 

nil 

(161) 

5.8 

106 

15.3 

Ti- 1-8-8 

1228 

(178) 

1214 

(176) 

3.3 

112 

16.2 

Ti-l-5-10 

1021 

(148) 

1021 

(148) 

1.0 

100 

14.5 

Ti-1-10-10 

1104 

(160) 

1090 

(158) 

OJ 

104 

15.0 

Averages  of  2  tests 

Heat  treatmem  704"  (IWF)  1  how.  WQ,  482*C  (900T0, 4  hows 


The  next  experimem  was  lo  tailor  the  sdutian  treatment  to  the  alloy  and  perform  a  hardness  study  to 
determine  the  optimum  aging  parameters.  New  solution  temperatures  were  selected  below  the  alloy's  beta 
transus  and  are  shown  in  Table  IV.  Samples  were  held  at  temperature  for  one  how  and  water  quenched, 
followed  by  aging  at  three  temperatures,  42r>C  (800°F),  482°C  (90fPF)  and  538<C;  (1000°F)  for  various 
periods. 


Table  IV.  Tensile  Properties  of  PM  Ti-1-8-5  and  Derivative  Allojr  Compacts 
with  Reduced  Oxygen  and  Individualized  Heat  Treatments 


Alloy 

Solution 

Temperature 

Aging 

Cycle 

Tensile  Strength 
MPa  (Ksi) 

Yield  Strength  Elongation 
MPa  (Ksi)  % 

Ti-l-8-5L 

710‘‘C(13I0°F) 

427°C(800‘’F)32Hts 

1504 

(218) 

1484 

(215) 

1.5 

482‘’C  (900°F)  4Hrs 

1428 

(207) 

1346 

(195) 

4.7 

Ti- 1-5-8 

671°C(I240‘’F) 

427°C  (800°?)  32  Hrs 

1428 

(207) 

pf 

1.6 

482°C  (900°F)  32  Hrs 

1249 

(181) 

1187 

(172) 

7.8 

Ti-l-8-8 

671‘’C(1240°F) 

427°C  (800°F)  32  Hrs 

1456 

(211) 

1394 

(202) 

1.5 

482°C  (900°F)  32  Hrs 

1290 

(187) 

1228 

(178) 

7.8 

Ti-l-5-IO 

643°C(1I90°F) 

427°C(800°F)32Hrs 

1242 

(180) 

pf 

1.6 

482°C(900°F)  8  Hrs 

1166 

(169) 

1166 

(169) 

3.1 

Ti-1-10-10 

616°C(1140°F) 

not  tested 

One  test  for  each  condition 
Solution  temperatuie  soak  for  I  hour 
pf  -  premature  fracture 


To  deteimine  the  best  aging  conditions  for  mechanical  properties,  a  hardness  study  was  conducted.  Aging 
treatments  were  made  at  three  temperatures;  426°C  (800°?),  482°C  (900“F)  and  537°C  (1000°F)  and  at 
varying  periods.  Figure  5  shows  the  aging  response  curves. 

Examination  of  the  hardness  curves  shows  a  progressive  sluggishness  in  hardening  with  increased  beta 
stabilizer.  Solution  treated  hardness,  on  the  other  hand,  shows  a  progressive  increase.  Apparently,  the  added 
solute  significantly  changed  the  precipitation  kinetics  of  alpha.  Since  the  HIP  cycle  was  performed  above 
the  beta  transus  for  most  of  the  alloys,  it  is  possible  this  excursion  may  have  caused  undesirable,  localized 
precipitation  of  alpha  at  grain  boundturies  during  the  cool  down.  A  concentration  of  alpha  at  grain  boundaries 
is  known  to  drastically  reduce  ductility  and  would  rob  grain  interiors  of  needed  alpha  for  precipitation 
strengthening.  However,  previous  work  on  Ti-l-8-5  (8)  showed  little  difference  in  tensile  propenies  of 
material  with  HIP  temperatures  above  and  below  the  beta  transus. 

The  increase  in  solution  treated  hardness  is  presumed  to  be  a  result  of  solid  solution  strengthening.  However, 
the  increasing  amount  of  solute  progressively  stabilized  the  beta  phase,  and  therefore,  decreased  the 
response  of  the  alloys  to  aging.  For  example,  the  Ti-l-8-5L  alloy  developed  a  maximum  hardness  of  440 
DPH  at  482'C  (900'F)  after  one  hour,  the  other  alloys  reached  a  maximum  hardness  of  only  4 1 0-420  DPH 
after  aging  up  to  48  hours  at  the  same  temperature. 

Microsttuctures  of  the  solution-treated  condition  are  shown  in  Figure  6.  Since  the  solution-treatment 
temperatures  were  below  the  beta  transus  temperature,  relatively  coarse  primary  alpha  was  formed.  In  the 
Ti- 1  -8-SL  alloy,  the  alpha  tended  to  form  in  the  unrecrystallized  regions  of  the  microstructure,  while  in  the 
higher  beta  derivatives,  the  alpha  formed  mote  uniformly  throughout  their  tecrystallized  structure. 

Mictosmictures  of  the  alloys  in  the  aged  condition,  shown  in  Figure  7,  confirmed  the  hardness  data.  They 
exhibited  a  decreasing  amount  of  precipitated  alpha  with  increasing  beta  solute  after  similar  aging  cycles. 

The  aging  response  curves  were  reviewed  and  selected  heat  treatments  were  duplicated  on  larger  samples 
of  the  corresponding  alloys  from  which  tensile  specimens  were  cut  and  tested.  Table  IV  shows  the  results 
of  the  tests  for  the  conditions  indicated.  Aging  temperatures  of  427‘C  (8(X)'F)  and  482’C  (9(X)*F)  were 
selected  to  develop  maximum  strength  in  the  alloys.  As  indicated  in  the  table,  the  427‘C  (800‘F)  aging 
temperature  developed  the  highest  strengths,  but  die  ductilities  were  low.  Better  combinations  of  strength 
and  ductility  were  obtained  by  aging  at  482*C  (900*F).  The  alloy  Ti- 1  -8-SL  developed  the  best  combination 
of  strength  and  ductility.  The  Ti-l-S-8  and  the  Ti-l-8-8  alloys  had  similar  ductilities,  but  with  strengths 
that  were  over  138  MPa  (20  Ksi).  lower.  The  Ti-I-5-10  and  Ti- 1 -10- 10  alloys  had  relatively  low  strength 
and  ductility  in  all  age  conditions. 

Oxygen  Concentration  Effects  on  Toughness. 

Fracture  toughness  tests  were  performed  on  samples  conuining  standard  and  reduced  levels  (0.398  and 
0.227  respectively)  of  oxygen  in  aTi- 1  -8-S  nominal  alloy  to  determine  the  trade-off  of  added  metal  alloying 
with  lower  oxygen.  Results  of  the  tensile  and  fracture  toughness  tests  are  presented  in  Table  V.  Though 
the  reduced  oxygen  did  provide  an  increase  in  toughness,  it  also  allowed  a  di^  in  strength.  Additional  heat 
treatments  of  the  stands^  oxygen  also  showed  modest  improvements  in  tou^ness. 
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Figure  5.  Aging  Response  of  Ti-1*8-S  Derivative  Alloys 


Table  V.  Fracture  Toughness  of  m  Ti-l<8-5  Alloy  Compaq 
with  Reduced  and  Standard  Oxygen  Coulent 


Oxy^  Tensile  Yield  Fractnre 

Heat  Treatment  Content  Strenglk  Strength  Elongatioa  Toaduess,  KQ_ 

%  MPa  (Ksi)  MPa  (Ksi)  %  GPa-^T  (Ksi^) 


704°C(1300‘>F)lHr,WQ 

482°C(900“F)4Hrs 

0.39S 

1396 

(202) 

1346 

(195) 

4.8 

22.4 

(20.4) 

744‘'C(1375‘’F)lHr,WQ 

537°C(1000‘’F)4Hrs 

0.398 

1360 

(197) 

1352 

(196) 

1.8 

24.8 

(26.5) 

788°C  (USO-F)  1  Hr,  WQ 
482“C(900‘’F)8Hrs 

0.398 

1414 

(205) 

1400 

(203) 

3.3 

27.5 

(25.1) 

704°C(1300“F)  1  Hr,WQ 

0.227 

1297 

(188) 

1276 

(185) 

4.8 

29.0 

(26.4) 

482°C(9(X)“F)4Hrs 


Conclusions 

Toughness  and  ductility  are  relatively  low  for  the  Ti-l-8-S  derivatives  in  the  high  strength  aged  condition. 
The  strength  of  Ti- 1  -8-S  has  not  been  improved  by  these  composition  changes,  but  much  more  woik  needs 
to  be  done  with  heat  treatments  befme  definite  conclusions,  can  be  drawn.  Either  the  beta  stabilizers  must 
be  reduced  or  the  percentage  uf  al|^  stabilizers  must  be  increased  to  cause  an  effective  aging  reqionse. 

No  definitive  conclusions  can  be  made  regarding  the  suspected  detrimental  effects  on  ductility  and 
toughness  after  consolidation  above  the  beta  transus.  If  consolidation  must  be  accomplished  below  die  beta 
transus  for  the  desired  properties,  the  alloy  composition  must  be  selected  with  this  limitation  in  mind. 

In  general,  the  stiengthAoughness  product  was  not  noticeably  improved  by  either  the  oxygen  reduction  or 
by  heat  treatments  in  the  baseliiK  Ti-1-8-5  nominal  composition. 
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Abstract 

Synthesis  of  TljAl,  TlAl  and  AljTi  Intermetalllc  cospounds  in  the 
Ti-Al  systen  have  been  attenpted  by  mechanical  alloying  of  TiH,  ^ 
and  A1  powders,  followed  by  annealing.  Results  of  X-ray 
diffraction  analysis  of  the  material  during  processing  and 
following  annealing  are  reported.  The  intermetal lies  TlAl  and 
AljTi  were  successfully  formed,  but  not  TijAl. 


Introduction 

In  recent  years  there  has  been  considerable  interest  in 
the  development  of  intermetallics  based  on  the  Ti-Al  system, 
including  TijAl,  TiAl  and  AljTi.  All  the  three  intermetallics  have 
the  potential  for  use  in  elevated  temperature  applications, 
especially  in  the  aerospace  industry,  due  to  their  attractive 
combination  of  properties  such  as  low  density,  high  temperature 
strength,  modulus  retention,  and  high  resistance  to  oxidation. 
Commercialization  is  however,  proving  to  be  very  difficult  because 
of  the  extremely  low  ductility  of  these  intermetalllc  compounds. 
Chemistry  modifications  and  microstructural  control  have  been 
extensively  investigated  to  alleviate  this  problem[l,2] ,  with 
limited  success. 

In  the  present  work  a  coadslned  thermochemical 
processing (TCP) [3,4]  and  mechanical  alloying(MA)  approach [5, 6, 7] 
was  used  to  synthesize  the  three  intermetallics.  Table  I  lists  the 
crystal  structure  data  of  the  different  phases  Involved. 
Mechanical  alloying  allows  Intimate  nixing (alloying)  while  use  of 
TCP  contributes  both  microstructure  refinement  and  a  brittle 
phase.  Mechanical  alloying  has  been  generally  employed  for  systems 
with  at  least  one  ductile  component.  However,  recently  it  was  used 
to  explore  the  possibility  of  producing  equiatomic  TlAl 
intermetalllc  compound  through  mechanical  alloying  of  a  mixture  of 
two  brittle  compounds,  AljTi  and  TiHj,  blended  in  an  appropriate 
ratlo[8].  Davis  and  Koch  aiao  used  two  brittle  powders.  Si  and  Ge 
and  formed  a  Sl-Ge  solid  solution  by  MA  [9]. 
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Table  I  : 


Crystal  Structure  Data  of  the  Phases  Involved 


Phase 

Pearson 

symbol 

Space  group 

Lattice  parameters 
a(nm)  c(nn) 

C/a 

Tl 

hP2 

P6^nmc 

0.295 

0.4686 

1.588 

A1 

cF4 

FmSn 

0.4049 

- 

- 

TiH,(<20*C) 

tI6 

I4/mnm 

0.3202 

0.4279 

1.336 

TiHj(>20*C) 

CF12 

Fm3m 

0.4454 

- 

- 

TiH,  ^(<20-0 

tl* 

- 

0.4468 

0.4400 

0.985 

TiH,„4(>20-C) 

cF* 

- 

0.4448 

- 

- 

TljAl 

hP8 

P6^mmc 

0.5775 

0.4638 

0.080 

TiAl 

tP4 

P4/mnm 

0.3976 

0.4049 

1.018 

AX^^ig 

tl* 

- 

0.3843 

3.3465 

8.708 

Al?i 

tI32 

I4/mmm 

0.3875 

3.3835 

8.732 

*  Suggests  that  the  number  of  atoms  is  not  dearly  determined  in  the  crystai  structure. 


The  present  study  is  an  extension  of  the  previous  work  [8], 
again  using  the  combined  MA  and  TCP  method  of  synthesis.  In  this 
program  the  formation  of  the  three  intermetallic  compounds  TijAl, 
TlAl  and  AljTi  has  been  attempted  from  TiH,  and  A1  powders. 


Experimental  Procedure 


Titanium  Hydride (TlH,„^,  -100  mesh, >99%  pure)  and  elemental 
Al(-100  mesh,  >99%  pure  )  powders  were  blended  in  proportions  of 
3:1,  1:1  and  1:3  ratios  to  produce  the  TijAl,  TlAl,  and  Al,Ti 
intermetallic  compounds. 

Mechanical  alloying  (MA’ing)  was  carried  out  at  room 
temperature  in  a  Spex  8000  shaker  mill  for  times  ranging  from  30b 
to  35h.  The  milling  balls  are  made  of  52100  steel  balls  of 
diameter  3/16  in.  About  lOgms  of  powder  and  lOOgms  of  balls  were 
charged  for  each  run.  The  container  was  sealed  in  a  glove  box  in 
an  argon  atmosphere.  In  all  cases  MA  was  carried  out  without 
process  control  agents  (PCA's).  The  MA'd  powders  were  removed  from 
the  canister  in  the  argon  filled  glove  box  and  x-ray  diffraction 
studies  were  conducted  using  a  monochromatic  Cu  K,  radiation  at  40 
kV  and  15  mA  settings  in  a  Philips  x-ray  diffractometer  .  The  MA'd 
powders  were  subsequently  annealed  at  a  temperature  of  620  *c,  and 
the  phase  changes  occurring  as  a  result  of  the  elevated 
temperature  exposure  were  followed.  The  phases  were  analyzed  by 
comparing  the  peak  positions  and  intensities  with  those  listed  in 
the  JCPDS  files. 


Results 

In  all  the  cases  It  is  observed  that  with  an  Increase  in  MA  tine, 
the  peaks  broadened  and  the  intensities  decreased.  The  hydrogen 
content  of  the  materials  studied,  under  various  conditions,  is 
shown  in  Table  ll. 
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Table  II  :  Hj  analysis 


Compositions 

Conditions 

H,  Content 
(wt%) 

3  TiH,  +  A1 

MA  20h 

1.65 

3  TiH,  +  A1 

HA  20h 

620*C,  10  days 

0.92 

TiH,  +  A1 

MA  16. 5h 

1.58 

+  A1 

MA  16. 5h; 
620*C,  7  days 

0.77 

TiH,  +  3  Al 

MA  20h 

1.30 

TlH,  +  3  Al 

MA  20h; 
620*C,  2  days 

0.062 

Tl-Al ;  Flg.l  shows  the  x-ray  diffraction  patterns  of  the 
powders  up  to  30h.  It  is  observed  that  the  A1  peaks  disappear 
after  15h  of  MA  suggesting  formation  of  a  solid  solution  of  A1  in 
TiH,  ^  has  occurred.  An  amorphous  phase  appeared  after  30h  of  MA. 
The  '{Mwder  MA'd  for  20h  was  annealed  at  620*C  for  10  days.  Fig. 2 
shows  the  x-ray  diffraction  pattern  of  this  lutterial.  The  pattern 
shows  the  formation  of  complex  compound (s)  which  could  not  be 
matched  to  the  data  for  TijAl. 


Flg.l  :  XRO  shows  the  effect  of  MA  in  the  powders  of 
exposition  75  at%  TiH^  ^2*  ^ 


I 
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Fig.  2  :  XRD  of  the  potrder  Hh'd  for  20h  emd  annealed  at  620 *C  for 

10  days  shoving  the  formation  of  complex  coag>oiind  idilcb 
does  not  match  with  TijAl. 

TlAl!  Fig. 3  shows  the  x-ray  diffraction  patterns  of  the 
powders  MA'd  up  to  30h.  It  Is  observed  that  the  A1  peaks  almost 
disappeared  after  16. Sh  of  KA'ing  and  the  titanium  hydride  peaks 
shift  to  higher  angles  indicating  formation  of  a  solid  solution  cf 
A1  in  titanium  hydride.  After  30h,  the  pattern  appears  amorphous. 
The  po%fder  MA'd  for  16. 5h,  tdiich  was  solid  solution  of  Al  in 
titanium  hydride,  was  annealed  at  620*C  for  7days  and  100% 
formation  of  TlAl  was  achieved  (Fig. 4). 


XRO  shows  the  effect  of  HA  in  the  powders  of 
composition  50  at%  TlH^  +  50  at%  Al. 
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Fig. 4  :  XRO  of  the  powder  Mh'd  for  16. 5h  and  annealed  at  620*C 
for  7  days  showing  the  formation  of  TiAl. 

Al-Ti i  Fig. 5  shows  the  x-ray  diffraction  patterns  of  the 
powders  up  to  3Sh.  With  an  increase  in  NX  time,  the  peaks 
broadened  and  the  Intensities  decreased.  At  35b,  all  the  peaks 
becane  very  broad  but  no  change  in  the  position  of  the  peaks  was 
observed  suggesting  no  alloy  formation  by  MA.  The  powder  NA'd  for 
20h  was  annealed  at  620*C  for  2  days  and  100%  formation  of  Al,Ti 
was  achieved  (Fig.  6).  The  lattice  parameters  of  the  Al.Ti  phase 
obtained  are  a>0.3898nB  and  c»3. 3526ns,  cospared  to  1»e  JCPDS 
data  of  a-0.387Sna,  c>3.3835na.  The  intensity  of  the  peaks, 
showed  minor  differences  compared  to  the  JCPDS  data. 


XRO  shows  the  effect  of  NA  in  the  powders  of 
composition  25  at%  TiH,  ^  +  75  at%  Al. 
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Fl9«6  :  XRD  Of  the  powder  MA'd  for  20h  and  annealed  at  620*C  for 

2  days  shoving  formation  AIjTi. 


Discussion 


In  both  tho  canon  of  Tl^I  and  TlAl,  MX  ranultnd  in  a 
alight  shift  of  the  TiR,  ^  peaks  towards  higher  angles  along  with 
disappearance  of  the  Al* lines.  This  indicates  the  formation  of  a 
solid  solution  of  Al  in  Titanium  hydride  has  an  fee 

structure  similar  to  Al,  but  the  cell  is  slightly  larger  than  that 
of  Al.  Hence,  dissolution  of  Al  in  TiH,  ,24  shrinks  the  titanium 
hydride  cell  causing  the  peak  shift  towards  higher  angles.  However 
no  peak  shift  was  observed  in  the  case  of  AljTi  suggesting  no 
alloy  formation  by  HA.  Again  amorphous  phases  were  obtained  in 
both  the  cases  of  TljAl  and  TiAl  after  longer  milling  time.  But 
in  the  case  of  AljTi,  the  amorphous  phase  was  not  observed  even  \ 
after  long  milling  time.  Murty  et  al.[10]  reported  the 
amorphlzatlon  in  Ti-Al  system  occurs  in  the  10-75%  Al  range  using  ! 
HA  of  blended  elemental  powders.  It  is  likely  that  the  presence  of  i 
hydrogen  in  the  present  work  prevented  amorphlzatlon  in  the  Alju'i 
boundary  compositions. 

TljAl  was  not  formed  even  after  heat  treatment  probably 
due  to  the  presence  of  a  large  amount  of  which  might  prohibit 
the  fonaatlon  of  TijAl.  Results  of  heat  treatment  in  the  case  of 
both  the  equlatomic  cmqpound  and  Al,Ti,  shows  100%  formation  of 
TlAl  and  AljTl  respectively.  Some  of  the  peak  intensities  in  the 
present  work  are  a  little  different  from  the  JCPDS  data,  probably 
due  to  the  presence  of  Hj  causing  slight  changes  in  the  atomic 


arrangement. 

In  addition  to  the  demonstration  of  successful  formation  of 
the  two  intermetal  lies  TlAl  and  Al.Tl,  it  has  also  been  shovm  that 
the  use  of  the  extremely  brittle  TiH,  ,24  ellows  effective  alloying 
to  occur  without  PCA's.  Since  TiH,  024  is  brittle,  sticking  problems 
are  avoided  even  in  the  case  oz  the  75%Al-«-25%TiH,  m  mixture. 
Significantly,  the  titanium  aluminides  produced  by  t&is  process, 
should  have  less  contamination  compared  to  the  situation  irtiere 
PCA's  are  used. 


Conclusions 

Successful  synthesis  of  the  intermetallic  coa^unds  TiAl 
and  AljTi  was  achieved  by  mechanical  alloying  mixtures  of  TiH. 
and  Al  powders  in  tbs  appropriate  ratio  and  subsequent  annealing 
at  elevated  temperature.  No  PCA's  were  used  during  the  NA  process, 
reducing  the  level  of  contamination.  Synthesis  of  TijAl  was  not 


IM 


accomplished  using  the  same  technique  as  for  the  other 
Intermetalllcs,  rather  complex  compound(s)  were  formed.  The  reason 
for  this  is  not  clear  and  further  work,  including  dehydrogenation 
studies,  are  needed  to  define  why  TijAl  did  not  form. 

Acknowledgements 

The  authors  would  like  to  acknowledge  Alcoa  for  the  supply 
of  A1  powder  for  this  program.  In  addition  the  assistance  of  Mrs. 
Susan  Goetz  in  manuscript  preparation  is  appreciated. 


Bfifsrencgs 


1.  F.H.  Frees,  c.  Suryanarayana  and  D.  Eliezer,  "Production, 
characteristics,  and  commercialization  of  Titanium 
Alumlnldes",  ISIJ  International.  31  (1991),  1235-1248. 

2.  F.H.  Frees,  C. Suryanarayana,  and  D.  Eliezer,  "Synthesis, 
properties  and  applications  of  titanium  alumlnldes", 

J.  Mater. Sci..  27,  1992,  (in  press). 

3.  F.H.  Frees  and  D.Eylon,  "Thermochemical  processing (TCP)  to 
improve  the  behavior  of  titanium  alloys  -  Temporary  alloying 
with  hydrogen",  Hvdrggen  9tt9st9  in  Water ial  faghavior.  e<is. 
A.H.  Thompson  and  N.R.  Moody, (Harrendale,  PA:TMS,1990) , 
261-284. 

4.  F.H.  Froes,  D.Eylon  and  C. Suryanarayana,  "Thermochemical 
processing  of  titanium  alloys",  J(Mt.  no. 3,  42  (1990),  26-29. 

5.  P.S.  Gilman  and  J.S.  Benjamin,  "Mechanical  alloying", 

Ann.  Rev.  Mater.  Sci.  13  (1983),  279-300. 

6.  R.  Sundaresan  and  F.H.  Froes,  "Mechanical  alloying  of  light 
metals".  Metal  Powder  Ren. .  44  (1989),  195-200. 

7.  C.  Suryanarayana,  F.H.  Froes,  "Light  metal  synthesis  by 
mechanical  alloying".  Mater.  Sci.  Forum.  88-90  (1992) , 
445-452. 

8.  c.  Suryanarayana,  R.  sundaresan,  and  F.H.  Froes,  "TlAl 

formation  by  mechanical  alloying".  Mater.  Sci.  and _ BDRSU. 

A150  (1992),  117-121. 

9.  R.M  Davis,  B.  McDermott  and  C.C.  Koch,  "Mechanical  alloying 
of  brittle  materials".  Met.  Trans.  A.  19A  (1988),  2867-2874. 

10.  B.s.  Murty,  M.D.  Naik,  M.  Mohan  Rao  and  S.  Ranganathan, 

"Glass-forming  range  in  Al-Tl  system  by  mechanical  alloying" 
Mater.  Sci.  Forum,  (in  press) . 


ns 


effects  of  hydrogen  on  IfiCaOSTRUCTURE  AND  PHASE 
STABILITY  OF  ALPHA-2  BASE  TITANIUM  ALUMINIDE  CASTINGS 


M.  Sa^b,  L.  S.  Apgar*,  D.  Eylon*,  and  I.  Weits 

Department  of  Mechanical  and  Mateiiali  Etudneeiing, 

Wright  State  Univeraity,  Dayton,  OH  45435,  USA 

*Gradiiate  Materials  Euueeiing 
Univernty  of  Dayton,  Dayton,  OH  45469,  USA 

Abstract 

Changes  in  microstmctnre,  voltune  fraction,  and  distribution  of  phases  in 
Ti-25Al-10Nb-3V-lMo  (at%)  castings  with  np  to  0.35  wt%  hydrogen  were  investigated. 
Hydrogen  was  introdnoed  into  the  material  by  thennochemical  processing  at  tempeiatnres 
rangi^  between  1200oF  to  1800<>F.  Changes  in  tlm  mictostmctnre  and  phums  were 
examined  using  optical  and  electron  microscopy,  and  x-tay  diffraction. 
Ti-2SAl-10Nb-3V-lMo  castings  show  a  microstmcture  consisting  of  at,  B2,  and 
orthorhombic  ^^lases.  The  ai  phase  displays  an  eqniaxed  Widmanstatoi  and  c^ular 
morphology.  The  B2  phase  was  observed  mainly  al^  the  aj  cdl  boundaries.  Some  of 
the  Widmanstaten  (dates  also  contain  ven^  fine  ortho»ombic  (O)  phase  in  a  (date-lihe 
morphology.  The  presence  of  hydro^  did  not  change  the  moipholonr  of  the  oa  and  B2 
phases  in  the  alloy.  However,  hydiiw  predtntation  and  an  increased  volume  fraction  of 
orthorhombic  phw  were  observed.  This  paper  discuss  the  formation  of  hydride 
precipitates  and  the  stability  of  the  orthorhombic  phase. 

Intiodnctioa 

The  interaction  of  hydrogen  with  Ti  alloys  has  been  a  subject  of  interest  in  recent 
^rears  for  several  reason.  The  beneficial  effects  of  hydrogen  on  tae  processessabilitv  [1,2], 
include  lower  procesring  loads,  and  temperatures,  au  higher  ductility  at  mevated 
temperature.  In  castina  the  use  of  hydrogra  as  a  temporary  allojring  den^t  provides  a 
inrocessiim  route  to  moSfy  the  cast  structure  [3,4].  A  study  of  the  interaction  of  hydn^en 
with  oj  (TisAl)  and  ‘((TiAl)  base  titanium  ainimnide  alloys  is  M  particular  interest  nnce 
these  are  potential  candidate  for  hydrogeiHfeded  flight  vwdes  f5].  Therefore,  material 
degradation  due  to  ^drogen  embrittlement  as  wdl  as  thmiw  decompoation  of 
metastable  phases  is  of  great  concern.  The  Ti-25Al-10Nb-3V-lMo  (ai.  %)  alloy,  can 
have  varying  amounts  of  a,,  A  w,  <ii-rdated  metastable  phases  and  O  phase.  The 
microstmcture  and  vdnme  fraction  of  the  phases  derads  la^y  upon  the  prior  thermal 
ud/for  thermomechanical  history.  Introduction  of  hydrogen  to  the  alloy  affects  the 
stability  of  the  phases  present.  Previous  studies  have  saown  that  hydrogen  stabiliaes  the 
P  phase  in  both  cH-^  and  oH-fl  alhm  [6,7].  The  open  lattice  of  the  Pjhaao  holds  large 
quantities  of  hydrom  on  interstitial  sites,  without  snming  hydrides.  However  l^drim 
can  form  in  the  ^phase  in  material  exposed  to  large  amount  or  Ugh  pressures  of  hydrogen 
M.  Chaigiu  hydrogen dectrochemical  method  is  known  to  staUUse  the  0  ^ase  in 
Ti-25Al-10Nb-3V-lMo  afioys  [9j.  The  presence  of  0.31  to  0.45  wt.%  hydrogoi  in  oi+B 
alloys  results  in  the  formation  ot  hydrides  in  tl»  cts  phase  [10].  This  pi^  deals  with 
chaMes  in  microstmcture,  distnbution  and  volnme  fraction  of  the  phases  in 
Ti-25Al-10Nb-3V-lMo  alloy  exposed  to  hydrogen  at  constant  temperatures  and  pressure. 
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BxpfrimeaUl  Procedget 

Hydraan-duinac 

Cut  Ti-2^-10Nb^V-lMo  aUojr  (Table  I)  wu  HIP’d  at  2150oF/40]ni/6hr. 
Spedmeiu  (0.25"  x  0.25"  x  1.75")  were  macbined  by  EDM.  To  avoid  oxidation  durii^ 
hydrogen-oiaijdnc,  tbe  apedmcw  were  wrapped  in  three  layera;  CP  titaaiam,  itaialeH 
steel  and  anotner layer  of  CP  titamnm  foil.  Befiore  onxMing  to  hydrogen,  the  chamber 
was  pnmped  to  a  pressare  ci  less  than  5  mm  Hg.  specimens  were  jdaced  in  tbe 
chamber  and  heated  to  the  desired  temperature.  pimty  hydrogen  gas  (contain^ 
less  than  500  pi»n  of  ^gea)  was  iatrodncnl  at  3  psi  positive  pressure.  Alter  comid^on 
of  the  hydrogen-charging  for  a  desired  time,  the  chiunter  wu  tilted  to  slide  the  specimens 
to  a  cooler  sone,  in  order  to  minimise  hydrogen  pick  np  during  the  cool  down  period.  The 


TSbk  L  CHEMISTEY  OP  THE  CAST  AUOY  (WT.K) 


Tabk  lb  TEIf  PERATURES/TIME  FOR  HYDROGEN  CHARGING 


Balance  =  Ti 


O  H  N 
0.07  0.002  .00 


I.D.  No.  A2  AS  A4  AS  AO  AO 

Temp/nne  1200/20  1400/20  1600/20  1800/20  ISOO/O-flSOO/O  1800/10 

(Op/hi)  +  1400/6+1200/6  +  1200/10 

Cone,  of  B  S200  1850  1600  1250  3500  3500 

(ppm  by  wt) 

temperatures  and  times  used  for  the  hydrogen-charging  are  given  in  Table  O. 

Material  Charafterisation 

Specimens  were  chuacterised  in  the  u  HIP  and  HIP+  more  hydrogen-charged 
conditions.  The  concentration  of  hydrogen  after  HIP  wu  determined  to  be  <25  ppm  by 
wt.  The  concentration  of  hydn^en  af&  difEereat  hydrogen-charging  cydu  is  nven  in 
Table  II.  The  0  transus  temperatnre  of  this  alloy  wu  detenained  to  be  bkweea  1950  and 
2000<'F[11]. 

Miaostractnre  and  identity  of  the  phases  wu  studied  by  optical  microscopy  and 
x-<ay  di&action.  Specimens  for  optical  microscopy  were  etched  with  Kroll’s  rugeat. 
Specimens  for  x-ray  difEraction  were  prq>ar^  by  mechanical  polidiing  on  800  grit  SiC 
paper.  Without  etching,  to  avdd  the  formation  of  etch  indnoed  orthor«>mbic  phase  [12]. 
To  detennine  the  significance  of  edd  working  indneed  by  mechanical  polishing,  seleded 
specimens  were  ptepar^  by  electropolishing  withoit  mechanical  polishiu.  No  significant 
(fifferences  in  x-ray  difEraction  puks  were  observed.  The  grain  sine  of  the  mueiial  (1 
mm)  u  compared  to  x-ray  beam  sise  (12.5  mm)  wu  fairly  siw  and  the  di&acticm  peaks 
were  record^  from  an  area  representative  of  tu  material.  The  intensity  of  the  peaks  for 
transverse,  longitudinal,  and  45o  sectioned  material  wu  reprodndUe  to  about  ±  lOX 
indicating  little  effect  of  texture  on  the  peak  intensitia.  The  volume  fraction  d  the 
phases  could  not  be  determined  because  of  the  overlap  of  the  diffractioa  peaks  from 
diSerent  phasu  present  in  the  material. 

TEM  foils  were  prepared  primarily  bv  dectroMc  polishing.  Some  specimens  were 
also  prepared  nong  an  alternate  method  of  core  drilliag  and  km  milliag,  to  determine  if 
there  are  any  arti&rts  introduced  by  electrolytic  polish^.  TEM  wu  perfonned  to  reveal 
the  morphdogy  of  the  phasu.  Cmtal  structure  and  orientation  rdatiMskiu  between  the 
different  phasu  were  determined  by  sdected  atu  dectron  diftaction  (SAD).  Cmve^ent 
beam  electron  diffraction  wu  used  to  differoitiate  between  the  ou  and  0  phasu  [13]. 

Besnlta  and  Disruriim 

At-UlP  Material 

Fdlowing  HIP  at  2150oP/40ksi/6hrs  the  material  consisted  of  a}(Ti|Al),  B2 
(TijAlNb)  and  orthorhombic  phasu.  x-ray  dififeaction  peaks  corresponding  omy  to  theu 
phasu  are  present  in  the  sperinun,  shown  in  Figure  1.  The  spectrum  dou  not  show  the 
presence  of  any  additional  phase. 


Low  magnification  optical  miciogniA  of  the  alloy  in  aa-HIP  omdition  (Fignte  2) 
reveali  inhomof^eooa  mictoctractaie.  Tte  micioatinctuie  dinlaya  Widmanstaten 
network  of  oi  pnaae  with  varying  aiae,  in  addition,  a  cdlidar  nunphology  of  ou  phaie  is 
also  observed  at  some  locations. 

TEM  enmination  of  the  at-HIP  specimmis  confirmed  the  presence  of  oj,  B2  and  O 
phases.  Figures  3a  and  3b  show  Ini^t  fidd  images  from  tegkms  of  oj  phase  with  a 
Widmanstaten  netwmk  morphology  and  odlnlar  morphology,  respectively.  Micrographs 
from  the  tegions  with  a  Widmanstaten  mospholoo  does  not  revw  the  presence  of  any 
phase  other  than  oi  in  the  into-phaae  regUms.  Kegions  with  cdlnlax  morphotogy  show 
presence  of  B2  phase  at  oti/oj  boundaries.  At  certain  locatkms  between  two  lenticular  02 
grains,  a  finer  transformed  microstmcture  oi  at  and  B2  phases  are  also  observed 


Figuic  1:  X-tmy  diflnctioD  •pectnim 
from  Tt-SSAl-lONb-SV-lllo  aUor, 
ewt  mna  HIP  (2150op/40kii/ebn}. 


Kgnn  S:  Optical  iiucni(npli  from 
Ti-25AI-10Nb-3V-llfo  aOoy, 
cart  and  HIP  (31S0<>F/40U/6hn). 


(A  in  Figure  3b).  The  B2  phase  at  the  Oj/aj  boundaries  was  often  connected  to  small 

gains  of  retained  B2  phase  as  shown  in  figure  3c.  The  general  orientation  rdationship 
tween  at  and  B2  phases  is  given  as: 


(oooi)^j|(iTo)3,_  pnoj^llliiilg, 

Some  of  the  otj  needles  mesent  in  the  Widmanstaten  type  network  show  formatioo  (rf 
orthorhombic  phase  in  plate  morphologv-  BTampl*  of  sra  microstmcture  is  shown  in 
Figure  3d.  The  orientation  rdatioMhip  oetween  the  oj  phase  and  the  orthorhombic  phase 
is  given  u  [13]: 

(10T0)^H(n0)orth,  Ma^m^'^lorth 

Hydroyst-chniged  Material 
Qptiem  Microscopy 

The  microstmcture  of  material  charged  with  hydrogen  was  highly  inhomogeneous. 
The  hydrogen  concentration  of  the  alloy  varied  from  1250  to  3500  ppm  by  weight  ^Table 
n),  but  the  miciostmcture  produced  by  diAsent  hydroeen-charging  cycles  was  similar  at 
the  (^tical  level.  Figures  4a  and  4b  shw  an  ezamj^  of  the  microstmcture  obtained  from 
a  raedmen  chargra  with  hydrogen  at  1300vF  for  30hrs.  The  microstructure 
disiwysdisplays  li^t  contrast  r^ons  snnonnded  by  areu  of  darto  contrut  coarse 

Widmanstaten  network.  The  siae  of  the  light  contrast  regions  in  Figure  4a  vary,  but  in 
general  it  is  smaller  than  the  prior  fi  grain  siae.  Fnrthermme,  the  uk  and  shape  of  the 
light  contrast  region  or  regions  showing  coarse  Widmanstaten  network  (dark  contrast) 

m 
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beais  no  lelationahip  to  the  prior  0  grain  boundaries.  Where  as  in  the  as  HIP  specimens, 
the  regions  of  darto  contrast  are  generally  observed  at  the  prior  gain  boundaries 
(Figure  2).  This  difierenoe  in  microstmcture  is  probably  because  the  HIP  temperature  is 
above  the  B  transus  f  1950-2000oF  p  the  hvdioeenrchandm  temperature  is  bdow 


FScuie  3:  TEU  mictaftmpha  from  'n-3SiU-10Nb-3V-lMo  alliqr,  cut  and  HIP  (2150OF/Mkai/eiiii)  (a) 
from  aica  ahowinf  WMmanatatfn  nctwuk  (b)  ihowiag  cellular  motphologjr,  (c)  B2  ia  Oj/O]  boundary 
coanectad  to  email  grain  of  B3  (d)  higher  magnification  ihowiag  fine  icale  phau  leparation  in  the  Or 
lath. 

the  0  transus  of  the  allo^.  The  coarse  ay  laths  in  the  hydrogen-charged  material  are  a 
result  of  coarsening  reaction  at  the  hydrogen-charging  temperature.  The  reason  of  the 
inhomogeneity  in  the  mioostructure  in  the  hydrogen  charged  specimens  is  not  cleariy 
nnderst^.  However,  it  may  not  be  related  to  concentration  of  hydrogen  in  the  material, 
since  similar  inhomogeneous  microstructures  were  also  ohserm  in  HIP  specimens 
following  vacuum  ann^ng  in  similar  tmperature  range  [14]. 


Figure  4:  Optical  micrograph  from  'n-2SAl-10Nb-SV— IMo  alloy,  caat  and  HIP  (31S0VF/40lni/6hn) 
and  charged  with  3200  ppm  hydrogen  ndng  cooditioM  A3  (we  Table  O),  (a)  low  magnHteation  (b) 
hi^er  magnification. 

X-tav  Diffraction 

The  x-ray  diStactitm  spectra  from  the  hydrogen-charged  material  show  the 
presence  of  on,  B2  and  orthorhombic  phases.  Figure  6  shows  an  x-ray  spectrum  obtained 
itoon  a  specimen  containing  3600  n>m  hydrogen.  Notice  that  the  inteasity  of  the  (110)21 

and  (112)22  higher  when  compare  to  the  same  peaks  from  as  HIP  spedmen 

(Figure  1).  The  most  intense  peak  from  the  mthtwhomhic  phase;  (221)orthoi  overi^  with 

the  (001)  diffraction  peak  of  the  oj  phase.  However,  the  second  highest  peak  from  the 
orthorhombic  phase  i.e.  (041)artho  is  more  intense  ia  hydrogen-charged  specimens  w 


compared  to  as-HIP  spedmens.  X-iay  difiiaction  spectra  from  other  hyd^en-charged 
specimens  using  different  aging  times  and  temperatures  showed  peaks  with  maximum 
Terences  in  {wak  intensities  of  about  ^  10%.  This  difference  could  be  due  to  a  true 
difference  in  the  volume  fraction  of  the  phases  present  in  the  material,  or  due  to  some 
texture  effect  caused  by  grain  orientation. 

Peaks  from  the  TiH]  phase,  most  commonly  observed  titanium  hydride  in  titanium 
aluminide  base  alloys  overlap  with  other  peaks  in  x-ray  spectra.  Any  extra  peaks 
corresponding  to  any  other  hydrides  of  titanium  or  niobium  were  absent.  The  three  most 
intense  peaks  expected  from  TiH]  phase  are  (110),^^,  and  (211).p^^. 

Unfortunately  these  three  peaks  overlap  with  the  (22dl)^^,  (2500)^^,  and  (112)gj  x-ray 

diffraction  peaks.  Therefore,  the  presence  or  absence  of  the  TiH]  phase  could  not  be 
established. 


Figiue  5:  X-tsy  diffnetioo  ipectnim  obtained  from  a  apcdinen  containing  3500  ppm  hydrogen 
(condition  A6). 


Transaussion  Electron  Microscotry 

The  local  variaticn  in  the  miaostmeture  shown  in  the  optical  micrographs  (Figure 
4)  was  also  observed  in  TEM  miert^raphs.  The  inhomoraeity  of  the  microstructure 
inade  it  difficult  to  establish  whether  the  variation  in  the  TEM  microstructures  observed 
in  different  hydrogen-diarged  material  is  related  to  the  difference  in  hydrogen 
concentration  or  merdy  reflects  local  variation,  as  observed  in  the  optical  micrographs. 
Miaostructural  features  presented  here  are  typical  of  all  the  hydrogen-charged  material. 

Figure  6a  shows  a  low  magnification  bright  field  image  from  a  specimen 
hydrogen-charged  using  conditions  AS  (Table  H).  The  micrograph  shows  a 
Widmanstaten  type  network  similar  to  the  one  obs^ed  in  the  optical  miai^aph  of 
Figure  4.  Higher  magnification  of  the  same  area  is  shown  in  Figure  6b.  The  micrc^^ih 
reveals  a  fine  scale  phase  separation  by  formation  of  puallel  plates  of  0  and  a,  inside  the 
needles.  Miaodiffiaction  taken  from  the  fine  plates  in  the  needles  (SOnml  show  either 
2mm  or  a  6mm  symmetry  in  the  diffraction  patterns  obtained  from  [0001]^^||  [OOlonb- 

Such  phase  separation  was  also  observed  in  the  as-BIP  specimens,  (Figure  M),  and  was 
shown  to  consistent  with  the  formation  of  oy+O,  as  was  previously  observed  (15].  In 
hydrogen-charged  material  such  phase  separation  was  observed  in  almost  all  the  needles 
of  the  Widmanstaten  network,  where  as  in  the  as-HIP  material  very  few  needles  displayed 
such  phase  separation.  The  presence  of  hydrogen  promotes  the  at  to  ch+0 
transformation.  Therefore  a  hi^er  quantity  of  0  phase  is  reflected  in  the  x-ray 
diffiaction  spectra  obtained  from  the  spedmens  charged  with  hydrogen. 

Another  important  feature  noticeable  in  Figure  6a,  is  the  rim  around  most  of  the  O] 
needles.  Microdiffiraction  from  the  rim-area  is  shown  in  Figure  6c.  The  diffraction 
pattern  shows  a  2mm  pattern  symmetry  connstent  with  (0011  mffraction  pattern  from  0 
phase,  instead  of  6mm  pattern  symmetry  expected  ftom[()00l]^  diffraction  pattern.  The 

diffiaction  pattern  from  other  orientations  are  also  consistent  with  orthorhombic  idiase. 
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Formation  of  orthorhombic  phaae  at  the  aj  phase  boondariei  has  been  reported  eadier  in 
Ti-25Al-10Nb-3V-lMo  alloy  hydrogen-char^  by  dectro-chemical  method  [11]. 

No  other  phases  were  obs^edf  in  the  ai  +  0  plates  present  in  the  needles  u  shown 
in  Fij[ure  6b.  The  di&action  patterns  correspon&ng  to  Figure  6b  do  not  show  any 
streaking  [16].  Nearly  half  of  the  nee^es  present  in  the  microstmcture  show  a  similar  ^ 
+  O  plate  morphology.  The  rest  had  a  typical  microstmctore  similar  to  the  orte  shown  in 
Figure  7a.  The  areas  marked  as  A  and  B  correspond  to  oj  -i-  0  in  plate  mo^holon  and 
O  phase  in  the  rim  areas,  respectivelv.  Notice  the  very  fine  planer  precipitates  T2nm) 
which  are  present  in  both  areas  A  and  B.  The  fine  precipitates  can  be  seen  more  oeariy 
in  the  higher  magnification  micrograph  as  shown  in  Finre  7b.  In  the  on  +  O  plates  the 
fine  precipitates  are  paralld  to  the  loigth  of  the  aj  and  O^tes.  The  d&action  pattern 
taken  from  the  area  in  Figure  7b,  after  tilting  the  foil  to  (OOljora  i*  shown  in  Fi^e  7c. 
Notice  streaking  in  the  di&action  pattern  in  [110]  direction  ([110]  dire<^n  in 

orthorhombic  phase  is  equivalent  to  direction  perpendicular  to  (lOTO)  plane  in  aj  phase). 
The  cryst^omphic  plane  of  or  0  phase  on  which  these  planer  precipitates  are  present 
is  perpendicmar  to  the  direction  of  streaking.  Formation  of  fine  ^aner  predintates 


(SOnm)  on  {lOTO}  {danes  of  oj  phase  have  been  reported  earlier  and  were  identified  as 
hydride  phase  [lOt.  The  very  fine  precipitates  observ^  in  this  study  ate  probably  also  the 
hydride  phase.  However,  the  lower  thicbiess  of  the  precii»tates  in  this  study,  (2nmj 
cause  streakii^  in  the  dffiaction  patterns  without  any  extra  diffraction  spots,  which 
makes  condnsive  identification  of  the  precipitates  impossible  at  the  present  time. _ 


Fiyun  6:  TEII  infotmaUoa  from  Ti— 25— Al— 10N1>-3V— IMo  aUojr,  caat  ud  HIP  (21S0VF/40kii/8liti) 
and  chaigcd  with  1250  ppm  hydragen  (condition  A5),  (n)  low  magnification  bright  field  image  of 
Widmanataten  network  (b)  Higher  magnification  of  a  needle  in  tiie  Widraanataten  atructnrc.  (c) 
Microdiffiaetion  pattern  from  the  area  marked  A  in  Figure  6b.  (m  denotca  the  nntror  azca). 


The  as-HIP  material  contained  regions  of  oj  laths  in  cdlular  morphology  with  B2  phase 
at  lath  boundaries.  The  B2  phases  in  07/07  boundaries  was  often  connected  to  small 

f rains  of  retained  B2  phase  (Figure  3ci.  Redons  of  similar  morphdogy  were  observed  in 
ydrogen-charged  material.  Athougn  the  morphdogy  is  simw,  ue  images  and  the 
diffraction  pattern  corresponding  to  some  of  such  areas  show  the  presence  of  orthorhombic 
phase.  Figure  8a  show  a  representative  microaaph.  The  ernrespondiag  di&acti<m 
pattern  after  tilting  the  finl  to  [110]  of  B2  phase  shows  spots  from  ( H)l]  of  cwthorhombic 
phases  (Figure  8b).  The  orimitation  rdationship  of  the  two  phase  in  .nch  areas  generally 
follows  the  rdationship: 


(OOl)gj  II  (100)„rth  ,  [110]gj||[001]orth 


The  presence  of  thin  plates  in  the  bright  fidd  image  and  streaking  along  [110]  direction  of 
0  phase  is  consistent  with  presence  m  similar  predintates  as  tlm  ones  onserved  in  (oj  + 
0)  and  0  phase  rim  redons  (Figure  7b).  TEM  miaographs  from  certain  locations  slmw 
the  presence  of  orthornomme  phase  in  B2  matrix  with  absence  ot  streaking  in  the 
diffraction  patterns  due  to  finer  hydride  predpitates.  Figures  9a  and  9b  show  an 
of  such  microstmcture  and  the  correspmiding  di&action  pattern,  respectivdy. 
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Kgute  7:  TEM  infonnation  obtained  fnm  Ti— 25A)— lONb-SV— lllo  alloy  cait  and  HIP 

(21S0oP/40U/<hn)  and  charged  irith  3500  ppm  hydrogen  (condition  AO),  (a)  Oj  -fO  and  O  phaee  rim 
areai  ihowing  the  prcaencc  find  hydriik  precipitatee  (b)  Higher  magnification  image  of  the  area 
marked  B  in  figure  7a  (c)  diSraction  pattern  cormqmnding  to  Kgutc  7b  after  tilting  to  [OOlJorth- 


Figure  8;  TEM  information  from  Ti-25A}-10Nb-3V-lMo  alloy,  cast  and  HIP  (2150<>F/40lai/6hn) 
and  charged  with  3500  ppm  hydrogen  (cmidition  A6),  (a)  area  rimilar  to  Kgurc  3c  before 
hydrogen-charging,  abowa  the  pteaence  of  O  phaae  and  fine  planer  prec^itatea  in  B3  matrix,  (b) 
difiraction  pattern  cotreapoiuting  to  Figure  Ba. 


Figure  0:  TEM  information  from  Ti-25Al-10Nb-3V-lMo  alloy,  cast  and  BIP  (3150oP/40kri/ahrs) 
and  charged  with  1800  ppm  hydrogen  (condition  A2),  (a)  Bright  field  image  from  B3  phaae  akowing 
presence  of  O  phase  in  B3  matrix,  (b)  diffiaction  pattern  corresponding  to  area  in  Figure  Oa  after  tilting 
to  (110)  of  B3,  the  extra  weaker  spots  are  consistcot  srith  [101]  if  O  phase. 
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Conclniknu 

1.  The  micioitructtties  produced  Mowing  HIP  at  21500F/40k8i/6hii  of  Ti-25Al-10Nb 
-3V-lMo  alloy  at  and  after  inbseqnent  hydrMen-charging  are  higUy  non-  homogeneous. 

2.  Introduction  of  hydrogen  to  the  material  increases  the  vcuume  fraction  m  B2  ud 
orthorhombic  phases. 

3.  Formation  of  orthorhombic  phw  and  planer  preci]Htates  of  hydride  phase  were 
observed  in  the  specimens  after  chuging  with  hydro^.  Only  B2  phase  wu  present  in 
these  areas  prior  to  hydrogen-charging. 
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Abstract 

Ti-25Al-10Nb-3V-lMo  (at.  %)  titanium  alutninide  castings  with  up  to  0.35  wt,  %  hydrogen 
were  vacuum  ^nealed  at  1200®  F  for  48  hours  in  an  attempt  to  remove  hydrogen  from  the  mate¬ 
rial.  Changes  in  the  microstrucnire,  volume  fraction  and  moiphology  of  the  phases  during  vac¬ 
uum  annealing  were  examined  using  optical  microscopy,  transmission  electron  microscopy,  and 
x-ray  diffraction.  The  hydrogen  containing  material  consisted  of  02,  B2,  oithoriiombic,  and  hy¬ 
dride  phases.  Higher  volume  fracdon  of  the  oidtorhombic  phase  was  observed  in  the  Ti-25A1- 
10Nb-3V-lMo  castings  with  hydrogen  as  compared  to  the  as-  cast  alloy.  Following  annealing, 
the  hydrogen  level  was  found  to  be  less  than  0.(»25  wt.  %.  Transmission  electron  microscopy 
of  the  vacuum  anneal  specimens  did  not  reveal  the  presence  of  hydride  precipitates,  however, 
the  high  volume  fraction  of  the  orthorhombic  phase  was  found  to  be  stable  during  vacuum  an¬ 
nealing.  The  stability  of  the  hydride  precipitatts  and  the  morphology  of  the  02,  B2  and  or¬ 
thorhombic  phases  are  discussed  in  this  paper. 

Introduction 

The  utilization  of  hydrogen  as  a  temporary  allojdng  element  in  titanium  alloy  net-shape  castings 
provides  many  benefits.  It  offers  a  method  to  modify  microstructure  and  change  volume  fraction 
of  phases  without  thermomechanical  processing,  in  order  to  improve  tttechanical  properties  of 
castings.  Such  effects  are  well  documented  for  various  02  -t-  P  [1]  and  o  ■•-  P  alloys  [2].  Alloying 
wth  hy^gen  has  also  been  proved  advantageous  in  itiqrroving  hot  workability  (3, 4)  and  dur¬ 
ing  forging  of  titanium  alloys. 

One  of  the  main  limitation  of  using  hydrogen  as  a  temporary  alloying  element  in  net-shape  cast¬ 
ings  is  the  removal  of  hydrogen.  Hy^gen  has  to  be  completely  removed  before  utillizing  the 
casting  in  service,  otherwise  severe  embrittlement  of  the  material  may  occur.  Therefore,  hydro¬ 
gen  charging  is  always  followed  by  vacuum  annealing  for  hydrogen  removal.  The  process  of 
hyddiogen  rermval  can  limit  the  maximum  allowaUe  section  thickness  in  castings.  In  the  thicker 
sections  the  diffusion  distances  for  complete  removal  of  hydrogen  may  be  large,  consequently 
the  vacuum  annealing  times  may  be  very  kMig,  rendering  the  themochemical  process  uneconom¬ 
ical  for  such  castings. 

The  introduction  of  hydrogen  to  the  material  changes  the  stability  of  the  difreient  leases  present 
to  dinierem  extent.  In  02  -t-  B2  alloys,  hydrogen  is  known  to  stabilizes  the  B2  phase(5]  and  dis¬ 
tort  the  lattice  of  O12  it>  forms  Orthorhombic  (O)  phase  [6).  The  maximum  solubility  limit  of  hy¬ 
drogen  in  az  phase  is  about  16  aL%  at  1250®F,  with  decreasing  lemperature  the  solubility  de- 
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creases  to  almost  zero  and  all  the  hydrogen  present  in  the  03  phase  reaas  to  form  hydride  precipi¬ 
tates  [7],  Compared  to  the  03  phase,  the  B2  phase  has  higher  solubility  and  diffusiviry  of  hydro¬ 
gen  and  can  accommodate  larger  quanndes  of  hydrogen  without  forming  hydrides.  However,  the 
presence  of  large  concentration  of  hydrogen  or  ^e  introduction  of  hydrogen  at  high  pressure  can 
form  hydride  precipitates  in  B2  phase  [8]. 

Microstructural  and  phase  changes  during  the  second  step  of  the  thermochemical  processing,  i.e. 
vacuum  annealing  of  the  hydrogen-charged  material  are  panicularly  important  since  the  mi¬ 
crostructural  refinement  accompanying  dissociation  of  hydrides  and  the  removal  of  hydrogen 
was  found  to  be  a  major  contributing  faaor  in  improvement  of  mechanical  properties  in  several  a 
■*  P  alloys.  Eutectoid  decomposition  of  the  ^  phase  to  a  T1H3  is  believed  to  be  responsible  for 
the  formation  of  ultra  fine  transformation  products  during  vacuum  annealing  of  some  hydrogen- 
charged  titanium  alloys  [9].  Microstructural  refinement  and  an  increase  in  amount  of  B2  phase 
after  the  removal  of  hydrogen  from  hydrogen-charged  Ti-24Al-10Nb  alloy  has  also  been  re¬ 
ported  [1].  However,  the  resultant  microstructure  was  very  sensitive  to  cooling  rate  following 
hydrogen-charging.  Hydrogen-charging  above  the  ^-iransus  temperature  and  air  cooling  fol¬ 
lowed  by  the  removal  of  hydrogen  is  shown  to  produce  very  fine  Q:  needles  and  an  increase  in 
amount  of  B2  phase.  For  treatment  where  hydrogen-charging  was  followed  by  furnace  cooling, 
no  change  in  the  colony  size  of  02  phase  was  observed  following  vacuum  annealing.  This 
paper  deals  with  the  changes  in  microstrcture  and  volume  fraction  of  the  phases  during 
hydrogen-charging  and  subsequent  vacuum  annealing  of  Ti-2SAl-10Kb-3V-lMo-H  castings. 

Experimental  Procedures 

Hydrogen-charging 

Ti-25Al-10Nb-3V-lMo  cast  blocks  were  HIPd  at  21S0“F/40ksi/6  hrs.  Specimens  0.25"  x  0.25" 
xl.75"  were  machined  by  EDM.  The  specimens  were  wrapped  in  three  layers,  CP-bianium, 
stainless  steel,  and  an  other  layer  of  CP-titanium  foil,  to  avoid  oxidation  during  hydrogen¬ 
charging.  Before  introduction  of  hydrogen,  the  chamber  was  pump^  to  a  pressure  <  5tiun  of 
Hg.  The  specimens  were  placed  in  the  chamber  and  heated  to  the  desired  temperature.  High  pu¬ 
rity  hydrogen  gas  (containing  less  than  500  ppm  of  oxygen)  was  introduce  at  3psi  positive 
pressure.  After  completion  of  hydrogen-charging  for  desired  nme,  the  chamber  was  tilted  to  slide 
the  specimens  to  cooler  zone,  in  order  to  minimize  hydrogen  pick  up  during  cool  down. 

Vacuum  Annealing 

Selected  hydrogen-charged  specimens  were  vacuum  annealed  at  12000?  for  48  hrs.  The  speci¬ 
mens  were  wrapped  in  CP  titanium  foil  to  avoid  oxidation.  The  pressure  during  vacuum  anneal¬ 
ing  was  12  to  18  millitorr  and  the  out  gassing  rate  was  5  to  8  millitorr  per  minute  at  the  annealing 
temperature. 

Material  Characterization 

Specimens  were  characterized  in  a$-HIP,  HlP-r  hydrogen-charged  and  after  vacuum  annealing. 
The  chemical  composition  in  the  as-cast  condition  is  given  in  reference  13.  In  the  as-HIP  sate, 
the  concentration  of  hydrogen  was  determined  to  be  <^5  ppm  by  wt  The  specimens  containing 
the  maximum  amount  of  hydrogen  after  hydrogen  charging.  35(^pm  and  3200ppm  (conditions 
A2,  A6  and  A9  in  reference  13)  were  selected  for  vacuum  annealing  at  1200OF  for  48  hrs. 
Analysis  of  these  specimens  after  vacuum  annealing  showed  presence  of  <  50  ppm  of  hydrogen. 

The  microstructure  and  identity  of  the  phases  was  studied  by  optical  microscopy  and  x-ray 
diffraaion,  respectively.  The  specimens  for  optical  microscopy  were  polished  and  etched  with 
Kroll's  reagent.  Specimens  for  x-ray  diffracbon  were  prepared  by  metWiical  polishing  on  800 
grit  SiC  paper  with  no  acid  etching  in  order  to  avoid  the  formabon  of  eeh-indu^  O  phase  [10]. 
To  determine  the  significance  of  cold  working  induced  by  mechanical  polishing,  selected 
specimens  were  prepared  by  electropolishing  without  mechanical  polishing.  No  significant 
differences  in  x-ray  diffraction  peaks  were  observed.  The  grain  size  of  the  rruterial  (1  mm)  as 
compared  to  x-ray  beam  size  (12.5mm)  was  fairly  small  and  the  diffraction  peaks  were  recorded 
from  an  area  represenutive  of  the  material.  The  intensity  of  the  i^ks  for  transverse, 
lonjinjihnal.  and  45*  secboned  iraierial  was  reproducible  »  abwt  ±  10%  indicabng  some  effect 
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of  texture  on  the  peak  intensities.  Determination  of  volume  fraction  of  the  phases  was  not  at¬ 
tempted  because  of  the  overlap  of  the  the  diffraction  peaks  from  different  phases  and  variation  in 
the  peak  intensity  due  to  texture  effect 

TEM  foils  were  prepared  primarily  by  electrolytic  polishing.  Some  qtecimens  were  also  prepared 
using  an  alternate  method  of  core  drilling  and  ion  milling,  to  determine  if  there  ate  any  artifacts 
intrt^uced  by  electrolytic  polishing,  but  no  significant  differences  were  found.  TEM  was  per¬ 
formed  to  reveal  the  morphology  of  the  phases.  Crystal  structure  and  orientation  relationships 
between  the  different  phases  were  determined  by  selected  area  electron  diffraction.  Convergent 
beam  electron  thffraction  was  used  to  differentiate  between  the  aj  and  O  phases. 

Results  and  Discussion 

X-ray  Diffraction 

Figures  la,  lb  and  Ic  show  x-ray  diffraction  spectra  from  as  HIP  (2l50OF/40ksi/6hrs),  HIP  + 


Figure  t:  X-ray  diffraction  spectra* ftom  Ti-25Al-10Nb-3V-IMo  afl^’(a)  cast  md  HIP  (2150  "FW)  ksiVThR) 
(b)  HIP  and  charged  with  3200ppm  of  hydrogen,  (c)  HIP,  hydrogen-charged  and  vacuum  annealed  at  1200*7  for  48 
hrs. 


X-ray  diffraction  peaks  corresponding  to  a2  (Tt3Al),  B2  (Ti2AlNb)  and  orthorhombic  phases  are 
present  in  all  the  specimens.  The  spectra  do  not  show  the  presence  of  any  additional  phases. 
Comparison  of  the  relative  intensity  of  the  (110)b2  «nd  (112)b2,  (2201  >02/(22  l)ortho..  and 
(041)ottho.  Figures  la,  lb  and  Ic,  indicates  an  increase  in  amount  of  B2  and  orthorhombic 
phases  in  hydrogen-charged  specimens  as  compared  to  as-HlP  specimens.  However,  quantita¬ 
tive  estimation  of  the  inciease  was  not  attempted.  The  presence  or  absence  of  the  most  commonly 
observed  hydride  in  titanium  alloys,  'nH2  could  not  be  established  from  the  x-ray  diffraction 
spectra.  The  three  most  intense  peaks  expected  from  TiH2  phase  arc  (1 10)TiH2,  (101>TiH2 

(21 1  >nH2-  Unfortunately  these  tftree  peaks  overlap  with  the  (220 1  loj.  (2260)o2.  and  ( 1 1  2)b2  x- 
ray  diffraction  peaks.  Any  extra  peaks  corresponding  to  any  other  hydrides  of  titanium  or  nio¬ 
bium  are  absent. 

The  x-ray  diffraction  spectra  frmn  the  other  hydrogen-charged  specimens  also  showed  same  x- 
ray  diffraction  peaks  with  a  maximum  of  ■«■/- 10%  difTerences  in  peak  intensities.  The  reason  for 
this  difference  could  be  due  to  a  true  difference  in  the  volume  fraoion  of  the  phases  present  in  the 
material  or  due  to  some  texture  effect  caused  by  orientation  of  the  grains  in  the  specimens. 

X-ray  difriaction  spKtrum  from  the  vacuum  annealed  specimen  (Figure  Ic)  shows  a  consider¬ 
able  drop  in  the  relative  intensities  of  the  peaks  corresponding  to  orthorhombic  and  B2  peaks,  as 
compared  to  similar  peaks  in  the  spectnim  ftom  hydiogen<hajged  specimen  (figure  lb).  Which 
ifidicaies  a  drop  in  the  volutiK  fraoion  of  B2  and  onhortKxnbic  phases  during  vacuum  annealing. 
However,  the  diffraction  peak  intensities  from  B2  and  orthorhombic  phases  are  higher  in  tlw 
vacuum  annealed  condition  as  compared  to  the  spectrum  from  the  as-HIP  specimen,  indicating 
presence  of  higher  volume  fraction  of  the  above  mentioned  phases  in  die  vacuum  annealed  state 
as  compared  to  as  HIP  sute.  Same  trend  in  the  relative  peak  intensities  in  the  spectra  from  other 
vacuum  annealed  specimens  was  also  followed. 
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Optical  microscopy 

Low  and  high  magnification  optical  micrograph  of  the  alloy  following  charging  with  3200  ppm 
hydrogen  are  presented  in  Figure  2a  and  2b,  respectively.  The  photomicrographs  reveals  dial  the 
microstructuie  is  inhomogeneous.  The  tnicrostructuie  di^lays  Widmanstaten  network  of  varying 
size.  The  microstructure  displays  light  contrast  regions  triaiked  as  A,  which  at  higher  magnifica¬ 
tion  reveals  fine  Widmanstaten  netwOTk.  The  lighter  regions  are  surrounded  by  areas  of  darker 
contrast  marked  B,  consisting  of  coarser  Widmanstaten  netwmk.  Microstructure  from  the  other 
hydrogen  charged  spedtnens  in  which,  die  hydrogen  concentration  of  the  alloy  varied  from  1250 
to  3S(^pm  by  weight,  also  revealed  a  similar  morphology.  The  size  of  the  tight  and  daik  con¬ 
trast  The  coarse  02  laths  in  the  as-HIP  material  ate  broken  up  to  form  shorter  02  laths  during 


hydrogen-charging  tieatinent  The  coarser  02  laths  marked  A  in  Figure  2b  are  a  result  of  coarsen¬ 
ing  at  hydrogen-charging  temperature.  The  reason  of  the  inhomogeneity  in  the  mictostructure  in 
the  hydrogen-charged  specimens  is  not  understood.  However,  it  may  not  be  related  to  concmtra- 
tion  of  hydrogen  in  the  material,  since  similar  inhomogeneous  microstructures  were  also  ob¬ 
served  following  HIP  4-  vacuum  annealing  treatment  [1 1]. 


Figure  2:  Optical  micrograph  from  Ti-2SAl-10Nb-3V-tMo  alloy  HIP  and  charged  with  3200  ppm  hydrogen,  (a) 
lower  hagnificaiion,  (b)  kig^  magmBcatioo. 


Figure  3:  Micrograph  ohtaiaed  from  Ti-2SA]-10Nb-3V-IMo  alloy,  (a)  HIP  and  dimged  with  3200  ppm  hydro¬ 
gen  followed  by  vacuum  annealing  at  12007  for  48  hrs.(b)  HIP  aid  chaged  with  3500  ppm  hydrogen  followed 
by  vacuum  annealing  at  12007  for  48  his. 


PhotomicTOgr^ih  from  the  material  after  charging  with  3200  ppm  hydit^en  and  vacuum  anneal¬ 
ing  is  presented  in  Figure  3a.  Comparison  of  the  two  microglias  in  Hgure  2b  and  3a  that 
thm  is  no  apparent  change  in  the  morphology  or  distribution  of  the  teases  during  vacuum  an¬ 
nealing.  Photomicrographs  firom  other  vacuum  annealed  qiecimens  for  example  conditions  A6 
(Rgure  3b)  also  show  nticrostructure  siinilar  to  its  reqrective  hydrogen-charged  conditions. 


Transmission  Electron  Microscopy 

HydrooeM-charfcd  Material  The  local  variation  in  the  nticrostructure  shown  in  die  opti^  nticio- 
graphs  (Rgure  2a)  was  also  observed  in  TEM  nticroguqtiis.  Due  to  this  inhomogeneity  in  the  nti- 
crostnicture  it  was  difikuh  to  establish  whether  the  variation  in  the  TEM  microstnicture  observed 
in  different  hydrogen-charged  material  is  related  to  difference  in  hydrogen  concentratkm  or 
merely  reflects  the  local  variation,  shnilar  to  the  one  observed  in  the  optical  nticrographs.  Few 
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examples  of  the  microstnictures  observed  after  hydrogen-charging  are  presented  here.  Further 
deuuU  ate  available  in  an  other  paper  presented  at  Ais  conference  [13], 

Figure  4a  shows  a  low  magnification  bright  field  image  from  a  specimen  hydrogen-charged  us¬ 
ing  conditions  AS  (Table- 1).  The  micrograph  shows  a  Widmanstaten  type  network  similar  ro  the 
one  obsoved  in  the  optical  micrograph  (Figure  2b).  Higher  magnification  of  the  needles  in  the 
Widmanstaten  network  is  shown  in  Figure  4b.  The  micrograph  reveals  a  fine  scale  phase  separa¬ 
tion  by  formation  of  parallel  plates,  inside  the  needle.  The  microdifffaction  from  the  fine  plates 
(SOnm)  show  either  2nim  or  a  6mm  symmeoy  in  the  diffraction  patterns  obtained  from  [OOOJJaZ 
II  [OOlorth.-  Such  phase  separation  was  also  observed  in  the  as-mP  specimens  and  was  shown  to 
consistent  with  the  formation  of  02  -t-  O  plates,  parallel  to  the  Observation  of  other  researchers 
[  1 3].  In  hydrogen  charged  material  such  phase  separation  was  observed  in  almost  all  the  needles 
of  the  Widmanstaten  network,  where  as  in  the  as-HIP  material  very  few  needles  di^layed  such 

phase  sqiaration.  The  presence  of  hydrogen  promotes  02  to  02  O  transformation.  Which  is 
consistent  with  a  higher  quantity  of  O  phase  being  reflected  in  the  x-ray  diffraction  spectra  from 
the  specimens  charged  vnth  hy^ogen. 

An  other  important  feature  noticeable  in  Figure  4a,  is  the  rim  around  roost  of  the  needles. 
Microdiffraction  patterns  from  the  rim-area  are  consistent  widi  orthorhombic  phase.  Formation  of 
orthorhambic  phase  at  the  boundaries  of  02  phase  has  been  reported  earlier  in  Ti-2SAl-10Nb-3V- 
IMo  alloy  hydrogen-charged  by  dectro-che^cal  method  [6]. 

Nearly  half  the  needle  in  the  widmanstaten  network  exhibited  very  fine  plates  (2nm)  in-the  02 
and  O  phase.  The  diffraction  pattern  coresponding  to  such  areas  show  streaking  in  directions 
perpendicular  to  (1010)  plane  of  the  02  phase  and  equivalent  direction  in  the  O  phase. 
Formation  of  fine  planer  precipitates  (SOnm)  on  { 1010)  planes  have  been  repotted  earlier  and 
were  identified  as  hydride  phax.  (7).  However  insufficient  thickness  of  the  precipitates  observed 
in  this  study  restrain  positive  idemificaiion  of  the  precipiuues  at  the  present  time. 


Fignre  4:  TEM  niaroiarkm  from  Ti-2SAI-1  Wb-3V-IMo  aDoy  cast  and  HIP  (ZISO  OF/40  ksi/6  hn)  aid 
chaigal  with  hydrogm,  (a)  low  magntficaiaa  bright  field  image  of  the  widmamnien  nerwarfc  (b)  H  ightr  magnifi- 
cationof  needies  in  the  widmamtaun  neiworic  area. 


Fignra  5:  TEM  information  from  Ti-2SAI-I(»lb-3V-lMo  alloy  cast  and  HIP  (2IS0  <’F/40  ksi/S  hrs)  and 
cteged  with  hydngm,  (a)  02 -rO  and  O-phaae  fhn  areas  mowing  pmoice  of  fine  hydride  pradpiUMes  (b)  ddfrac- 

Ifong— era  comipondlag  pawn  Ain  FIgareSa  after  Mint  ID  KPHorth.- 
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Tlie  regions  of  B2  phase  between  the  aj  laths  grown  in  cellular  morphology  were  observed  in 
the  as  HIP  material.  These  regions  were  often  connected  with  inter-gr^ular  retained  B2  phases. 
The  B2  phase  usually  contain^  high  density  of  dislocations  [14].  Pi^pitation  of  a  second  phase 
in  the  B2  matrix  was  not  observed  in  the  as  HIP  condition  [14].  The  images  and  diffraction  pat¬ 
tern  corresponding  to  the  B2  phase  in  some  of  the  areas  in  hydrogen-chtuged  specimens  show 
the  presence  of  O  phase.  Fi^re  6(a)  show  a  representative  micrograph.  The  corremnding 
difii^tion  pattern  after  tilting  the  foil  to  [1 10]  of  B2  phase  shows  spots  from  [001]  of  O  phases 
(Figure  6b).  The  presence  of  thin  plates  in  the  bright  field  image  and  streaking  along  [110] 
direction  of  O  phase  is  consistent  with  presence  of  similar  precipitates  as  the  ones  observed  in 

(02  O)  and  O-phase-rim  regions  (Figure  5). 


Figure  4:  TEM  infaniiation  from  Ti-2SAI-10Nb-3V-IMo  alloy  cast  and  HIP  (2150  ksiAS  hr$)  and 
charged  with  12S0  ppm  hydrogen,  (a)  B2  phase  (dark  contrast)  showing  the  presence  of  O  phase  and  fine  plana  hy¬ 
dride  precipiiaiBS  in  B2  nuurix,  (b)  difiiactian  pattern  corresponding  the  area  marked  B  in  Figioe  6(a). 


A  lower  magnification  TEM  micrograph  of  die  material  after  hydrogen  charging  and  vacuum  an¬ 
nealing  is  simwn  in  Figure  7a.  The  microstructure  confirms  the  microstructure  observed  in  SEM 
micrograph  figure  3b).  The  microstructure  consists  of  larger  size  needles  and  fine  transformed 
structure.  Higher  magniftcation  image  is  shown  in  Figure  7b.  The  microstructure  shows  fine 
lamellar  structure  of  02  and  O  phases.  The  orientation  relationship  between  the  02  phase  and  or¬ 
thorhombic  phase  was  consistent  widi: 


Figare  7:  TEM  miciegtaphi  dram  Ti-2SAI-iQNb-3V-lMo  alloy  HIP  and  charged  with  3600  ppm  tqirlnifen  and 
vacuum  annealed  ai  1200°  F  for  48  hours,  (a)  lower  magnificaiian,(b)  higher  magnifieaiiaa. 

The  above  mentioned  orientation  relationship  is  consistent  with  the  observations  of  othen  [12, 
15],  and  has  been  observed  previously  in  as-HIP  and  after  hydrogen  chargittg  [13].  Such  phase 
morphology  was  observed  in  at  least  half  of  the  coarse  needles  observed  by  TEM.  The 
transformation  of  ag-*  02  O  in  the  needles  was  observed  in  fewer  needles  as  compared  to 
hydrogen-containing  alloy,  but  much  higher  as  compared  to  the  as-HIP  specimens.  The  02 
needles  did  not  contain  the  fine  planar  hydride  precipitates  observed  in  the  hydrogen-charged 
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specimens.  In  addition  to  this  phase  separation  most  of  the  coarse  needles  contained  a  moderate 
quantity  of  faults  shown  in  Figure  8a  and  8b.  The  synUTKtric  hinge  contrast  in  bright  field  image 
(Hguie  8a)  and  asymmetric  hinge  contrast  in  dark  held  image  is  consistent  with  stacking  faults. 
Higher  magnihcation  image  of  fine  transformed  structure  similar  to  the  one  shown  in  area 
marked  B  in  Figure  7a,  is  presented  in  Figure  9a.  The  diffraction  patterns  from  the  different 
phases  present  in  the  hne  transformed  structure  ate  shown  in  Figures  9b,9c  and  9d.  These 

diffraction  patterns  are  consistent  with  O,  B2  and  aj  phases  respectively.  The  diffraction  patterns 
from  other  directions  (not  shown  here)  conhrm  the  above  mentioned  phase  identihcation.  The 
orientation  between  02  and  B2  phases  was  observed  to  follow  die  relationship; 

(0001)a2ll(lTO)B2  .  (2iT0]a2ll  [111)82 

The  orientation  relationship  between  the  B2  and  Ordiorhombic  phase  followed  the  relationship: 

(001)82  II  (100)flrti. .  [110)82  II  [001)orth. 

The  transformation  of  az—  02  4-  O  in  the  needles  as  seen  in  the  coarse  needles  (Rgure  7b),  and 


Figure  <:  TEM  microgiaplis  from  ri-2SAl-10Nb-3V-lMo  alloy  HIP  and  Charged  with  3600  ppm  hydrogen  ana 
vacuum  annealed  at  1200°  F  for  48  hours,  (al  bright  field  'mage,  (bl  dark  field  imgge. 


Figure  9:  TEM  micrographs  from  Ti-2SAI-10Nb-3V-IMo  alloy  HIP  and  charged  with  3600  ppm  hydrogen  and 
vacuum  annealed  at  1200°  F  for  48  houn,  (a)  higher  magnification  of  the  area  similar  to  C  in  Figure  7b.  (b),  and 
(c)  are  diffraction  panems  from  areas  D  and  E,  respectively  in  Figure  9a. 


TEM  micro^ph  from  a  region  with  B2  phase  is  ^wn  in  Figure  10.  Such  region  before  vac¬ 
uum  aruiealing  contained  precipitates  of  0  phase  and  occasionally  fine  planar  hydride  precipi¬ 
tates.  Following  vacuum  annexing  of  specimen  containing  3200ppm  hydrogen,  the  B2  phase 
contained  moderate  quantip'  of  stacking  faults  (Hgure  10a  and  10b).  The  B2  phase  did  not  con¬ 
tain  any  fine  planar  precipitate.  Presence  of  O  phase  in  B?  matrix  as  observed  in  the  hy^t^en- 
containing  material  was  absent  in  the  vacuum  annealed  alloy.  The  B2  phase  contained  high 
number  of  stacking  faults  probably  left  behind  by  dissociated  hydride  predpiuies  or  O  phase. 

Conclusions 

1 .  Introduction  of  hydrogen  to  the  material  increases  the  volume  fraction  of  B2  and  or- 
ttiortxmibic  phases,  and  form  very  fine  planer  precipitate  in  all  the  phase  present  in  the  material. 
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Increase  in  the  volume  fraction  of  O  phase  is  caused  by  precipitation  of  O  phase  in  the  matrix  of 
B2  and  promotion  of  02  to  (02  +  O)  transformation  in  needles  of  Widmanstaten  structure  and 
formation  of  O-phase  rim  around  the  needles. 

2.  The  concentration  of  hydrogen  the  Ti-25Al-10Nb-3V-lMo-H  alloy  could  be  reduced 
from  3500  ppm  to  <  25  ppm  by  vacuum  annealing  at  1200°F  for  4S  hrs. 


3 .  A  drc^  in  the  volume  fraction  of  the  B2  and  O  phases  is  observed  during  vacuum  anneal¬ 
ing  of  the  hydrogen-containing  specimens.  However,  the  volutne  fraction  of  these  phases  re- 
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Figure  10:  TEM  microgiaphs  from  Ti-2SAl-10Nb-3V-lMo  alloy  cast  and  HIP  (21S0  °F/40  ksi/6  hrs)  and 
charged  with  3200  ppm  hydrogen  and  VKuum  annealed  at  1200^  for  40  hrs..  (a)  Bright  field  image  from  B2  phase 
in  •[!  10],  (b)  Dadr  field  image  using  (170}B2  difhaction  spoL 
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Abstract 

Hydrogen  behavior  and  microstructual  modification  of  Ti-6A1-4V  alloys  during 
Thcrtnochemical  Processing  (TCP)  were  investigated.  The  newly  proposed  and  conventional 
TCP  were  conducted  in  order  to  refine  the  microstructure  of  Ti-6A1-4V  and  Ti-5Al-2.5Fc 
alloys.  Tensile  properties  and  fracture  toughness  were  measured  on  the  TCP  Ti-6A1-4V  and 
Ti-5Al-2.5Fc  materials.  Newly  proposed  Below  Transus  Hydrogenation  (BTH)  TCP  was 
found  to  be  effective  in  achieving  good  balance  of  strength  and  elongation  in  Ti-6A1-4V  and 
Ti-5Al-2.5Fe  alloys.  Fracture  toughness  of  the  TCP  Ti-6AI-4V  alloys  were  fairly  low. 

IntrBduclign 

Hydrogenation  and  dehydrogenation  processes  (TCP)  has  been  reported  to  be  highly  effective 
in  improving  tensile  and  fatigue  strength  of  titanium  alloys  with  coarse  microstructute  because 
of  microstructual  refinement  by  TCP  (1-31. 

Various  types  of  TCP  have  been  reported  up  till  now.  For  example,  HVC  (Hydrovac)  [1],  CST 
(Constitudonal  Solution  Tteamtem)  (4],  (Hydrogenation  /  Dehydrogenation  of  Beta 

(penciled  Materials)  [3],  and  HTH  (High  Temperature  Hydrogenation)  [6].  Strength  of 
titanium  alloys  are  considerably  increased  by  these  TCP  while  ductility  is,  in  general, 
decreased.  The  decrease  in  ductility  was  attributed  to  P  grain  growth  and  the  formation  of 
continuous  grain  boundary  a  phases  caused  by  heating  the  alloys  into  the  P  region  during 
TCP. 

THBnhmi  *92 
Sdvnc*  and  T«chnobgy 
EAM  by  F.H.  FroM  and  I.  woplon 
Th*  Mlnarob,  Motoh  &  Maltriab  Sodoly,  1993 
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Therefore,  the  authors  proposed  a  TCP  where  the  alloys  were  always  treated  below  the 
hydrogenated  ^  transus  temperatute,  that  is,  BTH  (Below  Transus  Hydrogenation).  The  effect 
of  BTH  on  the  microstructual  refinement  of  rolled  Ti-6A1-4V  alloys  with  microstructures  of 
coarse  equiaxed  a  and  Widmanstatten  a,  respectively,  and  forged  Ti-S Al'2.5Fe  alloys  [7]  with 
inicrostructuie  of  coarse  elongated  a  were  investigated.  Ti>SAl-2.SFe  alloy  is  expected  as 
implant  material  [7].  The  hydrogenation  of  Ti-6A1-4V  alloys  with  coarse  equiaxed  a  and 
Widmanstatten  structures  were  examined  and  the  mechanism  of  microstrur  ’  refinement  of 
the  alloys  mentioned  above  were  studied.  The  tensile  properties  and  frac.ure  toughness  of 
BTH  treated  Ti-6A1-4V  and  Ti-5Al-2.5Fe  alloys  were  also  investigated  and  compared  with 
those  of  other  TCP  treated  materials. 

EKDcrimcntal  procedures 

The  materials  used  in  this  study  were  rolled  plates  of  Ti-6A1-4V  alloy  with  a  thickness  of 
2.5  X  10'^  m  and  forged  bars  of  Ti-5Al-2.5Fe  alloy  with  a  diameter  of  6.0  x  m.  The 
chemical  compositions  of  these  alloys  are  given  in  Table  1.  Specimens  for  tensile  and 
fracture  toughness  tests  were  machined  from  these  plates  and  bars.  The  longitudinal 
direction  of  the  specimens  was  parallel  to  the  rolling  direction  of  the  plates  and  parallel  to 

Table  I  Chemical  Compositions  of  Ti-6A1-4V  and  Ti-5Al-2.5Fe  Alloys  Used 
in  the  Present  Study  (mass%). 
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the  forging  direction  of  the  bars.  The  starting  rnicrosmictures  of  Ti-6A1-4V  alloy  plates  contain 
both  coarse  equiaxed  a  ( the  as  received  structure  ),  and  coarse  Widmanstatten  a  which  were 
obtained  by  p  treatment  of  the  as  -  received  material.  The  starting  microstnicture  of  the  Ti-SAl- 
2.5Fe  bars  consisted  of  elongated  a  grains  which  was  the  as-forged  structure. 

The  test  specimens  were  subjected  to  various  TCP  treatments  which  are  schematically  shown 
in  Figure  1.  TCP  4  and  5  (  BTH  )  arc  the  newly  proposed  TCP  in  the  present  study. 
Hydrogenation  temperatures  for  TCP  4  and  5  arc  1053K  and  1023K,  respectively.  TCP  1 ,  TCP 
2  and  TCP  3  treatments  1 1  ]  [51  [61  were  also  carried  out  for  comparison  with  TCP  4  and  TCP 
5  treatments. 

Hydrogenation  was  done  in  a  stream  of  hydrogen  gas  at  one  atmosphere  (  0. 1  MPa  )  except 
for  TCP  1  treatment.  Hydrogen  source  of  hydrogenation  in  TCP  1  was  Ti  hydrides  put  in  the 
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Figure  - 1  Schematic  drawings  of  conventional  TCP ;  TCP  1  ,  2  and  newly 
proposed  TCP ;  TCP  4  and  5. 


furnace.  Dehydrogenation  was  performed  in  a  vacuum  furnace  at  a  temperature  of  948  K 
for  28.8  ks.  The  hydrogen  content  after  hydrogenation  was  at  round  1  mass%.The  hydrogen 
content  after  TCP  was  less  than  0.0020  mass%. 


Specimens  following  TCP  treatnKni  were  machined  into  tensile  samples  with  a  gage  size  of 
(  4)  4  X  20)  X  10^^  m  and  static  fracture  toughness  specimens  with  a  size  of  (10  x  10  x  SS)  x 
10  ^  m.  Static  fracture  toughness  specimens  were  precracked  to  obtain  ao  /  W  (ao:  initial  crack 
length  and  W  :  specimen  width)  of  about  0.6,  according  to  ASTM  E399.  Tensile  tests  were 
carried  out  at  a  cross  head  speed  of8.3xIO^m/sec  using  an  Instron  machine.  Static  fracture 
toughness  tests  were  carried  out  using  DC  electrical  potential  method.  Small  samples  with  a 
reduced  size  of  (41-2  x  10)  x  10  ^  m  were  also  used  to  investigated  the  hydrogenation  process 
and  the  microstructual  changes  occuring  during  the  TCP  treatment.  Microsmictures  were 
characterized  using  a  light  microscope  and  TEM.  The  phase  compositions  of  the 
hydrogenated  samples  were  identified  by  X-ray  and  TEM  diffraction  analysis. 

EKDerimewtal  remim  and  djaniiwinn 

HYdnamalkm  of  Ti-4Ai-4Y  alkiya 

Relationships  between  hydrogen  content  and  hydrogenation  time  at  various  hydrogen  flow 
rates  at  923K,  in  Ti-6AI-4V  alloys  having  coarse  Widmanstatten  a  structure  (transformed  P) 
are  shown  in  Figure  2.  Hydrogen  content  was  found  to  saturate  over  a  certain  hydrogenation 
temperature  in  every  flow  rate.  The  time  needed  for  reaching  hydrogen  saturation  content  was 
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increased  with  increasing  hydrogen  flow 
rate.  Small  difference  in  the  time  between 
flow  rate  of  12.3  ml /sec  and  over  12.3  ml 
/  sec  was  detected.  Same  results  were 
observed  in  Ti-6A1-4V  alloy  with  coarse 
equiaxed  a  structure. 

Microcracking  occurred  in  samples  treated 
at  the  hydrogen  flow  rate  of  over  12.3  ml  / 
sec  when  the  starting  microstructure  was 
coarse  Widmanstatten  a.  However, 
microcracking  never  occurred  in  the 
samples  with  starting  microstructure  of 
coarse  equiaxed  a. 


Figure  -  2  Hydrogenation  of  ^  transformed 
Ti-6A1-4V  alloy  hydrogenated 
at  923K  at  hydrogen  flow  rates  of 
3.7ml/sec ,  12.3ml/sec  and 
>12.3ml/sec 


Microstructure  of  as-received  and  TCP  treated  Ti.6AI.4V 


Microstructures  of  various  TCP  treated  Ti-6A1-4V  alloy  with  starting  microstructure  of 
equiaxed  a  are  shown  in  Figure  3.  Considerable  microstructual  refinement  is  obtained  in  every 
TCP  treatment  when  compared  to  that  of  the  as-received  structure.  Continuous  grain 
boundary  a  phase  can  be  seen  in  TCP  1,  2  and  3  treated  specimens  although  considerably  finer 
a-t-P  microstructure  is  produced.  The  grain  boundary  a  phase  is  eliminated 


Figure  -  3  Microstructures  of  as  received  and  various  TCP  treated  Ti-6A1-4V  alloys. 


in  the  microsinictures  of  the  BTH  (TCP  4  and  5)  treated  specimens.  Coarse  Widmanstatten  a 
structure  was  also  considerably  refined  by  every  TCP  applied.  Prior  P  grain  size  of  specimens 
with  coarse  Widmanstatten  a  structure  was  found  to  increase  following  TCP  1,  2  and  3 
treatments. 


TEM  and  X-rav  analysis 


The  identified  phases  and  lattice  parameters 
of  the  as-hydrogenated  Ti-6A1-4V  alloy 
having  equiaxed  a  structure,  using  X-ray 
and  TEM  dififiaction  pattern  analysis  are 
shown  in  Table  II.  Primary  a,  hydrogenated 
P  phase  ;  ^  (  H  ),  and  5  hydride  with  fee 
structure  are  identified  in  the  alloy 
hydrogenated  at  923K.  The  martensite 
phase  ;  a''(H)  with  orthorhombic  structure 
was  identified  in  alloys  hydrogenated  at 
1023K  and  1123K  which  are  the 
temperaturs  below  and  above  the  |J(H) 
transus  temperature,  respectively.  The 
mechanism  of  microstructural  refinement 
obtained  in  samples  following  TCP  3, 4  and 
S  treatments  are  related  to  the  following 
reaction  occuring  during  the  hydrogenation 
and  dehydrogenation  steps ; 

during  hydrogenation 


Table  II  Phase  Compositions  and  Lattice 
Parameters  of  As  Received  and 
Hydrogenated  Ti-6A1-4V  Alloys. 
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Refinement  of  the  primary  a  phase  and  the  fonnation  of  fine  Qt"  during  cooling  from 
hydrogenation  temperature  to  room  temperature  were  ovserved  by  TEM  of  the  as  - 
hydrogenated  alloys  following  TCP  4  and  S  treatment,  and  are  indicated  below, 
during  dehydrogenation 
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Yield  strength  and  elongation 
of  various  TCP  treated  Ti-6AI- 
4V  alloy  with  starting 
microstructures  of  coarse 
equiaxeda  and  Widmansatten 
a,  respectively  are  shown  in 
Figure  4.  The  values  of  the  as- 
received  and  transformed  p, 
materials  with  microstructures 
of  coarse  equiaxed  a  and 
Widmanstatten  a,  respectively 
are  also  shown  in  Figure  4. 


Elongation ;  El  (%) 


The  yield  strength  of  TCP 
treated  Ti-6A1-4V  alloy  with 
equiaxed  a  starting 
microstructure  is  higher  than 
that  of  the  as-received  material, 
while  the  elongation  of  TCP  4 
and  3  treated  material  is  greater, 
and  those  of  TCP  I,  2  and  3 
treated  alloy  are  smaller  than 
that  of  the  as-received  material. 
TCP  4  and  3  treated  alloy 
exhibit  good  balance  of  strength 
and  elongation. 

The  yield  strength  of  TCP 
treated  Ti-6A1-4V  alloy  with 
Widmanstatten  a  starting 
microstructure  is  greater  than 
that  of  material  with 
transformed  P  structure  while 


Figure  -  4  Tensile  prtqterties  of  various 
TCP  treated  Ti-6A1-4V  alloys. 


Figure  -  3  Effect  of  hydrogenation  temperature 
during  TCP  on  yield  strength  and 
elongation  of  TCP  treated  Ti-  6A1-4V 
alloys. 


El(%) 


the  elongation  are  smaller  than  for  material  with  as  transformed  p  structure.  However,  TCP  4 
and  S  treated  alloys  exhibited  much  greater  strength  and  relatively  greater  elongation.  The 
yield  strength  and  elongation  of  TCP  treated  Ti-bAMV  alloys  with  starting  microstructures 
of  equiaxed  a  and  Widmanstatten  a,  respectively  are  shown  in  Figure  S  for  different 
hydrogenation  temperatures.  Both  elongation  and  yield  strength  are  smaller  when  the  alloys 
are  hydrogenated  in  the  ^  (H)  region,  1 123K. 

The  effect  of  hydrogenation  temperature  on  yield  strength  and  elongation  of  TCP  treated 
Ti-5Al-2.5Fe  alloy  are  shown  in  Figure  6.  A  trend  similar  to  that  of  Ti-6A1-4V  alloys  can  be 
observed  for  Ti-3Al-2.SFe  alloy.  Microstructual  refinement  of  Ti-SAl-2.SFe  alloys  was  also 
found  to  be  possible  by  TCP  treatment.  Considering  that  greater  yield  strength  has  been 
achieved  by  the  hydrogenation  at  the  temperature  just  below  the  ^  (H)  transus  temperature  and 
elongation  has  been  smaller  by  the  hydrogenation  in  the  p  (H)  region  in  both  Ti-6AI-4V  and 
Ti-5Al-2.5Fe  alloys,  the  newly  proposed  TCP,  BTH  was  found  to  be  an  effective  process  for 
achieving  good  balance  of  strength  and  elongation. 


Yield  strength,  ay,  and  fracture  toughness,  Jic,  of  various  TCP  treated  Ti-6A1-4V  alloy  with 
equiaxed  a  and  Widmanstatten  a  staning  microstructures,  respectively  ate  shown  in  Figure  7. 
Jic  of  TCP  treated  alloy  is  smaller  than  that  of  alloys  with  as-received  microstructure. 
However,  a  decrease  in  Jic  of  alloys  with  Widmanstatten  a  starting  microstruciure  by  TCP  is 
more  pronounced  when  compared  with  alloy  with  equiaxed  a  starting  microstructure  . 
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Figure  -6  Effect  of  hydrogenation  temperature  Figure  -  7  Relationship  between  fracture 
during  TCP  on  yield  strength  and  toughness  ,  Jic,  and  yield 

elongation  of  TCP  treated  Ti-5Al-2.5Fc  strength  of  various  TCP 

alloys.  treated  Ti-6A1-4V  alloys. 


CondusioiM 


Hydrogen  behavior  and  microstructual  changes  during  TCP  treatment  were  investigated  in  Ti- 
6A1-4V  alloy.  The  newly  proposed  and  conventional  TCP  treatment  were  conducted  for 


refining  the  microstructure  of  Ti-6AI-4V  and  Ti-5Al-2.5Fe  alloys.  Tensile  and  fracture 
toughness  tests  were  carried  out  on  the  TCP  treated  alloys.  The  following  results  were 
obtained. 

( 1 )  Hydrogen  absorption  of  Ti-6A1-4V  alloy  in  a  stream  of  hydrogen  gas  at  a  pressure  of  one 
atmosphere  ( 0. 1  MPa )  is  influenced  by  hydrogenation  temperature,  time  and  flow  rate. 

(2) Ti-6Al-4V  alloy  with  Widmanstatten  a  starting  microstructure  is  sensitive  to 
microcracking  during  hydrogenation  comparing  with  that  with  coarse  equiaxed  a  starting 
microstructure  when  the  hydrogen  flow  rate  is  over  12.3  ml  /  sec. 

(3)  The  phase  compositions  of  as-hydrogenated  Ti-6A1-4V  alloy  were  well  identified  using 
X-ray  and  TEM  techniques. 

(4)  The  newly  proposed  TCP  where  the  alloy  is  hydrogenated  below  the  hydrogenated  P 
transus  temperature,  air  cooled  to  room  temperature  and  dehydrogenated  at  lower 
temperature,  BTH,  is  effective  for  refining  the  microstructures  of  Ti-6A1-4V  and  Ti-5A1- 
2.5Fe  alloys.  Good  balance  of  yield  strength  and  elongation  is  achieved  by  BTH. 

(5)  Fracture  toughness  value  of  TCPTi-6AI-4V  alloy  is  fairly  small  compared  with  that  of  the 
alloy  without  TCP. 
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Abstract 

This  Investigation  Is  oonoemed  with  ductility  Inproveaent 
of  Tltanlua  alloys  by  introdaotlen  of  hydrogen.  Che  effect  of 

hydrogen  in  lowering  the  /B-traasas  tenperature,  the  phase  pro¬ 
portions  and  hydrcgen  assisted  defexnaticn  neohanian  are  eon- 

Ttontum  '92 

Scionog  <Mid  TodiootoQy 

EdMid  byF.H.  from  ond  I.  capkm 
ThgMkigrab.MNlaiiAAAolgriQliSe^,  1993 

w 


sldered.  Ihe  meehanloal  properties  of  debjrdrogeiiated  Materials 
Here  found  to  be  oon^atlble  iiltli  the  properties  of  the  origi¬ 
nal  material. 

Introduction 

Hydrogen  Induced  ductility  was  accidentally  dlscorered  In 
West  Germany  by  Zmleeker  and  Schleicher  In  1950's.  At  that  ti¬ 
me  «  American  and  Soviet  Investigators  were  ooncemed  with  hyd¬ 
rogen  embrittlement  of  rods  in  contrast  to  German  scientists 
idio  Mtually  Introduced  hydrogen  Into  Ingots  prior  to  primary 
processing  to  Improve  workability,  fhe  awthod  of  enhancing  the 
workability  of  titanium  alloys  as  suggested  by  Zwlecker  and 
Schleicher  was  patented  In  the  USA  In  1959  [1j.  In  1970,  7.K. 
Hosov  started  his  work  at  the  Soscow  Aviation  lanufacture  Ins¬ 
titute  on  the  l^HMt  of  hydrogen  on  the  amnnfaeturablllty  of 
titanium  alloys,  the  Initial  results  described  the  favourable 
effect  of  hydrogen  on  ductility  Improvement  la  titanium  alloys 
containing  large  amounts  of  Aluadnun  and  were  published  la 
1972  [2].  In  subsequent  works  [3>5]t  the  term  "hydrogen  plas- 
tlclsatlon"  was  Introduced  to  denote  this  effect.  She  present 
Investigation  Is  ooncemed  with  mlorostmotural  modlfloatlon 
and  Msoolated  changes  In  meohaaloal  properties  of  titanium 
alloys  treated  with  hydrogen. 

Results  and  dlsoruislon 

Tlels  strength  of  Il-3Al-4.^o-4.57  (BTK  alloy)  (upset¬ 
ting  oyllndrloctl  specimens  16  an  diameter,  20  am  length)  with 
different  hydrogen  contents  Is  given  In  Wlgure  1.  At  tempera¬ 
tures  between  200  to  600  *0  the  yield  strength  deoreases  with 
Increasing  hydrogen  ocntent. 

Similar  reduction  of  yield  stress  of  material  with  hydro- 
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gen  at  hot  fondjag  tamperaturos  «aa  ohsarvad  for  all  titanlua 
alloys  [6].  This  was  ohsarvad  In  tanslla  and  upsattlng  taats. 
Tha  hydrogan  plastlolsatlon  affaot  was  found  to  ha  nost  promo- 
unead  in  tha  oasa  of  titanium  alloys  containing  ano<2  phasa. 

Tha  affaot  of  hydrogan  on  tha  strain  to  inltlata  oraoks, 
Sjgpt  ^or  Ti-3Al-4.5Mo-4*5V  dlffarant  tsBq>araturas  Is  shown  In 
Flgura  2(  and  ravaals  tha  hanaflcled.  affaet  of  hydrogan  on  du¬ 
ctility .  Tha  plasticity t  Incraasas  with  hydrogan  contant 

for  tast  carrlad  out  at  taaparaturas  hatwaan  500-600  High 
plastic  strains  ara  ohsarvad  for  natarlal  with  hydrogan  conca- 
ntratlons  of  0.1  and  0,5%  at  room  tamparatura  idilla  lowar 
strains  an  ohsarvad  for  hydrogan  lavals  of  0.005  and  0.3  to 
Q,A%,  Tha  lowast  was  ohsarvad  at  400  ^  haeausa  of  Insta- 
hlllty  of  /}-phasa« 

The  daoraasa  In  flow  stress  of  hydrogenated  material  Is 
most  significant  at  taaparaturas  at  idiloh  tha  structure  shows 
tha  same  aawunts  of  d  and  fi  phases.  Figure  3  shows  that  tha 
taaparattira  at  fAdoh  aazlania  ductility  Is  ohsarvad  is  shifted 
to  lower  tagq>araturas  with  Inoraasing  hydrogan  for  BT3-1  al¬ 
loy  -  Tl-Al  5.5-7.05^,  Ho  2.0  -  3.0J^,  Or  0.8  -  2.3%,  31  0.15  - 
0.40%,  Fa  -  0.2  -  0.7%.  The  strain  rata  sensitivity  Index,  a, 
defined  hy  tha  aquation:  0*  >  (irihara  C  is  stress,  K  Is  co¬ 
nstant,  k  Is  strain  rata),  is  larger  than  0.3  for  material 
with  hydrogan  [7,8] .  It  Is  also  worthidilla  to  note  that  whan 
tasting  hydrogenated  material  at  tamparaturas  In  tha  /8 -phasa 
range,  tha  yield  stress  was  found  to  inoraase  with  hydrogan 
oontant.  This  affaot  oan  ha  vlawad  as  a  solution  hardening  of 
fi  alloys  dus  to  hydrogan. 

^drogan  plastlolsatlon  at  low  taaparaturas  Inoraasastha 
strain  to  Inltlata  cracks  without  «  signifioant  daoraasa  In 


flow  stress*  Low  ismperatttre  hTdrogen  plastlolsatlon  was  obse> 
rved  for  the  first  tlBM  in  1970  for  p  titanlua  alloys  U.  -  A1 
2.3  <-  3.6%,  Mo  6.8  -  8.0%,  Or  9.5  >  11.9%  (B7  15)  and  Ti  -  Mo 
11%,  Zr  5*5%,  3n  4*5%  as  shown  in  Figure  4.  Material 

with  hydrogen  content  of  about  0*003%  shows  upset  strain  to 
Initiate  the  first  orach  of  about  60%.  Howewer,  speeiaens  with 
hydrogen  contents  shore  0.1%  were  flattexied  to  a  thin  pancake 
with  sharp  edges  with  no  traces  of  cracks  on  the  surface.  Ho 
distinguishable  decease  of  yield  stress  was  obserred. 

The  iaproreaent  of  hot  ductility  of  tltaniun  by  hydrogen 
was  rationalised  in  terns  of  superplastieity  behariour  [7j* 

For  hydrogenated  material  the  superplastieity  temperature  was 
lowered  by  100  to  150  *C.  The  hydrogen  plastioisation  can  be 
obserred  at  strain  rates  idiich  are  about  1  to  2  orders  of  mag¬ 
nitude  hlgb0T  than  those  of  unhydrogenated  material. 

According  to  ▼.K.Hosot[6,C  »  hl£^  temperature  hydrogen 
plasticization  is  mazinlsed  at  temperature  range  where  the  d 
and  /9  phases  contribute  to  the  total  deformation  in  the  same 
way.  The  hydrogen  reduces  this  temperature  range  to  lower  va¬ 
lues,  thus  effecting  the  evolution  of  the  dynamio  hardening 
and  softening  processes  during  hot  femation. 

Low  temperature  hydrogra  plastioisation  can  be  attributed 
to  the  increase  in  the  quantity  of  the  fi  phase,  to  the  reduced 
resistance  to  glide  and  multiplicatica  of  dislocations  and  fo¬ 
rmation  of  additional  dislocation  glide  and  twiaaiag  systems. 

Depletion  of  the  beta  phase  with  respeot  to  beta  stabili¬ 
ser  elements  doe  to  addition  of  hydrogen  to  cL  and  fi  alloys  was 
ezperimantally  discovered  by  A.A.Ilyin  et  al.  [11] .  The  reduc¬ 
tion  in  the  amount  of  /9  phase  stabilising  element  in  two  phase 

d  *  fi  titanium  alloys,  when  hydrogen  is  introduced,  follows 
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iimedlately  fron  tta«  aoalysla  of  Iflothexnal  cross  sections  of 
the  ternaries.  Titanium  -  beta  stabilizer  -  hydrogen,  taking 
into  account  the  obsexration  of  increasing  the  p  phase  quantity 
in  this  type  of  alloys  by  hydrogen  [3]. 

The  second  cause  for  low  temperature  hydrogen  plasticiza¬ 
tion.  i.e.  increased  dislooation  mobility  iriien  hydrogen  is  in¬ 
troduced  was  shown  experimentally  [12,13]  .  for  some  titanium 
eaioys  including  T1  -  €A1  -  47.  When  loaded  directly  in  an 
electron  mieroseope.  it  was  obserred  that  hydrogen  introduced 
into  the  system  gives  rise  to  sharp  increase  in  dislocation 
mobility  under  constant  stress  [13]*  further,  a  slgnlf leant 
increase  in  dislocation  density  was  observed.  Suggestion  that 
additional  gliding  and  twinning  occurred  due  to  hydrogen  needs 
to  be  oonfirnted  experimentally. 

The  following  Illustrates  the  application  of  hydrogen  pla¬ 
sticization  for  the  production  of  titanium  alloy  bolts.  Ti-  A1 
1.6  -  3.056,  Mo  4.5  -  5.556,  V  4.0  -  5.056  BT  16  alloy  bolts  with 
diameter  up  to  12  nm  are  produced  by  cold  heading.  When  manu- 
faot\iring  bolts  with  smaller  diameter,  one  has  to  adhere  stri¬ 
ctly  to  the  mlcrostruoture  and  rod  surface  finish  requirements 
to  avoid  rejections,  lAereas  12  an  diameter  bolts  and  those 
with  larger  diameters  are  manufactured  by  hot  heading. 

The  above  observations  Indicate  that  reversible  alloying 
of  BT  16  alloy  with  hydrogen  allows  teaq^rature  reduction  of 
the  hot  heading  process  from  the  current  800  to  850  to  700 
-  750  «C  by  addition  of  a  0.356  hydrogen  as  shown  in  Figure  1. 
Besides,  at  large  hydrogen  concentrations,  coarse  grains  are 
formed  ehleh  affect  neohanloal  properties.  The  above  recoaman- 
datlons  are  baaed  on  experimental  data.  BT  16  bolts,  with  16 
nn  disaster  rods  with  0.356  hydrogen,  were  processed  at  750, 
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700  aod  600  <*C  nhloh  are  about  100  to  200  less  than  those 
used  In  Industry.  Under  all  heading  temperatures,  the  bolt  he¬ 
ad  mas  fully  formed  with  no  obsemble  defects. 

The  headed  bolts  sere  heat  'toaated  for  two  hours  at  610 
followed  by  water  quenching  and  the  final  heat  treatment  con¬ 
sisted  of  a  12  hour  vacuum  ageing  at  570  to  590  <*C.  Vacuum 
ageing  not  only  res\ated  In  Increased  strength  due  to  the  de¬ 
composition  of  the  beta  and  formation  of  the  alpha  phase,  but 
also  reduction  In  the  hydrogen  to  level  of  0.003  to  0.004%. 

Using  the  low  temperature  hydrogen  plasticization  effect, 
bolts  upto  16  nm  dla.  were  manufactured  from  the  BT  16  alloy 
by  means  of  oold  heading.  After  hardening  and  vacuum  ageing, 
the  mechanical  properties  of  the  cold  headed  bolts  were  as  re¬ 
quired. 

Conclusions 

1.  Qydrogen  enhanced  ductility  was  found  to  occur  In  two 
different  tenq>erature  ranges  of  20-100  and  above  400  <>0. 

2.  A  mlcrostructure  consists  of  equal  amounts  of  o&and;? 
phases  and  appears  to  be  Ideal  for  high  tentperature  hydrogen 
plasticization.  Under  these  conditions,  considerable  reduction 
In  flow  stress  Is  also  observed. 

3.  Qydrogen  Induced  enhancements  In  strain  to  crack  Initi¬ 
ation  were  also  observed  at  room  teiq^erature,  but  without  any 
significant  change  In  flow  stsress. 

4.  Hlc^  temperature  hydrogen  plasticization  can  be  employ¬ 
ed  In  order  to  Improve  the  hot  working  of  titanium  alloy  lAlle 
the  low  temperature  plasticization  can  replace  hot  forming 
with  oold  forming. 
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Fig.  1.  Effect  of  Temperature  on  the  Yield  Strength  ©02.  BT16  A1 
loy  as  determined  by  upsetting  of  cylindrical  specimens  with  different  hy 
drogen  contents 
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Ftg.  2.  Effect  of  Temjxntuie  on  the  strain  to  craclc  formation  deter 
mined  by  upsetting  cylindrical  specimeiu  of  BT16  alloy  with  different  hy 
drogen  content. 
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Fig.  3.  The  effect  of  temperature  on  tensile  yield  strm  and  elongation,  d, 
of  BT3-1  alloy  with  the  strain  rate  e  =  1.4  X  10'^  s'^  16).  -  0.005%  H2 
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Hg.  4.The  ^ect  of  hydrogen  on  stnin  to  fint  appearance  of  ciack  when 
heading  ^9^  alloy  at  room  tempeianue . 
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STUDY  ON  EFFECTS  OF  HVC  TREATMENTS  ON  IMPROVE¬ 
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Nanchang!  Jiangxi  i  330034.  China 
Zhang  Zhifang 
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Abstract 

In  this  paper,  an  attempt  has  been  made  to  investigate  the  effects  of  hydrovac 
(HVC)  treatment  on  the  superplastic  behavior  of  Ti— lOV— 2Fe— 3A1  alloy  (Ti— 10 

—  2—3).  In  order  to  find  out  the  optimal  rigimes  for  HVC  treatments  to  refine  the 
microstructure  ofTi— 10— 2— 3.  three  test  regimes  have  been  chosen  and  an  orthog¬ 
onal  test  layout  has  been  determined. 

The  results  have  shown  that  after  HVC  treatments,  the  microstructure  of  Ti— 10— 2 

—  3  bars  have  been  significantly  refined,  which  lead  to  a  large  increase  in  elongation. 
The  optimal  strain  rate  at  TSOU  is  faster  on  an  order  of  magnitude  than  that  from 
the  available  data  source. 

Introduction 

Titanium  and  titanium  alloys  always  exhibit  strong  affinity  to  hydrogen.  For  exam¬ 
ple.  it  is  possible  to  dissolve  hydrogen  in  pure  titanium  as  much  as  60  at  %  (3  wt  %) 
at  600  U.  Most  of  the  hydrogen  can  be  removed  in  vacuum. 

In  order  to  avoid  the  embrittlement  caused  by  the  remaining  hydrogen,  the  hydrogen 
content  in  titanium  and  titanium  alloys  should  generally  be  restricted  to  100  — 
ISOppm.  C3.4) 

Hydrogen  can  be  used  as  a  temporary  alloying  element  in  titanium  and  titanium  al¬ 
loys.  Hydrogen  decreases  the  P  transus  temperature  in  titanium  and  its  alloys,  which 
is  helpful  in  stabilizing  the  b.  c.  c.  structure,  making  it  easy  to  hot— work  the  mate¬ 
rial.  In  the  process  of  annealing  treatment  the  P  —phase  dissolves  and  new  phases 
form,  which  can  significantly  refine  the  microstructure  of  titanium  alloys  and  im¬ 
prove  their  superplastic  deformation. 

Ti  — 10— 2— 3  is  one  of  the  newly  developed  Ti— base  structural  alloys,  characterized 
by  high-strength,  high— toughness  and  deep— hardenability.  and  it  is  an  ideal  sub¬ 
stitute  for  30CrMnSiA— aa  high-strength  steel  for  aero-space  use.  The  aim  of  this 
paper  is  to  investigate  the  effects  of  HVC  treatments  on  structure  refinement  of  Ti— 

10—2—3.  and  subsequently  the  improvement  of  superplastic  behavior. 
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Material  and  Experimental  Procedures 


Material 


Ti  — 10— 2  — 3  rolled  bars  used  in  these  experiments  were  provided  by  the  Shanghai 
Iron  &.  Steel  Research  Institute.  Table  1  shows  the  chemical  composition.  These 
bars  were  cogged  at  850  •  rolled  from  f  43mm  to  f  25mm  and  then  from  f  25mm  to 

^  12mm  at  a  final  rolling  temperature  800  —  8301C.  The  material  prepared  is 
roliedn>ecause  the  final  rolling  temperature  just  above  the  transus  temperature. 
The  original  microstructure  of  the  "p— rolled  "material  is  composed  of  coarse  e- 
quiaxed  grains  with  an  average  size  of  about  18f>m. 


Table  1  Chemical  Composition  of  "p— rolled” 


alloying 

element 

V 

Fe 

Al 

Si 

C 

N 

H 

O 

Ti 

Content 

-iwt 

9.  46 

1.98 

3.  08 

0.02 

0.  03 

0.019 

0.  0023 

0.085 

bal. 

Specimen  geometry 

The  specimen  geometry  is  shown  in  Figure  1.  It  is  designed  in  order  to  compare  the 
results  obtained  with  those  available  in  the  reference  CIX 


Experimental  procedures 

Hydrogenation  was  performed  in  an  open-hearth 
type  hydrogen  treatment  furnace  t  in  which  the  hy¬ 
drogen  level  was  controlled  by  regulating  the  tem¬ 
peratures  and  the  holding  time. 

Solution  treatment  and  annealing  were  carried  out  in 
a  heat  treatment  furnace.  Two  dehydrogenation  pro¬ 
cesses  were  usedi  dehydrogenation  in  a  furnace  full  of  argon  (for  short  "argon— de¬ 
hydrogenation")  and  dehydrogenation  in  vacuum  (for  short  "vacuum— dehydrogena¬ 
tion”). 

The  vacuum— dehydrc^nation  process  was  carried  out  in  a  specially  designed  appa¬ 
ratus  i  at  a  vacuum  of  9  X  10~'Torr  at  600C. 

The  hydrogen  concentration  was  measured  using  a  MHS— 806  type  hydrogen  analys- 


Figure  1— Sketch  of  a  Ten  - 
sile  Specimen 


Tensile  experiments  were  carried  out  on  the  vacuum  dehydrogenated  material  using  a 
tensile  test  machine  t  equipped  with  a  split— type  high— temperature  furnace  t  where 
the  temperature  fluctuation  ranges  within  +5- - StJ.  An  X - Y  recorder  was 
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iM«d  to  record  the  forces  and  displacements.  This  machine  was  also  fitted  with  a 
patented  device  to  meet  the  requirements  of  constant  strain  rate  tensile  test. 


HVC  conditions 


Three  HVC  conditions  were  selected  as  shown  in  Table  2. 


Table  2  HVC  Conditions 


Operation 

1 

2 

3 

hydrogenation 

750X:X4h 

7000  X4h 

7000  X2h 

solid  solution 
treatment 

700CXlh 

annealing 

600CX8h 

•rgon— 

dehydrogenation 

600CX16h 

vacuum— 

dehydrogenation 

eoocxioh 

Results  of  HVC  treatments 


Results 


Table  3  shows  the  changes  of  hydrogen  contents  and  grain  sizes  in  Ti  — 10  — 2  — 3 
specimens  before  and  after  the  three  HVC  treatments. 


Table  3  Changes  of  hydrogen  contents  and  grain 

sizes  before  and  after  the  HVC  treatments 


Regime 

1 

2 

3 

hydrogen 

content 

(ppm) 

before 

hydrogenation 

23 

23 

23 

after 

hydrogenation 

2489 

2783 

2651 

argon— 

dehydrogenated 

1475 

1640 

1580 

vacuum- 

dehydrogenated 

282 

344 

312 

grain 

siae 

(fun) 

before 

hydrogenation 

18 

18 

18 

vauum— 

dehydrogenated 

4 

1 

2 

Microstructural  changes  during  the  HVC  treatmeBt 
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Figure  2  shows  the  microstructural  changes  occurring  during  the  HVC  treatment  tt  1 
(Table  2>.  The  changes  in  the  micro— structures  are  somewhat  similar  to  those  de¬ 
served  following  treatments  #2  and  #3. 


Figure  2  Microstructural  changes  during  HVC  treatment  (Table  2)  a)  start¬ 
ing  structure)  b)  hydrogenated «  CH3t2783  ppmt  c)  solution  treated)  d)annealed)  e) 
argon  — dehydrogenated.  [Hjtl640  ppmt  f)  vacuum  —  dehydrogenated ,  [H]j  344 
ppm.  d— 4fim 


Orthogonal  tests 


The  orthogonal  layout  of  Lt(3*}  was  adopted  to  investigate  the  effects  of  strain  rate 
(c)>  temperature  (t)and  grain  site  (d)on  the  elongation (B)  (see  Table  4). 

Table  4  Orthogonal  test  arrangement  and  their  results 


Table  5  Variance  analysis  of  orthogonal  test  results  in  Table  4 

~  !  ;  ~  ,  degree  average  sum  oTl 

deviation  sum  of  squares  of 

squares  of  devia-  F,  significance 

source  deviation 


Sa=289 

2 

Sa=145 

3.08 

Fair 

sb=2276 

2 

sb=1138 

24.21 

High 

ac=1756 

2 

8c=878 

18.  68 

High 

o 

II 

M 

•1 

11 

s,=47 

_ i 

)  =  2.86.  1 

Fa.s<2.11: 

)=3.98.  Fa. 

,(2.11) 

=  7.  21 

loga/logc  curves 


Here  a  is  the  flow  stress  and  m  is  the  strain  rate  sensitivity  index  of  flow  stress  (o= 
Kt-). 

Figures  3  and  4  show  the  logo /log  e  and  m/logt  curvea  for  d  =  4fiin  and  d  =  lftm  re¬ 
spectively. 


£mO.S,  imtjtrn. 


Mi  =3 

lo^  t  (3*0 

Figure  3— loge/loge  and 
m/logc  curves 
for  d=°lfim 


-5  -4  -3  -3  -» 

lof  t 

Figure  4— logo/logt  and 
m/logt  curvea 
for  d«4run 


Discussion 

Table  3  shovs  that*  the  hydrogen  content  gradually  increases  as  the  hydrogenation 
temperature  decreases  and  the  time  prolongs  although  only  a  fairly  little  increase  at- 

f/S 


tainable  because  the  hydrogen  partial  pressure  can  only  be  kept  around  one  atmo¬ 
sphere  in  the  open-hearth  type  furnace.  It  is  for  the  same  reason  which  leads  to  less 
marked  effectiveness  of  the  argon— dehydrogenation  in  reducing  hydrogen  concentra¬ 
tion*  therefore*  vacuum— dehydrogenation  was  used. 

Figure  2  demonstrates  microstructure  development  in  a  specimen  HVC  treated.  By 
comparing  the  microstructure  from  the  argon  —  dehydrogenation  treatment  (Figure 
2e)to  that  of  the  vacuum— dehydrogenation  treatment  (Figure  2f)*  there  appears  to 
be  a  minor  difference  i.  e.  the  vacuum— dehydrogenated  material  shows  somewhat 
more  homogeneous  microstructure. 

Moreover*  HVC  — treated  specimens  show  optimal  superplastic  deformation  condi¬ 
tion  of  750C  and  2.  7X10”’s“'(d=4/«n)(see  Table  4).  For  the  non— HVC— treated 
*P— rolled*  material  (d^Spm)  the  optimal  superplastic  deformation  condition  was 
found  to  be  at  750'C  and  1.  71X10“*s“*.  [1] 

Temperature  and  grain  size  are  of  great  im¬ 
portance  to  the  superplastic  behavior  of  Ti—  ^ 

10—2—3.  The  strain  rate  test  in  the  range  ^  2 
2.  9X  10"*~2.  7X  10"’s~‘  has  less  effect  on  ^ 
the  superplastic  behavior  (Table  5).  I 

Figure  5  shows  logo/logt  and  m/logc  curves 
taken  from  reference  [l]  .  The  non  — HVC 
—  treated  ”P  — rolled*  material  has  a  grain 
size  of  about  Spm.  From  a  comparison  a- 
mong  Figure  3~5*  it  is  observed  that  the  m 
—values  of  the  HVC— treated  material  have 
been  increased  and  the  max.  flow  stress  de¬ 
creased.  This  can  be  attributed*  besides  the 
refined  grains*  to  the  possible  increase  (es¬ 
pecially  in  the  p— phase)  in  grain  boundary 
slipping  caused  by  higher  hydrogen  concen¬ 
tration  and*  therefore*  easing  the  superplas¬ 
tic  deformation. 


Conclusions 

1.  HVC  treatment  can  be  used  to  reduce  the  grain  sizes  of  Ti— 10— 2— 3  from 
ISfun  to  less  than  ipm  which  proves  to  be  a  new  way  to  refine  the  mkroatructure  to 

m 


prepare  andvantageous  conditions  for  superplastic  deformation. 


2.  The  argon  —  dehydrogenation  is  far  less  effective  in  lowering  hydrogen  con¬ 
tents  in  Ti— 10— 2— 3  than  vacuum  dehydrogenation. 

3.  The  grain  size  is  of  great  importance  for  the  superplastic  behavior  of  Ti— 10— 
2—3.  As  the  grain  size  decreases  from  ISfun  to  4ftm>  the  elongation  increases  from 
177 — 3275^  to  300~562%.  The  optimal  superplastic  deformation  condition  is  750C 
and  2.7X10->8-‘. 

4.  The  hydrogen  remained  in  the  material  plays  a  role  to  activate  and  improve 
slipping  along  grain  boundaries. which  is  helpful  to  plastic  deformation.  For  this  rea¬ 
son  the  optimal  strain  rate  for  HVC— treated  Ti— 2— 3  is  higher  on  an  order  of  mag¬ 
nitude  than  that  for  non  — HVC— treated  one  at  the  same  temperature,  which  un¬ 
doubtedly.  means  a  great  deal  to  production  practices. 
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Treatnant  (ICT)  by  teopararily  alloying  the  Ti-SA1-4V  with  hydrogen 
at  a  rather  high  pressure(up  to  5  ate).  The  benifits  of  this  process 
as  oaopare  to  the  conventional  TCT  are  in  two  fold  t  1.  decreasing 
both  hydrogenation  tenperature  and  tine,  2.  controlling  the  hydrogen 
content  precisely.  Both  nicroetructure  and  aerhanioal  pcopeg^ies 
are  isproved  after  hydrogen  raeovel. 
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Introduction 


Since  1970's,  to  refine  titenim  oaeting's  oiicroetructure  by  teaporary 
hydrogen  alloying  has  interested  a  lot  of  researchers  to  invest  in  this 
topic  which  is  suonarized  in  ths  literature  (1). 

In  general,  hydrogen  tins  addsd  to  titaniun  alloy  around  1.4  wt%  (24) 
under  1  atn  hydrogen  pressure  at  different  tesfwratures.An  intemndiate 
treatment  nay  be  added  to  it,  sudt  as  aging  or  cooling  to  room  tee^era- 
ture.  Finally,  a  dshydroganation  step  was  held  between  700  to  815  oC 
under  vacuum.  This  treatmant,  refined  the  alpha  plus  beta  nicrostruc- 
ture  of  the  woiiced  piece  and  results  a  10  to  17  %  increase  in  strength 
over  cast  +  HIP  specimen. 

Although  there  is  no  limit  on  the  possible  pressure  of  hydrogen  atno  - 
sphere  for  such  a  microetructtnre  refining  process,  it  is  difficult  to 
control  hydrogen  conoentratian  at  higher  hydrogen  pressure.  Hben  hydro¬ 
gen  concentration  is  over  1.4%  for  Ti  (5)  and  0.75%  for  Ti-64  (6),  the 
complication  involving  the  delta  phase  and  other  low  tea|>eratura  phases 
exists.  Since  the  delta  phase  is  very  brittle,  there  are  chances  that 
the  delta  involved  transformation  nay  caue::  undisirable  result. 

It  is  pointed  out  that  the  optimal  hydrogenation  temperature  is  850  oC 
(6),  because  the  hydrogen  concentrations  of  0.71  to  0.85  wt%  are  indi- 
ffused  and  beta  transfarmation  is  achieved.  Futher  more,  eutectoid  de¬ 
composition  with  the  hydrogen  concentration  in  the  range  0.5  to  0.8  wt% 
will  yield  the  finest  microetructure. 

But  what  the  effects  of  higher  hydrogen  pressure  on  this  microetructure 
refining  process  are  the  interest  of  the  author.  In  this  experiment, the 
authors  first  measured  the  hydrogen  absorption  rate  under  hydrogen  pre¬ 
ssure  from  1  to  5  atm.  Using  this  information,  we  triad  to  control  the 
hydrogen  absorption  and  followed  by  grain  refining  process. 


Experiment 

An  apparatus  which  was  set  up  includes  a  tube  furnace,  a  vacuum  system, 
and  a  hydrogen  si^ly  system  with  a  flow  meter  control.  The  temperature 
variation  of  the  furnace  is  controlled  within  -f  -  5  oC.  The  working 
chamber  is  a  stainless  tube,  65  am  dia.  x  620  eai  long,  which  was  pumped 
and  flushed  with  hydrogen  twice,  then,  pumped  down  to  10  -5  torr  before 
the  furnace  was  raised  to  the  hydrogenation  temperature.At  the  entrance 
the  furnace,  titaniun  sponge  was  used  to  abeorb  the  poesible  existing 
contaminations.  The  hydrogen  pressure  is  controlled  by  the  flow  meter 
system  within  >0.06  to  -0.01  atm  of  the  j^reset  value.  A  digital  read¬ 
out  clearly  showed  the  hydrogen  prassurs  in  the  chember  to  >-0.01  atn. 
The  hydrogen  absorption  was  measured  according  to  the  pressure  drop  of 
the  closed  chamber  during  a  5  min  period.  After  the  prassurs  drop  value 
was  recorded,  the  hydcoganvalva  was  opansd  and  the  chasber  was  rsfiUad 
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with  hydrogen  to  the  pireeet  pressure.  Figure  1  shows  the  pressure  drop 
vs  the  tiae  at  different  hydrogen  pressure  in  the  chasber  at  850  oC. 
Ihese  sasples  tiere  3  x  60  x  60  m  pieces  cut  from  Ti-64  castings.  Uie 
furnace  cooling  rate  was  10  oC/min  between  850  to  650  oC  and  the  hydro¬ 
gen  pressure  is  normally  maintained  at  1  atm  to  avoid  dehydrogenation. 

A  thicker  specimen  13  x  58  x  43  am  were  hydrogenized  under  3  atm  of  hy¬ 
drogen  to  measure  the  thickness  effect  on  the  dnppinq  rate.  The  results 
were  presented  in  Figure  2. 

n>e  hydrogenation,  intermediate  treatment,  the  dehydrogenation  proce¬ 
dures  and  the  designations  of  these  sasples  are  listed  in  Table  I. 

Based  on  the  measurements  of  A2-0,  saaples  A2-1  to  A2-4  were  prepared 
to  find  out  the  presented  phases.  X-ray  was  used  for  this  examination, 
nie  as-cast  specimen  AO,  and  the  vacuimi  heat  treated  specimen  AO-1  ace 
tmed  as  reference  restilts  of  x-ray  were  also  given 

in  Table  I. 

Samples  for  calculating  the  hydrogen  concentration  were  A2-4,  A3-1,A4-1 
and  A5-1;  they  were  3  xlO  xlO  mm  ones  and  weighted  to  the  third  decimal 
point  before  and  after  the  hydrogenation.  Note  that  the  hydrogenation 
time  was  selected  according  to  the  curves  in  Figure  l,at  the  end  of  the 
flatter  region.  Table  II  exhibits  these  information. 

In  order  to  compare  the  mickostructure  variation  under  different  treat¬ 
ment,  some  samples  were  intermediately  treated.  Optical  microscope  was 
used  to  examine  the  microstructuce. 


Results  and  Discussion 

Itie  pressure  drop  measurements,  plotted  in  Figure  1, indicated  the  hydo- 
gen  abeorpticn  was  very  fast  at  the  begining,  followed  by  a  near  ocns- 
tant  rate  region  and  then  decreased  to  nil.lhe  hi^ier  the  hydrogen  pre¬ 
ssure,  the  faster  the  absopticn  rata  is.  The  constant  rate  region  ended 
arouid  40,  60,  90  and  120  min  for  hydrogen  pcamsuce  of  5,  4,  3  and  2 
and  2  atmoapbmcos.  Bowsver,  the  hydrogen  saturation  time  is  lengthsnsd 
for  thinker  specimen  as  indicated  in  figure  2.  Nlth  higher  hydrogen 
pressure,ths  time  reguized  for  hydrogenation  is  shcrtanad. 

The  X-ray  diffraction  pattern  for  spsHmsn  AO,  was  predominately  alpha 
phase  with  only  a  small  amount  of  beta.  TTsaple  AO-1,  appeared  with  more 
beta  phase.  Half  an  hour  at  850  oC,undar  2  atm  hydt<ogn,tbe  A2-1  spaci- 
men  presented  only  the  beta  phase.  For  A2-2,  60  min  at  this  situation, 
it  was  a  pcsdominante  beta  phase  with  vary  snail  smoisit  of  delta,  while 
in  A2-3  spacimsn,  the  snount.  of  dslta  phase  incrsasad  as  the  bydragmie- 
tioo  time  iiwresaed  to  90  min.  nsapli  li2-4  becmme  vary  brittle  and  It 
could  be  aaeily  pulverised  into  powdar  for  x-ray  diffsraotion.  Xhs  m- 
ray  resulta  indicated  that  only  tba  delta  phaaa  amiatad.  Altbou^  it 
la  possible  that  hydrogen  will  diffuaa  into  apaHwi  during  the  tism  of 
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cooling  tihlch  vmb  held  under  1  ate  of  hydrogen, note  that  all  these  sam¬ 
ples  experienced  the  same  treatment  but  came  out  with  different  micro¬ 
structures.  nie  siiic>lest  explaination  is  that  they  have  a  different 
suurt  point.  In  other  vmrds,  under  2  atm  hydrogen,  30,60,90  and  120  min 
have  resulted  different  microstructure  phases. 

Therefore,  it  is  a  clear  indication  that  to  prolong  the  hydrogenation 
time  will  transform  the  alpha  beta  structure  to  beta,  from  beta  to 
beta  *  delta  and  finally  to  the  predominant  delta  phase. 

In  Table  II,  the  hydrogen  concentrations  for  these  eamplwn  were  very 
close  to  each  other  at  3.05  0.05  wt%.  They  should  be  :  delta  phase. 
Indeed,  each  one  of  then  was  so  brittle  that  they  cracked  during  cool¬ 
ing  to  room  teo(>eratin:e.  However,  sae^les  dehydrogenized  before  cooling 
to  room  teofierature  showed  no  cradcs. 

The  microgrophs  in  Figure  3  show  the  adcrostructure  variation  before 
and  after  the  treatment.  Fig  3(a)  represents  the  as-cast  material.  From 
Fig  3(b)  to  (e),thay  clear  indicate  that  microstructure  refining  is  not 
evident  unless  the  intermediate  treatment  were  given  at  650  oC. 

It  is  the  same  temperature  at  the  nose  of  the  eutectoid  decomposition 
T-T-T  curves  for  Ti-6A1-4V  -  1.35H  (7).  Since  the  alpha-beta  transition 
tenperatinre  for  Ti-64  is  around  800  oC,  delta  phase  will  transform  to 
low  temperature  phases  through  the  eutectoid  decomposition. 

The  mechanical  propertiee  test  results  are  listed  in  Table  III,  which 
indicates  a  40%  improvement  in  tensile  strength  from  as-casted  to  BIB 
treated  but  the  ductility  decreased  from  9%  to  3%.  Since  the  sample  is 
treated  along  the  sane  path  as  A4-3,  the  microstructure  is  psdnly  sub¬ 
micron  sized  alpha  phase  and  little  beta.  The  reason  for  the  low  ducti¬ 
lity  is  going  to  be  investigated. 


Conclusions 

The  high  pressure  hydrogenation  (BPB)  method  is  developed  for  improving 
themechanical  properties  of  the  castings.  Op  to  this  moment,  it  is  sure 
chat  the  hydrogen  pressure  up  to  5  atmospheres  can  be  applied  for  this 
purpose. 

It  is  found  that  the  specimens  doped  hydrogen  for  different  time  period 
have  different  microstructure  phases.  The  phases  changed  from  as  cested 
alpha  *  beta  ,  to  beta,  to  beta  *  delta,  and  finally,  delta  doainatad. 
The  specimen  can  be  hydrogenized  to  3.05  +-  0.05wt%  at  hydrogen  depend¬ 
ing  on  the  coeblnation  of  the  hydrogenation  pteeeure  and  time  . 

The  tensile  strength  is  improved  to  167  RSI,  which  is  40  %  over  the  as- 
casted  value.  However,the  ductility  is  decreased  to  only  3%  ehich  needs 
futher  investigation. 
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Table  III  Results  of  the  tensile  tests. 


Y.S.(KSI) 

T.S.(KSI} 

Elong.(t) 

R.A.(%) 

As-casted 
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HIPped 
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HFH 
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Fig.  1  The  hydrogen  pressure  drop  for  every  5  ain 
period  is  plotted  against  time,  at  850  oC, 
under  5  different  hydrogen  pressure. 
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.  2  The  comparison  of  the  hydrogen  pressure  drop 
betweeiT'two  specimens  of  different  thickness 
at  850  oC,  3  atm  hydrogen. 


Table  I 

Specieen  preparation  preoedures  and  X-ray  results 

Design- 

Hydrogenation 

Intennediate 

Dehydrogena¬ 

feiote 

X-Ray 

tion 

tenp./tine 

treateent  # 

tion  tea|^. 

* 

result  8 

oC  /  ailn 

oC  /  min 

oC 

AO 

as-oast 

A/B  (10/1) 

AO-1 

850  /  60 

vacuum 

A/B  (10/4) 

A2-1 

850  /  30 

PC,  B 

B 

A2-2 

850  /  60 

PC,  H 

B/D  (20/1) 

A2-3 

850  /  90 

PC,  H 

B/D  (10/1) 

A2-4 

850  /  120 

PC,  B 

D 

A2-5 

850  /  120 

760 

PC,  V 

A/B  (10/2) 

A2-6 

850  /  120 

750  /  60 

PC,  H 

D/B  (10/5) 

A2-7 

850  /  120 

650  /  60 

650 

PC,  V 

A 

A3-1 

850  /  90 

PC,  B 

0 

A4-1 

850  /  60 

PC,  B 

D 

A4-2 

850  /  60 

750  /  60 

750 

PC,  V 

A/B  (20/5) 

A4-3 

850  /  60 

650  /  60 

650 

PC,  V 

A/B  (10/1) 

A5-1 

850  /  40 

PC,  B 

D 

A5-2 

850  /  40 

650  /  60 

PC,  H 

#  All  inttfnediate  traatpwnt*  were  doo*  mdar  1  atBOBphex®  hydcogea. 

*  PC  (fumKW  oool)»ooollng  rata  batwaao  850  to  650  cC  ia  10  oC/ain. 
8  Ptr  X-ray  resultst  A  (al{)ha),  B  (beta)r  D  (delta) 

(10/1)  repraaant  the  relative  intensity  for  eajor  peak 


Table  II  The  hydrogen  oonoentration  of  aa^plea  treated  under 
different  hydrogen  pressure  at  850  oC 


Designa-  Initial 
tinn  wt.  (9B) 

A2-4  1.556 
A3-1  1.252 
A4-1  1.255 
A5-1  1.357 


Height  after 
hydrogenation(gs) 

1.605 

1.292 

1.295 

1.399 


Bydrogvi  content 

(»■)  * 

0.049  3.05 
0.040  3.09 
0.040  3.08 
0.042  3.00 
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Abstract 

A  variety  of  0-/3  type  titaniua  alloys  were  produced  by  the  new  blended  eleaental 
(BE)  ?M  nethod,  in  which  water-quench  stage  is  added  before  final  HIP'ing.  A  fine 
two  phase  aicrostructure  was  obtained  in  near  a  type  all(^.  In  contrast,  in 
highly /3 -stabilized  alloys,  this  nethod  prodi^  a  nassive  grain  boundary  a  phase. 
Tensile,  saooth  axial  hl^  and  low  cycle  fatigue,  and  creq)  tests  were  perfoi^ 
with  enphasis  on  relating  cowpositioiv^processing/wicrostructure  to  these  wechanical 
properties. 


Introduction 

Bloided  elenaital(BE)  titaniun  powder  netallurgyCP/M)  is  considered  to  be  one  of 
the  most  attractive  net  shape  technologiesCl] .  However, nechanical  properties, 
particularly  fatigue  strength,  are  inferior  to  those  of  prealloyed  P/M  and  ingot 
metallurgy  (IM)  materials  due  to  microstructual  formation  of  a -platelet  colonies 
and  a  massive  grain  boundaryCGS)  a  pha5e[2.3].  In  addition,  the  presence  of 
residual  porosity  attributed  to  the  cMoride  salts  inherited  in  the  titanium  powder 
leads  to  a  d^radation  in  fatigue  strength  even  with  chloride  level  as  low  as  0.016 
wt  pct[4].  Therefore,  both  microstructure  modification  and  the  use  of  extra  low 
chlorineCELCL)  powder  are  necessary  to  obtain  better  mechanical  properties. 

The  authors  have  developped  a  microstructure-controllable  new  BE  P/M  method,  in 
which  as-sintered  prefoim  is  aibjected  to  quench  from  the  /3  phase  region.  The  Ti- 
6A1-4V  produced  by  this  new  method  using  ELCL  titanium  powder  ediibited  fine  a-fi 
two  pha^  microstiucture  with  ouch  less  GS  a  phase  and  showed  considerably  higher 
high  cycle  fatigue  strength  over  conventionally  processed  caunterpart[4]. 

Besides  well  known  Ti-6A1-4V.  there  are  other  typ»  of  a-0  alloys  which  are 
superior  in  certain  ^lecific  properties  such  as  high  temperature  capid>ility  and 
fracture-related  properties.  The  aqiplication  of  the  new  BE  P/M  method  to  these 

Titankmi  *92 
ScisnoM  ond  Tsomuiofly 
EdM  fayF.H.  Ffe«  aid  I.CapluB 
Um  Miiwrah,  MtHib  S  MaOrluli  SedWy,  1993 
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alloys  will  produce  alloys  possessing  superior  certain  ^ecific  properties  ccabined 
with  the  i^roveawits  in  other  properties,  particularly  fatigue  strength.  Fm  this 
point  of  view,  a  variety  of  a-fi  alloys  were  produced  rgiplying  this  new  nethod  on 
relating  conposition/processing/nicrostructure  to  aechanical  properties. 


Experinental  procedure 

a-fi  alloys  produced  are  shown  in  Table  1.  0  Ti-5.5Al-3.5Sn-3Zr-0.3Mo-lNb-0.3Si 
(IMI829)  is  an  established,  creep  resistant  near  a  type  alloy,  in  use  as  co^nessor 
disks  and  blades  in  Rolls  Royce  engine[5] .  The  use  tenperature  liait  of  about  600‘C! 
is  the  highest  at  this  nent.  0  Ti-6Al-5Zr-0.9lo-0.25Si(IMI685).  which  is  a  pre¬ 
cursory  alloy  of  IMI829.has  good  cre^  resistance  and  thermal  stability  19  to  about 
520X^  and  is  used  extensively  by  aero-engine  mifactures  in  Europe[6] .  d)  Ti-€Al-2 
Sn-4Zr-2Mo  and  0  Ti-6Al-2Sn-4Zr-afc>-0.1Si  have  reaained  the  nost  widely  used  high 
teiqperature  alloys  with  a  service  tenperature  of  470*0  eqiecially  in  US  nanufac- 
tured  enginesC?].  The  addition  of  Si  was  found  to  significantly  increase  the  creep 
properties.  ®  Ti-6Al-2.7Stt-4Zr-0.4Mo-0.45Si(Ti-1100)  offers  roughly  a  55*0  cre^ 
advmtage  ever  beta  processed  Ti-6242SC8].  ®  Ti-€A1-4V  is  used  as  a  baseline  alloy 
for  coaparison.  0  Ti-5Al-2Cr-lPe  was  developed  in  Japan,  which  possesses  good  heat 
treatoent  reqnnse  and  can  attain  high  strei^  both  at  roon  and  high  temperatures 
[9].  ®  TiH.5Al-SMo-l.5Cr (Corona  5)  is  a  high  strength  alloy  developed  for  appli¬ 
cations  requiring  high  fracture  toughnessClO] .  ®  Ti-5Al-2.5Fe[ll].  which  was 
developed  in  Geraany  for  nedical  plications,  can  be  classified  as  a  noderate  to 
high  strength  alloy  conpar^le  in  nechanical  properties  to  Ti-€A1-4V. 


Processing  stp  are  shown  in  Fig.l.  The  HjCL  titimiun  powder (-100nesh.<)~1800piw0 
were  used.  Alloying  eleoents  were  added  using  waster  alloy  powder.  The  oxygen 
content  of  a  HIP'ed  Ti-6A1-4V  coq»ct  was  2500pia.  The  high  teverature  tensile 
tests  were  perforuied  in  a  vacua  at  a  cross  head  ped  of  O.lat/nin.  The  svoth 
axial  fatigue  tests  were  perforaed  in  air  at  an  R-ratio  of  0.1  in  the  load-control 
pcde  and  a  frequency  of  80Hz.  The  cip  and  strain-controlled  low  cycle  fatigue 
tests  were  done  in  air. 
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Fig.l  -  Processing  steps  for  fai»-ication  of  BE  P/H  titaniua  coapacts. 


Results  and  discussion 


Microstnictures 

Scae  typical  aicrostnictures  of  ELCL  BE  P/U  a-j8  titaniia  alloys  aie  shorn  in  Fig. 
2.  Vhm  these  alloys  were  produced  the  conventional  BE  P/M  lethod,  each  alloy 
displays  a  coarse  colony  ■icrostructure  of  siailarly  aligned  alpha-platelets  with 
■assive  GS  a  phase.  The  new  BE  P/ti  aethod  is  successful!  in  producing  fine  aicro- 
stiuctures.  I^ver,  it  should  be  noted  that  the  d^ree  of  fineness  has  a  d^iien- 
dence  on  alley  co^nsition.  In  all^  sudi  as  @  Ti-SAl-ZCr-lFe.®  Ti-4.5Al-5ilD-1.5 
Cr  and  ®  Ti-5Al-2.5Fe  whidi  contain  higher  aaoints  of  beta-stabilizing  eleaents,  a 
distinct  GB  a  phase  can  be  seen  in  the  aicrostnicture.  In  particular.  Fe-contain- 
ing  alloysCd)  and  ®)  exhibit  very  nssive  GS  a  v^tase  aorphology.  It  is  known 
that  Fe,  Co  and  Ni  have  aore  nq;>id  diffusivities  in  Ti  than  other  /9-stabilizing 
eleaents  such  as  V,  Nb  and  II3C12].  which  aeans  that  the  nucleation  and  growth  kine¬ 
tics  of  the  a  phase  are  faster  in  Fe.Go  and/or  Ni  containing  alloys.  The  existence 
of  Fe  in  the  alloy  constitution  would  therefore  be  reqionsible  for  the  very  aassive 
a  phase  aorphology. 


®  Ti-€Al-2Sh-4Zr-2lb  ®  Ti-1100  ®  Ti-5Al-2Cr-lFe 

Fig.2  -  Microstiuctures  of  a-0  titaniua  alloys  produced  by  conventional  (top 
photographs)  and  new(bottoa  pfaotognqte)  BE  P/M  aetbuds. 

Booa  teaperature  aechanical  properties 

The  roca  teaperature  tensile  properties  of  various  BE  P/M  titaniia  alloys  are 
stanarized  in  Table  1.  Pig.  3  illustrates  te  rslationdi^  between  ultiMte  tensile 
strengthdnS)  and  elongation  for  these  alloys.  It  is  seen  that  the  new  EE  P/K 
aethod  gaierally  leads  to  higher  strength  and  ductility  owsr  those  for  correqxnd- 
ing  conventional  alloys.  It  is  also  sem  that,  irrespective  of  the  fabrication 
aethods.  alloys  which  contain  relatively  higher  /9-stid>ilizing  eleaents  such  as  Ti- 
5Al-2Cr-lFe  possess  a  good  oori>ination  of  strengtti  and  ductility.  Cbntraty  to  this, 
near  a  type  alloys  such  as  IMI829  and  IMI68S  exhibit  considerably  lower  ductility, 
although  higher  tensile  strength  can  be  attained  in  these  alloys. 
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Table  1  -  Sumaiy  of  roca  teiveratuiie  aechanical  properties  of  extra  loir 
chlorine  blended  eleaental  P/M  a-$  titaniun  alloys. 


Alloy 

Method 

o.2«ys 

IPa 

UTS 

iPa 

El 

(X) 

RA 

(X) 

Of  at  10’ 
OPa) 

(i)Ti-5.5Al-3.5Sn-3Zr-0.3 

Conv 

941 

1019 

4 

8 

Mo-lNb-0.3Si{IMI829) 

New 

960 

1039 

9 

23 

HI  Ml'iH 

911 

1550“ 

14 

“24“ 

-0.2581(110685) 

New 

12 

25 

(3)  Ti-6Al-2^4Zr-21b 

Conv 

1  892 

K'i'l 

15 

31 

412 

Nee 

15 

26 

647 

Conv 

1058 

18 

27 

Nee 

1117 

13 

18 

Conv 

i  887 

971 

11 

13 

420 

0.45Si(Ti-1100) 

Nee 

■TOM 

wm 

23 

Ti-<A1-4V 

Conv 

921 

14 

36 

412 

Nee 

862 

951 

15 

42 

588 

Ti-«Al-4V(IiHDt  Met) 

862 

970 

13 

24 

598 

(2)  Ti-5Al-2(i-lfe 

Conv 

941 

1000 

18 

40 

Nee 

951 

1029 

19 

42 

549 

(i)Ti-4.5Al-5llo-1.5Cr 

WK'fJWM 

ITiTM 

(Corona  5) 

Nee  1 

i™ 

549 

882 

KQai 

18 

35 

441 

. . - .  1 

■TiM 

17 

36 

588 

Ultimate  tensile  strength  .  MPa 

Fig.  3  -  Relatiofihip  betneeo  ultiMte  tensile  stiengtiiOfTS)  and  elongation  for 
a-$  titaniUB  alloys  prakeed  by  oonventionaKopen  circles)  and  tm 
(solid  circles)  BE  P4i  ntiiods. 
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Cycles  to  faHure 

Fig. 5  -  SKoth  axial  fatigue  data  lor  (gJTi-SAl-ZCr-lFe  produced  by  new  BE  P/H 
■ethod. 


Fig.4  shows  the  fatigue  test  data  for  (D  Ti-6Al-2.7Sn-4Zr-0.eb-0.45Si(Ti-1100). 

The  new  nthod  resulted  in  a  substantially  ii^mwed  fatigue  strength  in  the  idiole 
cycle  range  with  very  little  scatter  in  test  data.  The  new  Method  also  resulted  in 
an  iaproved  fatigue  strength  in  other  alloys.  However,  a  large  test  data  scatter 
was  observed  especially  in  Fe-oontaining  alleys  such  as  (D  Ti-5Al-2Cr-lFe  and  d)  Ti 
-5Al-2.5Fe  when  produced  by  the  new  Method,  as  shown  in  Fig. 5.  The  concurrent 


observation  of  the  initiation  facet  and  the  underlying  ucrostnictuFeElS]  revealed 
that,  for  ^)eciaens  whose  fatigue  data  lie  in  or  is  close  to  the  loner  bound  of  the 
scatter  band,  the  fatigue  initiation  was  associated  with  the  cracking  along  the 
boundary  between  GB  a  and  an  adjacent  colony. 

Fig. 6  sumarizes  the  relationship  between  fatigue  ratio  S  at  10''  cycle  and  lio  equi¬ 
valent  for  a-/9  alloys.  This  Ifc  equivalent  is  used  as  a  weasure  of  the  d^ree  of 
phase  stability  of  each  alloy[14].  The  S  value  of  the  conventional  alloy 

is  almost  equal  irrespective  of  alloy  coqnsition.  This  constancy  would  stem  from 
the  fact  that  the  colony  size  and  thus  slip  length  is  almost  the  same  in  each  of 
alloys.  On  the  other  hand,  the  S  value  of  the  new  BE  alloy  changes  with  alloy  com¬ 
position.  The  highest  S  values  are  obtained  in  alloys  sudi  as  Ti-€Al-2Sn-4Zr-2Mo 
and  Ti-6A1-4V.  In  alloys  with  higher  beta-stabilizer  contents,  the  new  BE  P/lf 
method  has  only  a  marginal  effect  on  fatigue  strength  due  to  tte  formation  of  the 
microstructural  heterogeniety  such  as  (S  a  phase. 

High  temperature  mechanical  properties  of  near  a  type  BE  P/M  alloys 

It  was  found  that  there  is  a  good  correlation  between  the  UTS  aid  A1  equivalent 
value  for  each  alloy.  As  shown  in  Fig. 7,  the  UTS  at  RT  and  773K(500°C)  increased 
with  increasing  A1  equivalent  value.  The  results  of  creep  tests  done  on  (D  Ti-6A1- 
2Sn-4Zr-2lio(Fig.8)  and  (D  Ti-6Al-4V(Fig.9)  revealed  that  the  fine  a-$  two  phase 
microstructure  produced  by  the  new  P/M  method  exhibites  siqierior  creep  charac¬ 
teristics  over  colony  microstructure  of  conventionally  processed  alloys.  Fig.  10 
shows  strain-controlled,  low  cycle  fatigue  data  for  (t)  Ti-6Al-2Sn-4Zr-2io  tested  at 
500”C.  It  is  obvious  that  the  BE  P/M  alloys  possess  s^ificantly  higher  low  cycle 
fatigue  strength  over  currently  used  Fe-based  heat  resistant  alloys.  It  is  also 
seen  that  the  new  BE  P/H  alloys  have  clear  advantage  in  low  cycle  fatigue  strength 
over  conventional  counterparts.  These  findings  demonstrate  that  the  new  BE  P/M 
method  can  give  rise  to  improved  balance  of  mechanical  properties  .especially  low 
cycle  fatigue  aid  cre^,  ccqared  with  those  for  conventional  BE  P/M  alloys  when 
applied  to  near  a  type  a-/3  alloys. 


Mo  equivalent 


Fig.6  -  Relationship  between  fatigue  ratio  at  10’'  cycle  and  Mo  equivalent  fat 
titaniia  alloys  produced  by  conventional  (open  circles)  and  new(solid 
circles)  BE  P/M  methods. 
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Fig. 7  -  Relationship  between  ITTS  and  A1  equivalent  for  o-/9  alloys  produced  by 
conventional  (opal  circles)  and  new(solid  circles)  P/M  nethods. 


Fig. 8  - 

Creep  data  for  Ti-6Al-ZSn-  /qO 
4Zr-21fo  produced  by  coiv- 
ventionaKopen  circles) 
and  newCsolid  circles)  BE 
P/M  methods. 


100  1000 
Rupture  time,  hr 


Fig.9  - 

Creep  curves  for  Ti-6A1-4V 
produced  by  conventional 
(broken  line)  and  new 
(solid  line)  P/M  methods. 
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Cycles  to  failure 

Fig.  10  -  Law  cycle  fatigue  data  at  77^(500*0  for  Ti-6Al-2Sn-4Zr-2ito  produced  by 
conventional (open  circles)  and  new(solld  circles)  BE  P/M  methods. 

Conclusion 

A  variety  of  titaniiai  alloys  were  produced  by  the  BE  P/M  methods.  Alloy  composition 
was  found  to  have  a  strong  effect  on  the  microstnicture.  In  near  a  type  a-0 
alloys  such  as  Ti-€Al-2Sn-4Zr-2Mo,  the  new  BE  method  created  a  fine  two  phase  micro¬ 
structure  and  resulted  In  an  ioproved  hi^  cycle  fatigue  strength.  In  contrast,  in 
/S-rich  a-0  alloys  such  as  Ti-5Al-Kr-lFe  and  Ti-5Al-2.5Fe,  this  new  method 
produced  a  massive  grain  boundary  alpha(GBa)  phase  and  a  large  scatter  in  fatigue 
test  data.  The  fonetlon  of  GS a  was  more  pronounced  in  Fe-contalnlng  alloys.  The 
lower  fatigie  data  were  associated  with  the  fatigue  crack  initiation  at  the  bounda¬ 
ry  between  GBa  and  adjacent  colony.  High  teverature  mechanical  tests  done  on  near 
a  type  alloys  revealed  that  the  new  BE  P/M  method  can  give  rize  to  improved  cie^ 
resistance  and  low  cycle  fatigue  stretch  over  conventional  BE  P/M  alloys. 
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Abstracts 

Spontaneous  reaction  synthesis  (SRS),  coibustion  synthesis  or  self-propagating  high 
teaperature  synthesis  (SHS)  has  been  well  known  as  a  kind  of  novel,  rapid  and  less 
contaainative  aodern  technique  used  to  fabricating  Ti-Ni  shape  aeaory  alloy.  Soae 
previous  researches  proved  that  the  cbeaical  coapositions  and  properties  of  SMA  can 
be  precisely  controlled  by  this  way  (1,2, 3, 4). 

in  this  paper,  we  investigated  to  synthesize  Ti  jgg_^  Ni  Co  (  x=  49.8  ~  50.2, 
y=  0,5,10  )  ternary  SMA  by  the  siailar  exotheraic  reaction; 

(lOO-x)Ti  ♦  (x-y)Ni  +  y  Cu  -♦  Ti  Ni  y 

A  special  coabination  type  reactor  has  been  designed  in  this  investigation.  So,  the 
conpacted  pi  1  lari  ike  reactant  of  aixed  powders  once  ignited  by  a  heating  coil  in  SRS 
area  and  rapidly  becaae  aelting  product  which  could  be  inaediately  shifted  to  hot 
extrusion  foraing  (HEF)  area  in  the  saae  reactor  and  was  forged  through  a  hot 
extrusion  die  to  becoaing  ingot.  Then,  the  ingot  was  conducted  by  a  sequent 
conventional  aaterials  processing:  hot  swaging,  cold  drawing,  hot  rolling,  cold 
rolling  and  adequate  heat  treataent  becaae  wire  or  plate  type  products. 

All  these  SRS  HEF  SNA  products  reveal  excellent  shape  aeaory  effect  (SME), 
pseudoelasticity  (PE)  and  daaping  capacity  which  have  been  proven  by  a  series  of 
aaterial  inspection  and  testing.  It  is  aean  that  the  SRS  *  HEF  technique  is  really  a 
convenient  and  effective  producting  aethod  to  Ti-Ni-Cu  SNA. 
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introduction 


Near  equiatoaic  Ti-\'i  shape  aeiory  alloy  is  a  very  interesting  and  versatile  aaterial, 
because  it  siaultaneously  has  soie  very  practical  characteristics, ie,  high  strength, 
fair  ductility,  good  corrosion  resistance,  high  daaping  capacity,  pseudoelasticity  ( 
due  to  stress  induced  aartensitic  tranforaation  )and  shape  aeaory  effect  (  due  to 
theraal  elastic  aartensitic  transforaation),  aore  and  aore  applications  of  this  alloy 
have  been  developed  continuously. Botever,  conventional  vacuua  aelting  aethod  of 
producting  Ti-Xi  SKA  usually  gives  poor  reproductivity,  and  is  easily  to  be 
contaainated  by  iapurity  eleaents,  oxygen  and  carbon  which  aost  coae  froa  crucible 
during  aelting  process.  These  not  only  degrade  the  properties  of  the  aaterial  but 
also  result  in  the  shift  of  aartensitic  transforaation  teaperature  (about  10°C/0.1 
atoaic  percent)  [S],  It  is  the  reason  why  we  want  to  develop  the  process  of 
spontaneous  reaction  synthesis  (SBS)  in  the  controlled  ataospheres  to  product  Ti-Ni 
SKA.  The  crucibleless  feature  of  SBS  can  prevent  aost  contaaination  probleas  and  the 
powder  aetallurgy  procedure  of  SRS  lets  the  preparation  of  alloy’s  coaponents  easier. 
Those  are  very  helpful  to  obtaining  aore  unifora  and  controlled  cheaical  coapositions, 
specially  in  the  aore  coaplicated  ternary  SMA  Otherwise,  the  priaary  product  after 
SRS  is  porous,  necessitating  subsequent  reaelting  in  a  VAR  furnace  which  is  a  rather 
expensive  facility  coaparing  with  the  SRS  reactor.  For  the  cost  down  and  the 
procedure  siaplify  reasons,  a  coabination  type  reactor  was  designed  by  os. There  are 
two  aajor  parts  inside  the  reactor  chaaber,  as  shown  in  the  Figure  1  ,  right  side  is 
the  RSR  area  and  left  side  is  the  hot  extrusion  foraing  (BEF)  area.  At  first,  the 
coapacted  pi  I  lari  ike  reactant  of  aixed  powders  was  put  in  SRS  area  and  preheated, then 
was  ignited  by  a  heating  coil,  SRS  reaction  occnred  rapidly  and  violently,  as  the 
reacted  product  still  keeping  in  aelting  condition,  it  was  shifted  to  BEF  area  and 
was  forged  through  a  hot  extrusion  die  iaaediately.  So,  re  coaid  effectively  vanish 
aost  porosities  and  get  a  approach  theoretic  density  ingot. 

Sequentially,  we  tried  to  deaostrate  whether  the  SRS  +  BEFed  ingots  can  be  readily 
fabricated  into  the  final  alloy  products  which  possessing  expected  SHE,  PE  and  high 
daaping  capacity  characteristics.  Otherwise,  we  want  to  know  except  Ti-Xi  binary  SMA 
if  the  Ti-Xi-Cu  ternary  SMA  also  can  be  successfully  fabricated  by  this  SRS  +  HEF’s 
aethod. 


Experiaental  Procedure 

The  powders  used  in  this  investigation  were  99. 5S  purities  titaniua  powder  (below  100 
aicrons),  99.9%  purities  nickel  powder  (below  10  aicrons)  and  99. 5S  purities  copper 
power  (below  80  aicrons).  The  powders  were  blended  at  Ti  Xi  Cu  (x=49.8~ 
50.2,  y=0,5,10)  stoichioietry  and  subsequently  tuabled  tnwoughly  in  a  cylindrical 
container  to  achieve  hoiogeneity  using  a  aechanical  shaker,  then,  pressed  into  pillar 
shape  by  CIP.  Each  pillarlike  pellet  weighed  approxiaately  300g  with  a  green  density 
65±3%.  The  pellets  were  put  in  the  SRS  area  of  special  designed  coabination  type 
reactor  and  preheated  to  50(K~70(fC  under  argon  ataospheres,  then  ignited  by  a  IIOOIC 
aolybdenua  spiral.  After  violent  reaction,  the  aelting  pellet  was  shifted 
iaaediately  to  the  BEF  area  of  reactor  and  forged  through  a  hot  extrusion  die  becaae 
ingot.  Scheaatic  representation  of  the  all  procedures  of  this  SRS  +  BEF’s  aethod  is 
shown  in  the  Figure  2.  The  ingots  were  taken  out  the  reactor  chaaber  and  conducted  by 
a  sequent  conventional  aaterials  processing;  hot  swaging,  cold  drawing,  hot  rolling, 
cold  rolling  and  adequate  heat  treating  becaae  wire  or  plate  type  final  products. 
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Differential  Thermal  Analyzer  (DTA)  and  Differential  Scanning  Calorimeter  (SDC)  were 
used  to  measure  the  transformation  temperatures  and  reacting  energy  of  the  SSA 
products.  The  shape  memory  effect  (SHE)  of  SMA  products  was  compared  by  a  bending 
test  as  shown  in  the  Figure  4  and  the  pseudoelasticity  (PE)  of  SNA  products  was 
compared  by  a  three  points  bending  test  as  shown  in  the  Figure  5  .  In  addition,  we 
used  internal  friction  measuring  equipment  by  inversed  pendulum  method  and 
accelerator  and  oscilloscopes  by  timing  logarithmic  decreasement  method  to  measure 
the  damping  capacity  of  SNA  products. 


Results  and  Discussion 


SRS  and  HEF  procedure 

The  preheating  temperature  of  pellets  before  SRS  had  better  be  set  up  as  high  as 
possible,  so  that,  the  pellets  can  be  thoroughly  melted  after  SRS  and  let  us  have 
enough  time  to  complete  the  HEF  procedure  in  the  latter  step.  Otherwise,  the  SRS 
reaction  might  be  interrupted  and  the  semi-melted  products  are  not  easily  be  pressed 
through  the  hot  extrusion  die.  According  to  the  DTA  chart,  the  reasonable  preheating 
temperature  to  different  composition’s  SMA  have  been  found  out,  e.g.  600T  to  near 
equiatomic  Ti-Ni  SMA,  SStTC  to  Ti  rich  Ti-Ni  SMA  and  650°C~70(PC  to  Ti-Ni-Cu  series 
SMA. 

Alloy  Properties 

Martensitic  Transformation  Temperatures.  Under  the  same  composition  condition,  we 
found  the  martensitic  transformation  temperature  of  SNA  by  SRS  method  is  higher  than 
that  of  SMA  by  conventional  vacuum  melting  method  about  lO’t},  as  Figure  3  shown.  le 
believe  that  the  lower  temperature  rapid  reaction  and  crucibleless  process  of  SRS 
make  the  contamination  chance  of  SNA  much  lover  than  the  conventional  vaccum  melting 
method  and  result  in  the  increase  of  martensitic  transformation  temperature. 

Shape  Memory  Effect  (SME).  The  results  of  shape  memory  effect  of  Ti5oK'5pJi5oAi^5Cu5 
and  Ti5o!*'‘40^"lO  **7  bending  test  are  shown  in  Figure  4.  All  of  tn^ose  exhibit 
good  enough  SMt. 

Pseudoelastisity  (PE).  After  25*,  35*  and  45*  cold  drawing  and  subsequent  fix 
feature  heat  treatment  at  4(Xrc  for  one  hour,  the  Ti^g  8^*45  drawn  to 
0.018"  diameter  wires  which  can  be  used  as  orthodontic  arch.  The  results  of  the 
three  points  bending  test  are  shown  in  Figure  5,  these  arches  exhibit  three 
different  loading  value  pseudoelasticity  corves:  soft,  medium  and  hard,  all  reveal 
excellent  PE  characteristics. 

Damping  Capacity.  One  set  of  the  results  of  internal  friction  and  timing 

logarithmic  decreasement  damping  measurement  of  Ti^g  gNiu  2  shown  in 

Figure  6.  The  alloy  exhibits  high  damping  capacity  specially  around  its  martensitic 
phase  transformation  temperature.  The  similar  results  also  present  in  the  J'5Q‘'*‘45‘'"5 
and  TijQNi^QCujQ  alloy's  cases.  le  believe  that  the  very  high  density  of 
aatensitic  twin  interfaces  exsisting  inside  the  SNA  and  the  large  hysteresis  loss 
between  parent  and  martensite  phases  when  interfaces  moving  both  result  in  the  high 
damping  capacity  of  SNA. 
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Conclusions 


The  SRS  +  HEF  technique  has  been  proven  as  a  very  convinient  and  effective  producting 
■ethod  to  Ti-Si  SNA  even  Ti-Mi-Cu  ternary  SNA.  All  of  the  SNA  products  reveal 
expected  excellent  9IE,  PC  and  high  daiping  capacity. 
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Figure  1.  The  specially  designed  coibinational  type  reactor.  Right  side:  RSR  area. 
Left  side;  HEF  area. 


Figure  3.  Conparision  of  the  change  of  nartensitic  transforaation  teaperatures  of  SNA 
with  titaniua  contents  between  SRS  procedure  and  VAR  procedure. 
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SME  test  of  Ti-Ni  SMA  wires: 
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(a)  Schesatic  representation  of  the  bending  test  used  to  seasure 
the  shape  neiory  effect. 

(b)  The  results  of  shape  aeaory  effect  test. 
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Figure  6.  (a)Schentic  representation  of  internal  friction  and  tiling  logarithiic 
decreaseaent  daiping  aeasareient  of  Ti^g  gNigg  2  alloy. 

(b)The  results  of  daiping  leasureient. 


NANOSTRUCTURE  FORMATION 


IN  A  MECHANICALLY  AUOYED  TI-24AI-11Nb  ALLOY 


GUO-HAO  CHEN,  C.SURYANARAYANA  AND  F.H.(SAM)  FROES 


Institute  for  Materials  artd  Advanced  Processes 
University  of  Idaho 
Moscow,  ID  8^43-4196  (U.S.A.) 


Abstract 


Mechanical  alloying  of  the  Ti-24AI-11Nb(at%|  alloy  has  been  carried  out  on  both 
blended  elemerttal  and  praalloyed  powders  and  the  structural  evolution  has  been 
investigated  as  a  function  of  miliir)g  time  using  x-ray  diffraction  and  transmission 
electron  microscopy  techniques.  During  the  early  stages  of  milling  the  blended 
elemental  powder  fornted  a  titanium(hcp)  solid  solution,  which  was  followed  by  the 
partial  formation  of  a  B2(bcc)  phase  and  an  amorphous  phase,  and  finally  only  an 
fee  phase  was  present  after  continued  milling.  The  praalloyed  powder  which 
consisted  entirely  of  the  B2(bcc)  phase  in  the  as-recehmd  condition  transformed 
completely  into  an  amorphous  phase  and  then  totally  to  an  fee  phase  with 
increasing  milling  time.  Formation  of  nanostructure  grains  was  observed  in  both  the 
types  of  powder. 


IntrwJugtlQn 

Recently  there  have  been  a  number  of  investigations  on  the  structure  and 
properties  of  nanocrystalline  materials  (1.2],  which  are  polycrystaHine  materials 
with  a  grain  size  of  typically  10-100  ran  (1  nm  -  10*  m ).  Because  of  the  fineness 
of  the  grain  size,  a  large  fraction  of  the  atoms  resides  in  the  grain  boundaries  and 
confer  beneficial  properties  on  these  ntaterials.  Two  important  consequences  of  the 
small  grain  size  of  the  nanocrystalline  materials  are  (a)  enhanced  strength  due  to 
the  Hall-Patch  effect,  at  least  down  to  a  critical  size  below  which  dislocstion 
mobility  is  greatly  retarded,  and  (b)  an  increase  in  elevated  temperature 
deformation  rate  (by  Coble  diffusionai  creep),  due  to  the  decreased  grain  size  and 
increased  grein  boundary  diffusivity.  Thus,  in  cofnpwlson  with  a  conventional 
polycrystalline  material,  nanocrystalline  materials  are  expectad  to  plastically  deform 
more  easily  even  at  low  temperatures. 

Mechanical  alloying  (MA)  was  developed  during  the  late  sixties  and  has  been 
used  to  produce  several  commercM  nicitel-  and  iron-base  oxWe-disperskm- 
strengthened  alloys  (3,4).  Recently,  the  appHcation  of  the  technique  hu  been 
extended  to  the  synthesis  of  a  vartety  of  equilibrium  and  non-equilibrium  phases 
in  a  number  of  all^  systems,  particulariy  those  based  on  aluminum  and  titanium 
[5-7].  It  has  been  shown  clearly  that  during  MA  the  grain  size  decreases 
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continuously  with  miHIng  time  reaching  nanometer  levels  [8,91.  indicating  that  MA 
is  an  effective  method  of  producing  nanometer-sized  grains. 

Titanium  ahimMdes  (both  Oj-l^AI  and  r^TlAi)  are  ettractive  structural 
materials  in  the  aerospace  btdustry  due  to  their  low  density,  high  specific  strength, 
elevated  temperature  svength  and  modulus  retention,  and  excellent  creep 
resistance  [10,11].  However,  a  serious  handicap  in  using  these  intarmetaWcs  is 
their  generally  low  ambient  temperature  ductility.  Refinemerrt  of  grain  size,  addition 
of  ternary/quattmary  alloying  alemonts,  and  innovative  heat  traatmentt  have  been 
used  to  increase  the  ductility.  Amortgst  these  approaches,  addition  of  aUoyirtg 
elements,  particulariy  of  niobium,  has  proven  to  be  beneficial.  Niobium  produces 
the  B2  phase  having  an  ordered  bcc(CsCI-type)  structure  and  irrcreases  the 
ductility  due  to  an  increased  number  of  slip  systems.  Accordktgiy,  there  heve  been 
several  investigations  in  recent  years  to  (Mne  the  constitution,  microstructure  and 
properties  of  ternary  Ti-AI-Nb  alloys  (1 2-1 5]. 

Since  MA  is  known  to  produce  nanometer-sized  grains,  if  the  B2  phase  can  be 
synthesized  in  Ti-AI-Nb  alloys  by  MA,  than  potentially  these  two  effects  can  be 
used  together  to  maximize  ductility.  The  present  paper  reports  on  the  structural 
evolution  and  synthesis  of  rwnostructures  in  biencM  eiemental  aixl  preaUoyed 
ternary  Ti-AI-Nb  alloys  by  MA. 


Titanium(-100  mesh,  >99.4%  pure),  alumimjm(-100  mesh,  >99.7%  pure), 
and  niobium(-20  mesh,  >99%  pure)  were  mixed  to  yield  an  average  starting 
composition  corresponding  to  Ti-24st%AI-1 1st%Nb.  (This  composition  will  be 
referred  to  as  Ti-24-1 1 ).  Prealloyed  Ti-24-1 1  powderd  50  pm  average  diameter) 
rapidly  solidified  by  the  Plasma  Rotating  Electrode  Process(PREP)  was  also  used 
in  this  investigation. 

Mechanical  alloying  was  carried  out  at  room  temperature  in  a  Spex  80(X)  mixer 
mill  for  times  up  to  24  h.  Th9  grindirrg  medium  was  hardened  52100  steel  balls  of 
diameter  3/16  in.  and  the  powder-to-lMlI  weight  ratio  was  always  maintained  at 
1:10.  About  2  wt%  stearic  add  was  used  es  a  process  control  agent.  Forced  air 
cooling  during  milling  prevented  excessiva  temperature  rise  of  the  powder. 

A  small  quantity  of  the  mechanically  alloyed  powder  was  removed  from  the 
canister  periodically  and  the  structure  evolution  was  examined  by  x-ray  diffraction 
using  Cu  Ka  radiation  at  40  kV  end  15  mA  settings  in  a  Philips  x-ray 
diffractometer.  The  phases  present  were  identified  by  comparing  the  peak 
positions  and  intensities  with  those  listed  in  the  JCPDS  files.  The  mechanically 
alloyed  powder  was  also  examined  in  a  trartsmission  electron  microscope(TCM). 
Powders  were  heat  treated  in  glass  tubes  sealed  under  vacuum  and  the  phase 
changes  were  followed  using  the  x-ray  diffraction  and  TEM  te^miques. 


The  results  obtained  will  be  presented  under  the  two  categories  of  blended 
elemental  and  praalloyed  mattrial. 

Blended  Elemental  Tt-24-1 1 

Fig.  1  shows  the  x-ray  diffraction  patterns  of  the  blended  ^emental  (BE) 
Ti-AI-Nb  powders  as  a  function  of  time.  In  the  as-mixed  condition  the  pealu  due 
to  o-Ti  (hep),  Al  (fee)  and  Nb  (bcc)  with  the  expected  lettice  parameters 
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present.  With  increasino  mWirHi  time  the  peeks  broaden  and  their  intensities 
decrease.  In  addition,  aHoying  takes  place  leading  to  the  formation  of  some 
stable  af¥f  metaataMe  phases.  After  3  h  of  milling,  the  TKAI)  (hep)  solid 
solution  rn(AI).^]  and  tha  B2  (bcc)  phase  with  a  >  0.330  nm  were  obswved. 
Continued  milling  led  to  the  formation  of  a  mixture  of  amorphous  end  fbc  phases, 
and  the  end  product  of  mWing  beyond  23  h  was  only  the  fee  phase  with  a  « 
0.421  nm.  Thus,  the  sequence  of  phases  formed  with  mMing  time  can  be 
summarized  as: 


BE  (Ti-i-AI-t-NbI — >TKAIU4-B2 — >Ti<AIU«B2-^foe — >Ain-^«ce~>llGe 


The  crystal  size  of  the  powder  as  a  function  of  milling  time  was  evaluated 
from  the  broadening  of  the  x-ray  reflections  using  tha  Scherrer  formula  (161. 

Fig.  2  shows  a  plot  obtained  for  both  66  and  praalleyedTi-24-11.  Vakias  for  pure 
titanium  are  also  shown  for  comparison.  The  crystal  size  decreases  exponentially 
with  milling  time  and  reaches  nanometsr  levels  in  about  10  h.  A  transmission 
electron  micro-graph  showing  the  nwwstructure  formation  In  BE  TI-24'1 1  can  be 
seen  in  Fig.  3;  the  crystal  size  is  rtmut  15  nm. 

NS 


-a-  PA 

n 


Hg.  3.  Twniwliilni  tlniiwi  Mtaro* 
TI-a4AI>11Nb  afMr  14ti  MA. 


m 


Prealloved  11-24-11 

Fig.  4  shows  the  x-ray  diffractkm  patterns  of  prealloyed  (PA)  Ti-24-1 1  as  a 
function  of  milling  time.  Tfw  as-received  powder  Iws  a  B2  (bcc)  structure  with  a 
=  0.324  nm.  The  powder  contained  predominantly  the  amorphous  phase,  with  a 
small  amount  of  the  B2  phase,  after  l  h  of  milling.  A  fully  amorphous  phase  was 
obtained  after  S  h  of  milling;  confirmed  by  electron  diffraction  (Fig.  5).  With  further 
milling  time,  the  amorphous  phase  eventually  transformed  fully  to  an  fee  phase 
with  a  s  0.423  nm.  The  gradual  reduction  in  crystal  size  with  milling  time  for  the 
PA  Ti-24-1 1  is  shown  in  Fig.  2.  Hie  phases  formed  in  the  PA  Ti-24-1 1  can  thus 
be  summarized  as: 


PA  (Ti-24-11)B2  -->  Am -->  fee 


niif*itf**in 

Clear  differences  have  been  noted  in  the  structural  evolution  in  the  BE  and  PA 
Tt-24-1 1  powders.  These  differences  pertain  essentially  to  the  nature  of  phases 
produced  and  the  times  required  for  their  formation.  However,  the  end  product  in 
both  cases  is  the  fee  phase. 

Mechanical  alloying  is  a  solid-state  process  involving  repeated  fracture,  cold 
welding  and  further  fragmentation.  Due  to  the  heavy  deformation  involved,  the 
powder  particles  form  lamellae  with  a  small  interlamellar  spacing  and  thus  the 
diffusion  distances  are  significantiy  reduced.  This,  coupled  with  the  high  diffusivity 
due  to  the  presence  of  crystalline  defects,  facilitates  alloy  formation. 

The  Ti-AI-Nb  ternary  equilibrium  diagram  indicates  that  B2  is  the  equilibrium 
phase  in  the  composition  range  of  interest  [12].  Thus,  the  prealloyed  powder 
shows  the  presence  of  only  the  B2  phase  in  the  as-received  condition.  However, 
in  the  BE  powder,  the  TifAII  or  perhaps  TKAl.Nb)  solid  solution  forms  In  the  early 
stages  of  milling.  This  and  the  B2  phase  were  observed  after  3  h.  But  100% 
conversion  to  the  B2  phase  did  not  occur  even  after  milling  for  longer  times, 
perhaps  due  to  the  slow  kinetics  of  the  B2  phase  formation.  Continued  milling  of 
the  BE  material,  to  total  10  h,  resulted  in  the  formation  of  a  mixture  of  three 
phases:  Tl(AI),^.,  B2  and  fee,  suggesting  that  the  solid  solution  has  probably 
partially  transformed  into  the  fee  phase.  Further  milling  to  total  14  h  led  to  the 
amorphization  of  the  B2  phase,  and  the  preexisting  Ti(AI)„.  has  now  completely 
transformed  into  the  fee  phase.  In  contrast,  the  B2  phase  of  the  as-received  PA  T>- 
24-11  directly  transformed  fully  into  the  amorphous  phase  after  5  h  of  milling.  The 
amorphous  phase  in  both  the  K  and  PA  cases  transformed  into  the  fee  phase  on 
continued  milling.  Thus,  the  phase  observed  at  the  last  stages  of  milling  (14  h  in 
PA  and  23  h  in  BE  powders)  Is  foe. 

Since  the  B2  phase  in  Ti-AI-Nb  alloys  is  known  to  confer  ductility  to  Ti-24'1 1 
type  alloys  (171,  it  is  significant  ttiat  we  have  synthesized  this  phase  by 
mechanical  alloying  starting  from  elemental  powders.  The  B2  phase  has  a  CsCI- 
type  ordered  structure.  In  which  the  Ti  atoms  are  at  the  cube  comers  of  the  bcc 
unit  cell,  while  the  (AI-i-Nb)  average  atom  occupias  tha  body-centered  position. 
Since  the  atomic  scattering  factor  of  titanium  is  very  close  to  that  of  the  average 
(AI-fNb)  atom,  the  suparlattice  reflections  of  the  B2  phase  (those  for  which 
h+k  +  l  is  odd)  cannot  be  observed  in  the  X-ray  diffraction  patterns.  Neutron 
scattering  experiments,  currently  under  progress,  will  confirm  whether  the  B2 
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phase  produced  by  MA  is  in  the  disordered  or  in  the  ordered  state. 

From  the  phase  formation  sequence  in  both  the  BE  and  PA  powders,  it 
appears  that  the  B2  phase  becomes  amorphized  with  subsequent  transformation 
into  an  fee  phase.  It  also  appears  that  in  the  BE  powders,  Ti,  Ai  and  Nb  alloy 
together  to  form  a  solid  solution  with  a  hep  structure  which  also  subsequently 
transforms  into  the  fee  phase.  Thus,  the  fee  phase  can  form  either  by  the 
transformation  of  the  hep  phase  (perhaps  due  to  introduction  of  stacking  fdultsl 
or  by  crystallization  of  the  amorphous  phase.  The  lattice  parameter  of  this  fee 
phase  remains  constant  and  does  not  change  either  with  the  alloy  composition  or 
time  of  miliing  and  has  been  found  to  be  extremely  stable.  Even  after  annealing 
the  powder  containing  the  fee  phase  for  one  month  at  OOOfiC,  the  fee  phase  was 
stiil  present  without  any  change  in  the  lattice  parameter  and  without  decomposing 
into  any  other  phase(s). 

The  high  thermai  "stabiiity*  of  the  fee  phase  suggests  that  this  phase  is 
probably  formed  and  stabilized  by  impurity  elements,  e.g.  nitrogen.  An  earlier 
investigation  [18]  suggested  that  the  fee  phase  in  mechanically  alloyed  Ti-AI  alloys 
could  be  titanium  nitride.  However,  the  nitrogen  content  in  our  powders  has  been 
analyzed  to  contain  a  maximum  of  5  wt%,  even  at  the  longest  milling  times,  when 
the  powder  was  loaded  into  the  canister  in  air,  and  much  less  (0.3  wt%)  when  the 
pov^er  was  loaded  into  the  canister  in  a  glove  box  under  a  protective  argon 
atmosphere.  Complete  conversion  to  the  fee  phase  was  observed  to  form  in  both 
the  cases.  If  TiN  or  (Ti,AI)N  were  present  It  would  be  anticipated  that  the  nitrogen 
content  would  be  at  least  11wt%,  which  is  not  compatible  with  our  results. 
Clearly  further  investigations  of  this  phase  are  necessary. 

Irrespective  of  the  origins  of  the  formation  of  the  fee  phase,  it  is  important  to 
note  that  we  achieved  our  goal  of  nanostructure  synthesis  in  this  alloy.  A  similar 
result,  based  on  x-ray  diffraction  data  alone,  was  alro  reported  earlier  [19].  The  62 
and  the  fee  phases  in  both  the  BE  and  PA  powders  had  a  grain  size  of  only  a  few 
nanometers  although  with  increasing  milling  time,  this  B2  phase  transformed  into 
an  anrrarphous  phase  and  eventually  to  an  fee  phase.  By  stopping  the  milling  at  an 
appropriate  time,  the  nanocrystaiHne  B2  phaM  can  be  produced  by  mechanical 
alloying  starting  from  either  BE  or  PA  powders.  By  optimizing  the  composition,  e.g. 
Ti-25AI-25Nb,  it  was  possible  to  get  100%  of  the  B2  phase  (20).  Such  an  alloy 
is  expected  to  show  much  higher  ductilities  than  obtairred  in  this  alloy  class  to  date 
when  processed  by  conventional  techniques,  and  work  is  now  being  corxlucted  to 
verity  this  assumption.  If  the  fee  phase  observed  In  this  alloy  is  not  a  nitride.  It 
may  also  have  good  ductility  since  it  is  cubic  and  it  has  nanometer-sized  grains. 
This  is  yet  another  avenue  for  profitable  exploitation. 

Based  on  the  results  presented  above,  the  fdilowing  corwhjsions  can  be  dravwi: 

1 .  Mechanical  alloying  of  blended  elementai  'n'24AI-1  INb  powders  led  initially 
te  the  formation  of  a  solid  solution,  partial  formation  of  a  B2  (bcc)  phase,  an 
anrarphous  phase,  and  at  stHI  longer  times  fully  an  fee  phase. 

2.  Mechanical  alloying  of  prealloyed  TI-24AI-1 1  Nb  powder, which  started  with 
the  B2  structure,  amorphized  completeiy  and  then  transformed  totally  to  an  fee 
phase. 

3.  The  B2  arxi  fee  phases  produced  had  a  nanometer-size  grain  structure. 
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COMPLEX  PROCESSING  OP  LOW-GRADE  SPONGY  TITANIUM 


INTO  HIGH  EFFECTIVE  POWDERY  HIODUCTS 


V.S«Ustinov,V,M.Anokhin,V.V.Voleinik, 
V,A,Drozdenko,V.M.Prozorov 
Titanium  Institute,  Ukraine 


Abstract 

Titanium  Institute  has  developed  the  complex  system  of  low-gra¬ 
de  spongy  titanium  processing  into  the  powder  products  based 
on  two  technologies:  electrolysis  with  the  soluble  anode  and 
mechanochemical  grinding.  Articles  manufactured  of  electrolytic 
and  mechanochemical  powders  are  characterized  by  high  strengtl^ 
corrosive  resistance,  can  be  welded  and  treated  on  machine 
tools  and  are  biologically  neutral. 


Introduction 


V/hen  produci^  spongy  titanium  by  magnesium-thermic  reduction 
the  substantial  part  in  the  product  is  composed  by  the  low- 
grade  material,  which  is  unfit  by  its  properties  to  using  in 
the  charge  for  melting  the  ingots  of  production  alloys.This 
low-grade  spongy  titanium  is  used  at  present  mainly  in  ferrous 
metallui-gy  for  alloying  and  deoxydation  of  steel  and  melting 
high-percent  ferrotitanlum  parallel  with  off -grade  waste  of 
titanium  alloys.  Such  use  of  the  product,  in  v^ch  the  content 
of  titanium  makes  up  96-98^,  oannot  be  recognized  as  effective. 
Titanium  Institute  has  developed  and  successfully  uses  at  the 
pilot  metallurgical  plants  the  complex  system  of  processing 
this  product  into  titanium  powders,  powders  of  refractory  tita¬ 
nium  compounds  and  their  products,  said  system  being  based  on 
three  original  technologies:  electrolytic  refining,  meohano- 
ohemical  grinding,  plasma  method.  There  can  also  be  used  the 
technology  of  hydrogenation-grinding-dehydrogenation  which  al¬ 
lows  to  convert  the  excess  quantities  of  the  most  large-sized 
fractions  of  spongy  titanium. 

Electrolysis  with  soluble  anode 

The  initial  material  is  divided  into  3  fractions:  -70+25; -25+5 
and  -5  mm.  The  basic  method  of  processing  -70+25  mm  and  -25+5 
mm  fraction  of  spongy  titanium  is  electrolysis.  The  process  is 


Th, 


TitaniMKVZ 
Sctano,  ond  iMhidegy 
EdHid  by  F.H.  Tnm  and  I.  Caplan 
Mkwnib,  MmohaAtelwIab  SeeWy,  1993 

fll 


carried  out  at  9$ 3-1^53  K  in  the  molten  mlxtureB  of  sodium  and 
potassium  chlorides  containing  1. 4-2*8%  of  dissolved  titanium 
in  the  form  of  titanium  dichlorlde  and  titanium  trichloride. 
Blectrolysls  followed  by  grinding  cathode  precipitate  con¬ 
sisting  of  crystalline  titanium  aggregaticns  and  solidified 
electrolyte  (about  50^  by  mass),  its  leaching  in  the  solutions 
of  hydrochloric  acid,  washing  from  salts  residues  with  water* 
additional  disintegration  in  titanium  mills,  wet  soreening^and 
completed  with  drying  the  powders  more  coarse  than  0.16  mm  and 
packing  the  products. 

The  technology  of  electrolysis  developed  in  the  late  sixties 
and  in  the  early  seventies  (l)  was  subsequently  improved  on  the 
base  of  using  the  principles  of  developed  process  of  the  volu- 
metrical  electrochemical  refining  (2),  that  allowed  v/ithout  the 
supplementary  expenditures  to  increase  the  output  of  electroly¬ 
tic  cell  and  the  quality  of  products  even  when  using  for  pre¬ 
paration  of  electrolyte  the  crude  salt  instead  of  hi^-purity 
salt  used  before. 

Initially  during  assembly  of  the  electrolytic  cell,  spongy  tita¬ 
nium  of  -70-I-25  mm  fraction  is  charged  into  the  anode  containers 
while  the  material  of  -25+5  mm  fraction  is  charged  once  a  day 
in  the  course  of  electrolysis.  Usually  when  the  duration  of  eye 
lie  process  is  90-120  days  mass  relation  of  two  said  fractions 
after  electrolytic  refining  makes  up  from  1:2  to  1:3*  At  the 
relation  1:2  in  the  raw  material  part  of  coarse  -70f25  mm  frac¬ 
tion  is  processed  by  hydrogenation* 

Mechanical  processing 

The  process  of  mechanochemioal  processing  of  low-grade  spongy 
titanium  of  less  than  -5  mm  fraction  is  based  on  the  presenta¬ 
tion  of  spongy  titanium  as  the  product  of  "incomplete  sintering" 
of  the  particles  formed  during  magnesium-thermic  reducticn  of 
titanium  tetracUoride*  In  order  to  separate  ferric  inclusions 
there  are  introduced  into  the  system  the  operations  of  magnetic 
separation  and  acidic  treatment  at  333  K  in  1%  or  3%  solutions 
of  hydrochloric  acid,  classification,  re-grinding  of  -1  mm 
fraction  in  the  ball  mills  and  division  into  narrow  fractions. 
The  technology  is  economically  effective,  without  waste  and 
low-power  intensive  (3). 

Properties  of  powders 

Table  I  reveals  the  content  of  the  major  impurities  in  electro¬ 
lytic  and  mechanochemioal  titanium  powders.  Hardness  index  is 
established  only  for  coarse  and  average  electrolytic  powders 
(not  more  than  100-133  HB)  and  for  higher  grades  of  coarse  and 
average  mechanochemioal  powders  (up  to  180  HB).  Besides  that, 
in  the  electrolytic  powders  there  is  limited  the  content  of  si¬ 
licon  (up  to  0.02-0.04%),  carbon  (up  to  0.01-0.03%),  while  in 
mechanochemlcal  ones  -  hydrogen  (up  to  0.1 -0.9%). 

Some  technological  properties  of  mechanochemioal  and  electroly¬ 
tic  powders  of  -0.63+0.18  and  -0.18  mm  fraction  that  are  basi¬ 
cally  used  when  producing  structural  articles  are  presented  in 
Table  II. 
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Table  II  Powders  Tecbnologloal  Properties 


Fraction 

Powder  Apparent 

Tap 

Plow 

Specific 

mm 

type  density 

density 

s 

surface 

m2/2 

g/om3 

g/  cm3 

Meohano-  0,75-1.20 

0,80-1.40 

none 

0.05-0.07 

-0.63 

chemical 

+0.18 

Eleotroly- 

tical  1.40-1.70 

1.60-1.95 

none 

0.03-0.05 

Mechano-  0,70-1.10 

0.80-1,50 

none 

0.15-0.21 

-0.18 

chemical 

Electroly- 

tioal  1.75-1.80 

1.75-2.00 

37-40 

0.12-0.17 

Bulk  density,  density  of  shakii^  and  flowablllty  are  Increased 
by  6-15^  If  the  powder  was  subjected  to  additional  disintegra¬ 
tion  or  spiiming  in  the  ball  mill  (4)» 

Electrolytic  powders  are  the  most  qualitative  of  all  titanium 
powders;  they  possess  the  greatest  ductility,  are  characterized 
by  lower  shrinkage  during  sintering  and  allow  to  produce  more 
dense  products*  By  their  mechanical  properties  and  chemical 
composition  they  are  close  to  the  high-grade  spongy  titanium. 

Application  of  powders 


Production  of  st^otural  parts.  Properties  of  the  parts  manu- 
faotured  of  electrolytic  powders  are  close  to  the  properties 
of  the  parts  of  cast  metal  of  BTl-0  grade.  Breakl^  strength 
limit  makes  up  350-450  MPa  and  elongation  constitutes  10-15^. 
When  alloying  with  aliuainium  and  molybdenum  powders  ultimate 
strength  increases  approximately  twloe  at  retaining  ductility. 
IXiring  testings  the  parts  withstand  vibration  with  the  frequen¬ 
cy  up  to  1000  Hz  and  single  impacts  with  acceleration  up  to 
100  g.  Electrolytic  titanium  powders  are  used  for  production 
of  bushings,  flanges,  covers,  sleeves,  breakers,  etc.  Uoreover, 
the  cost  of  parts  is  decreased  by  40-45!^  as  ccaipared  with  their 
production  from  the  tube  or  rod  of  BTI-0  alloy.  Each  ton  of 
processed  powder  saves  2-5  tons  of  titanium  rolled  stock  and 
labour  productivity  of  the  worker  at  the  plants  of  titanium 
powder  metallurgy  is  1.3-'1.3  times  higher  than  when  manufactu¬ 
ring  parts  of  oast  metal  (1,4). 

Meohanoohemlcal  powders  of  -l-t-O.PS  mm  fraction  are  used  for 
production  of  the  articles  only  in  those  cases  when  hl^  requi¬ 
rements  for  ductility  are  not  imposed.  Particularly,  there  is 
organized  large-scale  production  of  titanium  rings  of  Kashig 
rings  type  (diameter  -  15,25,50  and  80  mm,  hei^t  -  15,25,50 
and  70  mm  respectively).  In  chemical  industry  in  a  number  of 
productions  rectifying  and  distilling  towers  ere  of  titanium  with 
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the  packing  of  such  titanium  rings.  Heplacement  of  ceramic 
rings  by  titanium  ones  allowed  to  increase  their  strength  and, 
respectively,  service  life  between  the  repairs  of  the  towers, 
as  well  as  to  increase  the  output  of  the  latter  (3). 

Production  of  charges  and  oorrosion-reslstiTur  compositions.  The 
major  mass  of  fine  and  dispersed  titanium  powders  is  used  not 
for  production  of  sintered  products,  but  as  the  components  of 
charge  in  manufacturing  refractory  compounds,  fractional  mate¬ 
rials,  metallopolymer  anticorrosive  compositions  and  magnitoaV- 
rasive  materials.  Using  the  method  of  self -extending  high-tem¬ 
perature  synthesis  (SHS-prooess)  one  can  produce  titanium  car¬ 
bide  containing  79.2-79.6056  of  titanium,  18. 12-19. 4255  of  fixed 
carbon  and  0.18-0.2856  of  free  carbon  (5;  with  economical  effi¬ 
ciency.  Moreover,  the  best  results  are  achieved  when  using  ti¬ 
tanium  powders  more  fine  than  0.1  mm.  Anticorrosive  titanopoly- 
mer  compositions  are  prepared  by  using  epoxide  resin  of  ED-20 
and  ED-16  type  and  titanitnn  powder  of  leas  than  0.23  mm  size  in 
relation  1:1.  Plastifler  is  dimethyl  phthalate  or  dibutyl 
phthalate,  hardener  -  polyethylene  polyamine.  Thickness  of  coa¬ 
ting  -  about  1.0-1. 5  mm.  This  anticorrosive  coating  (6)  has  a 
number  of  advantages:  high  stability  in  the  most  corrosive  me¬ 
dia  of  chemical  industry,  for  example,  in  solutions  of  nitric, 
sulphuric  and  acetic  acids,  high  adhesion  to  concrete  and  stee^ 
higher  mechanical  strength  and  ductility.  Up  to  the  present  ti¬ 
me  over  a  million  square  meters  of  the  surface  of  various 
equipment  and  constructions  has  been  protected  with  such  a  com¬ 
position  at  the  least  cost  price  as  compared  with  other  coa¬ 
tings  (4). 

Tabletted  powders.  Mechanochemical  powders  of  the  coarse  frao- 
iions  are  used  mainly  in  the  form  of  tablets  from  20  up  to  100 
mm  in  diameter  and  of  20-30  mm  height  in  ferrous  metallurgy. 
Thus  only  part  of  low-grade  spongy  titanium  not  conversed  into 
the  powders  of  average  or  fine  j^actlons  is  supplied  to  ferrous 
metallurgy.  Besides  that  due  to  high  density  of  tabletted  tita¬ 
nium  and  relatively  small  size  of  tablets  burning  loss  during 
their  use  is  approximately  1.3  time  lower  than  during  the  di¬ 
rect  use  of  spongy  titanium.  Dosage  and  mechanization  of  tab¬ 
lets  introduction  into  the  molten  steel  is  easily  carried  out. 
In  practice  of  ferrous  metallurgy  of  a  number  of  European  oom- 
panies  there  are  by  now  widely  used  during  several  years  tab¬ 
letted  meohanoohemloal  titanium  powders,  produced  by  pilot 
plants  of  Titanium  Institute. 

Titanivim  articles  of  higher  purity.  One  of  the  moat  perspective 
trends  of  application  of  coarse  electrolytic  powders  may  be 
electronics,  particularly,  production  of  targets  for  various 
purposes.  When  carryixxg  out  electrolysis  at  a  special  conditi¬ 
on  from  the  low-grade  spongy  titanium  there  is  possible  produc¬ 
tion  of  material,  in  which  after  melting  the  traoticsi  of  total 
mass  of  a  sum  of  the  most  harmful  impurities  (Cl,  Pe,  Cr,  Si,F, 
Na,  K,  Ca,  Mg)  makes  up  less  than  0.1)6.  Tltaxilum  Institute  is 
ready  to  cooperate  with  the  foreim  ocmpanies  Interested  in  de¬ 
velopment  and  application  of  similar  materials  that,  apparentlj^ 
could  be  also  used  as  one  of  the  oomponente  for  produoi^  super 
conductors  of  Tl-Sb  alloys  and  alloys  with  Ti*4ll  shape  mesory 
as  well  as  for  production  of  TIH,  TlSi2  and  other  hi^-purlty 
compounds. 
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Titanium  Hydride  produotiTOi.  At  present  at  the  pilot  plants  of 
ifltanium  £istitute  there  is produced  titanium  hydride  as  seri¬ 
al  large-sized  powder  of  ilTSK^I  grade  with  the  fraction  of 
hydrogen  total  mass  3«7-3.9:»  (3). 

Electrolytic  titanium  hydride  shov/s  high  purity  and  is  rather 
effectively  used  as  hydrogen  generator,  particularly,  for  an¬ 
nealing  of  clock  filaments  (tT  and  as  an  addition  agent  for  the 
charge  of  various  metals  powders,  which  activates  the  process 
of  sintering.  Ground  titanium  hydride  can  be  used  as  raw  mate¬ 
rial  for  production  of  solid  materials  -  carbides,  borides, 
nitrides  and  sllicides  of  titanium  (8). 

Porous  altered  articles.  Usage  of  both  electrolytic  and  mag- 
nesium-ihermlc  powders  of  various  fractions  for  manufacturing 
porous  articles  is  rather  effective.  There  is  developed  and 
assimilated  the  technology  of  manufacturing  the  articles  in  the 
form  of  tubes,  disks,  sleeves,  rings  and  beakers,  recommended 
for  application  in  the  chemical,  textile,  metallurgloal  and 
other  branches  of  industry  (1,3,4). 

Porous  elements  are  used  as  filtering  elements  in  various  con¬ 
structions  of  cartridge  filter  and  aerators  in  the  units  of  re¬ 
generation  and  beneficiatlon  by  flotation  and  in  the  units  of 
biological  cleaning  of  waste  water  (9)*  They  are  used  as  filte¬ 
ring  elements  in  Bush  filters  and  drain  imits,  as  gae  absorbers 
fire  obstacles  and  moisture  and  oil  separators.  The  elements 
can  be  welded  by  argon-arc,  resistance  and  diffusion  welding 
and  treated  by  metal-cuttii^  machine  tools.  In  spite  of  high 
cost  as  ocsapared  with  traditional  materials  titanium  elements 
are  used  with  great  economic  efficiency  thanks  to  high 
strength  (from  1-4  UPa  during  testing  of  large-sized  pipe  fil¬ 
ters  by  hydravillc  pressure  up  to  60  MPa  during  axial  compres¬ 
sion  for  the  filters  of  acetylene  pressure  regulators) .excee¬ 
ding  resistance  to  corrosion,  biological  inertness,  low  densi¬ 
ty  (2. 3-3.1  g/om^),  the  possibility  of  repeated  many  times  re¬ 
generation,  safe  keeping  of  the  properties  of  filtered  soluti¬ 
ons,  decrease  of  filtered  materials  losses,  the  possibility  of 
increasing  velocity  and  pressure  during  filtration  and  aera¬ 
tion. 

Depending  on  size  of  initial  powder  and  parameters  of  compres¬ 
sion  the  permeable  materials  from  eleotrolytio  or  meohanooheml 
cal  titanium  powders  have  the  main  diameter  of  pores  from  25 
up  to  250  mu,  30-50^  porosity,  minimum  coefficient  of  permeabi¬ 
lity  as  to  various  group* from  0.5  up  to  45  Vafi, 

jfeoduction  of  titanium  compound  powders  by  olaamn  tao^nol  o^. 
Use  of  original  plasma  teoonology  allows  to  convert  some  dis- 
persed  products  of  spongy  titanium  processing  into  the  powders 
of  titanium  compounds  -  TiH,  IICN. 

Particularly,  titanium  nitride  powder  is  a  new  material  having 
no  analogues  as  to  conplex  of  attributes:  particles  size,  con¬ 
tent  of  impurities  and  specific  surface  value.  If  the  size  of 
polydlspersed  ^tioles  is  0-20  mu,  the  specific  surface  cons¬ 
titutes  1-5  ffl^/g  (existing  types  of  powdery  TIM  possess  either 
very  hi^  -  more  than  30  m^/g,  or  very  low  specific  surface  - 
0.05-0.1  Fraction  of  total  mass  of  nitrogen  in  nitride 
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makes  up  16-19%,  of  oxygen  -  less  than  1.9%,  of  hydrogen  -leas 
than  0.3%;  the  content  of  other  impurities  may  not  exceed  their 
concentration  in  the  powders  of  iIT3K— I  grade. 

Thus,  at  complex  processing  of  low-grade  spongy  titanium  there 
is  created  practically  wasteless  technology  for  manufactvirlng 
various  products.  At  the  same  time  It  is  to  be  noted  that  re¬ 
vealed  requirements  of  domestic  market  as  to  some  types  of  pro¬ 
ducts  are  still  behind  the  development  of  production. 

Titanium  Institute  being  both  development  institution  and  a 
producer  of  the  main  part  of  titanium  powder  production  oan  of¬ 
fer  titanium  powders  and  their  products  for  realization  at  the 
foreign  market.  On  order  of  interested  companies  it  can  carry 
out  research  work  on  development  of  technology  and  manufactu¬ 
ring  products  with  the  given  properties  as  well  as  organizing 
their  output  and  supply. 
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CHARACTERISTICS  OF  HIGH  PURITY  TITANIUM  POWDER 


BY  HOH  PROCESS 
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Toho  Titanium  Co,  Ltd.,  3*3>S  ChloaaakI, 
Chlgaaaki'ahi,  Kanaoawa-k*n,  Japan 


1. INTRODUCTION 

Recently,  the  powder  metallurgy(P/M)  of  titanium  has  been  considered  as  a  cost 
effective  processing  with  emphasis  on  near-net  shape[1-2]. 

Among  titanium  P/M  techniques,  the  blended  elemental(E£)  method  has  been 
reported  in  many  applications  because  of  its  flexibility  of  alloy  composition  and 
economic  advantage{3-4].  In  many  applications,  the  quality  of  titanium  powder  as  a 
starting  material  is  very  critical.  Especially,  oxygen  and  chlorine  as  impurities  in  the 
titanium  powder  can  strongly  influence  mechanical  qualities  of  P/M  parts.  In  order  to 
meet  the  demand  for  high  quality  powder,  an  extra  low  impurity  titanium  powder 
has  been  needed. 

We  have  developed  an  extra  low  chlorine  and  low  oxygen  titanium  powder  by  the 
hydride-dehydride(HOH)  process  which  is  highly  optimized  under  high  quality 
control. 

In  this  paper,  the  above  titanium  powder  was  evaluated  about  its  characteristics 
such  as  flowability,  compressibility,  green  strength  and  so  on. 

2.EXPERIMENTAL  PROCEDURE 
2.1  Materials 

The  powders  used  were  produced  commercially  by  the  mentioned  HOH  process. 
Chemical  compositions  of  the  powders  studied  are  tabulated  in  Table  1. 

Table  1.  Chemical  compositions  and  bulk  densities  of  the  titanium 
powders  used. 


Chemical  ComDoaitlenfwt^l  Bulk  Density 


Type 

Tl 

Fe 

Cl 

0 

H 

C 

N 

(g^cm*) 

TC-150 

bal. 

0.02 

<0.002 

0.11 

0.01 

0.01 

0.01 

1.8 

TC-151 

bal. 

0.04 

<0.002 

0.20 

0.01 

0.01 

0.01 

1.7 

TC-152 

bal. 

0.07 

<0.002 

0.29 

0.02 

0.01 

0.01 

1.5 

TkoniMm  *92 
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In  Table  1,  Type  TC-150  is  a  typical  high  purity  titanium  powder  having  an  extra  low 
chlorine  and  low  o)q^en  content.  This  oxygen  content  is  close  to  that  of  sodium 
reduced  titanium  sponge  fine.  Type  TC-151  and  TC-152.  having  higher  oxygen 
content,  were  especially  produced  to  compare  with  TC-150  in  characteristics  of 
hardness  of  powder  particles,  compressibility  of  powders,  and  green  strength.  The 
oxygen  content  level  of  TC-151  had  seemed  to  be  typical  as  a  standard  HDH  powder 
before  TC-150  appeared. 

A  sieve  analysis  and  flow  rate  of  the  titanium  powders  used  are  listed  in  Table  2.  Also, 
Figure  1  shows  SEM  miaograph  of  die  powdern'C-150). 

Table  2.  Sieve  analysis  and  flow  rate  of  the  powders  used. 


Weight  Percent  Retelnedfwt%)  Flow  Rate 


Type 

+150 

•150+106 

•106+75 

-75+45 

•45pm 

(seeonda/SOgs) 

TC-150 

0.1 

33.3 

32.3 

29.5 

5.0 

41 

TC-151 

0.2 

37.6 

33.1 

24.8 

4.3 

- 

TC-152 

0.2 

32.0 

33.7 

24.2 

9.9 

- 

As  described  in  Table  2,  these  powders  have  a  similar  particle  distribution.  Also 
powder  particles  of  TC-150  are  angular  in  shape  like  other  HDH  powders. 

2.2  Methods 

As  fundamental  characteristics  of  the  powders,  ftowability,  compressibility,  green 
strength  and  densification  by  sintering  were  investigated.  The  hardness  of  the  powder 
particle  itself  was  also  measured  in  order  to  confirm  its  effect  on  these  characteristics. 
Each  characteristic  was  measured  by  the  following  procedure; 

(1) Flowabllity  of  powder 

Flowability  was  determined  by  Carr's  method[5].  Along  the  method,  ftowability  of  the 
powder(TC-150)  was  totally  evsduated  by  using  four  properties,  angle  of  repose, 
compression  rate,  angle  of  ^atula  and  coefficient  of  unifonnity.  Each  property  was 
measured  by  using  an  all-in-one  type  apparatus,  as  shown  in  Figure  2. 

(2) Hardneee  of  powder  paitielea 

Micro-Vickers  hardness  of  powder  particles  was  measured.  Each  measurement  was 
carried  out  by  pressing  the  central  portion  of  twenty  powder  particles  ranging  from 
-150+1 06pm  diameter,  molded  in  a  resin.  The  hardness  was  determined  by 
averaging  the  twenty-particles  hardness  measured. 

(3) Compreseiblllty  of  powders 

Compressibility  was  evaluated  in  accordance  with  The  Japan  Society  of  Powder  and 
Powder  Metallurgy  standard  (JSPMl-64),  ’Compressibitity  Test  of  Metal  Powders,*  by 
the  use  of  floating  die  pressing  at  given  pressures  of  96MPa  to  686MPa. 
Compressibility  was  expressed  as  relative  density  of  the  theoretical.  In  this  method, 
the  green  compact  is  c^indrical  and  has  a  diameter  and  height  of  1 1 .3mm, 
respectively.  When  pressing  the  powders,  a  die  wall  lubrication(lubricant,  zinc 
stearate)  was  adopted. 
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(4) Gr««n  strength 

Green  strength  was  evaluated  by  the  Rattler  test  which  provides  information  on  the 
abrasion  resistance  of  a  green  compact  and  the  ability  to  retain  its  shape(edge 
stability).  The  Rattler  test  is  specified  in  JSPM4-69.  "Method  for  Determination  of 
Green  Strength  by  Rattler  Test, "(6]  using  five  green  compacts  pressed  at  same  given 
pressure.  In  the  test,  the  green  strength  is  reported  as  weight  loss(%).  The  green 
compacts  were  pressed  at  294  MPa  to  686MPa  of  applied  pressures  as  the 
compressibility  test  above. 

(5) Denaifleatlon  by  sintering 

Sintered  densities  were  measured  by  sintering  green  compacts  in  a  vacuum  at 
1300*C  for  two  hours.  The  green  compacts  were  pressed  from  98  MPa  to  490MPa  by 
a  die  pressing.  Densification  by  sintering  was  expressed  as  sintered  density  with 
green  density. 


3.RESULTS  AND  DISCUSSION 

3.1  Flowabllity  of  powder 

Table  3  lists  results  of  flowability  evaluation.  Consequently,  the  flowability  of  TC-150 
is  fairly  good.  This  means  that  this  powder  requires  no  special  attention  in  its 
handling. 


Table  3.  Flowability  of  the  high  purity  titanium  powder(TC>150). 


Angle  of  Repose 

Compression 

Angle  of  Spatula 

Coeffidei.! 

Flowability 

(degree) 

Rato(%) 

(degree) 

of  Uniformity 

40 

17 

48 

2 

fairfy  good 

3.2  Hardneee  of  powder  particles 

Rgure  3  gives  hardness  of  powder  particles  adopted.  As  shown  in  Figure  3.  the 
higher  the  oxygen  content  in  the  powder,  the  higher  linearly  the  hardness. 

It  is  well  known  that  oxygen  in  commercially  pure  titanium  has  a  strong  effect  on 
hardness  of  the  titanium  itself.  Kusamichi  et  al.  reported  that  oxygen  as  an  impurity  in 
titanium  could  affect  approximately  twice  in  content(ppm)  as  strong  as  iron(7]. 
According  to  this  result,  increase  of  the  hardness  in  Figure  3  can  be  explained  mainly 
by  the  effect  of  oxygen  in  the  powders.  About  work  hardening  of  the  particles,  there 
was  no  evidence  because  of  no  significant  change  in  hardness  after  annealing  the 
powders  in  an  inert  gas  at  670*C  for  ten  hours. 

As  a  result,  TC-ISO  containing  0.11wt%  oxygen  is  a  softer  powder.  This  will  reflect 
good  effects  on  other  characteristics,  for  example,  compressibility. 

3.3  Compreselblllty  of  powders 

Figure  4  shows  the  comparison  of  compressibility  anwng  three  kinds  of  powders 
used.  Through  98MPa  to  688MPa  of  compacting  pressure,  TC-150  showed  better 
compressibility.  At  49SMPa,  the  relative  density  of  TC-150  was  86%  of  the  theoretical. 
This  compressibility  will  be  dose  to  that  of  sodium  reduced  titanium  sponge  fine. 
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GcMierally,  the  compressibility  of  a  powder  is  influenced  by  several  factors,  inherent 
hardness  of  the  metal,  particle  shape,  internal  porosity,  particle  size  distribution,  and 
so  on.  Among  three  powders  used,  the  most  affecting  factor  will  be  the  inherent 
hardness  of  the  titanium  particles.  As  described  above,  the  inherent  hardness  of 
TC-150  particle  is  lower.  Therefore,  the  powder  would  be  more  compressible  during 
pressing. 

3.4  Green  strength 

Rgure  3  illustrates  the  effect  of  compacting  pressure  on  green  strength  of  the 
compacts.  As  TC-tSO  gave  weight  loss  of  less  than  1%  at  AQOMPa,  it  would  be 
satMactory  to  maintain  size  and  shape  during  handling  prior  to  sintering. 

Because  the  strength  of  green  compacts  results  mainly  from  mechanical  interlocking 
of  particle  surface  irregularities,  particle  shape  will  be  the  most  important  factor 
contributing  to  green  strength.  Accordingly,  in  comparison  with  the  powders  having 
different  oxygen  content,  no  significant  difference  in  green  strength  was  seen. 

3.5  Densification  by  sintering 

Figure  6  gives  sintered  densities  versus  compacting  pressures.  With  increase  in  the 
compacting  pressure,  the  sintered  densities  also  increased  similar  to  the  green 
densities.  At  490  MPa,  the  sintered  density  was  A.IgAcm^.From  this  result,  it  will  be 
understood  that  TC-150  can  reach  higher  density  after  sintering  in  a  vacuum  only. 

In  order  to  increase  the  sintered  density  of  the  TC-150,  fine  powder(-45pm)  was 
added  to  the  TC-150.  The  fine  powder  had  also  an  extra  low  chlorine(<0.002wt%)  and 
low  oxygen(0.23wt%).  Figure  7  shows  the  effect  of  the  fine  powder  addition  on  the 
sintered  densities  of  the  mixtures.  As  illustrated  in  the  figure,  the  sintered  density 
increased  considerably  by  adding  the  fine  powder.  In  particular,  adding  the  fine 
powder  up  to  30wt%  resulted  in  remarkable  increase  of  the  density.  At  30wt%  of  the 
fine  powder  addition,  the  sintered  density  was  94%  of  theoretical  density.  On  the  other 
hand,  the  green  density  of  the  mixed  powder  decreased  significantly  with  the  addition 
of  the  fine  powder.  At  100wt%  of  the  fine  powder,  the  green  density  was  only  60%  of 
the  theoretical.  However,  up  to  30wt%  of  ttie  addition,  the  green  density  was 
decreased  slightly.  The  green  density  of  the  mixture  was  about  85%  at  30wt%  of  the 
addition. 

Though  there  are  numerous  variables  that  can  affect  sintered  density,  the  better 
compressibility  of  TC-150  will  reflect  this  characteristics  also. 


4.  CONCLUSIONS 

(1) The  high  purity  titanium  powder  induding  the  extra  low  chlorine  and  low 
oxygen  is  being  produced  commercially  by  the  HDH  process. 

(2) The  powder(TC-150)  gives  satisfactory  flowability  and  green  strength. 

(3) This  powder  is  more  compressible  than  other  HDH  powders.  By  using  this 
powder  as  a  starting  material,  denser  green  and  sintered  compacts  can  be 
obtained. 
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Flg.1  Scanning  electron  micrograph  of  the  powder(TC-1S0). 
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Fig.2  Ail<ln-on«  type  apparatus  for  flowability  evaluation. 


Fig.  4  Comparison  of  eompressIbIHty  among  the  powders  used. 
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ng.  5  Effect  of  compacting  pressure  on  green  sUength  of  the  compacts. 
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Flg.6  Effect  of  compacting  pressure  on  sintered  densities. 


Flg.7  Effect  of  fine  powder  addition  on  sintered  densities. 
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Abstract 

This  study  of  the  Y^Os  dispersion  sirengthening  of  a  8  titanium  aloy  by  mechanical  alloying  has 
shown  that  the  technloue  is  sufficiently  mastered  to  lead  to  the  desired  mloosliucture  but  that 
the  chosen  metoHurglcal  base  (TI-Mo-AI)  Is  not  favourablo.  The  drect  Introduction  of  yttrium  Is 
probably  better  to  reduce  oxygen  content. 


Mechanical  ottovinQ  of  titanium  oHovs 


0  tltonlum  alloys  hove  good  faming  capabilities  and  high  mechanical  properties  at  room 
temperature  but  a  poa  aeep  resistance  at  high  temperature.  Odde  dispersion  strengthening 
of  these  alloys  by  mechanical  alloytng  is  interesting  fa  weight  reduction  In  aeronautic 
turbomochines  (1). 

The  dispersion  of  rae  earths  oxides  (Er,  La  Ce,  Y)  In  titanium  otoys  by  rapid  sollditicatlon  1 

processes  (precipitation  from  the  supersaturated  matrix)  has  been  the  object  of  numerous 
recent  works  (2)  and  of  an  European  project  (BRITE  EURAM  0275).  A  few  works  were  concerned  i 

by  Improving  the  dispersion  and  the  stability  of  rare  earths  oxides  by  mechanical  oloylng  (3X4) 
but  none  of  them  was  aimed  towads  the  dispersion  of  oxide  powders  by  this  technique. 


C:cnventlonql  elobaation  and  properties  of  allovs  in  Tl-Mo-AI  system 


Tl-Mo-AI  system 

TI-Mo-AI  system  has  been  studied  by  HWo  and  Weissmonn  In  1976  (5).  The  Tl-14%Mo-9<lhAl 
(wt%)  composition  critows  hadening  by  precipitation  of  TIjAl  phase  >M>le  ovoldlrrg  brittle 
phases  u  wid  02  (fig.1).  Storting  from  a  lorr^ioted  alloy.  Hida  and  Weissmonn  reported  the 
existence  of  an  optimal  compromise  between  yield  strengh  ond  ductllly  after  staged  thermal 
treatments  Inducing  TIjAl  precipitation  (at  room  temperature,  yield  strenglh=1500  MPa 
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elongcrtlonM%k  after  thermal  treatment:  96trc/30  mn  -  water  quench  -  800^/30  mn  -  woter 
quench  -  600°C/24  h  -  water  querrch). 


Mechanical  orooerHes 

Samples  of  7I-14%Mo*9%AI  (wl%)  hove  been  cost  by  CEZUS  or  deruMed  by  HIP  or  HIP  plus 
extrusion  after  rotating  electrode  otomlzation  of  the  cost  oloy.  Ihetmol  treatments  suggested 
by  HIda  and  Welssmorm  hove  been  oppled  to  the  Irrgoti  the  HIP  densifted  and  the  extruded 
samples. 

The  mlaostrucKres  observed  by  S.E.M.  and  the  obtolrred  compositions  appeared  to  be 
equivaient  to  those  announced  by  these  authors.  The  moterlab  having  not  been  miled.  the 
oxygen  content  was  lower  thor  2000  wf.  ppm. 

Mechanical  properties  have  been  measured  at  room  temperature  on  cyfrrdrtcol  samples  (4 
mm  in  diameter). 

Norre  of  the  processing  conditions  alowed  us  to  obtoin  any  ductWy.  Fractoffophy  showed 
that  the  rupture  was  both  Inter^orHidar  and  introgronular.  No  miciostructural  anomaly  Inked  to 
the  rupture  was  detected.  These  zero  ductlittes  were  also  observed  on  the  mied  rrKitetlals 
described  in  the  following  paragraph. 

The  lock  of  Information  on  the  precise  conditions  of  the  piimory  material  elaboration  used  by 
Hida  and  Welssmann  could  constitute  on  interpretation  of  the  difference  between  our  results 
and  those  described  by  these  authors. 


ATOMIC  %  Al 

Figure  1  -  Pseudo-blnaiy  equibrium  daciam  (TI-7  at.%Mo)-AI 


Initial  powdera  were  either  In  elemental  toim  (tototirtg  electrode  atomized  U  Mo  CERAC  At 
PECHINEY,  Y2O3  CERAC)  or  in  pre-oKoyed  form  (rotating  electrode  process). 


MilVrrg  has  been  studied  either  with  on  orbital  mM,  a  boll  mM  or  an  ottiitor.  All  of  the 
operations,  milling  horKtUng  arid  cortnino  of  the  powders  hove  been  performed  in  an  argon 
glove  box  with  controled  residual  oxygen  pressure.  A  miing  oddHive  such  as  cyclohexane  (0.5 
wt%)  or  stearic  add  (1  wt%)  has  been  used. 


Table  I:  Ariolysls  of  the  elements  whose  content  Is  modMed  by  mechanical  aloying 
(os-mMed  T1-14%Mo-9%M  powders  -  before  hot  degassing). 


Analysis  (wt<)b) 

H 

0 

C 

Bol  mM 

0.099 

0.28 

as6 

Atlrltor 

- 

0.36 

Q95 

H.  O  and  C  contents  of  the  os-mMed  powders  (Table  I)  are  directly  corvrected  to  the 
quantities  of  mMIng  addttive.  So,  the  elaboralion  doesn't  brirrg  any  other  contomirKition.  m 
particular,  the  Iron  content  doesn't  vary  perceptfely. 

The  development  of  the  mechorilcal  aloying  operotion  Is  corrcemed  with  dtftarent  poameters 
of  the  process  (mWing  energy,  mosses  and  dfcnertsiorss  ratios  between  beads  and  powder. 
Initial  powders  nature,  rnWrig  duration,  evokjiion  of  the  efficiency  of  the  addtiye.  level  of 
homogerreity  wanted  for  the  repartition  of  the  aloy  constituants).  Only  bol  mff  and  ottritor 
processing  of  elemental  powders  alowed  us  to  obtain  a  permanent  mMng  rate  leading  to 
homogeneous  powders. 

After  mWng  X-rays  diffraction  showed  the  presence  of  pure  phases  H  Mo.  and  Ai.  The  phases 
a-Tl  fl-Tl  TI3AI  and  the  carbides  only  appeared  after  the  9S(yC/10  hours  degassing  This 
vacuum  degassing  reduces  hydrogen  content  down  to  30  ppm. 

After  connlrig  powders  were  densifled  by  hot  isostatic  pressirrg  at  1100°C  (0  domain)  or  94)°C 
(0  *  VyAI  domain)  or  extruded  after  pre-heating  at  94rc. 


Mtcrostructures 

Without  oxides  oddHtoru  the  observed  phases  offer  dertsWcatlon  are  jl-Tl  TI3AI  and  cotbidet 
(mainly  TIC).  TIC  phase  is  found  within  gsoln  boundaries  of  the  0-11  matrbc.  Some  massive 
precipitates  are  obo  obsenred.  TIjAi  predpitallon  Is  both  Inter-  and  tnirogranular.  In  the  aloy 
heated  in  the  ^TijAl  dorrKiln,  fine  TijAi  polyhedilc  precipitates  (2-S  srfn)  appear  Inside  the 
grams. 

The  morn  deferences  m  the  observed  structures  between  the  samplet  on  Inked  to  the  mHng 
condHions. 

The  ottrttor,  more  energblng  gives  a  more  homogerteous  structure  (flrrer  gams  and  TC 
precipitates). 
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The  sfeoric  add  addWve  (I  wl%}  fovotn  on  extremel/  fine  ^dn  jto  of  about  10  /tm 
compared  to  30  with  0.5  wt%  cyclohexane.  The  hlc^  content  of  TIC  in  the  case  of  stearic 
acid  explains  the  better  anchoring  of  the  grain  bourKtaries. 

In  aV  coses,  these  groin  sizes  ore  conserved  during  the  thermal  treatments. 

under  Identical  processing  cxyKtlilon&  oxkle  oddHion  doesn't  modify  the  obtained 
microstiuctures.  TEM  observations  of  the  derrsUied  rrxsterksl  show  a  dbpersed  oxide  in  the  form 
of  20-  TOO  nm  spherical  prec^otes  with  200-300  nm  spacing  (fig.2). 


Conclusloos 

-  Under  the  different  process^  corKltiortt  that  we  have  expetierKed  (costing,  powder 
metallurgy  by  HIP  or  extrusion.  HIP  after  mHng).  the  Ti-l4%Mo-9%AI  (wt%)  aloy  has  never 
shown  any  ductttty  contrartV  to  toe  results  reported  by  Hide  and  Welssmann.  These  results 
could  be  specific  of  the  laminated  material  used  by  these  authors. 

-  The  T1-14%Mo-9%AI  (wt%)  /J-oBoy  with  and  without  20-100  nm  YjOj  cfispersrAas 
reinforcement  (1  voMb)  has  been  successfully  produced  by  atliitor  or  ban  ml  mechor^ical 
oVoyina  followed  by  extrusion. 

-  The  growth  of  fi-U  TI3AI  and  carbides  phases  doesn't  occur  during  mUng  but  dutirrg  the 
subsequent  thermal  treatments. 

-  A  decrease  of  dissolved  oxygen  content  may  be  obtained  by  dkeetty  mtioducing  ihe  rare 
earth  instead  of  the  oxide. 

•  The  processing  parameters,  in  particular  the  mMng  mode,  the  quantity  and  toe  nature  of 
the  oddWve,  have  a  major  influence  on  the  microsliuctue  through  the  dsperslon  and  toe 
quantity  of  carbides  that  they  Impose. 


Acknowtedaemeots 

This  work  has  been  done  with  ORET  support  under  the  contract  n*88f12S. 


References 

1.  Y.  Honnorat.  (Paper  presented  at  the  6<h  World  CJonf.  on  Titanlura  Cortnes  France.  6-9 
June  1988).  IV 

2.  M.F.X.  Glgfiottl  G.E.  WoslolewlA  and  R.G.  Rowe.  (Paper  presented  at  the  6ih  Wortd  C)onf. 
on  Titanium  Cannes  France.  6-9  June  1980,  B,  861 

3.  R.  Sundaresan,  F.H.  Ftoest  (Roper  presented  at  Tfiodem  Developments  in  Powder 
Metoiuigy”,  Ortando.  5- 10  June  1988),  429 

4  R.  Sundaresan.  A.G.  Jackson.  F.H.  Froet  (Paper  presented  at  the  6lh  World  Conf.  on 
Titanium  Connee  France.  6-9  June  1968).  H  8S6 

5.  M.  Hida  &  Welssmann.  Metal.  Trans.  A  6A  (1976).  1541 

6.  T.  Hamojlma  &  Webenonn,  Metd.  Ttant.  A  64  (1976).  1536 


2  -  TEM  objervoncxi  of  a  Tl-14RfcMo-'i«Al  (wNb)  extruded  rod. 
owitxifion  of  Y2O3  dttpersoWs. 


SYNTHESIS  OF  y-TIAI  BY  MECHANICAL  ALLOYING 


OF  ELEMENTAL  POWDERS 


ABDULBASET  PREFER,  C.SURYANARAYANA  and  F.H.  FROES 

Institute  for  Materials  and  Advanced  Processes 
University  of  Idaho 
Moscow.  ID  83843-419S  (U.S.A.) 

AlMtract 

Titanium  powders  with  SO  and  55  at.%  aluminum,  were  mechanically  alloyed  in  a 
SPEX  8000  mill  to  synthesize  the  y-TiAI  intmmetallic.  The  phase  evdution  was  followed  by 
x-ray  and  electron  diffraction  techniques.  Mdi  increasing  milling  time  a  solid  sidution  of 
aluminum  in  titanium,  an  amorphous  i^iase  and  an  f.c.c.  phase  formed.  Formation  of  TiAl 
was  obtained  by  subsequent  h^  treatment  of  the  amorphous  powder  at  61S°C.  The  small 
(nanostructure)  grain  size  should  exhibit  enhance  ambient  temperature  ductility. 


Introduction 

Interest  in  developing  low-density  and  high  temperature  stnictural  materials  has  been 
continuously  growing  during  the  paA  few  years  in  order  to  find  optimum  materials  for  use  in 
aerospace  applications  (I].  Titanium  aluminides  (TiAl  and  T^)  are  attractive  for  diis 
purpose  since  they  possess  low  density,  hi^  temperature  stren^  and  high  corrosion  and 
oxidation  resistance.  However,  at  ambient  tempers^re  they  suffer  from  inadequate  ductility 
(2).  Emphasis  in  recent  times  has  concentrated  on  HAl  because  its  density  (3.9  g/cmi’)  is  even 
lower  than  that  of  TijAl  (4.2  g/cm^,  and  it  also  has  high  oxidation  resistance  [2].  In  order 
to  improve  the  ductility  of  these  intermetallics  alloy  additions,  reduction  in  grain  size,  and 
microstructural  modifications  have  been  trfed  but  with  limited  socoess[2]. 

Mechanical  alloying  (MA)  is  a  technique  which  can  be  en^lq^  to  refine  die  grain 
size  through  high  energy  ball  milling  p].  In  addition,  MA  leads  to  the  formation  of  both 
stable  and  metastable  phues  including  supersaturated  solid  solutions,  intermetallic  compmuids 
and  amorphous  phases  [3-S]. 

There  have  been  some  attempts  earlier  to  produce  the  TiAl  (y)  intermetallic  compound 
by  MA  of  blended  elemental  powders.  Watanabe  et  al.  [6,7]investi^tedd)eeffiectofb^size 
on  the  final  constitution  of  the  product  in  the  Ti-Al  system.  It  was  repented  that  milling  with 
small  diameter  balls  (4.76  mm)  always  led  to  the  formation  of  an  amenphous  phase.  However, 
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milling  with  larger  diameter  balls  (19.1  mm)  resulted  in  the  formation  of  dw  titanium 
aluminide  intermetallic.  Tokizane  et  al.  [8]  were  able  to  produce  the  T1A1  compound  by 
vacuum  hot  pressing  the  MA  powder.  Formation  of  HAl  was  rqxnted  by  Burgio  et  al.  [9] 
in  a  Ti-60  at.  %  Al  powder  mixture. 

Amorphous  phase  formation  was  rqmrted  in  MA  Ti-Al  powders  in  the  range  of  10  to 
75  at.  %  Al  [6,7,9-13].  It  has  sdso  been  i^xnted  that  an  fee  phase  formed  in  these  alloys  after 
the  formation  of  the  amorphous  phase  [9,14,13]. 

This  paper  discusses  pr^minary  results  obtained  on  MA  Ti-SO  and  55  at.%  Al. 
powders  inclutting  the  synthesis  of  TiAl  by  crystallization  of  the  amorphous  phase,  and 
formation  of  the  fee  phase.  An  extremely  small  (nanostructure)  HAl  grain  size  produced  from 
the  amorphous  phase  is  likely  to  exhibit  increased  ambient  tempenture  ductility  compared  to 
material  with  a  more  conventional  grain  size. 


Experimental  Procedure 

Elemental  Ti  powder  (-100  mesh  size  and  99.4X  purity)  and  Al  powders  (-325  mesh 
size  and  99.7%  purity)  were  blended  together  to  produce  the  nominal  compositions  H-SO  at.  % 
Al  and  Ti-55  at.%  Al.  About  1%  stearic  acid  was  added  to  the  powder  mix  as  a  process 
control  agent  (PCA).  The  powder  mixture  and  stainless  sted  balls  with  a  powder  to  ball 
weight  ratio  of  1:10,  were  loaded  into  a  steel  container  in  air  and  milled  in  a  Spex  8000  mill. 
The  milling  medium  was  3/16*  diameter  hardened  52100  steel  balls.  Forced  air  cooling 
during  milling  prevented  an  excessive  increase  of  the  temperature  of  the  powder. 

The  MA  powder  was  taken  out  of  the  container  periodically  to  follow  die  progress  of 
alloying.  The  milled  powder  was  characterized  by  x-ray  diffractioa  using  (?u  K.  radiation  at 
40  kV  and  15  mA.  Transmission  electron  microscopy  CTEM)  and  scanning  electron 
microscopy  (SEM)  techniques  were  also  used.  The  milled  powder  was  also  beat  treated  at 
various  temperatures  by  s^ng  the  powder  in  glass  or  silica  tubes  under  vacuum  to  ftdlow 
the  structural  changes  which  occurred. 

Further,  to  improve  intimate  mixing  and  to  avoid  formation  of  a  thick  crust  at  the  bottom,  the 
vial  was  inveited  (through  180°)  every  30  min. 


Figure  1  shows  the  x-ray  diffraction  patterns  of  the  milled  H-SO  at  %  Al  powder  as 
a  function  of  time.  In  the  as-mixed  powder  (Figure  la),  all  the  eqiected  H  and  Al  peaks  can 
be  seen,  with  the  fee  Al  (111)  peak  overhqi^g  the  bi^  H  (002)  peak.  Alter  5  h  of  milling 
(Figure  lb)  the  peaks  stiowed  a  decrease  in  intensity  and  broadening  of  all  the  reflections. 
Only  a  small  amount  of  Al  sppean  to  be  present  at  this  stage.  A  alight  dumge  in  the  poaitiaa 
of  the  titanium  reflections  indicates  that  some  aluminum  is  dissolved  in  titanium  formir^  a 
titanium  soUd  solution  [H(A1)J.  From  die  variation  of  lattice  patamelen  with  Al  content  [16] 
in  these  alloys,  it  was  estimat^  that  about  10  at.%  Al  had  diaotved  in  dwH.  Mth  continued 
milling  (to  10  h)  an  sunorjriious  phase  (Am)  formed  (Figure  Ic)  and  with  further 
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Fig  1.  X-ray  diffraction  patterns  of  Ti-50  at.%  A1  powda  mix  MA’d  for  different  milling 
times,  (a)  as-mixed  powder,  (b)  MA  for  S  h  showing  the  presence  of  free  aluminum 
and  Ti(Al),.,.  phases,  (c)  MA  for  10  h  showing  the  amospbous  phase  and  (d)  MA  for 
40  h  showing  the  f.c.c.  phase. 


milling  formation  of  an  fee  phase  is  observed  after  30  h  (Figure  Id).  No  further  changes  in 
the  x-ray  diffraction  patterns  were  observed  even  tq>  to  100  h  of  milling.  The  sequence  of 
phase  formation  in  theTi-SS  at  %  A1  alloy  was  identical  to  ttat  in  the  Ti-SO  at.X  A1  powder. 

Thus,  the  sequence  of  phase  fOTmation  in  both  Ti-SO  and  SS  at.%  A1  powders  can  be 
rq)resented  as; 

Sh  9h  30h 

(Ti  +  Al) - >  'n(Al)„,  +  A1 - >  Am - >  f.c.c. 


The  particle  size  of  the  powder  continuously  deoeased  with  milling  time  (Figure  2). 


Fig  2.  SEM  micrographs  showing  a  reduction  in  particle  size  with  increasing  milling  time 
forTi-50at.%  Al. 


Confirmation  of  the  formation  of  the  amorphous  and  fee  phases  in  these  powden  was 
achieved  from  electron  diffraction  patterns  (Figures  3  and  4). 


Fig  3.  Electron  diffraction  pattern  of  the  amorphous  phase  obtained  in  Ti-SO  at.  %  Al  powder 
mix  MA’d  for  10  h. 


Fig  4.  Electron  di^iaction  patterns  of  the  f.c.c.  phase  in  MA’d  H'SO  at.  %  A1  powder,  (a) 
polycrystalline  and  single  crystal  diffraction  patterns.  The  foil  normal  in  (b)  is 
[111]. 


The  MA  powder  milled  to  10  h,  showing  the  amorphous  phase  in  both  compositions, 
V  as  annealed  for  1  week  at  61S°C  to  d^ermine  whether  crystallization  leads  to  die  formation 
of  the  TiAl  phase.  Figures  S(a)  and  (b)  show  the  obtained  x-ray  diffraction  patterns  indicating 
that  the  predominant  phase  is  HAl,  even  though  significant  amounts  of  the  TijAl  phase  are 
also  present.  From  a  ratio  of  the  intensities  of  the  peaks  corresponding  to  these  two  phases, 
it  was  calculated  that  the  heat  treated  Ti-50  at.  %  A1  powder  contained  37%  TijAl  pha».  The 
amount  of  the  TijAl  phase  in  the  Ti-SS  at.%  Al  powder  was  not  determined,  W  from  the  x- 
ray  pattern,  it  appears  to  be  very  small.  From  this  trend  it  is  suggested  that  Ti-dO  at.%  AI 
powder  should  give  100%  of  the  TiAl  phase. 

Figure  3(c)  shows  the  x-ray  pattern  of  Ti-SO  at.%  Al  powder  MA’d  for  SO  h,  which 
contained  the  fee  phase.  After  heat  treatment  at  900°C  for  48  h  the  fee  fdiase  continued  to  be 
present,  but  the  reflections  became  sharper,  presumably  due  to  stress  relief  and  grmn 
coarsening  in  the  powder. 


Fig  5.  X-ray  diffraction  pattern  of  (a)  "fi-SO  at.  %  A1  powder  MA’d  for  10  h  and  heat  treated 
for  168  h  at  615®C  showing  the  presence  of  TiAl  and  TijAl.  (b)  Ti-55  at.  %  A1  powder 
MA’d  for  10  h  and  heat  treated  for  168  h  at  615*0.  Only  TiAl  intermetallic  p«dcs  can 
be  seen,  (c)  Ti-50  at.  %  A1  powder  MA’d  for  50  h  and  heat  treated  for  48  h  at  900"C. 
Only  sharpening  of  the  f.c.c.  phase  peaks  is  observed. 


Ihe  Amorphous  Phase 

Several  investigators  have  r^rted  on  the  formation  of  an  amorphous  phase  in  MA 
Ti-Al  powders  [6,7,9,11-14],  even  though  the  composition  laiige  for  formation  of  this  [diase 
appears  to  be  different  dqtending  on  the  type  of  mill  used  and  milling  intensity.  The  two 
conditions  requited  for  solid-state  amoiphization,  (i)  n^ative  heat  of  mixing  and  (ii) 
anomalously  high  diffusivity  of  one  of  the  components,  are  satisfied  in  the  Ti-Al  system  and 
thus  it  is  not  surprising  that  an  amoiphous  phase  formed  in  the  present  woric.  Since  MA  leads 
to  considerable  grain  refinement,  often  renting  in  the  formation  of  nanometer-sized  grains, 
the  continuous  decrease  in  grain  size  and  introduction  of  lattice  defects  destabilizes  the 
crystalline  structure  and  can  lead  to  amotphization.  In  foct,  Ahn  et  al.  [13]  reported  that  in 
the  Ti-50  at.  %  Al  alloy,  the  crystal  size  was  less  than  20  nm  just  prior  to  aimHphization.  On 
the  other  hand,  Murty  et  al.  [12]  suggested  that  amotphization  in  their  H-Al  alloys  started 
when  the  strain  in  the  titanium,  the  relatively  slow-diffusing  species,  reached  a  maximum 
value. 

The  TiAl  Phase 

The  y-TiAl  phase  could  be  synthesized  in  our  investigation  only  after  heat  treating  tlw 
amorphous  powder.  In  earlier  investigations,  other  workers  rqxrrted  that  the  HAl  phase  could 
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be  produced  either  by  vacuum  hot  pressing  [8]  the  MA’d  powder  or  by  using  larger  diameter 
steel  balls  for  the  milling[6,7],  or  by  heat  treatment  at  600°C  [17].  Production  of  y-TiAl  by 
use  of  large  steel  balls  has  bttn  rationalized  based  on  the  relative  contribution  of  friction^ 
forces  and  impact  forces.  Smaller  balls  with  intense  frictional  action  would  yield  an 
amorphous  phase  while  the  larger  milling  balls  with  higher  impact  rniergy  would  yield  the 
intermetallics  [6,7],  On  the  other  hand,  it  has  been  clearly  shown  in  the  present  investigation 
that  crystallization  of  the  amorphous  phase,  produced  by  MA,  can  also  lead  to  the  synthesis 
of  the  TiAl  phase. 

Production  of  the  y-TlAl  phase  diredly  by  MA  was  not  achieved;  only  on  heat  treating 
tiie  powder  vnth  a  proper  choice  of  the  temperature.  Attempts  to  control  the  grain  size  of  the 
intermetallic  in  the  nanometer  range  by  carrying  out  the  crystallization  at  a  sufficiently  low 
temperature  will  be  conducted  in  further  studies.  Amorphous  jAases  have  been  us^  as 
precursors  for  the  production  of  nanocrystalline  microstructures  in  earlim^  work  [18]. 

A  significant  amount  (37%)  of  TtjAl  phase  is  detected  in  the  Ti-SO  at.%  A1  powder 
and  a  much  smaller  amount  in  the  Ti-SS  at.  %  A1  powder.  Even  though  the  accqrted  Ti-Al 
equilibrium  diagram  suggests  that  the  y-TiAl  phase  is  stable  at  room  temperature  in  the 
composition  range  of  48-S5  at.  %  A1  [19],  it  is  possible  that  during  MA,  a  sinall  quantity  of 
the  ductile  A1  sticks  to  the  mill  container  walls  and  steel  balls  and  thus  the  actual  A1  content 
in  the  powder  is  less  than  the  starting  composition.  A  further  increase  in  A1  (to  60  at.%)  to 
compensate  for  the  loss  of  A1  may  !»oduce  100%  of  the  TiAl  phase;  this  experiment  is 
currently  in  progress. 


The  formation  of  an  fee  phase  in  MA  H-Al  and  Ti-Al-Nb  alloys  has  been  reported 
earlier  [9*11, IS],  and  a  detailed  discussion  of  its  possible  origin  was  also  presented  [14].  It 
was  suggested  [IS]  that  the  fee  phase  may  be  titanium  nitride.  This  hypothesis  gets  sui^ort 
from  the  present  study  and  other  work  from  the  following  observations: 

(i)  the  fee  phase  forms  mote  readily  (and  faster)  when  the  powder  is  milled  in  air 
rather  than  under  a  protective  argon  atmosphere  [20]. 

(ii)  the  fee  phase  formed  is  very  stable  and  does  not  decompose  even  on  annealing 
for  48  h  at  90(K:. 

(iii)  the  lattice  parameter  of  the  fee  phase  remains  constant  with  milling  time  and  is 
not  a  function  of  the  alloy  composition. 

This  behavior  can  be  rationally  explained  if  the  phase  formed  is  voy  stable.  According 
to  the  binary  Ti-N  diagram  [21],  TiN  forms  when  the  nitrogen  content  is  at  least  11  wt.%. 
However,  chemical  analysis  of  the  Ti-50  at.%  A1  powder  milled  for  30  h  indicated  the 
presence  of  only  3.34  wt.%  nitrogen  (and  0.13  wt.%  oxygen),  too  low  for  the  powder  to 
contain  only  the  titanium  nitride  phase.  It  is  possible  that  the  nitrogen  content  requited  to  form 
a  nitride  is  lower  than  11  wt.%,  and  this  idea  is  being  pursued. 


ConriuriiHia 

Based  on  the  results  presented  above,  the  following  conclusions  can  be  drawn: 

1 .  With  increasing  milling  time,  the  blended  elemental  H-SO  and  SS  at.  %  A1  powders 
resulted  in  the  sequential  formation  of  a  solid  solution  of  AI  in  Ti,  an  amorphous  phase,  and 
at  long  times  an  fee  phase. 

2.  Heat  treatment  of  the  amorphous  powder  in  both  crmipositions  led  to  the  formation 
of  the  equilibrium  intermetallics  TiAl  and  HiAl.  The  30  at.%  Al  powder  contained  37% 
Ti,Al,  while  the  Aldrich  powder  contained  very  little  Ti,Al. 

3.  Based  on  the  available  data,  the  fee  phase  is  suggested  to  be  Cn,Al)  nitride  . 

♦» 
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PHASE  AND  STRUCTURE  TRANSFORMATIONS  IN  TITANIUM 


ALLOYS  UNDER  THERMOHYDROGENOUS  TREATMENT 

A.  A,  Ilyn,  B.  A.  Kolachev,  A.  M.  Mamonov 
Aviation  Technology  Institute,  Moscow,  Russia 


Abstract 

The  hydrogen  dopping  influence  of  phase  composition,  structu¬ 
re,  morphology  and  chemical  composition  of  phases  in  titanium 
alloys  of  different  classes  were  investigated  in  this  article. 
The  term  of  thermal  hydrogenous  treatment  as  a  new  direction 
of  titanium  alloys  technology  was  entered.  The  opportunities 
of  structure  managing  and  raising  of  mechanical  and  exploita¬ 
tion  properties  complex  of  titanium  alloys  with  the  help  of 
thezmohydrogen  treatment  were  shown. 


Hydrogen  which  la  enough  powerful  8 -stabilizer  has  the  appreci¬ 
able  Influence  at  phase  and  structural  transitions  in  titani¬ 
um  alloys.  This  Influence  is  developed  in  decreasing  otc/i*p/B 
transition  temperature  (t^),  increasing  of ^  -phase  quantity  at 
the  given  temperature,  alZo^ng  elements  redistirlbution  bet¬ 
ween  <4  and  ^-phases,  the  lattice  period  change  of  eC  and  B -pha¬ 
ses,  and  as  follows  of  volume  effect  of  allotroplc  transition 
ft -phase  stability  Increasing  and u7 -phase  formation  sup¬ 
pression,  the  hydrides  and  >(2 -phase  precipitation  and  marten¬ 
site  transformation  beginning  and  ending  temperatures  decrea¬ 
sing.  Fig.  1  illustrates  the  hydrogen  influence  at  J.  *p/p 
transformation  temperature  t^  for  some  titanium  alloys. 

The  transformation  temperatwe  t^  decreasing  is  usually  the 
more  expressed  p  -stabilizer  content  in  alloy.  For  some  Ti  al¬ 
loys  (Ti-5A1;  Ti-5Al-2.5Sn;  Ti-6A1-4V;  Tl-3Al-51lo-5V{  Ti-7.5 
Al-11Zr-0.6Mo-1Nb-0.3Si;  Ti-6Al-2Zr-1Mo-1V)  wo  had  construc¬ 
ted  the  vertical  sections  which  are  illustrating  their  phase 
composition  variation  with  the  hydaragen  content  raising.  The 
Fig.  2  gives  the  example  of  such  sections  for  T1-6A1-4V  (TT6) 
and  Ti-7.5Al-11Zr-0.6Mo-1Nb-0.3Si  {VT10)  alloys. 

For  4 -alloys  (Ti-5A1;  Ti-5Al-2.5Sn)  the  advent  of  hydrogen 
leads  to  p -phase  appearance  at  comparatively  low  tmnperatures 
(250-270  ®c);  in  .<+«  alloys  Ti-6A1-4V  (VT6)  and  Ii-3Al-5Mo-5V 
(VTI6)  hydrogen  leads  to  raising  of  B -phase  quantity;  in  pse¬ 
udo  <4-alloye  with  the  high  content  or  A1  (Tl-8Al-11Zr-0.6 
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Mo-IITb)  hydrogen  at  its  hl^  contents  allows  to  c^t.-'phase  pre¬ 
cipitation.  The  all  alloys  at  high  content  of  hydrogen  the 
hydrides  precipitate. 


f  “C) 


Figure  1  -  Hydrogen  influence  transformation 

for  some  titanium  alloys 

t(‘C)  tCO 
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Figure  2  -  The  hydrogen  influence  at  phase  equilibrium 
in  Ti-6A1-4T  (a)  and  Ti-7.5Al-11Zr-0.6llo- 
1IIb-0.3Si  (b)  alloys 

The  Inoreaslng  of  p -phase  quantity  inu+f  titanium  alloys  is 
sooompanled  by  its  leaning  with  6 -stabilisers.  Eaqperlmentally 
[4,3]  this  effect  was  detected  in  VT23  (Ti-4.5Al-4.5T-21l6-1Cr- 
0.6Fe)  and  VT18  (Ti-7.5Al-11Zr-0.6llo-1Hb-0.3Sl}  alloys  (Fig.3) 

But  the  decreasing  of  dopping  degree  of  p  -phase  in  biphase  «c  */ 
titanium  alloys  with  the  hydrogen  advent  into  these  alloys 
is  the  consequence  of  triad  systems  Tl-^stabillser  -  hydrogen 
isothermal  sections  alloying  for  the  set  experimental  low  of 
^ -phase  quantity  raising  for  this  type  alloys  with  the  hydro¬ 
gen  advent  [  2j«  This  section  diagram  is  shown  in  Fig.  4.  This 
diagram  may  be  extended  to  oomplex-dopplng  alloys  with  the  ao- 
cotmt  of  p -stabilizers  influence  by  Mo  equivalent  and  taking 
into  account  the  comparatively  low  influence  of  p -stabilizers 
at  A1  solubility  ln«6-phase.  The  hydrogen  dopping  in  tlta- 
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nlum  alloys  leads  to  jS -phase  quantity  Increasing  in  accordan¬ 
ce  ‘  "tli®  alloy  goes  over  to 

one-phase^S -region,  vdiere^ -phase  quantity  is  100  %.  But  the 
^-stabilizers  content  in/  -phase  must  decrease;  this  content 
is  defined  by  /y ;  ;  /s ;  b  points.  The  supposition  that /  - 

phase  composition  la  constant  or  that/  -stabilizers  content  in 
p  -phase  with  the  hydrogen  dopping  of  alloys  leads  to  contra¬ 
diction  to  experiments. 

wt.  %  d.c. 


Figure  3  -  The  hydrogen  Influence  at  dopping 

elements  in  B  -phase  in  VT18U  alloys 
at  650  »C 


Figure  4  -  The  isothermal  section  of  Ti-^-stabillzer- 
hydrogen  diagram 

For  eome«l+^  titanium  alloys,  for  example  T1-12V,  hydrogen  de¬ 
creasing  the  volisne  effect  ot  transformation  irtiloh  is 

near  zero  at  some  hydrogen  oonoentratione  (Fig.  5).  This  ef¬ 
fect  is  ccmblned  with  the  fact  that  hydrogen  concentrates  in 
/-phase.  In  nonhydronized  metal  the  /  -phase  atomic  volume  is 
latter  than  of -phase  one.  The  hydrogen  dopping  of  metal  le¬ 
ads  to /-phase  atomic  volume  increasing,  and cC -phase  atomie 
volume  ohfmges  sll^tly  because  of  ooBq>aratlvely  low  hydrogen 
solubility  in  it*  This  fact  allows  us  to  manage  the  phases 
mgrpholo^  ^ecagse  t^Sj  transition  volume  effect  determinates 
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Figure  5  -  Qydrogen  Influence  at ^ -phase  quantity, 

Qft  (ij.  atomic  volumes,  (2),  and ^ - 
pnase  (3)  and  volume  effect,  d  ot 
transformation  (4)  in  annealed  Ti-12V 
alloys  [  3J. 

The  hydrogen  influence  at  transformations  taking  place  in  tl- 
tanliM  alloys  under  different  cooling  conditions  may  be  intro¬ 
duced  as  cooling  rate-hydrogen  containing  diagram.  At  these 
diagrams  the  phase  composition  of  alloys  with  different  hydro¬ 
gen  containing  after  cooling  temperature  with  different  rates. 
In  Fig.  6  such  a  diagram  is  given  as  an  example  for  VT6  alloy 
(T1-6A1-4V}  after  heating  till -region. 

At  the  diagram  corresponds  to  the  cooling  rates  below  ttdch 
the  Initial  stages  of ^ -phase  deotMopositlon  are  observed,  and 
the  imequilibrium  compositions  of  ^  and  «(* -phases  { fiu  and«6w) 
form  as  a  result.  This  appears  in  X-rays  lines  expansion.  Vq^ 
corresponds  to  the  cooling  rates  stq;>plying  oonq^ratlvely  equi¬ 
librium  compositions  of  «L  and  B -phases  (o(e  and  ^e).  Such  dia¬ 
grams  were  constructed  by  us  for  VT20  (Ti-6Al-2Zr-11lo-1V) ; 

VT18  (Ti-7.5Al-11Zr-0.6llo-1Hb-0,3Si);  VT23  (Ti-4.5Al-4.5V-21Io- 
1Cr-0.6Fe)  alloys.  For  these  diagrams  the  next  three  laws  are 
characteristic:  a)  hydrogen  decreases  the  critical  cooling 
rates  of  quenching;  b)  hydrogen  helps  the  rhombic  martensite 
to  formate;  the  rh«nbic  distortion  degree  of  martensite  being 
Increased  with  the  hydrogen  content  raising;  o)  the  hydrogen 
dissolution  in  ct"  -phase  causes  the  o("  -  fi  phase  transition  [  5] . 

ThecO-phase  foxmation  suppressliu  in ^  -titanium  alloys  was 
plotted  out  in  our  early  papers  fSj  and  was  confirmed  ln  [  6]. 
Hydrogen  decreases  the  thermal  hardening  effect  of  pseudo  - 
titanium  alloys  and  when  its  concentration  is  high  transfers 
them  into  thermal  dlshardened  alloys  class  [  5 J. 

The  hydrogen  Influence  at  phase  and  structural  transitions  in 
tltanlim  alloys  laws  being  pointed  above  were  a  base  of  new 
direction  of  titanium  alloys  technology,  named  thexmohydroge- 
nous  treatment  f  3,  5,  10 J.  The  thexmohydrogenous  treatment  is 
based  on  reversible  hydr^en  dpppii^of  titanium  alloys,  beca¬ 
use  it  is  necessary  vo  finish  It  with  vacuum  annealing  to 


decrease  bydrogen  content  in  metal  till  safe  concentrations 
where  hydrogenous  brittleness  of  titanium  alloys  development 
during  their  work  Is  excluded. 


Figure  6  -  Phase  composition  of  VT6  alloy  (Ti- 
6A1-*4V)  with  the  different  hydrogen 
containing  after  cooling  from j3 -re¬ 
gion  with  different  rates 

Thermohydrogenous  treatment  (THT)  allows  to  solute  the  next 
tasks  [3t  11j  J 

a)  to  transfer  the  wrought  plate  structure  Into  fine  grain 
globular  one,  that  leads  to  cyclic  endurance  and  plasticity 
increasing; 

b)  to  manage  the  .(.-phase  morphology  and  quantity  at  aging  with 
positive  mechanical  properties  change; 

c)  to  transfer  the  thermally  dlshardened  pseudo  ,6 -alloys  Into 
thexnally  hardened  class; 

d)  to  Increase «( -f^-alloys  penetration  hardness. 

The  microstructure  fining  of  casting  titanium  alloys  by  their 
temporary  hydrogen  dopplng  was  discussed  earlier  [7-9,  12j, 

The  Investigations  of  this  problem  are  made  In  U^,  Japan, 
China,  Russia.  The  developed  technology,  that  Is  hydrogenation 
of  oasted  metal  and  its  vacuum  annealing  (named  "hydrovao") 
allows  to  fine  the  internal  structure  of  Mcrograln  and  to  In¬ 
crease  the  mechanical  properties  conq;>lex. 

The  other  opportunities  of  thermohydrogenous  treatment  are 
known.  For  example,  the  reversive  hydrogen  dopplng  makes  In 
VT18U  alloy  the  unique  heterogeneous  structure,  idiere «C -phase 
presents  as  two  solid  solutions  with  different  ohemioal  speci¬ 
fication,  this  state  being  oonservated  till  high  temperatures 
(800-850  *>0).  Pseudo  «(.  of  enriched  concentration  Is  gathered 
of  initial «L -phase ,  anddL-phase  of  enpoored  concentration  Is 
formed  during  hydrogen  stabilised  i  -solid  solution  deo<»q>osl- 
tlon.  The  low  quantities  of  &-  ana  -phases  are  present  In 
thermohydrogenoiw  treated  alloy  structure.  Such  structure  for¬ 
mes,  for  example,  as  a  result  of  TBT  regime t  alloy  hydrogen 
saturation  till  0. 5-0.8  %,  that  results  In ^ -phase  quantity 
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Inoreaslng;  cooling  till  room  temperature  with  the  aid  of^- 
phaee  euteotoid  decomposition,  vaouiim  annealing.  This  struc¬ 
ture  state  leaded  to  hardness  characteristics  raising  of  VT18U 
alloy  sheets  at  room  and  enraised  temperature  (Table  1}  as  a 
result  of  disperse  hardening. 

Table  1  -  The  Mechanical  Properties  of  VT18U  Alloy  sheet 


Testing 

Heat  treat- 

6t* 

6^0.2* 

cT 

The  final  hyd- 

tempera- 

ment 

56 

rogen  concen- 

ture.^C 

MPa 

MPa 

tration 

20 

supplied  state 
vacuum  annea- 

1050 

970 

6.5 

0.0033 

led  (T-900  «C, 
1  h,  V«2K/s) 

1020 

960 

8.2 

0.003 

THT  (0.8  %  H) 

1170 

1090 

3.3 

0.004 

THT  (0.6  56  H) 

H50 

1080 

3.9 

0.004 

700 

supplied  state 
VBCUvim  annea- 

540 

470 

21.0 

0.003 

led  (T»900  “C, 
1  h) 

560 

480 

20.9 

0.003 

THT  (0.8  56  H) 

690 

610 

17.4 

0.004 

THT  (0.6  56  H) 

670 

590 

20.1 

0.004 

800 

supplied  state 
vacuum  azmea- 

290 

210 

32.3 

0.003 

led  (T-900  “C, 
1  h) 

300 

210 

30.4 

0.003 

THT  (0.8  56  H) 

400 

320 

28.3 

0.004 

THT  (0.6  56  H) 

370 

300 

30.7 

0.004 

The  opportunity  of  penetrated  hardening  raising  of  titanium 
alloys  by  means  of  thermohydrogenous  treatment  is  communica¬ 
ted  with  critical  cooling  rate  decreasing  when  they  are  dop- 
ped  with  hydrogen.  For  ezcuiQ>le,  the  dopping  of  VT23  alloy  by 
0.2  mass.  %  of  hydrogen  the  critical  cooli^  rate  decreases 
from  400  till  0.4  K/s,  and  0.8  mass.  %  of  hydrogen  decreases 
the  critical  cooling  rate  for  yT23  alloy  till  0.3  K/s.  The  de¬ 
creasing  of  critical  cooling  rate  allows  to  use  more  soft 
quenching  regimes  for  stress  and  warping  of  semles  and  deta¬ 
ils. 

The  theztnohydrogenous  treatment  may  be  combined  with  the  ear¬ 
lier  hot  defoxmatlon  of  titanium  alloys  with  the  using  of 
hydrogenous  plaetifloatlon.  The  development  THT  regimes  of 
VT18U  alloy  blades  combined  with  hydrogenous  plaatifloation 
supply  the  more  hl^  mechanical  properties  at  normat  teppera- 
ture  (6!t-1240  MPa,  MPa,<r-9-11  Jt,^_,-455  MPa)  than 

after  standard  blades  production  technology  (61*960-975  MPa, 

d  >10-14  %).  ^ 

As  it  could  be  clear  of  eaylng  before,  wo  are  eure  that  thermo- 
hydrogenous  treatment  is  more  general  titanium  alloya  heat 
treatment  technology  than  "hydrovao”  prooeaa. 
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THE  EFFECT  OF  POROSITY  ON  THE  VISCOPLASTIC  RESPONSE 
OF  SINTERED  Ti-6A1-4V 


M.  da  SOva  A  K.T.  Ramcah 
Depaitmeid  ot  Medianical  Engineering 
The  Johns  Hopkins  University 
Baltimore,  MD  21218 

Abstract 

Fully  dense  and  porous  samples  Ti-6Al-4  V  were  tested  by  compression  and  torsion .  Stress- 
strain  curves  were  obtained  far  homogeneous  deformations  at  high  strain  rates  (between  1(P-10* 
s  ')-  In  addition,  quasistatic  compression  tests  were  performed  on  the  fully  dense  and  porous  metals. 
The  results  show  that  the  porosity  affects  die  degree  of  strain  hardening  and  die  rate  sensitivity  in 
compression;  the  pores  have  negligibte  effect  on  the  strain  hardening  behavior  during  shearing 
deformation. 


Introduction  and  Background 

The  unique  mechanical  and  physical  pn^ierties  of  titanium  alloys  have  led  to  their 
widespread  use  in  the  design  of  advanced  components.  However  the  extreme  difficulty  of 
machining  titanium  alloys  has  spurred  considerable  interest  in  alternate  manufacturing  methods 
such  as  powder  metallurgy  which  offer  significant  advantages  when  combined  with  convendonal 
production  processes.  Modeling  of  sintered  powder  metals  undergoing  manufacturing  processes 
requires  a  knowledge  of  the  constitutive  law  which  is  complicated  by  the  evolution  of  porosity  with 
the  deformation.  Since  the  volume  does  not  remain  constant  during  deformation,  conventional 
plasticity  theories  which  are  suitable  for  pore-free  metals  are  in^plicaUe. 

The  complexity  of  the  mictostTucture  and  the  presence  of  residual  porosity  are  major 
factors  influencing  the  mechanical  behavior  of  porous  metals.  In  the  case  of  the  Ti-6A1-4V  alloy 
variations  in  the  microsmicture  have  been  observed  to  strongly  influence  the  mechanical  properties 
both  at  low  and  high  rates  of  deformation.  This  effect  is  observed  as  scatter  in  the  reported  data  on 
the  yield  strength,  strain  hardening  and  strain  rate  sensitivity  and  is  not  discussed  here. 

The  residual  porosity  is  the  other  major  factor  influencing  the  mechanical  behavior  of 
sintered  metals.  The  effect  of  porosity  on  die  mechanical  behavior  of  sintered  metals  has  been  a 
subject  of  interest  both  theoretically  and  experimentally  for  a  number  of  researchers.  Again,  the 
data  in  the  literature  shows  a  great  deal  of  scatter,  this  isdue  to  the  fact  that  besides  the  pore-content 
many  other  factors  such  as  pore  stuqie,  »ze,  orientation  and  distribution  strongly  influence  the 
mechanical  response.  A  comprehensive  set  of  references  is  available  in  Haynes'". 
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The  progressive  densification  of  porous  materials  has  been  described  by  various  methods 
ranging  from  micromechanical  modeling  to  sunple  phenomenological  modeling.  Some  of  the 
more  rigorous  analytical  approaches  to  the  constitutive  modeling  of  porous  metals  have  been 
largely  motivated  by  the  problem  of  void  nucleation  and  growth  in  ductile  fracture  (e.g.  Rice  & 
Tracey'^’)-  Gurson'^'  developed  approximate  yield  criteria  and  flow  rules  for  porous  ductile 
materials  and  studied  the  role  of  the  hydrostatic  stresses  in  yielding  and  void  growth.  Numerical 
studies  of  defcmnation  in  two  dimensional  models  of  porous  metals  with  cylindrical  pores  and  an 
elastic  plastic  matrix  have  been  presented  by  Needleman*^.  Further  numerical  studies  (e.g.  by 
Meari^)  have  examined  yield  phenomena  in  a  cubic  array  of  qrherical  pores.  Using  a  different 
approach  (formulating  the  problem  in  strain  space)  Kim'*’  studied  the  response  of  pmous  materials 
under  general  three  dimensional  loading  conditions  where  these  materials  may  exhibit  strong 
coupling  between  volumetric  and  deviatoric  ejects. 

The  plastic  deformation  and  densification  of  sintered  porous  compacts  has  led  to  studies 
of  the  applicability  of  the  thetuy  of  plasticity  to  the  modeling  of  porous  materials.  The  plastic 
deformation  of  conventional  isotropic  metals  is  incompressible  and  hence  simple  classical  rate- 
independent  plasticity  theories  such  as  J,  -  flow  can  be  readily  applied,  but  these  are  inapplicable 
in  the  case  of  porous  materials.  Thus  for  the  ptHous  material  a  different  set  of  yield  criteria  and  flow 
rules  are  required;  the  yield  criteria  should  reduce  to  the  von  Mises  criterion  as  the  porosity  tends 
to  zero.  A  natural  choice  for  the  yield  function  includes  dependence  on  the  hydrostatic  and 
deviatoric  components  of  the  Cauchy  stress  as  shown  below, 

F  =  Fa,J,.p)  =  a(p)n  +  p(p)V 

where  I  represents  the  trace  of  the  Cauchy  stress,  is  the  second  invariant  of  the  deviatoric  stress 
tensor,  and  where  (Z,  p  are  constitutive  functions  of  the  current  density  p.  This  ^^troach  was 
independently  proposed  by  Kuhn  et  al.'^  and  Green'".  Shima  and  Oyane successfully  utilized 
similar  relations  to  describe  the  behavior  of  porous  (sintered)  copper,  by  experimentally  evaluating 
the  functions  a(p)  and  p(p)  through  simple  tension  and  conqiression  tests.  C^orapceioglu  &  Uz  "" 
reviewed  the  model  mentioned  above  and  compared  the  expressions  obtained  for  the  functions  a 
and  P  by  various  authors.  Haynes  presents  results  on  the  effect  of  porosity  on  the  yield  strength, 
plastic  defoimation  and  work  hardening  of  porous  metals.  Besides  these  results,  data  exists  for 
copper  [9],  iron  [11]  and  tungsten  (Shipman"")  under  quasistatic  axial  and  lorsiona]  loading; 
Bourcier  et  al. ""  reported  data  for  porous  H-bAMV  under  quasistatic  tension. 

However  modeling  of  the  dynamic  behavim  of  porous  metals  at  high  rates  has  not  been 
extensively  studied  (aside  from  the  work  done  by  Duffy  ""  and  a  few  others).  This  paper  presents 
an  investigation  of  the  dynamic  behavior  of  porous  Ti-6A1-4V  in  compression  and  shear.  Since  the 
dynamic  response  of  these  materials  is  of  interest,  die  primary  experimental  facilities  used  are  the 
Kolsky  compression  and  torsion  bars"".  Using  standard  procedures,  flow  stress  measurements  are 
made  from  the  recorded  stress-strain  histories.  In  addition  to  the  high  rate  testing,  the  quasi-static 
behavior  (in  compression)  of  the  fully  dense  and  porous  metals  is  determined. 

Material  Deacription 

The  titanium  alloy  chosen  for  this  wmk  is  the  two  phase  (a-^P)  material  Ti-6A1-4V,  which 
is  the  most  widely  used  of  the  commercially  available  titanium  alloys.  The  presence  of  a-stabilizers 
(Al )  and  p-stabilizers  (V)  makes  Ti-6AI-4  V  a  two  phase  alloy  supporting  a  mixture  of  a,  retained 
P  and  transfonned  p  phases  which  may  exist  in  different  forms,  ranging  from  lenticular  to  equiaxed 


or  combinations  of  such  structures.  When  this  alloy  is  cooled  from  the  ^-region,  a  begins  to  fonn 
below  the  ^-transus  (9S4°C).  The  a  phase  forms  in  plates  morphology,  with  a  crystallographic 
relationship  to  the  P  phase  in  which  it  forms.  Besides  the  annealing  temperature,  the  cooling  rate 
also  affects  the  microstructure. 

The  sintered  material  (obtained  frmn  Industrial  Materials  Technology,  Inc.)  was  vacuum 
sintered  at  1 177°C  for  4  hours  and  then  HlPed  (Hot  Isostatically  Pressed).  The  powders  were 
manufactured  by  the  HDH  (Hydride/Dehydride)  process  utilizing  material  which  was  further 
refined  through  vacuum  ate  melting.  The  sintered  metal  was  heat  treated  at  920°C  for  1  hour  and 
furnace  cooled;  a  micrograph  of  the  resulting  microstructure  is  shown  in  Fig.  1 .  The  slowly  cooled, 
Widmanstatten  microstructure  is  apparent,  as  is  the  residual  porosity.  The  structure  consists  of 
transformed  P  and  plate-like  a.  The  a  phase  occupies  mote  than  90%  of  the  matrix  and  thus  is  the 
majority  phase.  The  manufacturer  provided  porosity  estimates  of  iqrproximately  8%  obtained  by 
fluid  immersion  testing. 


Experimental  Procedure 


A  technique  for  the  measurement  of  the  properties  of  materials  undergoing  homogeneous 
deformations  at  high  rates  was  develc^red  by  Kolsky*’’’  and  has  since  become  the  most  widely  used 
testing  procedure  for  dynamic  property  measurements  at  strain  rates  of  the  order  of  lO’- 10*  s 

The  Kolsky  compression  bar  is  a  device  that  is  used  to  subjea  small  samples  to  nearly 
homogenous  compressive  deformations  at  strain  rates  of  10^- 10*  s'.  The  instrument  consists  of  two 
long  metal  bars  that  are  designed  to  remain  elastic  throughout  the  test  These  bars  sandwich  a  small 
cylindrical  specimen.  One  end  of  the  incident  bar  is  impacted  by  a  projectile  fired  fimn  a  gas  gun 
and  the  compressive  pulse  generated  by  the  impact  propagates  down  the  incident  bar  into  the 
specimen.  After  several  reverberations  within  the  specimen,  a  transmitted  pulse  is  sent  into  the 
transmitter  bar  and  a  reflected  pulse  back  into  the  incident  bar.  Conventionally,  strain  gages  placed 
on  the  incident  and  transmitter  bars  are  used  to  measure  the  pulses  propagating  in  the  bars.  The 
reflected  pulse  provides  a  measure  of  the  strain  rate  imposed  on  the  qtecimen,  and  the  transmitted 
pulse  provides  a  measure  of  the  stress  state  within  the  sample.  The  strain  gage  agnals  thus  provide 
the  histories  of  the  strain  rate  and  stress  within  the  sample;  by  combining  the  two  signals  it  is 
possible  to  obtain  the  stress-strain  relation  for  the  specimen  material  under  moderately  high  rates. 

Assuming  that  we  have  homogenous  deformation  a  sinqtle  analysis  (Lindholm  )  yields 
the  mean  specimen  stress  and  mean  strain  rate  in  terms  of  the  strain  in  the  incident  bar  e,  and  diat 
in  the  transmitter  bar  e,  as  follows; 

a=^er 

2A, 

and 

•# 

where  and  c,  represent  the  bar  cross-section  area  and  the  bar  velocity  respectively,  and  £  is  the 
Young's  modulus  of  the  bats.  The  strain  rate  is  then  integrated  to  obt^  the  strain  history  of  the 
specimen.  Eliminating  time  from  these  recorded  histories  by  ctoss<onelation  gives  us  the 
specimen  stress-strain  curve  at  the  r^tserved  high  strain  rate. 


A  similar  technique  to  the  Kolsky  compression  bar  has  been  adapted  to  the  study  of 
materials  undergoing  nearly  homogenous  shearing  deformation  at  high  smun  rates.  This  adapta¬ 
tion  uses  a  torsional  pulse  rather  than  a  compressive  pulse,  and  the  qiecimen  is  a  thin  walled  tube 
rather  than  a  short  cylinder.  The  device  consists  of  two  long  bars  that  sandwich  a  shmt  tubular 
specimen  with  a  thin  walled  tube  making  up  the  gage  section  and  circular  flanges  which  are 
attached  to  the  bars  using  epoxy.  Both  bars  are  instrumented  with  foil  strain  gages  for  measuring 
shear  strain.  In  operation,  a  torque  is  applied  to  a  diort  secjon  of  the  input  bar,  the  rest  of  the  bar 
is  restrained  from  rotation  using  a  frictimi  clamp.  When  the  friction  clamp  is  suddenly  released  (by 
breaking  a  pie-notched  bolt),  a  torsional  pulse  pn^gates  down  the  bar. 

The  torsional  pulse  arrives  at  the  specimen,  and  is  partly  transmitted  and  partly  reflected. 
The  transmitted  pulse  diiecdy  gives  the  stress  history  of  the  q>ecimen,  while  the  reflected  pulse 
provides  a  direct  measure  of  the  iKMninal  shear  rate  witliin  the  sample  after  the  deformation 
becomes  homogenous.  Using  relations  analogous  to  those  for  the  compression  bar  the  nominal 
shear  stress  and  nominal  shear  rate  sustained  by  the  specimen  can  be  obtained  from  the  recorded 
strain  gage  signals  (Hartley  et  al.‘”') .  The  shear  rate  is  then  integrated  over  time  to  give  the 
specimen  shear  strain  y,  hence  a  torsion  bar  test  can  provide  a  complete  shear  stress-shear  strain 
curve  at  a  high  strain  rate. 


Spedmen  Preparation 

The  micrograph  of  the  sintered  Ti-6Al-4  V  shows  the  presence  of  a  plates  with  intergranular 
P  in  the  plane  of  the  section.  The  fully  dense  Ti-6A1-4V  was  heat  treated  to  generate  a  similar 
microstructure  to  that  which  exists  in  the  matrix  of  the  porous  metal.  The  heat-treatment  required 
in  this  case  consists  of  solution  treating  at  1 100°C  fmr  one  hour,  and  furnace  cooling. 


Fig.  1.  Micrograph  Sintered  Ti-6Al-4V  Fig.  2.  Micrograph  of  Fully  Dense  Ti-6Al-4V 


After  the  heat  treatment  both  the  fully  dense  material  and  the  matrix  of  the  prxous  Ti-frAl- 
4  V  possess  similar  microstnictures  (Fig.  1  &  2)  which  consists  of  the  distinctive  Widmanstatten 
structure  of  a-plates  with  some  intergranular  p  phase.  In  order  to  further  characterize  the 
microstructures,  the  microhardness,  gnun  sizes  and  phase  coirqxtsitions  were  rrteasuted.  Vickers 
microhardness  measurements  yielded  an  average  value  of  419^  for  the  fully  dense  heat-treated 
metal  and412VH  in  the  matrix  of  the  sintered  metal.  The  microstructuies  are  also  governed  to  some 
extent  by  the  size  of  the  grains  present.  In  both  microstructure  the  plate-like  a-grains  have  lengths 
between  20-l(X)  (im  and  aspect  ratios  varying  from  2  to  10.  The  grain  sizes  measured  in  the  fully 
dense  and  porous  metals  are  comparable  (10-lS  |im  across  and  20-l(X)  (un  in  length).  Further 
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characterization  of  die  inicrostructures  is  done  by  comparing  the  composition  of  individual  phases 
in  the  fully  dense  and  porous  nnetals  with  the  help  of  an  electron  microprobe;  the  results  indicate 
that  the  imcrostiuctures  are  equivalent  and  cmitain  greater  than  90%  of  the  a-phase  and  less  than 
10%  of  the  ^phase. 

Other  important  features  of  the  microstructure  are  the  volume  riaction,  size  and  aspect  ratio 
of  the  pores.  An  image  processing  system  was  develt^ied  for  quantitative  analysis  of  the 
microstructure  of  the  porous  Ti-6A1-4V.  It  is  sufficient  to  measure  the  areal  pore  fraction  in  order 
to  obtain  the  pore  volume  fraction  present  in  the  solid.  The  mean  pore  area  fraction  or  relative 
porosity  obtained  is  tqiproximately  7.6%,  which  is  close  to  the  value  of  8%  obtained  from  fluid 
immersion  tests.  In  measuring  the  size  and  shape  of  the  pores  present,  the  image  analysis  software 
attempts  to  fit  an  ellipse  to  each  pore  and  then  sizes  the  pore  using  the  major  and  minor  axes  of  the 
fitted  ellipse.  Using  this  method  the  measured  values  of  die  major  and  minor  axes  yield  a  mean 
aspect  ratio  of  2.0  for  the  pores  with  the  mean  majcv  axis  length  equal  to  9.46  ^m  and  the  mean 
minor  axis  equal  to  about  4.7 1  |im. 


Results  and  Discussion 


The  porous  metal  and  the  fully  dense  Ti-6A1-4V  are  subjected  to  quasistatic  compression 
at  strain  rates  betweeen  10^-10'^  s  ’.  In  the  case  of  the  porous  metal  true  constitutive  information 
cannot  be  inferred  direedy  due  to  the  compressibility  effects  of  the  pores.  Thus  another  strain 
measure  (such  as  radial  strain)  or  the  evolution  of  the  porosity  as  a  function  of  compression  must 
be  known  before  we  can  obtain  the  true  stress  -  true  strain  constitutive  inframation. 


EngiiiMtliig  Compressive  Strain 

Fig.  3.  Density  Evolution  with  Compressive 
Strain 


True  Strain 


Fig.  4.  True  Stress-Strain  in  Quasistatic 
Compression 


In  order  to  obtain  the  evolution  of  the  material  porosity  with  compressive  strain  several 
specimens  are  strained  at  a  nominally  constant  strain  rate  (2000  s  ')  to  various  amounts  of  plastic 
strain.  The  relative  density  is  then  measured  employing  Archimedes's  principle  and  the  procedure 
oudined  by  Bouncier  et  al."’’.  The  evolution  of  the  relative  density  of  the  porous  material  as  a 
function  of  the  compressive  strain  is  shown  in  Fig.  3.  Similar  measurements  ate  made  on  the  porous 
metal  deformed  under  quasistatic  compression;  the  final  density  is  also  plotted  in  Fig.  3.  The  results 
show  that  the  effect  of  strain  rate  on  the  compaction  is  negligible,  llie  behavior  of  the  density 
evolution  curve  is  similar  to  that  observed  in  porous  copper  [9]  and  porous  iron  [11].  However  the 
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difTerence  is  that  these  results  [9.1 1]  are  from  quasistatic  tests  rather  than  dynamic  tests. 

Using  this  evolution  information,  and  consequently  knowing  the  plastic  compressibility  of 
the  porous  metal,  the  true  stress  and  true  strain  values  can  now  be  computed  hmn  the  measured  load 
and  axial  displacements  during  both  the  dynamic  and  quasistatic  tests.  These  represent  effective 
global  properties  for  the  porous  metal.  All  the  data  presented  henceforth  represents  true 
constitutive  behavior. 

Fig.  4  depicts  the  true  stress-strain  curves  for  the  porous  and  fully  dense  metals  at  a  strain 
rate  of  lO^s  The  softening  effect  of  the  pores  is  apparent  in  terms  of  the  yield  strength.  The  fully 
dense  nretal  is  seen  to  exhibit  a  small  degree  of  hardening  as  compared  to  the  porous  metal.  Another 
important  feature  noticeable  in  Fig.  4  is  that  the  stress-strain  curve  for  the  fiilly  dense  metal  reaches 
a  peak  value  at  a  strain  of  about  8%.  Subsequent  to  the  peak  an  inhomogenous  deformation 
develops,  eventually  leading  to  failure  of  the  specimen  by  shearing  at  an  angle  (approx.  3S-4S°)  to 
the  vertical  axis. 

In  comparison,  the  porous  nretal  is  able  to  sustain  large  strains  (as  large  as  20%)  under 
compression  without  developing  any  evidence  of  inhomogeneous  flow.  This  increased  stability  of 
the  deformations  under  compression  is  due  to  the  greater  degree  of  strain  hardening;  the  presence 
of  the  pores  results  in  a  greater  ease  of  accommodation  of  the  deformations  within  the  material. 


Fig.  5.  Dynamic  Response  of  Porous  and  Fig.  6.  Rate  Sensitivity  of  Porous  and 

Fully  Dense  Ti-6Al-4\  Fully  Dense  Ti-6Al-4V 


The  behavior  observed  during  dynamic  compressive  defamations  is  qualitatively  similar 
to  that  obtained  during  quasistatic  compression;  the  true  stress-strain  curve  for  the  porous  material 
is  compared  (Fig.  S)  with  that  for  the  fhlly  dense  material  during  dynamic  compression  at  a  strain 
rate  of  2.0xl0^s  '.  Again,  the  porous  material  is  generally  weaker  than  the  fully  dense  alloy,  and 
there  is  again  a  strong  difference  in  strain-haidening.  Further,  the  same  instability  develqrs  during 
dynamic  deformations  of  the  fiilly  dense  microstructure,  while  the  pcmnis  material  can  sustain  large 
compressive  strains  even  at  high  strain  rates  without  failure.  The  highest  engineering  strain 
obtained  in  tests  on  the  porous  metal  was  20%;  even  at  these  strains  there  is  no  indication  of  any 
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macroscopic  inhomogeneous  deformation  c»’  other  incipient  “failure.” 

The  porous  material  is  subjected  to  dynamic  compression  over  a  range  of  strain  rates  from 
lO^s  '  to7xl0^  s  '  and  this  information  is  used  to  plot  a  rate-sensitivity  diagram  at  constant  strain, 
for  the  porous  and  fully  dense  metals  (Fig.  6).  Note  that  the  difference  in  the  magnitude  of  the  flow 
stresses  for  the  porous  and  fully  dense  materials  is  clearly  a  function  of  the  chosen  strain,  since  the 
porous  material  exhibits  strong  hardening.  Some  interesting  distinctions  are  apparent  in  the 
response  of  the  two  materials.  First,  over  the  lower  range  of  rates  the  porous  material  appears  to 
be  more  rate-sensitive  than  the  fully  dense  alloy,  so  that  at  the  high  rates  the  softening  effect  of  the 
pores  is  weaker  than  observed  during  quasistatic  deformations.  Note  that  this  is  true  at  'tant 
strain,  so  that  the  compaction  due  to  strain  remains  the  same.  Second,  the  sharp  upturn  in  tl  i  high- 


Fig.  7.  Dynamic  Shearing  of  Forms  and  Fully 
Dense  Ti-6Al-4V  at  400  s' 

rate  flow  stress  observed  in  the  fully  dense  metal  is  not  seen  in  the  high-iate  behavior  of  the  porous 
metal,  suggesting  that  the  changes  in  “structure”  that  affect  the  flow  stress  are  quite  different  in  the 
two  cases. 

In  order  to  integrate  the  above  results  into  a  typical  constitutive  model  the  response  under 
a  wider  range  of  stress  states  is  required.  In  this  spirit,  the  porous  and  fully  dense  Ti-6A1-4V  are 
subjected  to  dynamic  shearing  deformations  between  1(F-  1(F  s  '  using  the  torsional  Kolsky  bar. 
The  shear  stress-shear  strain  curves  for  the  fully  dense  and  porous  metal  at  a  nominal  shear  rate  of 
400  s  ■'  are  shown  in  Fig.  7. 

In  shear,  both  the  fully  dense  and  porous  materials  exhibit  behavior  that  is  close  to  perfectly 
plastic.  In  the  case  of  the  fully  dense  metal  it  is  expected  that  the  response  be  similar  to  that  observed 
under  compressive  deformations  and  the  recorded  shear  stress  level  can  be  predicted  by  the  Von- 
Mises  criterion.  In  the  case  of  the  porous  metal  the  observed  shear  response  can  be  explained  if 
under  shearing  defamations  the  voids  do  not  change  in  size  but  only  in  shape.  This  implies  no 
change  in  the  porosity  during  deformation.  Thus  macroscopic  compressibility  effects  which  are 
observed  in  compression  (strain  hardening)  are  not  observed  in  shear.  However  as  in  compression , 
the  weakening  effect  of  the  voids  is  apparent  from  the  lower  measured  shear  stress  level. 

A  through  crack  was  observed  in  the  wall  of  the  gage  section  of  the  porous  metal  shear 
specimens  after defoimation  (at  400  s').  A  narrow  region  along  the  crack  was  examined  with 
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the  help  of  an  SEM  and  some  evidence  of  void  linkage  and  large  localized  defonnations  in  the 
grains  close  to  the  crack  flanks  is  observed.  These  large  local  deformations  are  observed  in  the  fiilly 
dense  shear  specimen  as  well  and  is  probably  evidence  of  flow  localization. 

Cooduaioiu 

The  Kolsky  compression  and  tmaion  bars  and  a  screw  driven  quasistatic  testing  madiine 
are  effective  instruments  with  which  to  investigate  the  effect  of  material  porosity  on  the  mechanical 
response  of ‘n-6Al-4V.  A  process  of  teat  treatment  is  used  to  generate  similar  microstructures  in 
the  fully  dense  metal  and  in  the  matrix  of  the  porous  Ti-6A1-4V.  Under  quasistatic  compression  the 
porosity  is  seen  to  reduce  the  yield  strength.  At  high  rates  the  porosity  is  seen  to  affect  the  strain 
rate  sensitivity  (at  constant  strain)  signiHcantly.  Further  the  compaction  of  the  porous  metal  is 
observed  to  be  relatively  rate  independent  Another  noticeable  effect  of  the  porosity  during 
compression  is  that  the  porous  metal  has  a  much  higher  degree  of  hardening  due  to  the 
compressibility  of  the  pores  which  provides  a  stabilizing  influence  in  uniaxial  compression  by 
suppressing  the  localized  deformation  observed  in  the  fully  dense  metal.  In  shearing  defonnations, 
due  to  the  absence  of  any  hydrostatic  components  of  stress  the  compresnbility  effects  (and 
consequently  strain  hardening)  of  the  pores  are  not  observed  although  their  presence  is  still 
observable  through  the  reduction  in  strength  of  the  porous  metal. 
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